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Abstract

Multilayer coatings have excellent hardness and toughness, which largely depends on their
microscopic interface structure. Therefore, characterizing the interface of materials on the
atomic scale is very important for a comprehensive understanding of the mechanical properties
of multilayer coatings. This thesis is to study the interface characteristics of transition metal
nitrides (TMNSs) multilayer hard coatings and their interface-related phenomena by a spherical
aberration-corrected transmission electron microscopy.

The first part of this thesis studies the interface effect on the metastable phase stability.
HRTEM studies reveal that the different growth orientation exhibits a dissimilar capability to
stabilize the metastable phase. Contrary to the <111> orientation, in both <110> and <100>
orientations, several unusually highly mismatched cubic-CrN/wurtzite-AIN interface structures
form as soon as wurtzite-AIN is present. DFT studies suggest that the larger critical thickness
of the AIN layers in <100> and <110> orientation is allowed by the lower surface energy and
higher cubic/wurtzite interfacial energy. These findings enrich the metastable-phase
stabilization mechanism in multilayer and further offer a pathway for the design of high-quality
superlattice coating.

The second part of this thesis studies the phenomenon of interface intermixing driven by
plastic deformation. Using the atomic-resolution electron microscopy and spectroscopy,
together with theoretical calculations (MD and DFT simulation), a nanoindentation-induced
large-scale alloying (forming a solid solution) at the TiN/AIN superlattice interfaces is first
revealed. The alloying substantially reduces the interface density and leads to a sharp drop in
the dislocation density, consequently reducing the achievable strength. These findings
rationalize the mechanism responsible for the currently not well-understood inverse Hall-Petch
effect in superlattice coatings with a relatively small bilayer period.

In the final part, the TMN CrN twinning at the heterophase interface and the deformation
mechanism of the twin interface have been studied in detail. A high density of rock-salt CrN
twins with X3 {112} incoherent twin boundaries (ITB) was found in the {111}|/{0002} textured
film. It has been proved that the high density of twins is related to the existence of the wurtzite
{0002} interface terrace. Based on the HRTEM observations and atomic-model analyses,
supplemented with theoretical calculations, several nucleation modes of twins with X3 {112}
ITB and £3 {111} CTB (coherent twin boundary) are proposed. Simultaneously, the migration
behavior of CrN CTB is further studied in this thesis via in-situ atomic-resolution TEM. It is

found that CTB migration is associated with a boundary structure alternating from an N-



terminated to Cr-terminated, involving Cr and N atom respective motion, i.e., asynchronous
CTB migration. Local strain analysis and DFT simulations further reveal the dynamic and
thermodynamic mechanism of such asynchronous migration. These findings uncover an
atomic-scale dynamic process of defect nucleation and CTB migration in a binary system,

which provides new insight into the atomic-scale interface deformation mechanism in TMNs.



Kurzfassung

Mehrschichtbeschichtungen weisen eine ausgezeichnete H&te und Zabigkeit auf, was
weitgehend von ihrer mikroskopischen Grenzfl&henstruktur abh&ngt. Daher ist die
Charakterisierung der Grenzfl&che von Materialien auf atomarer Ebene fUr ein umfassendes
Verstandnis der mechanischen Eigenschaften von Mehrlagenbeschichtungen sehr wichtig. In
dieser Arbeit werden die Grenzfl&heneigenschaften von mehrlagigen Hartstoffbeschichtungen
aus Ubergangsmetallnitriden (TMNSs) und ihre grenzfl&chenbezogenen PhZnomene mit Hilfe
von sphaischer aberrationskorrigierter Transmissionselektronenmikroskopie untersucht.

Der erste Teil dieser Arbeit untersucht den Grenzfl&cheneffekt auf die Stabilit& der
metastabilen Phase. HRTEM-Studien zeigen, dass die unterschiedliche Wachstumsorientierung
eine unterschiedliche Fé&higkeit zur Stabilisierung der metastabilen Phase aufweist. Im
Gegensatz zur <111> -Orientierung bilden sich sowohl in <110> - als auch in <100> -
Orientierung mehrere ungewdhnlich stark nicht fehlangepasste kubische CrN / Wurtzit-AIN-
Grenzfl&henstrukturen, sobald Wurtzit-AIN vorhanden ist. DFT-Studien legen nahe, dass die
grd®re kritische Dicke der AIN-Schichten in <100> - und <110> -Orientierung durch die
niedrigere Oberfl&henenergie und die hchere Grenzfl&henenergie zwischen kubischer
Kristallstruktur und Wourtzit ermd&glicht wird. Diese Ergebnisse bereichern den
Stabilisierungsmechanismus der metastabilen Phase in Mehrlagenschichten und bieten dartber
hinaus einen Weg fir das Design von hochwertigen Ubergitterbeschichten.

Im zweiten Teil dieser Arbeit wird das Ph&omen der Grenzfl&henvermischung aufgrund
plastischer Verformung untersucht. Unter Verwendung der Elektronenmikroskopie und
Spektroskopie mit atomarer Aufl&ung sowie theoretischen Berechnungen (MD- und DFT-
Simulation) wird zun&hst eine durch Nanoindentation induzierte grof¥l&hige Legierung
(Bildung einer festen L&sung) an den TiN/AIN-Ubergittergrenzfl&hen nachgewiesen. Das
Legieren verringert die Grenzfl&hendichte erheblich und fihrt zu einem starken Abfall der
Versetzungsdichte, wodurch die erreichbare Festigkeit verringert wird. Diese Ergebnisse
rationalisieren den Mechanismus, der fUr den derzeit nicht gut verstandenen inversen Hall-
Petch-Effekt in Ubergitterbeschichtungen mit einer relativ kleinen Doppelschichtperiode
verantwortlich ist.

Im letzten Teil wurden die TMN-CrN-Zwillinge an der Heterophasengrenzfl&he und der
Verformungsmechanismus der Zwillingsgrenzfl&he eingehend untersucht. Eine hohe Dichte
von Steinsalz-CrN-Zwillingen mit £3{112} inkohérenten Zwillingsgrenzen (ITB) wurde in

dem {111}||{0002} texturierten Film gefunden. Es wurde nachgewiesen, dass die hohe
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Zwillingsdichte mit der Existenz der Wurtzit-{0002}-Schnittstellenterrasse zusammenhangt.
Basierend auf den HRTEM-Beobachtungen und Atommodellanalysen, erg&nzt durch
theoretische Berechnungen, werden verschiedene Keimbildungsmodi von Zwillingen mit X3
{112} ITB und X3 {111} CTB (kohérente Zwillingsgrenze) vorgeschlagen. Gleichzeitig in
dieser Arbeit wird das Migrationsverhalten von CrN CTB mittels In-situ-TEM mit atomarer
Auflésung weiter untersucht. Dabei wird herausgefunden, dass die CTB-Migration mit einer
Grenzstruktur verbunden ist, die von einer N-terminierten zu einer Cr-terminierten wechselt
und dabei eine entsprechende Bewegung des Cr- und N-Atoms beinhaltet, d.h. eine asynchrone
CTB-Migration. Lokale Dehnungsanalysen und DFT-Simulationen zeigen ferner den
dynamischen und thermodynamischen Mechanismus einer solchen asynchronen Migration.
Diese Ergebnisse decken einen dynamischen Prozess der Defektkeimbildung und CTB-
Migration auf atomarer Ebene in einem bin&en System auf, der neue Einblicke in den

Deformationsmechanismus der Grenzfl&he auf atomarer Ebene in TMNSs bietet.
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Acronyms and Abbreviations

TMNs Transition metal nitrides

rs-CrN Rocksalt chromium nitride

w-AlIN Wurtzite aluminum nitride

SL Superlattice

CVvD Chemical vapor deposition

PVD Physical vapor deposition

XRD X-ray diffraction

TEM Transmission electron microscopy
HRTEM High-resolution transmission electron microscopy
Cs Spherical aberration coefficient
HAADF High-angle annular dark-field

STEM Scanning transmission electron microscopy
BF Bright-field

DF Dark-field

SAED Selected-area electron diffraction

FFT Fast Fourier transform

EDXS Energy dispersive X-ray spectroscopy
EELS Electron energy loss spectroscopy
SFEs Stacking fault energies

CTB Coherent twin boundary

ITB Incoherent twin boundary

TD Twin defect

CLS Confined layer slip

IBS Interface barrier strength

DFT Density functional theory

MD Molecular dynamics

VASP Vienna Ab initio Simulation Package
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1 Introduction

1 Introduction

For a long time, thin-film technology has been applied to computer storage devices,
electronic semiconductor devices, batteries, optical coatings, and protective coatings. Among
these films, ceramic films, e.g., metal oxide, carbide, and nitride ceramics, have a wider range
of applications. Since the ceramic materials' relatively high hardness, such films can be used to
protect the substrate from corrosion oxidation and wear. Experimental studies [1-8] have shown
that transition metal nitrides (TMNSs) are extremely hard materials. When they are applied as
multilayers, their hardness exceeds 40 GPa, which is several times the hardness of the
monolithic (single-layer) nitride coating [1]. Thus, nitride multilayer coatings are promising for
a variety of practical applications.

Since the mid-1980s, the deposition method and the growth mechanism of super-hard CVD
or PVD multilayer film have been reported [1, 2, 7, 9-11]. For the early multilayer, it was just
a simple arrangement of two materials with different compositions alternately, while the
thickness of a single layer is significant (10-100 nm). However, people were soon recognized
that a significant reduction of the thickness of the individual layers (down to a few nanometers)
and applied superlattice structure could greatly enhance thin film mechanical properties. The
performance improvement can be attributed to the interface effect in nanoscale multilayer.
However, the relationship between interface structure and macroscopic mechanical properties
at the atomic scale has not yet been fully understood.

Previous research [12-16] on CrN/AIN multilayer coatings has shown that the hardness can
be significantly enhanced when the AIN layer's thickness is less than 4.0 nm. Lowering the
individual layer thickness can increase the number of interfaces and stabilize the phase structure.
For a thinner AIN, XRD and TEM characterization shows that the multilayer has a rock-salt
(rs)/rock-salt (rs) superlattice structure [12-15]. Unfortunately, a thicker AIN layer (beyond the
critical thickness) will lead to a phase transformation from the rock-salt to the wurtzite (w)
phase in CrN/AIN multilayer, which has a relatively low hardness (23-25 GPa), poor adhesion,
and low wear resistance. So far, the influence of the AIN layer thickness on the multilayer has
been known. However, how the crystallographic orientation affects the stability of AIN is still
unclear. Therefore, PUBLICATION I is devoted to a study on the crystallographic orientation
and interface structure effects on metastable phase (rs-AlN) stability.

The classic Hall-Petch strengthening relationship indicates that the smaller grain size has
higher mechanical properties. In multilayer thin films, a similar effect can be achieved by
lowering the individual layer thicknesses; the increasing number of interfaces enhances the

1



1 Introduction

hardness. According to this, numerous efforts have been devoted to designing novel multilayers
with a small bilayer thickness in order to acquire superior mechanical properties for potential
applications. Although the coherent interface’s (superlattice coating) multilayer with a bilayer-
period thickness of just a few nanometers showed the best combination of hardness, toughness,
and elastic modulus [12, 17, 18], the interface may broaden significantly due to the intermixing,
which affects the multilayer performance accordingly. Currently, the deformation-induced
interfacial intermixing in multilayer coatings is entirely unknown and overlooked. Through
detailed electron microscopy study and theoretical calculations, PUBLICATION Il
investigates the nanoindentation-caused alloying (or intermixing) in the TiN/AIN superlattice.
The paper further demonstrates that such mixing changes the dislocation behavior, which thus
provides a new understanding of nano-scale multilayers’ strength mechanisms.

Superlattice coatings have good strength and hardness. However, the disadvantage of TMNs
superlattice coatings is poor ductility and plasticity, which often limit their usage in numerous
applications. The studies on nanocrystalline metal material already point out that twin
boundaries are beneficial to improve their strength, ductility, and plasticity [19-21]. Motivated
by this idea, we speculate that it may also be the case for TMNSs, i.e., twinning might further
enhance the mechanical properties of TMNs. However, in reality, it is not easy to generate
numerous twins in transition-metal nitride films due to its high stacking fault energies (SFESs)
[22-24]. Coming up with an effective route to introduce more twins into TMNs is of
significance. Thus, PUBLICATION I11 is devoted to investigating the heterophase interface-
facilitated twin nucleation mechanism, demonstrating a new method to synthesize high-density
growth twins in TMNS.

Since it was very difficult to have high-density twins in TMNs, the deformation mechanism
related to twinning behavior in TMNs is less explored and poorly understood. TMNs’ crystal
structures do not possess simple geometric arrangements, which determine their more
complicated deformation mechanism than pure metals. For complex material deformation,
Kronberg proposed a synchronous slip and twinning deformation mechanism in 1957, whereby
two shears operate in opposite directions on adjacent atomic planes [25]. This mechanism has
been shown to work in the Laves phase and a-Alumina [26, 27]. However, due to the difficulty
of in-situ characterization of such complex materials, there has been no experimental evidence
to support this deformation mechanism. To explore the atomic-scale deformation mechanism
in TMNs, PUBLICATION 1V reports a study on in-situ atomic-scale observation of twin

boundary defect nucleation/CTB (coherent twin boundary) migration. It reveals a new



2 Background and Motivation

asynchronous shearing deformation mechanism in CrN. Thus, this new finding vastly improves

our understanding of an atomic-scale deformation mechanism in complex materials.

2 Background and Motivation

2.1 Transition metal nitrides hard coatings

TMNs are mainly composed of metal elements of groups IV to VI, which belong to the
interstitial alloys or compounds. TMNs thin films can be synthesized by PVD or CVD
deposition technology, which mainly includes TiN, CrN, AIN, WN, TaN, VN, HfN, NbN, and
ZrN. For some TMNSs, the crystal structure generally has a cubic or hexagonal structure.
Different crystal structures lead to differences in mechanical properties. For example, previous
DFT calculations [28, 29] indicate that the AIN cubic phase shows better intrinsic mechanical
properties than the hexagonal phase. Furthermore, the difference in hardness, modulus, and
toughness between TMNs can also be attributed to its complex and different bonding structure.
Generally speaking, bonds in TMNs consist of a mixture of covalent, metal, and ionic bonds.
More covalent bonds will significantly increase its strength, and more metal bonds will help

improve ductility (as seen in Fig. 2.1).

Covalent

High melting point,
strength
insolubility,

Metallic

bility,

11 High brittleness,
ductility,

inertness
thermal conductivity, Bond energy: poor electrical
low hardness Covalent > Tonic > Metallic conductivity

Figure 2.1 Classification of transition metal hard coatings chemical bonds and properties. The
figure is taken from Ref. [30, 31].

Although, people realize that the monolithic (single layer) TMNs coatings can effectively
protect cutting tools. However, with the improvement of the industry's requirements for
material hardness and toughness, the single-layer coating has limitations. Current research is

focused on three ways to improve the properties of TMNs coatings. (i) Developing of alloying
3



2 Background and Motivation

hard coatings like TiixAlxN, CrixAlxN, TiixCrxN ZrixAlN, and Tii.xWxN [32-37]. (ii)
developing coatings with nanocomposite structure such as TiSIN [38], TIAISIN [39],
TIAICrSIN [40]. (iii) Developing of multilayer coatings such as CrN/AIN, TiN/AIN, CrN/TiN,
TiN/WN, and CrN/NbN[14, 41-46].

For preparing these complex or multilayer coatings, current methods include not only
traditional chemical vapor deposition (CVD) but also developed various methods, such as
plasma-assisted physical vapor deposition (PVD), plasma-assisted chemical vapor deposition
(PACVD), and laser-assisted methods like pulsed laser deposition (PLD) [47-49]. These
methods have greatly improved TMNs materials' design, which allows us to precisely control
the microstructure of the material to prepare the material with the best performance.

Complex hard coatings not only have the advantages of high-temperature properties and
oxidation resistance but also have the potential to increase the fracture toughness by modifying
the electronic (high valence electron concentration) effects and bonding characteristics [33, 36,
37, 50]. And, Veprek et al suggested that the phase segregation in strongly immiscible complex
TiSiN coating will form sharp and strong interfaces, which provide the nanocomposite material
with high strength [38]. For multilayer coatings, they usually exhibit better strength, hardness,
elastic modulus, and toughness than counterpart monolithic layer because of the effect of the
interface. The multilayer interface can effectively hinder the movement of dislocations across
the interface and inhibit crack propagation. Among these multilayer coating systems, the
hardness of rs-TMN/rs-TMN with an epitaxial superlattice structure is much higher than other
systems [12,17, 18]. However, the atomic-scale mechanism of interface effects related to
mechanical properties is practically unknown, and so far, this piece of information is rare.
Therefore, understanding the interface structure and its impacts at the atomic scale will greatly
expand our knowledge and get insight into the structure-property relation of TMNs and further

help future hard coating design.



2 Background and Motivation

2.2 Interfaces and grain boundaries

2.2.1 Interphase interfaces

The interface between phases may have a different crystal structure, crystallographic
orientation, composition, or lattice parameter. According to their atomic structure, three
different types of interphase interfaces can be distinguished, including the coherent, semi-
coherent, and incoherent interface (see Figure 2.2). The coherent interface can be defined as
two crystal phases with a similar crystallographic orientation, lattice parameters, and crystal
structure. For coherent interfaces, the difference in lattice parameters (mismatch) between the
two phases is generally less than 5%. For semi-coherent or incoherent interfaces, two crystal
phases may have a larger lattice mismatch (larger than 5%) or different crystal structures. Since
the more significant lattice mismatch, the semi-coherent or incoherent interface is
accommodated by a periodic array of misfit dislocations. Furthermore, due to the effects of
more broken bonds, interfacial dislocations, and more inhomogeneous chemistry composition,

semi-coherent or incoherent interfaces have higher energy than coherent interfaces.

Coherent Semi-coherent Incoherent
O0000000 00000000 000000 O0O
O0000000 00000000 OO0OO0OO0OO0OO0O0OO
O0O000000 00000000 0O0OO0OO0O0OO0OO0O
O0O000000 00000000 O0OO0OO0O0OO0O0O
00000000 o0/0000 00 O0oc0ocee
00 000000 00 000000 OOG0O0OOOOGO
00 000000 00 000000 OOOGOOOEOGO®
00 000000 00 000000 O00OGOOGOEOOO®

Figure 2.2 Schematic representation of coherent, semi-coherent and incoherent interface.

TMNs have similar lattice constants and crystal structure. The multilayer materials
composed of two nitride hard materials are mainly with fcc/fcc coherent interface or fcc/hep
semi-coherent interface, e.g., rs-CrN/rs-AIN and rs-CrN/w-AIN. Superlattice TMNs with
fcc/fce coherent interface usually has better elastic modulus and hardness [1, 11, 12, 18, 42, 45,
51-53]. This can be explained by the widely accepted concept of dislocation motion blocking
at the layer interfaces due to coherency strain causing periodical strain—stress field and
differences in the shear moduli of the individual layer materials. Therefore, the mechanism of

the mechanical properties of the coherent interface has been more extensively studied.


https://www.sciencedirect.com/topics/materials-science/elastic-moduli

2 Background and Motivation

2.2.2 Twin boundaries

Single-phase polycrystalline materials are composed of many grains with different
crystallographic orientations, and their interfaces can be defined as grain boundaries. The grain
boundary requires 5 degrees of freedom, including the different rotation axis, rotation angle and
boundary plane. Thus, according to their geometric orientation relationship, grain boundaries
can be categorized into tilt boundaries, twist boundaries and mixed types. For tilt grain
boundaries, they are included in low-angle grain boundaries (misorientation angle <15 and
large-angle grain boundaries (misorientation angle > 159).

Among these large-angle grain boundaries, there is a special grain boundary structure, i.e.,
twin boundary. In fcc materials, twin boundary contains two possible structures: X3{111}
coherent twin boundary (CTB) and X3 {112} incoherent twin boundary (ITB) (as seen in Figure
2.3). For fcc metals, high density twins with £3{111} CTB can significantly enhance their
strength [19, 20], ductility [21], electrical conductivity [54] and thermal stability [55, 56]. The
main mechanism of twin strengthening is that the coherent twin boundary effectively prevents
the movement of dislocations, serving as a stable interface for strengthening the materials. In
fcc metals, there are three possible dislocation-TB interaction modes: slip transfer mode (hard
mode I), confined-layer slip mode (hard mode I1), and twinning partial slip mode (soft mode)
[57, 58].

ITB o'oE ° |

®
®

o.. LIPS
GrainZ'..o.

:.0.0..

Figure 2.3 Schematic representation of X3 {1 1 1} coherent twin boundary and X3 {1 1 2}
incoherent twin boundary.

¥3{112} incoherent twin boundaries (ITBs) have been found to play crucial roles in plastic
deformation and de-twinning process in nano-twins metallic materials [56, 59, 60]. ITB is a
dislocation walls composed of a series of high-density partial dislocations [56]. So, 1/6a [112]
type partial dislocations may dissociate from the ITB. The de-twinning process is accomplished

via the collective glide of multiple twinning dislocations that form an ITB. Previous research

6



2 Background and Motivation

shows that ITB in nano twins can effectively resist the accumulation of dislocations and cause
significant work hardening and the ITB step migration to further adapt to the plasticity under
high stress [60].

For hard materials, previous reports show that nano-twins in ¢c-BN [61] and diamond [62]
can significantly increase the hardness, i.e. over 100 GPa and 200 GPa by introducing a nano-
twins structure in c-BN and diamond. Twinning in SiC nano-wires can also improve elastic
strengthening [63]. The coherent twin boundaries can serve as barriers for dislocation motion
or be regarded as grain boundaries, refining the grain size. For metal materials, lower SFEs
cause their twinning behavior to occur in the deformation or annealing process. However, there
are very few reports on twinning in TMNs coatings. This is because of the high SFEs of
transition metal nitrides. Previous simulations indicated that the SFE for rock-salt VN,TiN,
ZrN ,HfN and CrN is about 0.85 J/m?[22],1.10 J/m? [64], 1.01 J/m?[24],1.03 J/m?[24] and 1.11
JIm? [65], respectively. Compared with fcc metals, i.e., Al (0.160 J/m?), Cu (0.045 J/m?) Ag
(0.022 J/m?) and Au (0.04 J/m?), the SFEs of rock-salt TMNs materials are significantly high.
The much high SFEs result in deformation or annealing induced twinning in transition-metal
nitrides difficult. In addition, the DFT calculation results show that the stacking fault structure
of TMN (i.e., TiN) is much more complicated than that of fcc metals, which have two stable
stacking faults, i.e., a/6(112) displacement and a/3(112)displacement (Figure 2.4, position 3
and 4). Therefore, due to the complicated structure, the twining behavior is rarely explored in
experiments. Exploring the twin growth mechanism and twin boundary effect of high SFEs
TMNs will have great theoretical and practical applications in the future.

381 TiN
3.0

2
:4: .7l""l
115 /w 3 K ~
/ ‘\_A_,./'A %i’x

1.0 -

Stacking Fault (J/m’)

05 1 % === N.fxed-n-plane \*
/ wfpes  Without-N-positon-changed \
004w s W N-pOSBON-changed

05 Ay T T T T
0.0 0.2 04 0.6 08 1.0

d (Burgers Vector <112>a,/2)

Figure 2.4 The TiN GSF energies as a function of shear displacement along (112) in {11 1}
plane [64].



2 Background and Motivation

2.3 Coherent interface stabilizing metastable phases

Aluminum nitride (AIN) has two metastable phases with rock-salt structure (B1), zinc-
blende structure (B3) and one stable structure wurtzite structure (B4) (as seen in Figure 2.5).
The wurtzite (w) AIN with a hexagonal crystal structure and the space group is P6smc. For
rock-salt (rs) structure AIN, two individual atoms, i.e., Al and N, form an fcc sublattice, where
the space group is Fm3m. Under high pressure, wurtzite AIN can be transformed into rock-salt
structure [66]. Previous studies have shown that the phase transition of AIN can have two
possible paths (hexagonal and tetragonal paths), where the hexagonal path has the lower energy

barrier for the phase transition [67].

b) c)

Figure 2.5 Crystal lattice structures of AIN. a) wurtzite, b) NaCl and ¢) ZnS type. The figure is
taken from Ref.[68].

In addition to the high-pressure synthesis of metastable phase (rs-AlIN), the rs-AIN can also
be stabilized by the other rs-TMNs template [12-16], e.g., TiN, CrN or NbN. Epitaxial
stabilization of the rs-AIN phase can be achieved by a thinner AIN layer thickness (as seen in
Figure 2.6 and Figure 2.7) or an increase in the intermediate layer thickness (needs to be at least
as thick as the targeted AIN layer thickness) [51]. Chawla et al. combined the finite element
modeling and density functional theory (DFT) methods to explain the effect of coherency state
on rs-AlN stability, i.e., smaller lattice constant difference helps to stabilize rs-AIN[28].
Thermodynamically, the stabilization of the rs-AIN phase can be explained by considering the
overall energetics (including strain energy and interfacial energy) contributions competition

mechanism [69].
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2 Background and Motivation

Figure 2.6 HRTEM image of rs-AIN/rs-TiN superlattice with the layer thickness of AIN 1.7
nm and TiN 5.1 nm, respectively [69].

The total energy model can be used to justify the observed critical thicknesses and
eventually also to predict them. The total energy, Er, per unit (surface/interface/section) area
can be expressed as:

Er” =t (Esrain + Eg") +¥1" +v5". (2.1)

c,w

Egpv . is the strain energy density related to the lattice mismatch, y{"* is the interface

Strain

energy (including the effect of broken bonds due to an imperfect crystallographic match,
interface dislocations and inhomogeneous chemistry), and ys* is the surface energy (penalty
due to broken bonds at the free surface). Eg" is the bulk (chemical) energy density (per unit
volume). For smaller layer thickness (AIN below 3.0 nm), the strain energy is only a small
contribution to the total energy. At this time, the interface energy will be the main contribution
of the total energy. When the rs-AIN structure is formed with a smaller layer thickness, the
coherent interface will provide less interface energy to stabilize its metastable structure. In
contrast, the formation of the w-AIN phase will significantly increase its interfacial energy, and
the strain energy will be relaxed. This will greatly increase the wurtzite phase stability in the
thicker AIN layer.
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Figure 2.7 XRD patterns show the phase structure from AIN, CrN single-layer and AIN/CrN
multilayered coatings Ref. [44].

2.4 Interface effect on mechanical strength

So far, according to the bilayer thickness, different strengthening mechanisms are applied
to describe the hardness/strength in metal or ceramic multilayer coatings, i.e., (i) the Hall-Petch-
like strengthening relationship based on dislocations piling up at the interface [70, 71], which
is applicable at the sub-micrometer to micron length scales (Fig. 2.8); (ii) the confined layer
slip (CLS) mechanism [72-74], usually applies to coatings with a period of 10-100 nm; (iii) the
interface barrier strength (IBS) mechanism [52, 75, 76], which considers a single dislocation

cutting cross the interface and is suitable for nanoscale thin multilayer coatings (layer thickness

<10 nm).
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Figure 2.8 Schematic illustration of the dislocation mechanisms of multilayer strength
operative at different length scale [73].

For rs-TMN/rs-TMN superlattice, most research has focused on nano-scale bilayer coatings
since they usually have the best hardness, elastic modulus or toughness. Superlattice having
very thin layer thickness exhibits a high density of interfaces, which can hinder dislocation
motion across boundaries. The nano-scale superlattice increases in hardness can be described
by Chu and Barnett’s model [52]. When an interface exists, a dislocation at a distance x from
the interface is repelled by a shear stress, i.e., dislocation critical migration stress on glide planes

at angle 0 with the interface normal, given by the following formula:

AGb 0
= alAGb cos (2.2)

2x

Where b is the magnitude of the dislocation Burgers vector, a is in for screw dislocations,

and %n(l-v) for edge dislocations, and v is the Poisson’s ratio. AG is the shear modulus

difference between two layers. Thus, due to the different shear modulus between the two layers,
the shear stresses required for dislocations to glide across layers will increasing, which greatly
enhances the yield stress. Besides the modulus difference, the outstanding mechanical
properties of the epitaxial superlattice coating can also be attributed to the coherent strain and
the interface charge density. The previous DFT simulation shows that the disparate character
of cleavage properties within different orientation interfaces of the superlattice—providing
indications regarding crack initiation processes—is linked to the changes in bond lengths [77].
The electronic structure of TMNs interface was studied by Rehaka and Holec [78]. They show

11


https://www.sciencedirect.com/topics/physics-and-astronomy/cleavage

2 Background and Motivation

that the cleavage properties are strongly related to the interplanar distances and charge density.
The higher the accumulated charge density, the smaller the interplanar distance and the higher
is the cleavage strength.

For nanoscale superlattice coatings, the mechanical strength usually increases as the bilayer
period thickness decreases. However, the experimental results show that too small bilayer-
period will decrease the mechanical strength of the multilayer coating. As seen in Figure 2.9,
the peak hardness of SL TMNs can be found in the bilayer thickness of 3-8 nm. However, for
a smaller bilayer-period (lower than 3~4 nm), the hardness of multilayer will decrease.
Currently, there are two viewpoints related to interface effects to explain such inverse Hall-
Petch phenomenon. (i) Component interdiffusion/intermixing occurs at the interface during the
film synthesis or annealing [42, 46, 79-81]; thereby reducing the stress field’s amplitude and
the difference in shear modulus. (ii) The interface barrier to slip transmission decreases as the

dislocation core dimension approaches the layer thickness [73, 82].
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Figure 2.9 A summary of hardness versus the bilayer period for various rock-salt/rock-salt
nitride superlattices [1, 17, 45, 51, 53].
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2.5 A brief introduction to HRTEM

2.5.1 HRTEM imaging mechanism

The earliest optical microscope appeared in Europe in the 17th century, where the imaging
principle was proposed by E. Abbe in 1873. For an optical microscope, its resolution is shown

in the following equation:

4= 2614 2.3)

nsina

where A is the wavelength of visible light, a is the half angle of the pencil of light that enters
the objective, and n is the index of refraction of the media surrounding the radiating points. For
optical microscopes, the wavelength of visible light ( ~380-700 nm) greatly limits its resolution.
Since the electron has a much smaller wavelength (2.5 pm at 200 KeV), a very high-resolution
transmission electron microscopy (TEM) was developed. In 1932, Knoll and Ruska proposed
the idea of the electron as the light source of a microscope and successfully developed the
world’s first TEM, for which Ruska won the Nobel Prize in 1986. High-resolution TEM
(HRTEM) technology originated in the 1950s, but the imaging mechanism was unclear. In the
early 1970s, Cowley and Moodie proposed using the multi-slice propagation dynamics of
electron diffraction to explain the amplitude and phase theory of electron waves [83], which
provides a theoretical basis for HRTEM imaging.

The contrast in TEM images can arise due to the differences in the phase of the electron
waves scattered through a thin sample, i.e., the HRTEM image is the interference image formed
by the phase difference between all transmission beams and diffraction beams. Thus, a high-
resolution transmission electron microscopy is phase-contrast imaging. For HRTEM, the
resolution is mainly affected by electron wavelength, spherical aberration, and chromatic

aberration. The resolution d, as shown in the following equation:

0.611 AE
d=>0 G - 2 G () (24)

a

Since the electron beam's wavelength depends on the accelerating voltage, i.e., 1 =

1.226
2\/U )
the main way to improve TEM resolution was to increase its acceleration voltage. JEOL has

higher acceleration voltage will also obtain higher resolution. Therefore, before the 2000s,

produced ultra-high-voltage electron microscope with an acceleration voltage of 1250 KeV,
and its point resolution can reach approximately 1 A. Although the resolution has been
significantly improved, this high-voltage microscope is too expensive, large in size, and strong

radiation damage. So, a high-voltage electron microscope has not been widely used.
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In 1949, German theoretical physicist Otto Scherzer proposed that when there is a spherical
aberration (Cs), the highest resolution can be achieved by appropriately increasing the
underfocus value, i.e., Scherzer underfocus. Under this condition, the point resolution of TEM
depends on the spherical aberration coefficient (Cs) (as seen in Figure 2.10) and electron
wavelength (1). For 100 keV TEM, the wavelength of electrons has ~ 0.037 A, while the actual
resolution is only 0.8 nm. The limited resolution can be attributed to the intrinsic imperfections
of electron lenses in TEM, i.e., spherical aberration. Neither optical lenses nor electromagnetic
lenses can be absolutely perfect. For a convex lens, the converging ability of the edge of the
lens is stronger than that of the center of the lens, which causes all the light (electrons) to be
unable to converge to a focal point. In the optical lens group, the combination of convex and
concave lens can effectively reduce spherical aberration, but the electromagnetic lens cannot

be used as a concave lens. Thus, spherical aberration is difficult to correct in TEM.

( 1.0 e

C,» 2 0mm

Figure 2.10 Point resolution under different spherical aberration coefficients. The smaller Cs
values can achieve a higher spatial resolution. (Accelerating voltage = 200 kV, defocus = —60
nm). The figure is taken from Ref [84].
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2.5.2 Application of spherical aberration corrector

In the 1990s, with the advancement of electron optics theory and computer technology, it
became possible to develop TEM with spherical aberration correctors. Harald Rose, Maximilian
Haider, and Knut Urban started the research and development of spherical aberration correction
optical components in 1991, and successfully developed the world's first TEM spherical
aberration corrector in 1998. The prototype spherical aberration corrector is mounted on the
Philips CM200, and its point resolution has been increased from 0.24 nm to 0.13 nm, officially
bringing the transmission electron microscope industry into a new era of atomic resolution. Due
to the invention of the spherical aberration corrector, this allows us to tune the spherical
aberration (Cs) to negative values and results in a novel negative Cs imaging technique. Jia et
al. [85] proposed that negative spherical aberration imaging can remarkably improve the light
elements’ contrast (such as oxygen, carbon, and nitrogen atoms) in high-resolution images
without losing atomic resolution.

In this thesis, a 200 keV field emission TEM (JEOL 2100F) equipped with an image-side
Cs-corrector (CEOS) was used in the HRTEM study, demonstrating a resolution of 1.2 A at
200 keV. This image-side Cs-corrected high-resolution TEM has excellent advantages for the
atomic-level characterization of material boundaries/interfaces. The first is to reduce the image
delocalization when imaging the boundaries/interfaces/defects in materials. In the atomic image
of the periodic structure, delocalization is not apparent. Once the aperiodic interface or surface
is imaged, delocalization will occur significantly. However, reducing the spherical aberration
will substantially improve the delocalization effect, which is much beneficial for the
characterization of defect structure. Secondly, in a TEM with aberration correction of the
objective lens, a small beam tilt does not cause other image faults like astigmatism or coma,
which allows us to characterize boundaries/interfaces structure of polycrystalline materials with
higher resolution.
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3 Summary of publication results

3.1 Orientation-dependent metastable phase stability

PUBLICATION I characterized a gradient AIN/CrN multilayer coating. Due to the change
in the layer thickness of the AIN, its phase structure will have B1 (fcc) or B4 (hcp) structure.
The microstructure of gradient multilayer was studied in detail using conventional TEM and
Cs-corrected TEM. As seen in Figs. 3.1 (a) and (b), the {111}ccm|{111}can and {111}
c|[{0001 }w-ain textures can be observed from 1% to 4™ block (one block including 10 gradient
thickness layers AIN and 10 constant thickness CrN). In (111)/(0001) texture region, the critical

thickness for stabilizing cubic AIN is about 1.0 nm to 2.0 nm (as seen in Figs 3.1. (c)).

Figure 3.1 (a) TEM cross-sectional bright-field image and (b) corresponding diffraction pattern.
(c) HRTEM image of a columnar grain (last layer in the 1st block and first two layers in the
2nd block).

However, in the region far from the substrate (with random growth orientation), the critical
thickness of cubic AIN ranges is increased (as seen Figs. 3.2 (a)-(c)). According to our statistical
result (Figs. 3.2 (d)), grains with the <111> growth-orientation show a similar critical layer
thickness with (111)/(0001) texture region, while at the <100> and <110> growth-orientations
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3 Summary of publication results

this critical thickness is larger. We also observe that only <111> growth-orientation shows low-

mismatch wurtzite/rock-salt interfaces and other orientations with a high-mismatch mode.
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Figure 3.2 HRTEM images of one portion of several columnar grains, (a) [111], (b) [011] and
(c) [100] growth-orientation. (d) Histogram distributions of columnar grain lengths in different
orientations acquired by HRTEM images.

Since the interface structure of wurtzite/rock-salt on <100> and <110> mode with a high-
mismatch mode, i.e., higher interface energy, it provides a better energy advantage for cubic
phase stability. Furthermore, combined with DFT calculation, | qualitatively compare the strain
energy, surface energy and interface energy at a different orientation, which finally confirmed
<111> growth-orientation have a smaller critical layer thickness.

3.2 Superlattice interface intermixing and its effect

It is generally believed that the intermixing phenomenon in multilayer coatings is due to the
thermal diffusion of the film deposition or annealing process. However, deformation-induced
multilayer intermixing is entirely unknown. Combined with advanced TEM characterization
and simulations, | confirmed the nanoindentation-induced intermixing in rs-TiN/rs-AIN

multilayer. The STEM-HAADF image, elemental mapping and HRTEM show significant
17
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layered features in the as-deposited rs-TiN/rs-AIN multilayer (Figure 3.3 (a)-(c)). However,
after nanoindentation, TEM characterization indicates the intermixing behavior of multilayers.
Both atomic-scale elemental mapping (Figure 3.3 (e)) and HRTEM (Figure 3.3 (f)) reflect the
superlattice intermixing, and homogenous lattice forms, accompanied by the layer features

vanishing.

Figure 3.3 (a) Cross-sectional HAADF image of as-deposited SL. (b) EDXS mapping (Ti and
Al K-peak signal) of as-deposited rs-TiN/rs-AIN multilayer. (c) HRTEM shows atomic-scale
image of as-deposited rs-TiN/rs-AIN multilayer on [100] projection (d) Cross-sectional overall
STEM bright-field (STEM-BF) image of indented multilayer. (e) Atomic-resolution EDXS
mapping at the surface region of impression. (d) A cross-sectional HRTEM image of the
indented SL at the surface region.

Based on HRTEM observation (Figs. 3.4 (a)-(c)), | also found that the formation of solid
solution will greatly reduce the dislocation density. Quantitative statistical analysis (Figs. 3.4
(d)) reveals that the dislocation density in the deformed SL is high (7.2-13.4x10'3 /cm?) while
at the surface solid solution region it is relatively low (1.0-2.8 <1013 /cm?), close to the value
of the as-deposited SL (0.9-1.9x1013/cm?). The reduction of the dislocation density in solid
solution region can be attributed to the fact that the modulus difference between the two layers
becomes smaller at the beginning of alloying, and the shear stress required for sliding across
dislocations can be significantly reduced. Hence, the mobility of the dislocations after solid
solution formation is improved and this greatly reduces dislocation density. Based on the above

results, | propose that the SL intermixing affects dislocation behavior (increase dislocation
18
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migration ability and reduce dislocation density), and eventually worsensthe hardness/strength,

which also explains that the hardness decrease of multilayer with a very samll bilayer thickness.
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Figure 3.4 (a)-(c) Typical HRTEM images recorded from the deformed SL, the surface solid

solution area, and the as-deposited SL, respectively. (d) Dislocation density statistics from the
respective regions.

3.3 Hetero-phase interfaces induced growth-twins

In a gradient CrN/AIN multilayer, several possible types of interfaces exist, including rs-
CrN/rs-AIN coherent interface and rs-CrN{111}/w-AIN{0002} semi-coherent interface.
SAED (selected-area electron diffraction) patterns and HRTEM (Figs. 3.5) show that a high
density of rock-salt twins with £3{112} ITBs was found in {111}/{0002} textured film area,
i.e. semi-coherent interface induced rs-CrN growth twins. Through the quantitative
measurement of HRTEM, | found that the twinning behavior on the w-AlIN interface is related

to interface steps (Figs. 3.6). Specifically, twins are frequently formed in a single-atomic-layer
terrace, however, hardly in a double atomic-layer terrace.
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Figure 3.5 (a) TEM cross-sectional dark-field images from the 1% to 6™ block area (dark-
field images taken from the (0002)/(111) reflection). (b) is a corresponding selected area
electron diffraction pattern. (¢) HRTEM i

Combining DFT calculation and atomic model analysis, | propose that the growth of twins
caused by this step structure can be attributed to the mirror symmetry relationship of fcc/hcp
interface in texture areas. For matrix mode (without twins) on the single-layer w-AIN-{0002}
terrace, the orientation of the rs-CrN is consistent. However, due to the interface stacking
sequence variants, the interface structure of the upper and lower positions of the terrace is
different. For example, the stacking sequence of the rs-CrN is ABByCa (along the <111>
direction) and the stacking sequence of the w-AIN is ABBa (along the <0001> direction).
However, the interface structure with ogs-crv/Aw-ainy and yes-crv/Aw-ainy stacking sequence is
different, and the interface energy is also different (confirmed by our DFT calculation). For
twin mode on a single-layer w-AlIN terrace, due to the mirror-symmetric interface, there is no
change in the interface structure at the upper and lower positions of the terrace (as seen in Figs.
3.7). Therefore, the nucleation in the twin mode will be energy favorable (due to the completely
consistent fcc/hep interface structure). The formation of twins with ITBs can be interpreted by
the rs-CrN/w-AlIN interface structure (with a mirror-symmetry)-induced thermodynamically
stable nucleation. Furthermore, we also see that the growth-twins with £3{111} coherent twin
boundaries (CTB) appear in the non-textured film area further away from the substrate. Based
on the HRTEM observations and atomic model analyses, supplemented with theoretical

calculations, I proposed a CTB twin mode dominated by the larger columnar grains’ growth
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misorientation angle. Several nucleation modes of twins with £3{112} ITB and £3{111} CTB
are proposed (detailed in PUBLICATION I11).
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Figure 3.6 (a) HRTEM images of a single atomic-layer terrace in the rs-CrN/w-AIN interface.
The twins with ITBs can be found in the CrN layers. (b) HRTEM images of a double atomic-
layer terrace in the rs-CrN/w-AIN interface. (c) Two intensity line profiles obtained by
integrating over the framed regions in (a). (d) Two intensity line profiles obtained by integrating
over the framed regions in (b).
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Figure 3.7 Schematic illustration of the nucleation process on a single-layer terrace w-AlIN.

3.4 In-situ observation of coherent twin boundary migration in CrN

For fcc metals, the mirror-symmetry plane for 3 {111} CTB is the metal atom {111} plane.
However, the binary rock-salt structure of TMNs has a double fcc structure, i.e., transition metal
and nitrogen atoms sit on two inter-penetrating fcc lattice. Thus, for the rock-salt TMNs, two
CTB structures existina x3{111} CTB, i.e., TM (TM=Transition Metal)-{111} or N-{111} as
a mirror-symmetry plane of CTB ( Figs. 3.8 (a) ). Using in-situ atomic-resolution electron
microscopy, | demonstrate two different twin boundary defect (TD) nucleation and CTB
migration modes in rock-salt CrN. The first is that TD nucleation and CTB migration start from
the CTB/ITB junction, where for such a migration mode, the boundary structure is unvaried
(Figs. 3.8 (b) and (c)). The second is TD nucleation and CTB migration begins from the
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CTB/surface junction, where the CTB boundary structure exhibits alternating, i.e., part of the
N-terminated CTB has transformed into the Cr-terminated CTB (Figs. 3.8 (d) and (e)). In Figs.
3.9, the initial CTB has the N-terminated boundary structure. After about 300 ms, a transient
state appears with a boundary structure in between N-terminated and Cr-terminated CTB. The
Cr atoms adjacent to the CTB have migrated by a vector of 1/6a[112]. However, N atoms are
still unaltered. After an additional 300 ms, a final state of the CTB migration with a Cr-
terminated structure has been reached. Thus, based on the experimental observation, CTB

migration and TD motion’s dynamic process is asynchronous.

Before irradiation

Matrix

.......... Vacham
Twin ‘ mVacuum ;:;, -
{step)

N-CTB N-CTB Cr-CTB

Figure 3.8 (a), HRTEM experimental (‘Exp.’) and simulation (‘Sim.”) images of N-terminated
and Cr-terminated CTB from a thin area. (b) and (c), Series of HRTEM and schematic images
show the twin defect nucleation and CTB migration from the CTB/ITB junction. (d) and (e),
Series of HRTEM and schematic images of twin defect nucleation and CTB migration from the
CTB/surface junction. The CTB marked with a red line has an N-terminated structure (‘N-
CTB’), and the green line indicates that the CTB has a Cr-terminated structure (‘Cr-CTB”).

a [wm] b [wwen]
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Figure 3.9 (a)-(c) HRTEM images of the initial state, transitional state, and final stage of CTB
migration from N-terminated to Cr-terminated, respectively.

Such an asynchronous migration process is also proved by calculated energy barriers of
different migration mode using DFT. Asynchronous mode (first migration is the Cr atom,
followed by N) exhibits the lowest energy barrier to migration, i.e., the “resistance” during the
initial CTB migration process is much smaller than in the other modes. Thus, this is really what

we experimentally observed.

Irradiation 16 s

Figure 3.10 (a) Snapshots of Movie S2 (t=16 s, 1 second before the CTB migration). White
frames (labeled as p1 and p2 position) are used for GPA measurement. (b) and (c) GPA results
of different irradiation time (before irradiation and t=16 s).

Furthermore, through GPA anlaysis, we confirm that high-current density electron beam
irradiation can effectively cause stress/strain concentration at the surface/CTB junction, which
is the main driving force for CTB migration and TD motion. The shear strain mapping (exy)
with different irradiation times is shown in Figs. 3.10. For the upper part of the CTB (pl
position), the surface region exists a maximum ~ 1% shear strain (exy) before the beam
irradiation. It reaches ~ 4% shear strain after irradiation for t=16 s (just 1s before the TD motion
and CTB migration). It displays a considerable strain concentration at the surface region, and
the shear strain is rapidly attenuated towards the interior. Therefore, under beam irradiation, a
substantial increase of shear strain at the surface provides a driving force to trigger the CTB

migration and TD movement.
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4 Conclusions

In this thesis, a systematic HRTEM-based study has been carried out to explore the atomic-

scale interface structure and its effects. The following main conclusions can be drawn from this

work:

(i)

(i)

(iii)

By observing the atomically-resolved images of c-CrN/c-AIN superlattices, an
orientation-dependent critical layer thickness of metastable cubic AIN is revealed. In
the <111> texture area, the critical thickness for stabilizing cubic AIN is about 1.0 nm
to 2.0 nm. However, in the random growth region, the critical thickness of cubic AIN
ranges from 2.0 nm to 4.1 nm. According to our HRTEM observations and statistical
analysis, the c-AIN/c-CrN grains with the <111> growth-orientation show a smaller
critical layer thickness for c-AIN, while at the <100> and <110> growth-orientations

this critical thickness is larger.

Atomic-resolution structure and chemical composition analysis reveal that
nanoindentation can trigger local alloying (or intermixing) in the nitride superlattice,
which is validated by MD simulations. During the superlattice’s deformation, since the
coherent state of the interfaces is broken, the energy stored at the interface acts as the
main driving force for alloying. Furthermore, the interface intermixing changes the

dislocation behavior and subsequently affects the mechanical properties.

TEM observation of the gradient multilayer shows that a high density of rock-salt twins
with £3{112} ITBs were found in {111}||[{0002} textured film areas. The atomic-
resolved images of rs-CrN{111}|jw-AIN{0002} interfaces reveal that a single-atomic-
layer terrace is closely associated with the formation of such growth-induced twin
formations. The mirror-symmetric w-AIN/rs-CrN interfaces (for a twin on the single-
atomic-layer terrace) hardly cause any change in the interface structure and energy
variations. However, due to the interface structure and energy variations, growth-twins
are more difficult to nucleate on the double atomic-layer terrace, which is also present.
In the non-textured film area (far away from the substrate area), rock-salt twins with
¥3{111} CTB are occasionally found. Due to the interface orientation variation, two
twin nucleation modes with different misorientation angles of growth direction for
¥3{111} CTB were found.
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(iv)

In-situ observation of twin boundary migration shows two different CTB migration and
TD nucleation mode. Twin boundary defect emission at the CTB/ITB junction has a
1/6a[112] Burgers vector. Moreover, the CTB migration from the CTB/ITB junction
does not involve boundary structure alternating. However, when the CTB migration
begins from the CTB/surface junction, the CTB migration involves a boundary structure
alternating from the N-terminated to Cr-terminated. Moreover, both TEM observations
and DFT calculations confirm that the Cr- terminated CTB has high energy and thus
metastable. In-situ HRTEM observation reveals that Cr and N atom respective motion
in this way is asynchronous. This is ascribed to the shear-strain-induced CTB structure

distortion and the different migration energy barriers.
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Abstract

Metastable rock-salt (face centered cubic, c-) AIN can be grown in CrN/AIN multilayers when
the AIN layer is thin enough. Exceeding a certain critical thickness, the thermodynamically
stable wurtzite (w) structure grows. In this work, a bilayer-period-gradient (21 repeated blocks,
each consisting of 10 bilayers with AIN layer-thicknesses ranging from 1.0 nm to 10.0 nm),
~2.0-pm-thick, reactively magnetron sputtered multilayer was characterized in detail with a
spherical aberration-corrected transmission electron microscope (TEM). The studies are

complemented by DFT (density functional theory) calculations.

The high resolution TEM (HRTEM) studies reveal that the <111> growth-orientation is not as
effective as the <110> and <100> growth-orientations in stabilizing the metastable c-AIN. The
critical thickness for the c-AlN layers (before the thermodynamically stable w-AIN forms) is
around ~2.0 nm for the <111> growth-orientation but reaches as high as 4.1 nm for both <110>
and <100> growth-orientations. Contrary to the <111> orientation, in both <110> and <100>
orientations several unusually highly mismatched c-CrN/w-AlIN interface structures form as
soon as W-AlIN is present. DFT studies suggest that the larger critical thickness of the AIN layers

in <100> and <110> orientation is allowed by the lower surface energy and higher
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cubic/wurtzite interfacial energy. The combination of HRTEM and DFT studies allows
answering open questions on the impact of crystallographic orientations and interface structures,
and also provides a better understanding on the growth mechanisms of c-AlN, necessary for the

outstanding mechanical properties of AIN-containing multilayers.

Keywords: AIN/CrN multilayer; texture; interfacial energy; high resolution transmission
electron microscopy; phase stability;

1. Introduction

Multilayer nitride thin films are perspective material systems for wear and tribological
applications due to their extreme hardness and wear resistance [1, 2]. The microstructure of
nanocrystalline materials is crucial for determining their outstanding mechanical and other
physical properties. For example, the interface structure affects the thermal stability, the texture
influences the anisotropy of the mechanical properties, the phase composition affects the

mechanical properties of the film and oxidation resistance [3-6].

Aluminum nitride (AIN) crystallizes in several modifications, a stable wurtzite structure
B4 (hereafter labeled ‘w’) with a hexagonal symmetry, and two metastable phases with cubic
symmetry: B1 (hereafter labeled ‘c’ or cubic; rock-salt structure, NaCl prototype) and B3 (zinc-
blende structure, ZnS prototype). Previous studies [1, 7-10] on multilayer nitride coatings have
shown that the AIN phase exhibits wurtzite-type structure when the AIN layer thickness is larger
than 4.0 nm in CrN/AIN system, which can also lead to a low hardness (23-25 GPa), poor
adhesion and low wear resistance of the coatings. However, thinner AIN layers lead to an
epitaxial stabilization of the rock-salt AIN phase in CrN/AIN multilayers thus enabling for its
excellent mechanical properties. The stabilization of the c-AIN phase can be explained by
considering the overall energetics including strain energy and interfacial energy contributions
[11]. For the TiN/AIN multilayer films with smaller layer thickness (AIN below 3.0 nm), the
strain energy is only a small contribution to the total energy. The rock-salt c-AIN structure is
formed at small layer thicknesses (despite its higher energy of formation than the w-AIN) since
it possesses lower interfacial energies than the c-TiN/w-AlIN structure [7, 12]. The stability of
the metastable AIN phase also depends on the interlayer (stable cubic nitride) thickness. Schlcl
et al. proposed that the CrN layer thickness needs to be at least as thick as the targeted c-AIN

layer thickness, in order to provide sufficient strength for a full stabilization of the AIN layers
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in their metastable cubic structure by coherency strains [5]. Nevertheless, an upper limit for the
c-AlN thickness exists due to thermodynamic reasons. The X-ray nano-diffraction experiments
revealed that the coherent growth between c-CrN and c-AIN (stabilized by the CrN template)
layers is achieved only when the AIN layer thickness is below ~4.0 nm [3]. Above ~4.0 nm, the
nucleation of the thermodynamically stable wurtzite AIN is favored, leading to a coherency
breakdown [3]. Chawla et al. combined the finite element modeling and density functional
theory (DFT) methods to explain how the coherency state of the substrate—layer interface affect
the c-AIN stability, i.e. a small lattice constant of the stable cubic interlayer helps to stabilize
c-AlN, whereas a large lattice constant promotes w-AIN stability [13]. Despite the above
mentioned achievements, relationships between the c-AIN phase stability and the
crystallographic growth-orientation as well as the interface structure has hardly been addressed

to date.

To identify the role of these individual mechanisms, a bilayer-period-gradient CrN/AIN
multilayer film has been synthesized. The entire coating is composed of 21 blocks, within each
block, the AIN layer thickness increases from 1.0 nm to 10.0 nm while keeping the interlayer
CrN thickness constant at 4.0 nm. This gradient CrN/AIN thin film is used to study the effect
of the layer thickness on the AIN phase change and to track the growth morphology variation.
Dark-field transmission electron microscopy (TEM) provides a large scale representation of the
texture evolution and the phase composition of our gradient multilayer thin film. The Cs-
corrected high-resolution TEM enables genuine atomic level observations, and thus was used
to study phase composition, interface atomic structure and strains. Using these techniques, we
are able unambiguously show that the maximum thickness for the epitaxially stabilised
metastable cubic AIN is strongly dependent on the crystallographic orientation, and is the
highest for the <100> and <110> orientations. The results are corroborated by detailed first
principles calculations on surface and interface energies and bulk-related total (free) and strain

energies.

2. Experimental details

2.1. Material fabrication

The CrN/AIN multilayer film with a total thickness of ~2 pum is composed of 21 repeating
blocks consisting of 10 bilayers composed of 4 nm thin CrN layers and AIN layers having

different thicknesses. The thickness of the AIN layer was ~1 nm for the first bilayer and around
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10 nm for the last one (within a block), with a stepwise increase of 1 nm from one bilayer to
the following. Hereafter in the text, labels of 1-AIN to 10-AIN refer to AIN layers with
corresponding nominal thicknesses (1.0 nm-10.0 nm) in a certain block (cf. Fig. 1). The film
was synthesized in an AJA International Orion 5 reactive magnetron sputter system by DC
powering one 2" Cr and one 3" Al target (both 99.6% purity, Plansee Composite Materials
GmbH, Austria) at 500 <T substrate temperature in an Ar/N2 gas mixture (flow ratio of 5 sccm
Ar/5 sccm N») at a total pressure of 0.4 Pa. The chosen power densities of ~12.3 (Cr target) and
~11.0 W/cm? (Al target) resulted in the deposition rates of ~10 and ~24 nm/min for CrN and
AIN, respectively. The nanolayer structure was realized using computer controlled shutters,
which were mounted in front of the permanently running targets. To achieve a dense coating
morphology, a bias voltage of -50 VV was applied to the growing film during the deposition
process (floating potential was ~ -20 V). The substrate holder rotated with a constant rotation

speed of ~1 Hz throughout the whole process.

Prior to the deposition, the polished Si (100) substrate (10 x 10 x 0.5 mm?®) were
ultrasonically pre-cleaned in acetone and ethanol for 5 min each, thermally cleaned at 500 <C
for 20 min inside the evacuated deposition chamber (base pressure at room temperature was
~5x10* Pa), and Ar-ion etched for 10 min at the same temperature in an Ar atmosphere at a

pressure of 6 Pa by applying a constant bias voltage of -750 V to the substrate.
2.2. Material characterization

Cross-sectional transmission electron microscopy (TEM) specimens were prepared using
a standard TEM sample preparation approach including cutting, grinding and dimpling. Ar ion
milling was carried out at a voltage of 4.0 kV with an angle of 6< followed by a final low

voltage ion-milling of 2.5 kV with an angle of 2<as a final step.

The morphology of the film was examined by bright/dark-field imaging and selected-area
electron diffraction (SAED) using a Philips CM12 transmission electron microscope working
at an accelerating voltage of 120 kV. (The overall film structure was characterized by X-ray
diffraction using a Panalytical XPert Pro MPD 0-0 diffractometer in Bragg Brentano
configuration with Cu Ko radiation (A =~ 1.54 A). A 200 kV field emission TEM/STEM
(JEOL2100F) equipped with an image-side Cs corrector was used in this study, which
demonstrates a resolution of 1.2 A at 200 kV. The image size of all TEM micrographs recorded
on a CCD camera was kept at 2004 =< 1335 pixel. The exposure time for the HRTEM images
was set to 1.0 s. The aberration coefficients were set to be sufficiently small for obtaining the

HRTEM images under slightly over-focus conditions (close to Scherzer defocus). The strain
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field in CrN/AIN multilayer was calculated on the Cs-corrected high-resolution TEM images
by the geometric phase analysis (GPA) method. According to the GPA algorithm, the
displacement field can be obtained by selecting two non-collinear Bragg vectors in the power

spectrum generated from a high-resolution TEM image. Strain map was calculated with respect

to this reference lattice defined by g7 = [220] AIN/CrN and g5 = [220] AIN/CrN.

To obtain the overall length distribution of columnar grains we used Digital Micrograph
software. Since the HRTEM image clearly reveals the growth-orientation and atomic structures,
it facilitates the determination of the grain orientation relationships. The length distribution of
columnar grains with different growth-orientations from the 5th to 15th block was statistically
analyzed using HRTEM images recorded at 300-600Kx (all images taken along Si substrate
[011] direction). The length of cubic columnar grains in CrN/AIN multilayers was measured by
drawing a profile from the first layer of c-CrN in each block to the top of the columnar grains.
About 20 columnar grains in cubic/cubic <111> growth direction, 17 columnar grains in
cubic/cubic <100> growth direction and 15 columnar grains in cubic/cubic <110> growth

direction were used for determining the distribution of columnar grain lengths.
2.3. DFT calculations

First principles calculations were performed using the Vienna Ab initio Simulation package
(VASP) [14, 15] employing projector augmented pseudopotentials [16] and the exchange-
correlation potential within the Perdew-Burke-Ernzerhof-parameterized generalized gradient
approximation (GGA-PBE) [17]. The plane wave energy cut-off was set to 500 eV. The
reciprocal space was sampled with equivalent of ~1600 k-points per single-atom cell using the
Monkhorst-Pack mesh, and the number of k-points was decreased correspondingly depending
on the actual cell-size. CrN was considered in a ferromagnetic state. This has been shown to be
energetically as well as elastically a reasonable approximation for the paramagnetic state [18].
Such approximation is necessary in the present case due to the large computational demands
resulting from supercells needed for the surface and interface energy calculations, and presents
a compromise between the true OK ground state (anti-ferromagnetic arrangement) and room
temperature paramagnetic state. The supercells used for calculating interface energies contained
equal numbers of Al and Cr atoms (in addition to N atoms), and the bilayer period induced by

periodic boundary conditions was between 50 and 60 A, depending on a particular interface
orientation. The orientation relationships considered here were c¢c-CrN(111)[1 10 J/w-

AIN(0001)[1120], c-CrN(111)[110]/c-AIN(111)[110], c-CrN(110) [110]/w-AIN(1100)[1120]
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and c-CrN(110) [110]/c-AIN(110) [110]. The calculation of the w-AIN(1101) surface energy
followed the same procedure as described in Ref. [19].

growth direction

I total 21 blocks 10-AIN

9-AIN
8-AIN

CIN

1-AIN

Fig. 1. A schematic view of the bilayer-gradient CrN/AIN multilayer on Si (100) substrate.
Presented is the first block (out of 21 repeated ones in total).

3. Experimental results

3.1. Microstructure evolution
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Fig. 2. X-ray diffraction pattern of the bilayer-gradient CrN/AIN multilayer on a Si (100)
substrate.

The overall phase structure was characterized using X-ray diffraction. Fig. 2 reveals the
structures of AIN and CrN phases: c-CrN/c-AIN (B1) are represented by their characteristic
fingerprints consisting of (111) and (200) peaks while w-AIN (B4) is revealed by its (0002)
peak. The morphology of the multilayered film is further investigated by analyzing a cross-
sectional TEM sample. The bright-field images (Fig. 3) clearly reveal the blocks with a bilayer-
gradient structure, in which bright and dark contrasted layers, corresponding to AIN and CrN,
can be recognized, respectively. The inserted line profile in Fig. 3a shows the gradient structure

(AIN layer thickness ranging from 1.0 nm to 10.0 nm) and the block is about 95.1 nm thick.

A close examination of the overall morphology reveals that the layers in the 1st to 4th block
are uniform (contain very flat interfaces) and gradually develop the wavy-like morphology
further away from the substrate (from the 4th block on). This indicates that the surface
roughness increases with increasing film thickness. The film grows with columnar nanocrystals
along the growth direction. These columnar grains can be classified into two groups. For the
initial phase of the film deposition (1st till 4th block) in Fig. 3a, several slender columnar grains
can be observed (type-A grains, indicated by a white frame). The width of type-A columnar
grains ranges from 10 to 20 nm, whereas the maximum grain length can reach up to 200 nm.
The total thickness of one block is ~95 nm (using nominal thicknesses one obtains 10 times
4 nm-thin-CrN layersplus (1+2+3+4+5+6+7+8+9+10 nm) AIN layers = 95 nm), cf.
also with the inset in Fig. 3a. Hence, type-A columnar grains can extend over several blocks.
Additionally, the film contains also another type of columnar grains (type-B, yellow frame)
after a certain thickness, i.e. far away from substrate (from the 5th block on, see Fig. 3b). These
grains are shorter than type-A ones, are constrained to within one block, and appear as ‘rice-
shaped’. Type-B columnar grains grow from the first CrN layer in each block and are terminated
by an AIN layer in the same block, which limits their length. After it is terminated within one
block, and before another block starts, type-B columnar grains grow again. The type-B
columnar grains with a length of 20-50 nm have widths from 10 to 20 nm. As will be revealed
in the following HRTEM images, the crystallographic orientation is different within these two

types of columnar grains, causing a distinct stability of the cubic AIN phase.

To sum up, the TEM bright-field result shows that the morphology of the columnar grains
is significantly different in different film locations. The slender type-A columnar grains are
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located in the substrate-near film area, while the much shorter type-B columnar grains form far

away from the substrate.

S ColumNar CRyStaIs type A~

Fig.3. Cross-sectional TEM bright-field images taken (a) from the 3rd to 6th block and (b) from
the 4th to 8th block. Inserted (contrast) line profile indicates the thickness of the 3rd block.

White and yellow frames mark the type-A and type-B columnar grains (see text for explanation).

3.2. Crystallographic orientation evolution
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Fig.4. (a) and (b) TEM cross-sectional bright-field and dark-field images (objective aperture
position shown in Fig.4c). (c) and (d) are the SAED patterns from positions marked in Fig.4a.
(e) HRTEM image of c-CrN/w-AlIN (type-A columnar grain from 3-AlIN to 6-AIN) grain in the
4th block. (f) HRTEM image of c-CrN/w-AlIN grain (9-AIN) in the 9th block. The dotted lines
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indicate the well oriented region. Positions of Fig.4e and Fig.4f can be found in Fig.4a (white

arrow).

In order to investigate the preferred grain orientation, the gradient multilayer is
characterized by the cross-sectional bright/dark-field images and selected area electron
diffraction (SAED). The SAED pattern of the CrN/AIN multilayer taken from the area near the
substrate (labeled in Fig. 4a) corresponds to a mixture of reflections from c-CrN/c-AIN and w-
AIN (Fig.4c). These reflections can be indexed as wurtzite {0002} and {1100}, and cubic {111}
and {200}. The discrete nature and high symmetry of strong diffraction dots in Fig. 4c indicate
the presence of a strong texture with a preferred growth orientation of c-CrN <111> || w-AIN
<0001> direction. This can be observed from the 1st to 4th block (0-380 nm away from the
substrate, cf. the dark-field image Fig. 4b). HRTEM recorded from one typical slender
columnar grain (type-A) extending from 3-AIN to 6-AlN is shown in Fig. 4e, where the brighter
layers in the columnar grain are w-AIN (viewed along the [1120] direction) while the darker

layers are cubic CrN (viewed along the [110] direction). The (0002)w-ain planes in w-3-AIN to

w-6-AIN are parallel to c-CrN (111) planes, and perpendicular to the film growth direction.
Hence, the textured SAED (Fig. 4c) is consistent with HRTEM observation (Fig. 4e). The
typical orientation relationship and growth directions of c-CrN and w-AlIN grains in the strongly
textured region can be found, i.e. {111}<110>c.cin |[{0001}<1120>y-aN.

However, the texture gradually disappears above the 4th block (over 380 nm away from
the substrate), as demonstrated by the appearance of corresponding polycrystalline diffraction
rings (Fig. 4d). Comparison of SAED patterns (Fig. 4c and Fig. 4d) suggests that grains grow
randomly over a large distance without any preferred orientation, and there may exist other
crystallographic orientations (not along the <111>||<0001> growth direction) far away from the
substrate area. Actually, intensive HRTEM observations indeed confirm the presence of other

crystallographic growth orientations in this region, i.e. Fig. 4f, showing a growth orientation of
<100>¢.cr ||<1011>w-ain observed from the w-AIN /c-CrN interface in the 9th block (note that
(100)c-crnv ||(1011)w-am is indicated in the image).

To summarize, the microstructure and growth orientation varies depending on the film area.
We found a strong texture from the 1st to 4th block and their grains exhibit a slender column

structure (type-A). By HRTEM and SAED, we show that the slender type-A column grains are
mainly the w-AIN/c-CrN multiphase structure in thicker AIN part and their crystallographic
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growth orientations are the <0001>y.aN ||<111> c.cn directions in the strongly textured area.
However, significant microstructure and growth orientation variations are found far away from
the substrate area (block 5-21).

3.3 Critical thickness of c-AlN layers

3.3.1 Lower critical thickness of c-AlN layers in <111> growth-orientation

in strongly textured areas

c-[110)/w-[1120]

Figure 5 (a) HRTEM image of type-A columnar grain (last layer in the 1st block and first two
layers in the 2nd block). (b) Enlarged filtered image of the 1-AIN and 2-AlIN layers. FFT images
corresponding to the 1-AIN (P1 position) interface and 2-AIN (P2 position) interface region.
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The yellow framed areas are w-AIN while white ones are c-AIN. The growth direction is

denoted by arrows.

In Sec. 3.1 and 3.2, we show that the type-A columnar grains present near the substrate
area are mainly composed of c-CrN/w-AIN. Note that our HRTEM image (Fig.4e) only shows
the phase structure for the thicker AIN layers. For the thinner AIN layer in the type-A columnar
grains, it is more likely to form a cubic phase structure. In order to investigate the critical
thickness of the c-AIN layers in the strongly textured areas (1st-4th block), we focus our
HRTEM observations on the thinner AIN layer. Figure 5a shows an atomic resolution image of
the type-A columnar grain at the location from 10-AIN (the 1st block) to 2-AIN (2nd block).
There exists a weak bright contrast in the thinner AIN layers, i.e. 1-AIN and 2-AlIN, in the
HRTEM image. However, they can be easily distinguished in the bright-field image, i.e. Fig.
3a. Along the growth direction, the measured interplanar spacing is 0.249 nm of the 10-AIN
layer corresponding to {0002}w-ain planes (JCPDS 25-1133 dyooo23w-ain=0.249 nm). According
to the FFT analysis (at P1 position), no other phases are found in the 1-AIN layer of the second
block.

Along the growth direction, the measured interplanar spacing of 1-AIN is 0.231 nm,
corresponding to {111}c.av planes (JCPDS 46-1200 dy1113c-an=0.233 nm). This indicates that
the expected thin cubic AIN is formed and the cubic CrN/AIN layer have the <111> growth
direction (with a [110] view direction). The interplanar spacing of the 2-AIN layer is measured
as 0.250 nm (Fig. 5b), which fits well to the w-AIN {0002} planes. Combined with the FFT
result at the P2 position showing extra reflections, it can be concluded that the 2-AIN layer
already shows the presence of a wurtzite structure with a [1120] zone axis. The measured
thickness of the 2-AIN layer is about 1.9 nm. Consequently, the critical thickness for the c-AIN
stability is surprisingly low as compared with the previous reports, in which AIN layers retained

their metastable cubic structure up to a layer thickness of ~3.0 nm [1, 5].
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growth direction

Fig.6. (a) TEM cross-sectional bright-field image and (b) corresponding diffraction pattern near
the substrate area. In order to obtain dark field images of grains in the growth-direction (cubic
<111> and wurtzite <0001>), the aperture is located at positions marked by yellow and black

circles in the SAED pattern. (c) and (d) are dark-field images from the same area taken under

the wurtzite g=[1100] and cubic g=[200] reflections. The white framed area is a cubic region
of the CrN/AIN layers (from 1-AIN to 2-AIN).

In order to investigate the overall critical thickness for obtaining c-AIN layers in the
strongly textured region, we carried out a comprehensive microscopy study on the
microstructure of the metastable phase. Figures 6a and 6b show a cross-sectional bright-field
image and a corresponding diffraction pattern acquired from 1st till 4th block (close to the
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substrate). The diffraction pattern contains, in addition to the rings, many spotty reflections,
which can be indexed as w-AIN (along [1120]) and c-AlIN/c-CrN (along [011]), as shown in
Fig. 6b. Fig. 6¢c shows the dark-field image of w-AIN (using g=[1100] ), and grains with the

<0001> growth direction. Using the smallest objective aperture to separate the cubic and
wurtzite reflections in the diffraction pattern, the bright regions in Fig. 6¢ display only the
textured grains of w-AIN (between these bright layers are cubic CrN). Here, eight bright layers
of w-AIN (from 3-AIN to 10-AlIN, as indicated) can be distinguished in each period, and there
are 10 to 15 nm-thick dark zones (from 1-AIN to 2-AIN) present from the 1st till the 4th block,
denoting the absence of wurtzite phases, which are actually cubic area (as indicated). Such
cubic zones can be confirmed in the dark-field image when using cubic g=[200], where the
dark layers never fulfill the cubic diffraction condition, i.e. are wurtzite, while the layers with
white spots locally diffract for the cubic diffraction vector, and hence are identified as cubic
(Fig. 6d). We note that the contrast in cubic layers depends on the local interface in-plane
orientation. Analogously, the dark regions (from 1-AIN to 2-AIN) in Fig. 6¢ — recorded under
the hexagonal diffraction condition — have the cubic structure, which is the grain with c-AlIN/c-
CrN. Hence, the cubic AIN phase only exists in the 1-AIN or 2-AIN layer (note that 2-AlN is a
mixture area since some parts of the layer also show the wurtzite bright layer in Fig. 6c). The
above observations are consistent with our HRTEM results on the critical thickness of
metastable cubic-AIN layer, presented in Fig. 5b. Furthermore, combining the results from
Fig.4e and Fig. 6a, the type-A columnar grain structure can be completely determined to be c-
AIN/c-CrN in thinner AIN layers and w-AlIN/c-CrN in thicker AIN layers. Thus, we can
conclude that the majority of c-AIN grains grow along the <111> direction but with a low
epitaxial phase stabilization (the critical thickness for c-AIN layers is about 2.0 nm) near the
substrate area (1-4 block).

3.3.2 Larger critical thickness of c-AlIN layers in <110> and <100> growth-

orientation
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L ARI011]
Ry ®[1120

Fig.7. HRTEM images of one portion of several columnar grains (type-B), (a) [111], (b) [011]
and (c) [100] growth-orientation, distributed in the 9th, 10th, and 13th block, respectively. A
low magnification image of type-B columnar grain is inserted in (c). The growth directions are
denoted by arrows. FFT images displayed on the right-hand side correspond to the 3-AIN/CrN
([111] growth-orientation), 5-AIN/CrN ([011] growth-orientation), and 5-AIN/CrN ([100]
growth-orientation) interface area, respectively (taken from the respective green marked areas).
Note that yellow and white polygons in the FFT images indicate the wurtzite and cubic phases,

respectively.

In Sec. 3.2, we showed that the c-AIN with <111> growth-orientation is present in the
strongly textured region close to the substrate. However, for the areas far away from the
substrate, thicker c-AIN layers can be found with different growth orientation. This already
indicates that the critical thickness for the c-AIN layers is orientation-dependent.

According to our extensive HRTEM observations, type-B columnar grains (corresponding
to the yellow marked region in Fig. 3b) have the cubic/cubic superlattice structure with various
growth-orientations. However, the dominant growth-orientations of the type-B columnar grains

are [111], [011] and [100]. Representative HRTEM images taken along [111], [011] and [100]
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growth directions are shown in Figs. 7a-c (primary electron beam directions are [011]
directions), respectively. For the bottom AIN layer in Fig. 7a, the FFT shows extra reflections
which suggest the wurtzite AIN structure (as highlighted in the FFT image by a yellow polygon).
The measured critical thickness before wurtzite AIN phases form is about 2.6 nm. Furthermore,
the c-AIN maximum layer thickness in Fig.7a is also consistent with the experimental result in
the <111> textured region, i.e. the critical thickness for c-AIN layers is about 2.0 nm in blocks
1-4. The measured critical thickness before the wurtzite AIN phase form is about 2.6 nm.

Contrarily, the [011] and [100] growth-orientations yield the FFT without extra reflections,
i.e. containing only the c-AlIN reflections still in the 5-AIN/CrN interface areas. Hence, the c-
AIN can be found even in the 5-AIN layer with a measured thickness of 4.0 nm (Fig. 7b) and
4.1 nm (Fig. 7c), respectively. The layer thickness of c-AIN in both [011] and [100] growth-
orientation is also larger than the previously reported critical thicknesses of 3.3 nm and 3.0 nm
for c-AIN [1, 5]. To summarize, c-AIN layers with the <100> and <110> growth orientation
shows a higher phase stability far away from the substrate area while those with the <111>

growth orientation maintains the low phase stability.

3.3.3 Statistics of the orientation-dependent critical thickness for c-AIN
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Fig. 8. Histogram distributions of type-B columnar grain lengths in different orientations
acquired by HRTEM images in the 5th till 15th block (all images taken along the Si substrate
[011] direction).

In this section, we discuss a statistical analysis of HRTEM measurements to further prove
that the critical thickness for c-AIN layers is orientation-dependent. The comparison of the

individual c-AlIN critical thicknesses (Figs. 7a-c) suggests that these are orientation-dependent.
The cubic-AIN layer in both [011] and [100] growth-orientation (Fig. 7b, Fig. 7c) can be

stabilized up to ~4.0 nm, while in [111] growth-orientation (Fig. 7a) the critical thickness is
only ~2.0 nm. A consistent result is obtained also for the type-A grains: AIN grains in Fig. 6¢
also exhibit a lower critical thickness (cubic AIN exists only in 1-AIN and 2-AlIN layer) in <111>

growth-orientation of textured areas (1st till 4th block).

According to HRTEM observations, the type-B columnar grains have the cubic-CrN/cubic-
AIN superlattice structure. In our gradient structure, the cubic/cubic columnar grain length is
actually related to the c-AlIN critical layer thickness (type-B columnar grain length = (n-1)tc
crntticAIN + tc-aln +.+ Thc-ain Where n is the number of the thickest AIN layer, which is still
cubic-structured). Hence, the thicker c-AIN layers are always present in the much longer
columnar grains as shown in Figs. 7b and 7c. In Fig.7c, we determined the maximum cubic
AIN layer thickness to be about 4.1 nm in the 5-AIN layer and the type-B cubic/cubic columnar
grain lengths (its low magnification image can be found in Fig.7c right-hand side) to be about
34 nm. However, in Fig.7a, the maximum cubic AIN layer thickness is found to be about 2.6
nm in the 3-AIN layer and the type-B columnar grain lengths is about 23 nm. Consequently,
the length of the cubic/cubic columnar grains (type-B) is actually an indirect measure for the
critical thickness of the c-AIN layers. The specific orientation of columnar grains, i.e. in the
<111>, <100> and <110>, can be clearly resolved via HRTEM images. The distribution of
columnar grain lengths along these specific orientations is plotted in Fig.8, clearly exhibiting
an orientation dependence. The length of columnar grains with <111> growth-orientation
ranges from 20.0 to 30.0 nm, whereas both <100> and <011> oriented grains range from 34.0
to 51.0 nm. The average length in <100> and <110> is 36.843.1 nm and 40.945.2 nm,
respectively, larger than that of the <111> growth-orientation being 26.043.1 nm. Furthermore,
the average overall columnar crystal length of the three different growth directions is consistent
with HRTEM observations (as shown in Figs. 7) of c-AIN critical layer thicknesses, i.e. the
lowest critical thickness for stabilizing AIN in the cubic structure can be found in <111> growth

direction. Hence, the average length in three different growth directions implies that there are
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many more c-AlIN layers in type-B columnar grains and much larger critical cubic-AIN
thicknesses in <100> and <110> directions than in the <111> growth direction. The data
furthermore suggest that the largest critical thickness for c-AIN layers is present for the <110>

growth-orientation.

3.4 Cubic/Cubic and Cubic/Wurtzite interface structures
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Fig. 9. HRTEM filtered images of interfaces in type-B columnar grains with (a) (111), (b) (022)
and (c) (200) orientations. These are enlarged sections of the images presented in Figs. 7a-c
from the c-CrN/c-AlN interface area.

Since c-CrN has a very similar lattice constant (4.14 A JCPDS 11-0065) as c-AlIN (4.04 A
JCPDS 46-1200), the c-AIN has always a good lattice matching relationship with c-CrN.
Therefore, the typical coherent interface structures, such as {111}cm|[{111}ain, {110} cm||
{110}ain and {100}cm|[{100}an (Figs. 9a-c), often appear in the c-AIN/c-CrN superlattice

grains.

The c-CrN/w-AIN interface, however, exhibits an evolution of interface structures in
different regions, i.e. low-mismatch interfaces in the textured regions and high mismatch
interfaces far from the substrate. Fig. 10b shows the semi-coherent interfaces of the (111)[110].-
o [|(0002)[1120]w-aiv in the 1st block, which possesses a relatively low mismatch structure
(e.g., in Fig. 10b 11 (111) c-CrN planes match with 10 (1100) w-AIN planes). These can be
easily found at the region close to the substrate (Fig. 10a, lower part). However, a variety of
different w-AlIN/c-CrN interface structures can be found at the location far from the substrate
(from the 5th block on). For example, Fig. 10c shows a new type of c-CrN/w-AIN interface

structure (at the 8-AIN layer) with an orientation relationship of (1100)w-am||(220)c-crn and
(0002)w-ain||(002)ccrn. In Fig. 10d, the w-AIN grain grows along the [0001] direction, and the
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upper cubic-CrN grows along the CrN [001] direction and the tilt angle between (0002) and
(002) planes is around 3< In Fig. 10e, the w-AIN (1011) plane is parallel with the cubic CrN
(002) (viewed along [1123]w-anand [110]c-crv). The misorientation angle between the (1011)w-

AN and (200)c.crv planes is around 2< The w-AIN/c-CrN interface structure can generally be
classified into a low-mismatched interface mode and high-mismatched interface mode. The
low-mismatched interface mode with the higher distance of two misfit dislocations, e.g., 11
(111) planes match with 10 (1100) planes in Fig.10b. The high-mismatched interface mode

have the lower distance of two misfit dislocations, e.g., 6 (002) planes match with 5 (0002)
planes in Fig. 10c, 8 (111) planes match with 7 (1100) planes in Fig. 10d, or 4 (020) planes
match with 3 (1100) planes in Fig. 10e.

To sum up, the c-AIN deposited on cubic CrN layer will form the typical coherent interface
structures. However, the w-AlIN layer deposited on cubic CrN layer may form the different
interface structure (low-mismatched c-CrN/w-AlIN interface and high-mismatched c-CrN/w-
AIN interface). Considering the interface structure changes will significantly affect the interface
energy of w-AlIN and the existence of competitive growth between the two phases of AIN.
Change of the interface structure may also be the influencing factor of the phase stability change
in the position far away from the substrate area (as shown in Sec. 3.3). We will explain in detail

the effects of the interface structure in the discussion section 4.2.1.
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Fig. 10 (a) Low-magnification bright-field image, where the locations for figures (b)-(e) are
labeled. HRTEM image of the w-AIN/c-CrN interface from (b) 2nd block. (c), 10th block, (d)
7th block and (e) 9th block, showing the relation between the w-AIN and c-CrN with different
interface orientations. The grain growth direction is from c-CrN to w-AIN (in the image bottom

to top). Red lines show the lattice mismatch at w/c interfaces.

4. Discussion

4.1 Preferred growth-orientation in multilayers

In this section, we mainly discuss the w-AIN and c-AIN growth-orientation in multilayers.
Previous studies reported on some typical textures in TMNs (transition metal nitride) multilayer
films, such as the cubic <111> growth-direction [10, 20, 21] and the wurtzite <0001> growth
direction [6, 22-26]. But the texture formation mechanism of multilayer films has hardly been
addressed to date. According to our dark-field results (Fig. 3c and Fig. 6d), a strong texture is
observed near the substrate area. However, the texture gradually randomizes with increasing
thickness, starting from the 5th block on.
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The preferred growth orientation (texture) in monolithically grown thin films can often be
explained by surface energy and strain energy minimization [27-31], next to kinetically driven
effects [32]. For example in c-TiN thin films, the strain energy minimization dominates the
texture evolution for thicker films, while the surface energy minimization dominates the texture
evolution for thinner films [29]. The strain energy in multilayers will mainly depend on the

interface structure and thus the induced coherency (or mismatched) strains. The {111}<110>c.

o |[{0001}3<1120>y.aiv interface is semi-coherent, which very easily fully relaxes [33].
Moreover, the maximum layer thickness of c-AIN only exists in the 1-AIN and 2-AIN layers
(in the substrate near regions, which are highly textured), having thicknesses below 2 nm.
Hence, the strain energy is not the main factor that affects the w-AIN and c-AIN growth-

orientation in the strongly textured areas (close to the substrate).

As discussed before, also some highly mismatched interfaces can be found far away from
the substrate regions (as shown in Fig. 10b-e). The low mismatch {111}||{0001} interface has
a lower density of broken bonds (related to the chemical energy) due to perfect crystallographic
match of the cubic and wurtzite close packed planes, and a lower lattice mismatch (related to
the [misfit] dislocation energy). Hence, the semi-coherent {111}||{0001} interface is expected
to possess a lower interfacial energy as compared to those highly mismatched w-AIN/c-CrN
interfaces (observed in the area above the 5th block). Such low mismatch {111}||{0001}
interfaces dominate the w-AlIN/c-CrN growth-orientation near the substrate area. This leads to

the cubic AIN also maintaining the <111> growth-orientation.

The grain orientation changes from c-AIN (111) and w-AIN (0001) to other growth-
orientations will greatly minimize surface energies. Holec et al. [34] presented first-principles
calculations on the surface energies of cubic (rock-salt, B1) and wurtzite (B4) AIN allotropes,
which are summarized in Table 1. The w-AIN or c-AIN in <0001> or <111> orientations

exhibit the largest surface energies. Hence, the changes of growth-orientation will greatly

minimize the surface energy, i.e. 220 meV/A2 energy difference from <0001>y-ain t0 <1100>y,-
AIN growth-orientation (energy subtraction), and 327 meV/A2 energy difference from <111>.
AN to <100>c ain growth-orientation. Furthermore, the interfaces in the textured area near the
substrate are flat and smooth, thus further improving the match of the w-AIN (0001) and CrN
(111) planes. The incoming particle flux (from the target) is nearly perpendicular to the
substrate surface, hence perpendicular to the growth plane. However, surface roughening with
the wavy-like morphology, which may originate from diffusion, relaxation and intermixing

effects, develops (cf. Fig. 3) further away from the substrate (above the 4th block). Part of the
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incident particle flux is no longer perpendicular to the CrN (111) plane. This increases the
probability of w-AIN growth on other c-CrN lattice planes. Although this will increase the w-
AIN/c-CrN interface energy (as compared with the low mismatch {111}/{0001} interface), the
AIN surface energy will be greatly reduced. This may explain the presence of some highly

mismatched interface structures in the area far away from the substrate (as shown in Fig. 10c-

e).

cubic AIN wurtzite AIN

(111)* 410 meV/A2 (0001)* 365 meV/A2

(110)* 194 meV/IA2 (1700)* 145 meV/A2
(100 83 meV/A2 (1120)r 243 meV/A2

(1011)° 287 meV/A2

Table 1. Energies of different surfaces in cubic and wurtzite AIN
4 Reference [36]

b Present work

4.2 Metastable c-AlIN

4.2.1 Effect of the AIN layer thickness
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Fig.11. (a) HRTEM image of cubic/cubic type-B columnar grain in the area far away from the

substrate (10th block), with the growth-direction along the [110] direction from right to left and
viewed along the [001] direction. AIN is cubic structured from the 2nd till the 5th layer. (b)
corresponding in-plane strain (s«) map. The yellow marked box in (a) is used for the reference.

(c) profile of in-plane strain (entire colored maps region) along the growth-direction.

Cubic AIN (B1 structure) is a metastable phase and as such has internal bulk energy higher
as compared to the thermodynamically stable wurtzite AIN. However, as a result of epitaxial
stabilization, c-AIN can be present in CrN/AIN multilayers, which result from a different
contribution of the coherent strain energy, surface energy and interfacial energy between AIN

and c-CrN for cubic and wurtzite AIN polymorphs.

Strain energy is one of the major contributions to the overall energetics, significantly
determining the phase constitution in AIN stabilized multilayer epitaxial systems [7, 11, 35-37].
The distribution of the relative strain in the bilayer period systems was previously reported [38-
40], indicating homogeneous strains along the growth direction. However, the strain
distribution in our bilayer-gradient CrN/AIN multilayer remains unknown. Figure 11a shows
the HRTEM image of cubic/cubic columnar grain with <110> growth-direction, where the
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brighter areas are 2-AIN to 5-AIN layers in the 10th block. Figure 11b is a corresponding &
strain map. The compressive strains within the AIN layers (&x<0) and the tensile strains within
the CrN layers (&x>0) are revealed. A strain profile acquired by integrating &« in Fig. 11b along
the vertical y axis is shown in Fig. 11c. Apparently, strains are not uniformly distributed. We

found that the first layer CrN has 2%-2.8% tensile strain (&«) as compared with the reference

area (2-c-AlIN layer), which is close to the calculated 2.4% tensile misfit strain (¢ = ZSN_AIN

acrN

2.4%, acyy =4.14 A (JCPDS 11-0065) and a,y=4.04 A(JCPDS 46-1200)). More importantly,
increasing the AIN layer thickness from 2-AIN to 5-AIN layer increases the local strain by 2.8%.
Furthermore, we also notice that the tensile strain in CrN layer decreases along the growth
direction, although the thickness of the c-CrN layers remains constant. Note that no misfit
dislocations were found in HRTEM image (Fig.11a), which means c-CrN/c-AlIN interfaces are
fully in a coherent state. For 4-AIN layer, the out-of-plane compressive strain increase will
increase the in-plane tensile strain (due to the Poisson’s tension). Thus, the in-plane tension of
the CrN layer will also increase in order to maintain the full coherent state. Finally, the last
layer CrN have the higher out-plane contraction and show the tensile strain decreasing as the c-

AIN layers become thicker as in Fig. 11c.

Our strain map confirms the existence of strains gradient in the cubic/cubic coherent
interface structure. In the w-AlIN/c-TiN semi-coherent {0001}||{111} interface, the misfit strain
is fully relaxed by dislocation glide in cubic {111}<110> slip systems and/or in the w-AIN

{0001}<1120> slip system [33]. The close relation between TiN and CrN suggests that similar
behaviors may be valid in the w-AIN/c-CrN semi-coherent {0001}||{111} and other highly-
mismatched w-AIN/c-CrN interfaces. Hence, the layer thickness-related coherency strain in the
c-AlN/c-CrN is much higher than within the w-AlIN/c-CrN superlattice system. Consequently,
the phase transformation from cubic AIN to wurtzite AIN reduces the coherency strain and
strain energy [3, 7, 11, 13].

4.2.2 Mechanism of the orientation-dependent critical thickness for c-AlN layers

In this section, we present a simple total energy model, which can be used to justify the
observed critical thicknesses and eventually also to predict them. The total energy, ET, per unit
(surface/interface/section) area can be expressed as:

Er” =t (Egfrain + E5") +V7" +v5". (1)

Strain
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Eciraiq 1S the (coherency) strain energy density (per unit volume) related to the lattice

c,w

mismatch, y;” is the per unit area interface energy (including the effect of broken bonds due
to an imperfect crystallographic match, interface dislocations and inhomogeneous chemistry),
and y¢" is the per unit area surface energy (penalty due to broken bonds at the free surface). ¢
and w superscripts refer to the cubic and wurtzite modification of AIN. Eg" is the bulk
(chemical) energy density (per unit volume), Ef > Eg reflecting the metastability of the cubic
phase with respect to the stable wurtzite phase. t is the AIN layer thickness. The critical
thickness (maximum thickness of c-AlN to have lower total energies than w-AlIN) is defined by

EF = EY:

_ Y-y +ys§-vs§
b= Egtrain_E‘SAicrain'l'El%_E‘év ' (2)
Note that the strain energy, interface energy and surface energy are orientation-dependent.
For the w-AlIN interface energy, vy, it is lower for the low mismatch {111}/{0001} interface
than for the high mismatch c/w interfaces (as discussed in section 4.1). However, the c/c
coherent interface energy is much smaller (no broken bonds, no interface dislocations) than the

c/w semi-coherent interface energy.

For strain energy, the previous reports show that the obviously elastic modulus anisotropy
were only found in cubic (rocksalt) AIN [41, 42]. However, the wurtzite AIN is isotropic [41].
Thus, we mainly consider the strain energy anisotropy of cubic (rocksalt) AIN. The strain
energy (Esirain) density corresponding to the two-dimensional bi-axial strain state (&) for

cubic materials can be expressed as [43]:

Estrain = %(011 +03)e=Mé
0,11 and o, are biaxial stress. ¢is the biaxial strain. M is the biaxial modulus of 3)
the material. Hence, the strain energy is orientation-dependent, which is due to the
biaxial modulus. For grains in the [111] growth orientation the biaxial elastic modulus My111; is

given by [44]

6C44(C11 + 2C15)

My11) = (4)
U™ ¢+ 2C,,+4C,,

For grains in the [001] growth orientation the biaxial elastic modulus is given by [44]

2C%,

Mipp1) = C11 + C12 — C
11

(5)

For grains in the [011] growth orientation the biaxial elastic modulus is given by [44]
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M _ (2C11 + 6C1 + 4Cyy) _ (2C11 + 2C15 — 4C4s) (2C11 + 3C15 — 4C44)
[011] 4 4 (Ci11+ Cip + 2Cyy)

(6)

For B1-AIN, Holec et al. [42] showed that the elastic constants: C11=418 GPa, C1,=169
GPaand Css=308 GPa, respectively. Then, M;11;=705 GPa, M[qo,] =450 GPaand M [017] =772

GPa can be obtained accordingly. Thus, the strain energy density for the three orientations
follows E0L .. < EXL. < ESAL. . This further demonstrates that c-AIN with <100> growth
orientation has much lower strain energy which in turn increases the cubic phase stability.

Some simulations and experiments demonstrated the impact of surface energy on structural
stability, which is thus a decisive parameter for the film microstructure and makes a non-
negligible contribution to the overall energetic balance, Eq. ((v), [13, 45-49]. Because of the
coherent interface structure of c-AIN/c-CrN, the growth-orientation of c-AIN and CrN are
always the same. Hence, from the c-CrN/w-AIN orientation observation, we can estimate the
difference in surface energies of c-AIN and w-AIN. According to our observation of c-CrN/c-
AIN and c-CrN/w-AIN growth-orientations, the energy-controlled competitive nucleation and
growth process between the cubic AIN and wurtzite AIN on the c-CrN surface may exist, see
also Table 1.

The simulation results show that the surface energy of the top facet favors the wurtzite
phase in <111>||<0001> growth orientation, i.e. y§ — y%¥=45 meV/A2(see Table 1). For the
other c-CrN/w-AlIN orientation case, i.e., the <110>||<1100> growth-orientation in Fig. 10c, the
situation is almost the same, i.e. y§ — y¥=49 meV/A2 (see Table 1). But for the cubic <100>
growth-orientation as shown in Figs. 10d and 10e, the surface energies of the top facet favor
the cubic phase formation. The cubic <100> orientation case exhibits the much lower surface

energy of y§(100)=83 meV/A2 compared with their wurtzite counterparts, i.e. Ys(0001)=365

meV/A2 or y;”(wm:287 meV/A2 (see Table 1). For the cubic AIN layer the <100> growth-

orientation has much lower surface energy than the <110> and <111>, which have benefit to
minimize the total energies. Furthermore, the lower surface energies of cubic AIN decrease the
nucleation energies and promote the crystal growth. In contrast, wurtzite AIN (1101) and (0001)
growth-plane have much higher surface energies, which increase the w-AlIN nucleation barrier
and retard w-AlIN crystal growth.

Based on these considerations, the orientation-dependent critical layer thickness for c-AIN

can be qualitatively explained by the anisotropy of interface energy, strain energy and surface
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energy. These three energies determine the total energies for combinations with c-AIN or w-
AIN layers of different orientations. The higher total energy of w-AIN combinations retards the
w-AlIN crystal growth. In contrast, the lower total energy of c-AIN combinations promotes the
c-AlIN crystal growth, allowing for larger critical layer thicknesses of c-AIN before the

thermodynamically stable w-AIN wins.

4.2.3 Larger critical thickness for c-AlIN layers in <110> direction than in

<111> direction

In Sec. 4.2.2, we discussed the origins of orientation-dependent critical thicknesses of the
c-AlIN layers due to the interface energy, strain energy and surface energy anisotropy.
According to our statistic results, the critical thickness of the c-AIN layers is larger in <110>
direction than in the <111> direction (as shown in Fig.8). Due to the similar surface energy
differences in <110>||<1100> and <111>||<0001> direction (y$— y¥ =45 meV/A2 in
<111>|<0001> direction and y§ — y¥=49 meV/A2 in <110>||<1100> ), their contribution to
the total energy is minimal. However, c-AlN strain energy in <110> direction is higher than
<111> direction. Hence, the AIN total energies in the <111> and <110> growth-orientations
will mainly depend on their interface energy and the strain energy, which requires simulation

to compare the c-AlN stability in <111> and <110> growth-orientations.

Based on our extensive HRTEM observations, the c-CrN <111> growth-orientation has a
specific interface structure with wurtzite AIN, which is a typical c{111}<110>[w{0001} <1120>
semi-coherent interface. However, for the c-CrN <110> and <100> growth-orientation, other
types of c-CrN/w-AlIN interface structures with higher lattice mismatch are also present. Some
unusual interfaces, such as {110}<110>ccm|{1 1 00}<11 2 0>y-an,{100}<100>¢ cm
{101 1}<1123>y-an and {100}<100> c-crv [[{101 1}<1123>y.a, are also observed far away
from the substrate area (see Figs. 10c-e). Some of the above interface orientation relationships
have been already reported in other systems, i.e. AIN/TiIN {0001}||{100} [50], AIN/VN
{110}{|{1100} [51], and TiN/ZrAIN {110}|[{1100} [46]. The simulated results of the reported
interface energy values of other nitride systems, c-TiN/w-AIN and c-ZrN/w-AlIN [46], show

that the c-{110}||w-{1100} interface energy is much higher than that of the c-{111}|| w-{0001}

interface.
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With DFT (for details, see supplementary material) we evaluated the evolution of total
energies (including the strain and interface energies) of w-AIN and c-AIN with two different
orientations as a function of their layer thickness. For these calculations, no misfit dislocations
were considered. Figures 12a and 12b are the interface orientations during the growth, while
Figs. 12c and 12d show the calculated total energy differences of cubic-wurtzite AIN AEr, i.e.
AEr= Ef — EY, with two different orientations. In Eqg. (2), the critical thickness (maximum
thickness of c-AlIN to be stable) is defined by c-CrN and w-AlIN total energy. Hence, the dashed

line position (AET = 0) is the simulation value of the c-AlIN critical layer thickness. Figure 12d

shows that the critical thickness of the metastable c-AlIN layer is larger in the <110> growth-
orientation with respect to the <111> orientation. This is in agreement with our HRTEM
observations (please note that our DFT results should rather be interpreted qualitatively than
quantitatively) of thicker c-AlIN layers in this direction, t111 < ti10. The combination of HRTEM
and DFT completely reveals the effect of crystallographic orientation on the critical layer
thickness of c-AlN.

(@) o001 <111>mode (b) (1700 <110> mode
- [111] c-{111}|| w-{0001} - [110] c-{110}|| w-{1100}
\ y cubic-CrN \"\?\Q : py—" cubic-Cr
. . b [170] c-{110}|c-{110}
o 1T 4g o{1THle{111} 001] | ‘ ‘
Q& - | cubic-AIN [ \,\,\Q\ - cubic-AIN
(C) s{ —AE;=ES—Ey <111>mode (d) — DB, = ES — B <110> mode
ol I
2,
ul
J
The thickness of AIN, t (A) The thickness of AIN, t (A)

Fig.12. Schematic of orientation relationships in cubic/wurtzite and cubic/cubic interface
structure in the (a) <111>, and (b) <110> growth modes. Calculated total energy difference as
a function of the AIN layer thickness in (c) <111> (the red line), and (d) <110> modes (the blue
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line). The dashed line position corresponds to the critical phase transition layer thickness. The
total energy is evaluated per unit interface pattern, which 1 atom in the <111> mode and 2

atoms in the <110> mode.

5. Conclusions

The cross-sectional microstructure of a multilayer with different AIN layer thicknesses was
studied in detail using conventional TEM and Cs-corrected TEM. From the SAED patterns and
dark-field image investigations, the {111}ccn|[{111}c-ainv and {111}c-cen|[{0001}w-aIN textures
can be observed from the first to the fourth repeated block (each of the 21 blocks consists of 10
bilayers composed of 4-nm-thin CrN combined with either 1, 2, 3, 4, 5, 6, 7, 8, 9, and 10 nm
thin AIN layers).

By observing the atomically-resolved images of c-CrN/c-AIN superlattices, the critical
layer thickness of cubic AIN in different thin film positions is revealed. Near the substrate area
(the first to the fourth block), the critical thickness for stabilizing cubic AIN is about 1.0 nm to
2.0 nm. However, in the region far from the substrate, the critical thickness of cubic AIN ranges
from 2.0 nmto 4.1 nm. The c-CrN/w-AlIN interface structure with a high mismatch can be found
in these areas far away from the substrate. According to our HRTEM observations and
statistical analysis, the c-AIN/c-CrN grains with the <111> growth-orientation show a smaller
critical layer thickness for c-AIN, while at the <100> and <110> growth-orientations this
critical thickness is larger. The origin for this is a combined effect of the growth plane surface
energy, strain energy anisotropy and the change of c-CrN/w-AIN interface structures. Our
results clearly show that in addition to surface and strain energy also the different possible

interface structure geometries need to be considered.
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Abstract

Mechanical properties of nanoscale multilayer coatings are to a large extent governed by the
number of interfaces and their characteristics. While for a reduced layer thickness increasing
strength and toughness values have been reported, properties degrade for layer thicknesses of
just several nanometers. Here we report on an entirely overlooked phenomenon occurring
during indentation of nanolayers, presumably explaining the degradation of properties.
Nanoindentation, commonly used to determine properties of hard coatings, is found to disrupt
and intermix the multilayer structure due to the deformation imposed. Detailed electron
microscopy studies and atomistic simulations provide evidence for surprising large-scale
intermixing in an epitaxial transition metal nitride superlattice thin film induced by
nanoindentation. The formation of a solid solution reduces the interfacial density and leads to
a sharp drop in the dislocation density, consequently lowering the achievable strength. Our
results also resolve a long-standing issue about the strength softening in multilayer when the

layer thickness falls in several nanometer regions.
1. Introduction

It is well-established that the intrinsic length scales of materials determines their performance
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[1]. For instance, the classic Hall-Petch strengthening relationship[2, 3] predict “the smaller,
the stronger” and accordingly increased strength for an increase of the boundary or interface
density. In multilayer thin films, a similar effect can be achieved by lowering the individual
layer thicknesses; the increasing number of interfaces enhances the hardness. According to this,
numerous efforts have been devoted to design novel multilayers with a small bilayer thickness
in order to acquire superior mechanical properties for potential applications. In general,
multilayer structures with a bilayer-period thickness of just a few nanometers showed the best
combination of hardness, toughness, and elastic modulus [4-11]. For instance, the results of
Kim and Lin et al. indicate that TMN (transition metal nitride) CrN/AIN superlattice coatings
with several nanometer bilayer periods exhibit a 1.6 times higher hardness value compared to
their single-layered counterpart coatings[12, 13]. Among the multilayer coatings, the
combination of rs-TMN (rock-salt transition metal nitride)/rs-TMN with an epitaxial
superlattice structure shows excellent mechanical properties[7, 13, 14]. The outstanding
mechanical properties of the epitaxial superlattice coating are attributed to different effects,
including interface coherency strains and the modulus difference [4, 7, 15, 16].

However, the beneficial effect of reduced bilayer thicknesses on mechanical properties is not
observed for any layer spacing. It has been reported that, similar to nanocrystalline metals [17-
22], the hardness and toughness of the multilayer coating decrease again when the bilayer-
period thickness is reduced below a certain critical value, being on the order of a few
nanometer[4-11, 13]. For TMNs multilayer, the current understanding for this degradation of
properties is that component intermixing already occurs during the thin film deposition and
annealing process[5, 23-26]. Thereby the interface density, coherent stress fields and
differences in shear modulus diminish, explaining the reduced strength levels measured. This
explanation actually suggests that the thin film synthesis process limits the maximum

achievable mechanical properties.

However, large-scale component intermixing can be frequently observed also by severe plastic
deformation [27-30]. One may thus ask whether the deformation of the multilayer coating
during nanoindentation, usually used to evaluate the mechanical properties of multilayers (i.e.,
hardness and elastic modulus, etc.), may also trigger component intermixing and decrease of
the mechanical properties. If so, the measurement itself would affect the property to be
measured, which may make the experimentally determined mechanical strength far lower than
the intrinsic theoretical properties. Nevertheless, this important issue remains uncertain and has
never been addressed before. Since the bilayer thickness of multilayer films below the peak
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strength is only a few nanometers, detecting potential small-scale structural and composition
variations is quite challenging. Clarifying this issue is however mandatory to develop an even
stronger multilayer structure. Modern advanced transmission electron microscopy (TEM),
cross-sectional focused ion beam (FIB) cutting, and large-scale atomistic simulations allow
probing the atomistic origin of material properties and provide the possibility to address such

fundamental questions.

In this work, cross-sectional TEM specimens were prepared from the region beneath the
indented superlattice (with a bilayer period thickness of 2.5 nm) thin film using FIB milling.
Cs-corrected high-resolution TEM was applied to characterize the possible structural and
chemical composition changes from the nanoscale to the atomic scale. Combining TEM
experimental observations at multiple-scales, we find large-scale compound intermixing in an
rs-TiN/rs-AlIN SL beneath the indenter tip, while the SL remains intact in the unaffected region.
This indicates that the intermixing process is triggered by the deformation imposed by the
indenter. Given the comparably low strain, e.g., in comparison with severe plastic deformation
(SPD)[27-29], the observed phenomenon is rather unexpected in this context. Together with
atomistic simulations, this intermixing mechanism is validated and explored in detail. Based on
these findings, the strength reduction for the smallest bilayer-period thicknesses can be
rationalized from the loss of interface fraction and dislocation density caused by the large-scale
intermixing. Linking the atomistic insights of our study with the macroscopic mechanical
properties of the coating and understanding the intermixing process could contribute to

designing even stronger coatings in the future.

2. Methods

2.1 Material fabrication

The TiN/AIN superlattice thin film (~ 1.5 um total film thickness, TiN ~1.7 nm, AIN ~0.8 nm)
was synthesized using an AJA International Orion 5 lab-scale deposition system equipped with
a computer-controlled shutter system. The reactive magnetron sputtering process was carried
out at 700 <C (substrate temperature) in an Ar/N2 mixed gas atmosphere with a total pressure
of 0.4 Pa and an Ar/N flow ratio of 7 sccm / 3 sccm. To avoid intermixing of the two layer
materials via excessive ion bombardment, we applied a rather low bias potential of —40 V

(floating potential ~ —20 V) to the MgO (100) substrate, just enough to obtain a dense coating
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morphology. The three-inch Ti and two-inch Al target were DC-powered setting constant target

currents of 1.0 and 0.5 A, respectively. Further details can be found in Ref [31].
2.2 Material characterization

The nanoindent was performed with an Ultra Micro Indentation System (UMIS, Fischer-Cripps
Laboratories) equipped with a cube corner diamond tip using a maximum load of 150 mN. The
cross-sectional TEM specimens were prepared using a FEI Quanta 200 3D DBFIB.

A 300 KV field emission TEM (JEOL ARM300F) equipped with double Cs-corrector was used
in this study. The high-angle annular dark-field (HAADF) images in the STEM mode use the
probe convergence semi-angle of ~24 mrad. The STEM—HAADF images were taken by an
annular dark-field image detector with the inner semi-angle larger than 64 mrad. Two
windowless EDXS detectors, each of which has an active area of 100 mm?, are equipped on a
JEM Grand ARM300F microscope, which are very close to the specimen with a high solid
angle (1.7 sr).

A 200 kV field emission TEM (JEOL2100F) equipped with an image-side Cs-corrector was
used in the HRTEM study, which demonstrates a resolution of 1.2 A at 200 kV. The aberration
coefficients were set to be sufficient small under which the HRTEM images were taken under
slightly over-focus conditions (close to the Scherzer defocus). The quantitative determination
of the interplanar spacing was carefully carried out by fitting intensity line profiles using a
Gaussian function taken from the <100> direction.

The point spectra shown in Fig.3 were recorded under TEM mode with a camera length of 25
cm with a dispersion of 0.2 eV per channel. The spectra were processed in Digital Micrograph
(DM version 3.42). Firstly, the background was subtracted using the power-law model. For
comparison, the spectra were then aligned to the N-K edge’s onset to examine the variations of
N-K and T-L edges, such as the chemical shift and shape change.

STEM-EELS spectrum images were acquired using a dispersion of 0.2 eV per channel, a
collection semi-angle of 10 mrad, and a convergence semi-angle of 2.5 mrad. The images were
aligned to the Ti-L3z peak and processed in DM. Due to a slight energy width difference of Ti-
L2 and Ti-Ls between the solid solution Tii-xAl xN and layered TiN/AIN (as seen in Fig.3a). In
the end, an energy difference map (Ti-L2-Ti-L3) is obtained using the energy of the Ti-L:
subtracting that of the Ti-Ls, which can be used to distinguish the solid solution and layered

region (shown in Fig. 3b).

68



Publication 11

In Fig. 9e, the x-axis (position index) represents different HRTEM images (recorded in 600kx-
800kx) in adjacent location with 5 atomic-scale images in each region (as-deposited, deformed
SL and solid solution). The dislocation density was obtained according to the following formula,

p = N/A, where p is the dislocation density, N is the number of dislocations, A is the area.

2.3 Molecular dynamic simulations

The MD simulations were performed using LAMMPS[32] and an AITiN MEAM potential[33].
The simulation box was created with Atomsk[34]with initial dimensions of 17.85 nm for the
X, y and z axis and contains 592704 atoms. The layer thickness is according to the synthesized
films and stacked along the z axis. Before the indentation the energy of the cell was minimized
until a difference of 10° eV was reached. As timestep 0.1 fs was chosen. The indenter was
modeled by the LAMMPS fix indent and has spherical shape with a radius of 3.5 nm. This
LAMMPS fix creates a virtual object exerting forces on atoms which decay with distance from
the indenter center. From its starting position above the surface of the cell, the indenter was
moved at a constant rate of 0.28 A/ps in negative z direction. Every 500 time steps the positions

of the cells were stored along.

To track the state of intermixing in different regions during the indentation, the number of the
atoms of the two metal species was counted for fixed volumes distributed in the simulation box.
At each timestep the relation between Al and Ti was calculated allowing monitoring the
transition from binaries to an intermixing within the volume. The occurring dislocations were
tracked using the DAX function of OVITO[35]. To be able to apply the function of rs-nitrides
the function run just on the N sub lattice.

2.4 DFT calculation

We used density functional theory (DFT), implemented in the Vienna Ab initio Simulation
Package(VVASP) to estimate the barriers for diffusion governing the intermixing process[36, 37].
GGA-PBE[37]was employed for the electron-electron exchange and correlation potential. The
potentials used for the element Ti treat semi-core states Ti ([Ne]3s?3p®3d?4s?) as valence. lon-
electron interactions were described using the projector augmented wave method[38] with a
plane-wave energy cutoff of 500 eV. Supercells with 64 and 216 lattice sites yielded energies
differing less than 1meV/at., hence a supercell of 64 atoms (a 2 x 2 x 2 supercell of conventional
rock-salt structure) was used as a defect-free TiN and AIN. For these cubic supercells, a
Monkhorst-Pack k-point mesh [39] of 10 x 10 x 10 was used for Brillouin zone sampling with

a Methfessel-Paxton [40] smearing of 0.2 eV.
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The energy difference between an initial and a transition states of a jump needs to be determined
to calculate its jump frequency. Each initial state was completely relaxed with respect to internal
coordinates, volume, and shape. We quantitatively determined the transition state with the
saddle point along the minimum energy diffusion path by a nudged elastic band (NEB) [41]
method as implemented in VASP. The jumps between the initial and final states in both
interstitial and vacancy-mediated cases are symmetric, hence we optimize the number of images
by assuming the transition state in between. Hence, we tested five images versus three images
versus single image NEB calculations for both interstitial and vacancy-mediated TiN barriers.
Finding a good agreement (varying number of images lead to barrier height variations within

0.01eV) for the remaining systems we performed a single image NEB calculation.
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3. Results

3.1 Large-scale superlattice intermixing during nanoindentation

i As-deposited SL . As-deposited SL
. - _

Indented SL

1440 nm

Substrate

Figure 1 a, Typical HRTEM image of the as-deposited rs-TiN/rs-AIN SL. b, Selected-area
electron diffraction pattern of as-deposited SL. ¢, SEM top view of the indented SL. d, Cross-

sectional low magnification STEM HAADF image of the indented SL, with some cracks visible.

The coating used here is an rs-TiN/rs-AlIN superlattice deposited on a MgO (100) substrate,
where the AIN layer thickness is ~0.8 nm, and that of the TiN layer is ~ 1.7 nm. The overall
morphology of the as-deposited SL can be seen in the Supplementary Fig. 1. The HRTEM
image (Fig. 1a) clearly reveals that in the SL structure, the layer with the bright contrast is AIN,
while the layer with the dark contrast is TiN. Moreover, the as-deposited TiN/AIN SL (Fig. 1a)
exhibits a well-defined epitaxial SL structure with a thin AIN layer stabilized in the rock-salt
structure and a certain orientation relationship ((100)7in/(100)ain). Selected-area electron
diffraction (SAED, Fig. 1b) with the superlattice spots also confirms that the periodic SL has a
fully epitaxial growth of the cubic structures, indicating the excellent quality of the thin film.
Fig.1c shows a top view of the indent and the position of the FIB prepared cross-sectional TEM

lamella. A low magnification image (STEM-HAADF, Fig. 1d) illustrates the overall
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morphology of the indented cross-section. From the residual impression (i.e., V-shaped) of the

indent, the indent depth was measured to be about 800 nm.

Figure 2 a, Cross-sectional HAADF image of the indented SL. b, Overall EDXS mappings (Ti
and Al K-peak signal) taken near the contact with the indenter, as indicated by the red frame in
Fig.1d. ¢, d, Atomic-resolution HAADF and elemental mapping (EDXS) near the contact
region with the indenter.

When focusing on very small scales of a few nanometers, an unexpected intermixing
phenomenon can be detected. The high-angle annular dark-field (HAADF) image in Fig. 2a
shows the morphology of the indented coating near the surface of the residual impression (see
the red frame in Fig. 1d). At positions further away from the surface (~ 250 — 300 nm), the
TiN/AIN SL structure is still visible, as can be seen in the inserted image in Fig. 2a. However,
when moving closer to the surface of the residual impression, starting at ~150 nm away from
the surface, the deposited layered morphology of the SL cannot be detected anymore. Instead,
a homogeneous single-phase area has formed around the residual impression. The energy-
dispersive X-ray spectroscopy (EDXS) elemental mapping over a large area (shown in Fig. 2b)
also clearly points towards a rather homogeneous chemical composition towards the surface
imprint region, without any periodic chemical features of Ti or Al appearing. This strongly
indicates that the deformation imposed by nanoindentation induces large-scale intermixing of

the SL multilayer structure.
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Furthermore, local atomic-resolution STEM-HAADF/EDXS observations unambiguously
corroborate that multilayer intermixing (element intermixing) has taken place during the
indentation process. Fig. 2c shows the atomic structure image (STEM-HAADF) along the cubic
[100] projection close to the surface of the residual impression, exhibiting a homogeneous
distribution of image contrast, while the layered features remain absent (a HAADF image with
a larger field of view is shown in Supplementary Fig. S2). Further, atomic-scale elemental
mapping displayed in Fig. 2d exactly reflects that superlattice intermixing has occurred at the
area close to the indenter tip. Careful inspection of the mapping reveals that Al and Ti atoms
reside at identical atom column positions, which finally confirms the formation of a cubic Tii-
xAlxN solid solution from the superlattice structure. Quantitative evaluation of the EDXS
mapping reaches an atomic ratio between Ti and Al of 2:1 in the solid solution region (the
EDXS quantitative result is obtained from Fig. 2b and 2d), which is consistent with the atomic
ratio in the as-deposited SL, i.e., 1.7 nm (8 atomic layers of TiN)/0.8 nm (4 atomic layers of
AIN). Therefore, we conclude indentation induces the formation of a homogeneous single-
phase TioesAlo.3sN solid solution around the contact surface region. Moreover, the lattice

constants vary accordingly.

i N-K edge Ti-L, ; edge AE-4.90 eV
& .
=g
=
e 4
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=
" -
=
2
Z

. o
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Figure 3 a, EELS taken from near the surface region (solid solution) and region away from the
surface (deformed superlattice). Enlarged N-K and Ti-L edges are inserted. b, Mapping of the
energy difference (AE) between Ti-L2 and Ti-La. AE on the surface green area is approximately

4.9 eV and far away from the surface red area is approximately 4.7 eV.

In addition, the intermixing phenomenon also changes the electronic structure. Theoretical

calculations revealed the influence of TMN alloying on electron density and chemical bonds [4,
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42-44]. Fig. 3a experimentally shows core-level EELS spectra recorded from the solid solution
(the surface region) and the deformed superlattice regions (away from the surface region). The
close comparison reveals that for the solid solution region, (i) the N-K (second peak) and Ti-L
edges slightly shift to a higher energy position; (ii) the intensity of the first peak of the N-K
edge is also relatively increased; (iii) the gap between L, and L3z peaks slightly changes. The
gap changes in Ti-L»3 edge allows further mapping of the solid solution region around the
indenter. Fig.3b displays the map of the energy difference AE=E!:-EFt, which actually
demonstrates the distribution of the solid solution region near the surface. Despite the small
energy difference, it is still possible to visualize its distribution. As can be seen, the created
solid solution zone is mainly located around the contact region of the indenter. This analysis is

consistent with the HAADF observation in Fig. 2a.
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3.2 Molecular dynamic simulations

7.5 ps

o
\

8

g
g

g & ¢
;2“
> =
g

Number of Atoms (Al)
g 8
"
~,
8
Number of Atoms (Ti)

o 8

7 200

g 8

o 8
£y

1 2 3 H 5 6
Indentaion Depth (nm)

Figure 4 a b, Cross-sectional view of the TiN/AIN superlattice near the indenter obtained from
MD simulation (after 7.5 and 20 ps respectively). ¢, Snapshot of region next to the nanoindenter
tip (after 20 ps), where positions a,b,c,d are used for quantitative measurements (with a volume
of 2A>2A ). The colored rectangles represent the positions where the atom distribution is
calculated (positions a-d). d, Quantitative measurements indicating how the number of Al/Ti
atoms changes with indentation depth. Solid lines represent the number change of Al atoms
while dashed lines denote the number change of Ti atoms.

The nanoindentation induced superlattice intermixing is further substantiated by extensive
molecular dynamic (MD) simulations. Although the maximum indentation depth simulated by
MD is only ~5.0 nm, the simulation still sheds light at the initial stages of the microstructural
changes of the superlattice during the contact. In Fig. 4a, for shallow indentation depths, the
MD simulation only shows the deformation of the contact layer without any noticeable
intermixing behavior. When the indentation depth continues to increase (Fig. 4b), the elemental

intermixing in the first two bilayers becomes obvious. The quantitative measurement results (as
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seen in 4d) indicate how the number of Al/Ti atoms in the evaluation boxes evolves with
indentation depth. Similar to the experiments, the MD simulations reveal that the intermixing
behavior largely depends on the distance from the indent. According to the atomic ratio
variations of the four analyzed volumes during nanoindentation (Fig.4d, profiles), the obvious
intermixing behavior requires at least an indentation depth of more than 3 nm, reflected in the
increasing Ti and decreasing Al atom numbers. For position b (near the interface) or position d
(near the indenter), the intermixing is more obvious than in the analyzed volume ¢ (away from
the interface) or a (away from the indenter), but gradually diminishes when moving further
away towards the unaffected volume. Therefore, our MD results demonstrate that intermixing
can occur in the affected volumes around the indenter tip, which agrees well with the

experimental observations.

3.3 Superlattice intermixing mechanism

{=Ti Line Profile
— Al

Intensity
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Figure 5 a, TEM-BF micrograph presenting a cross-sectional overview of the imprint surface
region. b, TEM-BF shows the deformed SL away from the imprint surface position. ¢, Enlarged
BF image of the deformed SL. d, STEM-BF and EDXS maps at the deformed SL, with local
Ti-K/AI-K maps shown on the right-hand side. e, The line profile is taken from the white

rectangle in d.
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After demonstrating that intermixing occurs, the question is, how it happens during
nanoindentation? Previous researches indicate that intermixing of nitride layers could occur at
elevated temperatures®! 32333435 However, these thermally-driven diffusion phenomena only
appear near the interface and no large-scale solid solution formation has been reported yet.
Contrary, the observed intermixing is similar to bulk mechanical alloying observed due to
severe plastic strains applied, e.g., during ball milling, drawing, rolling, and torsion 24 2 26. 36
37,3839 These processes were found to allow for a complete dissolution of the minority phase
within the matrix, and the solubility can exceed the equilibrium value, i.e., forming a
supersaturated solid solution even in an immiscible system 24 2% 26 40 However, the equivalent
strains applied in the SPD process are huge compared to those realized by the cube corner
indenter (i.e., ~ 20%).

Nevertheless, the observations clearly indicate that the formation of Ti1.xAlxN solid solution is
related to the imposed plastic deformation. A perfect solid solution is only obtained closely
around the residual impression of the indenter, while moving towards the unaffected volume,
the amount of the solid solution gradually reduces (supplementary Figs. S3). In this transition
region a deformed TiN/AIN SL structure appears (as roughly indicated in Fig. 5a, deformed
SL). The deformed SL exhibits a significant wavy-like structure (see Fig. 5b) compared to the
as-deposited coating. This waviness or fragmentation of the perfect as-deposited layers could
be initiated by imposed deformation during nanoindentation, as the required dislocation motion
can easily create steps along the interface. Given the extremely small thickness of the multilayer
structure, these steps might be of similar height (i.e., a Burgers vector amounts up to 30 % of
the layer thickness), thus easily disrupts or fragments the SL. As shown in Fig. 5d, a small piece
of AIN is “broken” from the AIN layer and displaced “into” the TiN layer region. Such a tiny
piece can be easily dissolved by the Gibbs-Thomson effect, similar to the process of dissolving
nanoscale clusters into the matrix during SPD[27, 45, 46]. Thus, accompanied by the SL

deformation, the intermixing of species is largely enhanced.

To further understand the intermixing process, we utilize EDXS to map elemental distribution
in the deformed SL region, and DFT calculation to evaluate the migration barrier. In some
positions of the deformed SL, the distinct SL structure is disrupted. The EDXS mapping (Fig.
5d) indicates that a pronounced intermixing has already occurred there, but likely with different
mixing capabilities for the different species. This is clearly demonstrated in the EDXS line
profiles (Fig. 5e), where Al atoms migrate across the layers but Ti atoms do not, further proved

by our atomic-scale EDXS mapping in supplementary Figs. S4. Such profiles are obviously
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different from those taken from the undeformed SL (supplementary Fig. S5), where no

noticeable chemical intermixing is observed.
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Figure 6 a and b DFT calculations of the migration energy barrier for aluminum (Al) in
titanium nitride (TiN) and titanium (Ti) in aluminum nitride (AIN), respectively. The blue and
yellow solid lines show the pressure dependence of the energy barrier for interstitial- and

vacancy-mediated mechanisms, respectively.

The EDXS result (Fig. 5d) suggests that the Al atom migration distance is larger than that of
Ti. This observation is supported by the calculated migration energy barriers for Al in TiN and
Ti in AIN. DFT results of the energy barrier variation with pressure in the case of Al in TiN,
for two migration mechanisms, namely interstitial- and vacancy-mediated mechanisms are
shown in Fig.6a. Regarding Al migration in TiN (are shown in Fig.6b), the vacancy-mediated
migration is more prominent in the low-pressure condition, however, with an increase of the
pressure (after ~ 14 GPa), the interstitial-mediated mechanism comes into play. Considering
also the formation energy of vacancies and interstitials in TiN (see left panel of Fig. S6),
vacancies are the favored defect. For Ti migration in AIN, the energy barrier exhibits a very
low value (~1 eV) for the interstitial mechanism. However, the energies to form a point defect
in AIN are very high: 12.89 eV and 7.64 eV for the Ti interstitial and Al vacancy, respectively
(Fig. S6, right panel). Consequently, defects are expected to be very scarce and presumably
make Ti migration in AIN very difficult. Al migration in TiN (vacancy mediated) is thus

expected to be facilitated compared to Ti migration through AIN.

However, from a kinetic perspective, diffusion coefficients at room temperature are negligible
and the diffusion distance is significantly smaller than the layer thickness (as seen in
supplementary discussion). Hence, the intermixing process is most likely caused by the applied

deformation driving atomic displacements during the nanoindentation process. The imposed
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deformation may as well activate Ti atoms (with higher energy barriers) to also migrate into the
AIN matrix and eventually to form a uniform single-phase TiixAlxN solid solution (as seen
Figs. 2a-d).

4. Discussion

4.1 Interface deformation-driven intermixing
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Figure 7 a b, MD simulation showing that the number of dislocations varies with the depth of
the indenter (after 7.5 and 20 ps, respectively). Note the dislocation network under the indenter
with the green, red and blue curved lines representing the dislocations. ¢, The development of
the dislocation length (green line) during the indentation sequence in the MD simulation.
Dislocations appear prior to any intermixing, and the intermixing occurs after 11 ps (from the

result in Fig. 4d). The black line represents the indentation depth during the calculations.

When excluding enthalpy, the pressure increases the “intrinsic resistance” to atomic mixing (as
DFT calculations show, Supplementary Fig. S7). However, the enthalpy contribution of the
interfaces during plastic deformation can act as a driving force for the solid solution formation
and might be large enough to overcome the positive mixing enthalpy of solid solution [28], in

particular in the case of a small bilayer period with a high density of interfaces. Our MD
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simulation shows no apparent intermixing behavior in the early contact of the indenter, and this
stage presents a lower dislocation density (as seen in Fig. 4a and Fig. 7a). When the dislocation
density is further increased (as the indentation depth increases, and so the strain in case of the
spherical indenter), interface intermixing occurs (as seen in Fig. 4b and Fig. 7b). The
relationship between dislocation density and intermixing behavior is clearly shown in Fig. 7c.
Thus, the MD result suggests that the interface intermixing phenomenon is strongly related to
the SL plastic deformation, in agreement with the experimental results. To rationalize the
driving forces for the intermixing phenomenon we simply consider the total energy change of

the system in the following.

The total energy of rs-TiN/rs-AIN, E3E, per unit (surface/interface/section) area in one bilayer

period can be expressed as:
ESf =ty EAWN+ t ETN+ tr EfW + to EY + E] /AW 1)

Eis the strain energy density (per unit volume),E}, is the bulk (chemical) energy density (per

unit volume) and E] V/AN

is the interface energy. t: and t are the layer thicknesses of TiN and
AIN, respectively (t:=0.8nm and t,=1.7nm). Since the formed solid solution contains no
interfaces, the total energy of cubic TiixAlN, EX4W per unit (surface/interface/section) area

in certain thickness (2.5 nm) can be expressed as:

When EFAWN < E5L the lower total energy of the solid solution favors the intermixing process
of the superlattice. However, for a given stress state, the elastic strain energy difference between
the superlattice and the solid solution is negligible (see Appendix 1). Therefore, reduction or
relaxation of the elastic strain energy cannot be considered to be the main driving force for
intermixing. If so, plasticity would not be a prerequisite for intermixing, what is neither

observed in the experiment, nor in the MD simulations.
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Figure 8 a, HRTEM image showing the interface structure of the as-deposited SL. b, HRTEM
image showing the interface structure of the deformed SL (after indentation). Inserted images
of a and b show fast Fourier transform (FFT) results of HRTEM images of the as-deposited and

the deformed SL. The white boxes labeled in a and b show the orientation difference on both
sides of the interface.

However, plastic deformation will greatly increase the interface energy of the SL. The TEM
observations demonstrate that deformation of the SL induces an evolution from a coherent
interface (Fig. 8a) to an incoherent-like interface (Fig. 8b), associated with many misfit
dislocations (as seen in the following section) and considerable lattice distortions.
Accumulation of these misfit dislocations may further explain the wavy appearance of the
deformed superlattice. These distortions are also visible in the FFT, resulting in a broadening
of the reflection spots (Fig. 8b). Such an imperfect crystallographic match at the interface
significantly increases the interface energy. For instance, the rs-TMN/rs-TMN coherent
interface energy is usually less than <20 meV/A?, while the semi-coherent w-AIN/TiN(001)
interface energy is already ~180 meV/A? [47-49]. Thus, the plastic deformation imposed by the
indenter causes a sharp increase of the interfacial energy, which can act as a main driving force
for superlattice intermixing. Especially for small bilayer periods, a single-phase structure can
become quite beneficial as deduced from the simple total energy balance. According to
Equation 1, reducing the thickness of TiN and AIN increases the fraction of the interface energy

to the total energy of the SL, while from these energetic considerations intermixing should
become increasingly difficult for thicker bilayer periods.

4.2 Effect of intermixing on dislocation behavior and strength
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Figure 9 a, HAADF image showing the distribution of solid solution and deformed multilayer
regions. A locally enlarged HAADF image taken from the deformed multilayer is inserted,
clearly showing its different morphology. b, ¢, d, Typical HRTEM images recorded from the
as-deposited SL, deformed SL and the solid solution area. e, Dislocation density statistics from
the respective regions. f, Schematic illustrations of the layered structure evolution and

dislocation density change from the as-deposited SL, to the deformed multilayer and to the solid
solution region.

So far, three strengthening mechanisms are applied to describe the variations in hardness or
strength of multilayer coatings, i.e., the Hall-Petch-like strengthening relationship based on
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dislocations piling up at the interface [50, 51], the confined layer slip (CLS) mechanism[52-54]
and the interface barrier strength (IBS) mechanism[10, 15, 55]. Most of these models explain
the hardness/strength according to the relationship between dislocations and interfaces and the
respective changes if the layer volumes become confined, but none of them considers the effect

of intermixing on the dislocation behavior during deformation.

For nanoscale rs-TMN/rs-TMN superlattice coatings, the mechanical strength usually increases
as the bilayer period thickness decreases [4-6, 8, 11, 13]. This is rationalized by the interface
barrier strength (IBS) mechanism, i.e., hindering dislocations crossing the interface and
dislocation pile ups. For a smaller bilayer-period (less than 3~4 nm) the hardness of the
multilayer coating decreases. Currently this softening is attributed to the composition mixing
during the deposition process. However, our high-spatial-resolution elemental analysis clearly
shows that even for the superlattice with a thickness of only 1.7 nm/0.8 nm, no apparent
interface chemical intermixing and diffusion occur (as confirmed by the elemental profiles
recorded from the undeformed SL region, supplementary Fig. S5). Therefore, this phenomenon
is not necessarily coupled to strong interface chemical intermixing and interdiffusion during

deposition.

Based on our intensive study, the strength reduction of nano-scale multilayers can be reasonably
explained by deformation triggered large-scale intermixing. After indentation, three distinct
regions are identified, i.e., a solid solution region around the residual imprint, the deformed SL,
and further away the unaffected as-deposited SL (Fig.9a). The dislocation distribution between
them differs significantly, as seen in Figs. 9b-d. The dislocation density (Fig.9e) in the deformed
SL is quite high (7.2-13.4x1013 /cm?), while in the solid solution region, it is relatively low
(1.0-2.8 <1013 /cm?), close to the value of the as-deposited SL (0.9-1.9x1013 /cm?).
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Figure 10, A summary of hardness values plotted against the bilayer period thickness for
various rock-salt/rock-salt nitride superlattices, including the present TiN/AIN (2.5 nm bilayer
thickness of AIN + TiN).

As discussed above, a lower dislocation density is found close to the surface of the imprint in
the solid solution region. We propose that the dislocation density at the imprint surface
underwent a variation from a high value to a low value, as the structure transformed from the
SL to the solid solution (as seen in schematic Fig.9f). For the SL, the interface is the source for
nucleation and emission of many dislocations. And, the SL interface itself poses the dominant
resistance to slip transfer across the interface[56]. However, the formation of the solid solution
will reduce the dislocations’ nucleation ability (ascribing to the disappearing of the interfacial
structure) on the one hand. The creation of the uniform single-phase solid solution will also
increase the migration ability of dislocations on the other hand (as analyzed in Appendix 2).
This clarifies the dislocation behavior during interface intermixing, i.e., the dislocation
migration ability increases while the dislocation density reduces because of forming a uniform
solid solution, what consequently lowers the hardness/strength. Considering that the interface
energy acts as the main driving force for intermixing, a smaller bilayer-period SL facilitates
alloying through deformation. Importantly, this provides a reasonable explanation for the
longstanding issue—the hardness/strength reduction in multilayer coatings when the bilayer

period becomes extremely small (as seen in Fig.10).

Furthermore, our work significantly improves the understanding of the structural stability of
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complex nitride coating systems, such as ceramic-like Tii-xAl xN or Cri-xAlxN, where the
spinodal decomposition phenomenon [57-59] is considered to be the controlling mechanism to
obtain superior high-temperature mechanical strength. Under practical working conditions,
hard-coating tools withstand high mechanical and thermal loads. However, the current research
considers only the temperature effect on structural modifications but hardly the deformation
effect, which is definitely generated in service. Our research points out that deformation may
trigger the reverse process of spinodal decomposition, i.e., superlattice intermixing. Therefore,

it also raises uncertainty about the strength of such complex nitride coatings under the actual
load. Deformation-driven intermixing process (weaken the strength) and temperature-induced
spinodal decomposition process (enhance the strength) will compete. Therefore, it requires
further verification of the structural changes under high mechanical and thermal loads for such

complex nitride coatings.
5. Summary

Atomic-resolution structure and chemical composition analysis unambiguously reveal that
nanoindentation causes large-scale intermixing in a nitride superlattice coating with small
bilayer thicknesses, further validated by MD simulations. Although nanoindentation induces
only a limited equivalent strain, the observed formation of the Ti1xAlxN solid solution can be
clearly related to the plastic deformation of the SL imposed by nanoindentation. A single-phase
solid solution is only observed near the indenter tip, while moving further away from the tip, a
heavily distorted SL structure followed by a perfect unaffected SL multilayer structure can be
observed. It is suggested that the coherent interfaces of the superlattice are progressively
destroyed during deformation as misfit dislocations accumulate. This causes a substantial rise
of the interfacial energy, which provides the main driving force for multilayer intermixing. The
intermixing causes a drop not only in the interface fraction but also in the dislocation densities.
Thus, our findings rationalize the mechanism responsible for the currently not well-understood
inverse Hall-Petch effect in superlattice hard coatings with the finest bilayer thicknesses [4-11,
13].

Appendix 1

For rs-TiN/rs-AlN in the stage of elastic deformation, the superlattice interface will maintain a

coherent state. Therefore, the change of total energy will depend on the strain energy. The strain

energy density E; corresponding to the two-dimensional bi-axial stress state for cubic
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materials can be expressed as:
_1 — 2_0°
Es —;(011"' 022) - € = Me“= I 3)

For (001) growth plane:

— 2¢q52
M(100)=C11+C22 — -~ (4)

Thus, MEN =670 GPa, MAW =451 GPa and M 0ss4lo33N =603 GPa (elastic constant from the
[100] [100] [100]

Ref.[60]). Here, assuming that SL and solid solution are under the same stress state, then the
energy difference is very small. For example, if bi-axial stress of 20 GPa is introduced, the
difference in strain energy in one period (2.5 nm) between superlattice and TiixAlxN is only
4.6 meV/AZ. This means the driving force for the superlattice intermixing process is insufficient

if only strain energies are considered.
Appendix 2

When an interface restricts the motion of a dislocation, the dislocation at a distance x from the
interface is repelled by shear stress, i.e., dislocation critical migration stress on glide planes at

angle 0 with the interface normal, given by the following formula[15]:

alAGb cos6

1= 2207 (5)

2x

Where b is the magnitude of the dislocation Burgers vector, a is in for screw dislocations, and

in(l-v) for edge dislocations and v is the Poisson’s ratio. AG is the shear modulus difference

between rs-TiN and rs-AIN. When the intermixing initiates, the modulus difference between
the two layers becomes smaller and eventually vanishes with formation of the homogenous
solid solution. Thus, the shear stress required for the gliding of the dislocation across the
interface can be significantly reduced. Further, nitride alloying also alters the ‘inherent’
dislocation glide ability. The alloying has the potential to lower the resistance to shear and
favors dislocation glide by modifying the electronic (high valence electron concentration)
effects and bonding characteristics [43, 44]. Therefore, forming a solid solution changes the
dislocation migration ability (increasing) and the dislocation density (reducing), which
ultimately affects its yield strength[10, 15, 53].
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Supplementary Materials

Surprising superlattice intermixing triggered by
nanoindentation and its effect

1. Supplementary Figures:

Figures S1-S7:

Supplementary Figure S1: a, The bright field image of as-deposited multilayer coating. b,

HAAD image of as-deposited multilayer, where indicate as-deposited thin film with the
periodic alternation of composition
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Supplementary Figure S2: Atomic-scale HAAD image of indented multilayer, where image

taken near the surface region of impression. HAADF STEM image shows the atomic structure
of the cubic [100] projection in the surface region of impression and shows a homogeneous
distribution of contrast in a local region, which indicate the surface region is the Tii.xAlxN solid
solution instead of TiN/AIN SL.
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Deformed ML region

Undeformed ML region

b P3 C P2 d P1

Supplementary Figure S3: a, The bright field image of indented multilayer. b-d, HAADF

images observation solid solution regions distribution from p3 position to p1 position. In Fig.
S3b, HAADF shows no solid solution was found in the surface region of impression. As
gradually moving close to the tip, the area of the solid solution gradually increase (Fig. S3c and
S3d). e, Schematic image shows the distribution of alloying regions, deformed multilayer

regions and undeformed multilayer regions.
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STEM BF Overlay

Supplementary Figure S4: Atomic-scale STEM-BF and EDXS mappings (Ti and Al K peak

signals) shows the inhomogeneous diffusion in the local region. In Ti-K mapping, the middle
of image shows a higher Ti concentration. In same region Al-K mapping, more uniform
distribution of Al can be found, where indicate that the diffusion distance of Al is greater than

that of Ti.

Intensity

0 16 33 49 66 83 100 116 133 150 16.6

Position (nm)

Supplementary Figure S5: EDXS mapping result in undeformed TiN/AIN multilayer region.
Meanwhile, the line profile result shows the superlattice without significant interface

intermixing phenomenon.
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in aluminum nitride (AIN) (interstitial mechanisms in and vacancy mechanisms). Compare with

the diffusion energy barrier, the pressure has little effect on the defect formation energy of TiN

and AIN, where the energy change is only a few meV. In general, the defect formation energy

of TiN is lower than that of AIN, which indicate it is more easily to activate Al atoms to diffuse

into the TiN matrix through defect-mediated. However, the interstitial mechanism of Ti in AIN

diffusion shows very high formation energy (E]f“ in4lN =12 895 eV), which shows the migration

mechanisms for the interstitial mechanism (Ti diffusion in AIN) are unreasonable.
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Supplementary Figure S7: DFT calculation of the diffusion energy barrier for aluminum (Al)

in titanium nitride (TiN) (interstitial mechanisms in a and vacancy mechanisms in b) and
titanium (Ti) in aluminum nitride (AIN) (interstitial mechanisms in ¢ and vacancy mechanisms
in d), respectively. DFT simulation shows that the pressure of 25 GPa increases the energy
barrier of Al diffusion to TiN by 12.5% and 25.4% for the interstitial and vacancy mechanisms,

respectively.

2. Supplementary discussion:
Thermal diffusion at room temperature

Our DFT calculation shows that the vacancy defect-mediated diffusion (Al in TiN) have a
lowest migration energy and formation energy. Thus, in this section, we mainly discuss the
diffusion coefficient and diffusion for vacancy mediated Al in TiN. Vacancy mediated diffusion

coefficient is commonly characterized as:
D=Doe ™5 o7 g-hfka

Do is the diffusion constant, kg is the Boltzmann constant, T is the temperature, E}’ and EJ, are
the vacancy formation and migration energies. Currently, the diffusion constant (Do) of Al in
TiN is unknown. Therefore, we use the diffusion constant value was report in previous DFT
work of Al in AIN (~ 1.2:107% cm?/s [86]). In our case, the E{'and Ej, (at 0 GPa) with 2.4
eV/atom and 3.2 eV/atom, respectively. Thus, the Al in TiN diffusion coefficient in room
temperature (298 K) is~2.8-1077° nm?s. Meanwhile, under the presence of non-
equilibrium vacancies, the diffusion coefficient (instantaneous diffusion coefficient, D) for a

certain species can be characterized by[87]:

ex
D=ped &
¢!

|4

where C&* is instantaneous vacancy concentration; €7 is equilibrium vacancy concentration.
D®4 is the diffusion coefficient under equilibrium condition. The change in vacancy
concentration due to nanoindentation cannot be estimated at present. Here we refer to the
vacancy concentration at room temperature during the HPT (high pressure torsion) process in
copper[88] €, ~1.2-107%° C§*¥ ~5.0-1072 (in fact, the TMN materials may have a lower

vacancy concentration in nanoindentation process). Thus, the diffusion coefficient under non-
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equilibrium can be estimated as 1.6 -10~2nm?/s. For Al diffuse in TiN, the required diffusion
constant is simply estimated to be D = L2/4t, where L is the distance over which the constituent
atoms are gathered (which we estimate to be half of the TiN layer thickness of 0.8 nm), and t is
the indentation time (about 10s). This gives D~1.6 -10~2 nm?/s. Thus, at room temperature,
pure thermal drive diffusion coefficient is too small, which is far from reaching the demand for

fully intermixing.
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Abstract

We carry out a detailed transmission electron microscopy study of growth-twins in a high
stacking-fault energy transition-metal nitride (TMN) multilayer comprising of 4.2 nm-thin CrN
and 1 to ~8 nm-thin AIN layers. A high density of rock-salt TMN twins with X3{112}
incoherent twin boundaries (ITB) were found in the {111}|[{0002} textured film area near the
substrate. The extensive high-resolution transmission electron microscopy (HRTEM)
observations reveal that rock-salt TMN twins with ITBs are frequently formed in wurtzite
{0002} interface with a single-atomic-layer terrace (1>d{o0023w-aIN). However, twins with ITBs
were hardly observed in the wurtzite {0002} interface with a double atomic-layer terrace
(2>dgo0023w-aIn). The formation of twins with ITBs can be interpreted by the rs-CrN/w-AIN
interface structure (with a mirror-symmetry)-induced thermodynamically stable nucleation.
Furthermore, we see that the growth-twins with X3 {111} coherent twin boundaries (CTB)
appear in the non-textured film area further away from the substrate. Based on the HRTEM
observations and atomic model analyses, supplemented with theoretical calculations, several
nucleation modes of twins with £3 {112} ITB and £3 {111} CTB are proposed. These findings
offer a new perspective on the formation mechanism of growth-twins in transition-metal nitride

materials.
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1. Introduction

Twin boundaries with X3{111} and X3{112} are often observed in low stacking-fault energy
(SFE) fcc (face-centered cubic) materials [1]. Nano-twins with X3{111} coherent twin
boundary (CTB) can improve strength [2, 3], ductility [4], electrical conductivity [5] and
thermal stability [6, 7]. £3{112} incoherent twin boundaries (ITBs) have been found to play
crucial roles in plastic deformation and de-twinning process in nano-twins metallic materials
[7-9]. For hard materials, previous reports show that nano-twins in c-BN [10] and diamond [11]
can significantly increase the hardness, i.e. over 100 GPa and 200 GPa by introducing a nano-
twins structure in c-BN and diamond. Twinning in SiC nano-wires can also improve elastic
strengthening [12]. The coherent twin boundaries can serve as barriers for dislocation motion
or be regarded as grain boundaries, refining the grain size. The Hall-Petch relationship reveals
generally the smaller the grain sizes the harder the material. Previously reported twinned c-
BN, diamond and SiC possess excellent elastic properties, therefore, twinning is helpful for
improving the hardness. Furthermore, MD simulation shows that two kinds of atoms can serve
as the twin boundary (TB) atoms in rock-salt VN. In compressive deformation, the shift of TBs
with V atoms to those with N atoms contributes to softening, while the pile-up of dislocations
at the TBs contributes to strengthening [13].

However, twinning of transition-metal nitrides (TMN) is difficult. This could be attributed to
the high SFEs of transition metal nitrides. Previous MD simulations showed that the SFE for
1/6<112>a is 0.85 J/m? for rock-salt vanadium nitride (VN) [14]. Density functional theory
(DFT) reveals SFEs of rock-salt TiN, ZrN ,HfN and CrN to be about 1.10 J/m?[15], 1.01 J/m?
[16],1.03 J/m? [16] and 1.11 J/m? [17], respectively. Compared with the intrinsic SFE of pure
fcc metals, i.e. Al (0.160 J/m?), Cu (0.045 J/m?) Ag (0.022 J/m?) and Au (0.04 J/m?), the SFEs
of rock-salt TMN materials are much higher. The higher SFEs in these TMN materials reflect
the complex bonding structure with mixed covalent, ionic and metallic bonding. For high SFEs
materials, the generation of stacking-faults and deformation twins by initiating the Shockley
twinning partial dislocation needs much larger critical shear stress. Thus, twinning in rock-salt

TMN by the slip of partial dislocations is more difficult.
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Recently, growth-twins have also been synthesized in high-SFE fcc metals, such as Al thin films
[18-21]. The twin formation in Al thin film was explained by a mechanism in the nucleation
process of the Al crystal on the Si substrate, i.e. some of the nuclei may contain twins and
occasionally certain adjacent nuclei may happen to have the twinned orientation [19]. However,
the current knowledge of growth-twins in rock-salt TMN multilayer films and its formation
mechanism in hetero-phase interfaces, i.e. rock-salt/wurtzite semi-coherent interfaces, is very
limited. To identify the role of hetero-phase interfaces, a CrN/AIN multilayer with a steadily
increasing thickness of the AIN layers while keeping the CrN layer thicknesses constant, is
manufactured. Chromium nitride (CrN) only has one stable structure, being B1 (NaCl prototype,
hereafter labeled ‘rs’ or rock-salt). Aluminum nitride (AIN) has several crystal structures, a
stable wurtzite-type structure (hereafter labeled ‘w’) with a hexagonal symmetry, and two
metastable phases with cubic symmetry: the B1 and B3 (ZnS prototype). According to previous
studies, the AIN metastable phase (rock-salt) stability in multilayers depends on the layer
thickness [22-24]. Some studies also have shown that the AIN phase exhibits the wurtzite-type
structure when the AIN layer thickness is larger than 3-4.0 nm [23-28]. However, thinner AIN
layers lead to an epitaxial stabilization of the rock-salt AIN phase in TMN multilayers [22, 24,
26]. The investigated multilayer (with alternating AIN and CrN layers) material of the present
study is composed of 21 identical blocks. In each block, the AIN layer thickness is increased
from 1.0 nm to 7.8 nm, while the CrN layer is always 4.2 nm thin. The thinner AIN layers
crystallize in the metastable rock-salt structure while the thicker ones have the stable wurtzite
structure. The 4.0-nm-thin CrN layers possess the rock-salt structure. Therefore, the layered
stack can form a large number of rs-CrN/w-AIN interfaces in one block. This allows exploring
the formation mechanism of rock-salt growth-twins at rs-CrN/w-AIN interfaces.

2. Experimental details

2.1. Material fabrication

The CrN/AIN gradient multilayer film [28] with a total thickness of ~2 um is composed of 21
repeating blocks consisting of 10 bilayers with an alternative CrN and AIN layer. The thickness
of the AIN layer was ~1 nm for the first bilayer and was gradually increased to the 10" layer in
one block (the statistical average thickness of AIN deduced from TEM bright field images are:
1.040.15 nm, 1.840.20 nm, 2.440.14 nm, 3.030.17 nm, 4.240.18 nm, 4.740.16 nm, 5.630.2 nm,
6.240.25 nm, 7.020.25 nm and 7.840.17 nm) while the CrN layer thickness remained constant
(about 4.240.2 nm). The film was synthesized in an AJA International Orion 5 reactive

magnetron sputter system by DC powering one 2" Cr and one 3" Al target (both 99.6% purity,
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Plansee Composite Materials GmbH, Austria) at 500 <C substrate temperature in an Ar/N2 gas
mixture (flow ratio of 5 sccm Ar/5 sccm Ny) at a total pressure of 0.4 Pa. The chosen power
densities of ~12.3 (Cr target) and ~11.0 W/cm? (Al target) resulted in the deposition rates of
~10 and ~24 nm/min for CrN and AIN, respectively. The nano-layer structure was realized
using computer controlled shutters, which were mounted in front of the permanently running
targets. To achieve a dense coating morphology, a bias voltage of -50 V was applied to the
growing film during the deposition process (floating potential was ~ -20 V). The substrate

holder rotated with a constant rotation speed of ~1 Hz throughout the whole process. Prior to

the deposition, the polished Al,Oz (1102) substrate (10x10 x0.5 mm®) were ultrasonically pre-
cleaned in acetone and ethanol for 5 min each, thermally cleaned at 500 <C for 20 min inside
the evacuated deposition chamber (base pressure at room temperature was ~5>x10* Pa), and Ar-
ion etched for 10 min at the same temperature in an Ar atmosphere at a pressure of 6 Pa by

applying a constant bias voltage of -750 V to the substrate.
2.2. Material characterization

Cross-sectional TEM specimens were prepared using a standard TEM sample preparation
approach including cutting, grinding and dimpling. Ar ion milling was carried out at a voltage
of 4.0 kV with an angle of 6 followed by a final low voltage ion-milling of 2.5 kV with an

angle of 2<

The morphology of the film was examined by bright/dark-field imaging and selected-area
electron diffraction (SAED) using a Philips CM12 transmission electron microscope working
at an accelerating voltage of 120 kV. A 200 kV field emission TEM/STEM (JEOL2100F)
equipped with an image-side Cs-corrector was used in this study, which demonstrates a
resolution of 1.2 A at 200 kV. The aberration coefficients were set to be sufficient small under
which the HRTEM images were taken under slightly over-focus conditions (close to Scherzer

defocus).

The width distribution of rock-salt twins (with ITBs) from the 11 to 4™ block was statistically
analyzed using HRTEM images recorded at 400-800K magnification. About 45 HRTEM
images and 90 twins (with ITBs) were used for determining the distribution of grain width. The
quantitative determination of the interface terrace was carefully carried out by fitting intensity
line profiles using a Gaussian function taken from the rs-CrN {111} to the w-AIN {0002} layer.
Following the approach described in Refs [29, 30], the interface terrace can be located and its

size quantitatively determined when using the interplanar spacings to distinguish between CrN
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and AIN, respectively. The {111} and {0002} plane spacings were carefully determined and
plotted as a function of the distance over about 1.7 nm across the interface (7 interplanar
spacings).

The angle between the growth and the out-of-plane direction [1102] of the Al,Os substrate,
defined as the misorientation angle of the growth direction, was determined from HRTEM
images taken at 300-600K magnification from the 1% block to the 21 block. About 50 CrN
grains in the 1% to 4™ block and 140 CrN grains in the 5" to 21% block were counted to determine

the distribution of the misorientation angles of the growth directions.
2.3. DFT calculation

First principles calculations were performed using the Vienna Ab initio Simulation package
(VASP) [31, 32] employing projector augmented pseudopotentials [33] and the exchange-
correlation potential within the Perdew-Burke-Ernzerhof-parameterized generalized gradient
approximation (GGA-PBE) [34]. The plane wave energy cut-off was set to 350 eV. The
reciprocal space was sampled with an equivalent of ~1600 k-points per single-atom cell using
the Monkhorst-Pack mesh, and the number of k-points was decreased correspondingly

depending on the actual cell-size. Using DFT, we evaluated the interface formation energy of
two non-identical rs-{111}|w-{0002} interfaces (from model (iv) and (ii)). To calculate the
interface energy of rs-CrN/w-AlIN, the following equation is used, i.e. ES™ = (E,-ESIN —
EAIN V/2*A, where E, denotes the total energy of the rs-CrN/w-AIN superlattice, EC™N is the

total energy of the corresponding bulk rs-CrN and w-AlIN, and A is the surface area.

3. Results

3.1 Hetero-phase interface in the CrN/AIN multilayer

Q0
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Fig. 1. (a) Cross-sectional TEM bright-field image taken from the 3" block. The growth
direction is marked with a green arrow. The locations for HRTEM images Fig. 1(b) and Fig.
1(c) are labeled with red frames. (b) and (c) are typical HRTEM images of rs-CrN/rs-AlIN

interfaces and rs-CrN/w-AlIN interfaces recorded from the labeled areas in (a).

Since the AIN phase stability is thickness-dependent, two different phases can be readily
detected in the current multilayer, i.e. metastable rock-salt AIN and stable wurtzite AIN [28].
The bright-field image (Fig. 1(a)) clearly reveals the increasing thicknesses of the AIN layers
(along the growth direction) in one block. The layers with bright contrast are AIN, while the
layers with dark contrast are CrN. In the thinner AIN layers (about 1-2 nm thickness), HRTEM
(Fig. 1(b)) indicates that AIN exhibits the metastable rock-salt structure. The coherent
{111}[110]rs-an [{111}[110] rs-crv interface structure can be found. In the thicker AIN layer
(about 7.3 nm), HRTEM (Fig. 1(c)) indicates that AIN possesses the thermodynamically stable
wurtzite structure. The rs-CrN/w-AlIN interface is semi-coherent, {111}[110]||{0002}[1120].

Our previous studies on the stability of rock-salt AIN already showed that the maximum layer
thickness of rock-salt AIN is about 2-4 nm [28]. Thus, for thicker AIN layers, AIN should
crystallize in the wurtzite structure and there should be many wurtzite/rock-salt interfaces

accordingly.

3.2 Twins (with ITBs) in the textured film area near the substrate (block 1-4)
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0.2 pm g=[111]/[0001]

Fig. 2. (a) and (b) TEM cross-sectional bright-field and dark-field images from the 1%to 6™
block area (dark-field images taken from the (0002)/(111) reflection). (c) is a corresponding
selected area electron diffraction pattern (aperture position as shown in Fig. 2(a)). (d) HRTEM
image of the rs-CrN/w-AIN multilayer structure in the second block. (e) and (f) are

corresponding positions for Fast Fourier Transform (FFT) images.

In order to investigate the morphology and growth orientation of the multilayer, the TEM cross-
sectional sample was characterized from bright/dark-field images (BF/DF) and selected-area
electron diffraction (SAED). The SAED pattern of the CrN/AIN multilayer taken from a film
area near the substrate (labeled in Fig. 2(a)) indicates a textured growth of {111}|[{0002}w (as
confirmed by a high symmetry of strong diffraction dots in Fig. 2(c)). It means that the strong
growth direction reflection is the {111}||{0002} reflection. Fig. 2 (b) is a DF image (using
the {111}||{0002} reflection, i.e. white circle position in Fig.2(c)) reflection, showing the
pronounced texture in the area near the substrate (from 1% to 4" block, far away from the
substrate 380nm). However, the texture gradually disappears over the 4™ block, as proven by

polycrystalline diffraction rings shown in Fig. S1 (supplementary material).
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A close examination of the SAED pattern (Figure 2(c)) reveals that the rock-salt phase grains
mainly have two sets of orientations, i.e. as shown in Fig. 2(c) rs-1and rs-11, which also indicates
a mirror-symmetric relationship between two sets of rock-salt orientations, i.e. the rock-salt
twin relation. Fig. 2(d) shows an atomic resolution image of rs-CrN/w-AlIN interfaces in the 2"
block (viewing along [110]/[1120]), where the intermediate layer is w-AIN. The orientation
relationship of rs-CrN and w-AIN layer in Fig. 2(d) is in agreement with SAED, i.e.
{111}<110>rs.crn |[{0002}3<1120>w-ain. Further examination of two rs-CrN layers, each layer
exhibits two twin-related grains (Fig. 2(d) as labeled CrN-land CrN-I1) with ITBs, in which the
twin-related orientation is confirmed by FFT images in Figs. 2(e) and ().

Taken together the results in Section 3.1 and Section 3.2, and extended HRTEM observations,
we summarize as follows: in this gradient multilayer, rs-CrN may contain several possible types
of interfaces, including the rs-CrN/rs-AIN coherent interface (e.g. Fig. 1(b)), rs-CrN/substrate-
Al>03 incoherent interface (e.g. Fig.S2 in the supplementary materials), rs-CrN{111}/w-
AIN{0002} semi-coherent interface and rs-CrN/w-AIN incoherent interface (e.g. Fig.S3 of
supplementary materials). However, only in the semi-coherent interface of rs-CrN{111}/w-
AIN{0002} the rock-salt twins with £3{112} ITB can be found.

This means that: 1) growth twins in rs-CrN are present only on thermodynamically stable w-
AIN, not on the metastable rs-AIN layer; 2) no rock-salt growth twins in rs-AIN or w-AIN

layers are found.
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Fig. 3. (a) Cross-sectional TEM bright-field image. The positions of 10 SAED patterns recorded
along the arrow are shown in Fig. 3(a). (b) Electron diffraction pattern obtained by summing
up the SAED patterns from 10 different positions in the textured film area. Two line profiles
are used to show twin-related rock-salt grains. The absolute intensities of the {200} reflections
are very similar. (c) Two line profiles result from traces in Fig. 3(b) (from two strong {200}

reflections). (d) HRTEM image of CrN twins (with ITBs) with well-defined grain shape taken
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from the second block. (e) Histogram distributions of CrN twins (with ITBs) width, acquired
by HRTEM statistics result from the 1% to 4™ block.

In the strongly textured area (near the substrate), interestingly the twin related rock-salt grains
(OR-I and OR-I1) are similar in size and ratios. Fig. 3(a) depicts a bright-field image taken from
the first to the 5™ block, and the positions of 10 SAED patterns recorded from left to right
between the 2" and 3" block (selected area aperture is about 150 nm). The sum of the 10 SAED
patterns stems from a larger diffraction area. In Fig. 3(b), the twin orientation of the rock-salt
phase becomes obvious. The intensity line profile (as shown in Fig. 3(c)) from traces in Fig.
3(b) shows two strong reflections from rock-salt (200): and (200). (two twin-related
orientations with an angle of 70.52 < having a similar diffraction intensity. Considering that our
multilayer is a polycrystalline film, most grain sizes are less than 17 nm. The similar diffraction
intensity of (200): and (200)2 reflections can to a certain extent indicate that the number of rock-
salt grains with twin-related orientations is nearly identical. Thus, a high density of twins with

ITBs can be found in the strongly textured film area.

According to our extensive HRTEM observations (about 90 CrN twins), twin-related rock-salt
grains are also similar in grain size as demonstrated in Fig. 3(d), in which a HRTEM image of
a CrN twin (with an ITB) is shown. The two CrN grains are approximately equal in size. The
measured width is about 5.6 nm and 4.9 nm. Fig. 3(e) plots the width distribution of two types
of CrN grains with twin-related orientations. The average grain widths of the two twin-related
CrN grain types are 9.30 £2.60 nm and 9.41 +2.50 nm, respectively. As the thickness of all

CrN layers is identical, the twin-related CrN grains have similar grain sizes on average.

3.3 Twins (with CTB) in the non-textured film area (block 5-12)
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Fig. 4. (a) and (b) Cross-sectional HAADF images taken in the 1t block and 12 block,
respectively. (c) A cross-sectional TEM bright-field image recorded at the film area far from
the substrate, showing several rs-CrN/rs-AIN columnar grains growing on a w-AlN layer. The
growth directions of the columnar grains are labeled (shown in Fig. 4(c)) by orange arrows.
White dotted-lines indicate the contour of rs-CrN/rs-AIN columnar grains. (d) HRTEM image
of grain boundary structure of columnar grains from the framed area in (¢) showing the £3 {111}
CTB.

In Sec. 3.2, we showed that a high density of twins with ITBs is present in the strongly textured
film region (close to the substrate). For the non-textured area (far away from the substrate),
twins with £3 {112} ITB are barely detected, instead, some £3{111} CTBs occasionally appear.
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The HAADF image (Fig. 4(a)) clearly shows that the interfaces in the 1% block are quite smooth.
However, with increasing block numbers, the layers possess a wavy-like morphology (Fig.
4(b)). The transition from the smooth to the wavy-like layer morphology can be rationalized by
the growth condition change, i.e. particle flux, residual stress [35], substrate temperature [36,
37]. In addition, we also consider if the random or preferred growth orientation may affect the
interface roughness. As the growth rate of a grain in a thin film is related to its surface energy
[38], the random (non-textured area, far from the substrate) or the preferred growth orientation
(textured area, close to the substrate) appear to have different growth rates due to the surface
energy anisotropy of CrN and AIN [39, 40]. The resultant wavy-like morphology of films may
come from combined effects of all these factors.

Fig. 4(c) illustrates a low magnification image of the rs-CrN/rs-AIN multilayered columnar
grain structure (with the metastable cubic phase in the thinner AIN layers) grown on a w-AIN
layer in the non-textured area. The HRTEM image in Fig. 4(d) shows the formation of £3{111}
CTB. We note that the X3{111} CTB originates from the sub-layer w-AIN, indicating that the
rock-salt twin with X3{111} CTB is directly grown on the w-AIN wavy-like surface. Such
wavy-like surface leads to a large misorientation angle of the subsequent growth direction. Thus,
it is believed that such higher misorientation angle in growth direction between rock-salt
columnar grains (growth directions are labeled in Fig. 4(c)) may play a dominant role in CTB
formation. This will be further discussed in Sec. 4.2.

3.4 Formation mode of the twin boundaries

3.4.1 X3{112} ITB formation mode
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Fig. 5. (a) HRTEM image of a symmetric £3{112} ITB-CrN taken in the first block. (b)
HRTEM image of X/ GB-CrN taken in the 4" block. (c) HRTEM image of asymmetric £3 GB-
CrN taken in the 4™ block. Note that twin-related orientations of CrN were labeled by rhombus

mark with different colors. ‘G1...Gs’ symbols stand for different grains.

In this section, we will mainly analyze the £3{112} ITB formation mode in the textured film
region. According to our HRTEM observations, mainly three different grain boundaries (GBs)
structures exist between the rock-salt grains, which are: the symmetric tilt 3 {112} ITB, or the
21 GB, or the X3 asymmetric tilt GB (several degree tilt from the Z3{112} ITB).

The HRTEM image (Fig. 5(a)) indicates that two CrN grains (G1 and G2 grains) have the same
growth direction (as labeled by colored arrows), i.e. between the two {111} growth planes the
misorientation of G1 and G2 is 0< Thus, this is a symmetric tilt X3 {112} ITB (Fig. 5(a)). Fig.
5(b) shows two CrN grains without twin-related orientation. The misorientation angle between
two {111} growth planes are 3.2<%#0.1°(i.e. between G3 and G4 grains). Hence, we see a X/
GB (Fig. 5(b)). Fig. 5(c) shows the asymmetric tilt 3 GB (tilted several degrees away from the
¥3{112} ITB) in two twin-related CrN grains. The misorientation between two {111} growth
planes is about 3.0 0.1 °(i.e. between G5 and G6). Note that the two sub-layers of the G1 and
G2 grains, i.e. the w-AIN {0002} growth plane, do not show any misorientation.
Correspondingly, the misorientation angles of the two sub-layers for G3/G4 and G5/G6 grains
are 3.4).1°and 2.8<.1< respectively. Comparing the misorientation angles of growth
planes in the rs-CrN grains and sub-layers (w-AIN {0002}), similar angles exist between the
rs-CrN and w-AIN growth direction, which suggests that the rs-CrN/w-AlIN interfaces maintain
a well-matched relationship (as seen in Figs. 5 (a)-(c)), e.g. the CrN-{111} interface plane is
almost parallel to the AIN{0002} interface plane. These results indicate that whether or not a
symmetric 23{112} ITB forms is related to twin orientation variants and misorientation angles

in growth direction.

To summarize, no misorientation of the growth directions can lead to a symmetric tilt X3 {112}

ITB formation, while a small misorientation angle results in an asymmetric tilt £3{112} ITB.
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Fig. 6. () HRTEM images of a single atomic-layer terrace in the rs-CrN/w-AIN interface. The
twins with ITBs can be found in the CrN layers. (b)) HRTEM images of a double atomic-layer
terrace in the rs-CrN/w-AlIN interface. In this case, there is no twin detected in the CrN layers.
(c) Two intensity line profiles obtained by integrating over the framed regions in (a). (d) Two

intensity line profiles obtained by integrating over the framed regions in (b).

For twin orientation variants, Fig. 6 shows two atomic-resolution TEM images of the {111}s.
cn |[{0002}w-ain interface terrace, one of which are with a single atomic-layer terrace (Figs.
6(a), 1>do0023w-ain) and the other with a double atomic-layer terrace (Figs. 6(b), 2>U00023w-AIN).
To see the interface terrace in a more precise way, atomic quantitative line profile analysis was
applied. The interplanar spacing in rs-CrN {111} is 0.2394 nm (JCPDS 11-0065) and in w-AIN
{0002} is 0.2495 nm (JCPDS 25-1133). Two quantitative measurement results are shown in
Figs. 6(c) and (d). The larger interplanar spacings (about 0.250-0.265 nm) are from the w-AIN
side, whereas the smaller spacings (about 0.233-0.250 nm) are from the rs-CrN side. At the
interface, the spacing variations become out of step, depending on the interface terraces. Thus,
via comparing two spacing profiles crossing the interface the single atomic-layer terrace or
double atomic-layer terrace in w-AIN {0002} surface can be easily identified. Interestingly,
HRTEM observations (Figs. 6(a)) further reveal that rock-salt twins (with ITB) can be found
on a single atomic-layer terrace. However, no rock-salt twins were found on a double atomic-

layer terrace (Figs. 6(b)).
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Together with other extended HRTEM observations, we speculate that the single atomic-layer
interface terrace may facilitate the formation of twin orientation variants. The effect of w-AIN
{0002} terraces on twin orientation variants will be addressed in Sec.4.1.

3.4.2 £3{111} CTB formation mode

In the non-textured area (far from the substrate area, from the 5" block on), twins with X3 {111}
CTB can be occasionally observed. Figs. 7(a) and (b) present rs-CrN/rs-AIN columnar grains
(G7-G10) grown on w-AlIN layers with £3{111} CTBs (as labeled). Compared to the X3 {112}
ITB (shown in Sec. 3.4.1), much larger misorientation angles of the growth directions are found
for£3{111} CTBs, i.e. the misorientation angles of the growth direction for G7/G8 and G9/G10
are 15.040.1°and 39.740.1< respectively. In the textured film area, most of the rs-CrN/w-AIN

interfaces have the {111}[110]||{0002}[1120] orientation relationship (as proven by the SAED
pattern in Fig. 2(c)). Here, in the non-textured area, however, a variation of the rs-CrN/w-AIN
interface structures can be found, i.e. the {002}rs-cn|[{0002}w-ain interface orientation is
observed (Fig. 7(a), see CrN G7 and w-AlIN). Similar to the above {002}||{0002} interface, a
HRTEM image of the rs-CrN/w-AIN interface with an orientation relationship of {002}[110]
rs-crn |[{00023[1120]w-ain is shown in Fig.S3 (supplementary material). In G8, G9, and G10
columnar grains, their rs-CrN/w-AlIN interfaces have the {111}||{0002} interface relationship.
Hence, in Fig. 7(a), the crystallographic growth orientation for the G7 grain is along the rock-
salt <100> direction (yellow label), while for the G8 grain it is along the rock-salt <111>
direction. In Fig. 7(b), G9 and G10 have the same crystallographic growth orientation (both
along the rock-salt <111> direction).

As the current knowledge on the rock-salt/wurtzite interface structure variation is limited [41-
43], the observed {002}||{0002} interface formation can be simply ascribed to the change of
growth conditions in the area far away from the substrate, i.e. substrate temperature, incident
particle flux direction, or residual strain change etc. Furthermore, considering that the {100}
lattice plane of the rock-salt TMN material usually has the lower surface energy as compared
to the {111} lattice plane [44, 45], the {002}||{0002} interface formation significantly reduces
the surface energy and minimizes the total energy. All may explain the presence of some
columnar grains exhibiting the <100> crystallographic growth orientation in the wavy-like

regions.
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To summarize all the results, we found that CTB twins have different formation modes in the
non-textured film area. The main differences compared to £3{112} ITB formed in the textured
area are listed as follows:

(@) The X3{112} ITB formation mode occurs when two rock-salt grains have the same
<111> growth direction. The X3{111} CTB have two possible crystallographic
orientation modes: (i) one of the rock-salt grain has the <100> growth direction and the
other rock-salt grain the <111> growth direction; and (ii) both rock-salt grains have the
<111> growth direction.

(b) The £3{112} ITB (symmetric tilt) formation needs two rock-salt grains having 0°
misorientation of the growth direction, a small misorientation angle in growth direction
results in an asymmetric tilt £3{112} ITB formation. However, £3{111} CTB
formation needs two rock-salt grains having a larger misorientation angle in growth
direction.

(c) The density of twins with ITBs is much higher in the textured area while the density of
twins with £3{111} CTB is much lower in the non-textured area.

(d) The 23{112} ITB formation in the textured area is related to the emergence of interface

atomic terraces.
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Fig. 7. (a) HRTEM image of rs-CrN/rs-AIN columnar grains with X3 {111} CTB growth on a
w-AlIN layer (in the 6" block). The crystallographic growth orientations of columnar grains are
<100> (G7) and <111> direction (G8). The misorientation angle of the growth directions
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between G7 and G8 is about 15.040.1< (b) HRTEM image of rs-CrN/rs-AIN columnar grains
with £3 {111} CTB grown on a W-AlIN layer (in the 10" block). The crystallographic growth
orientations of the columnar grains are the <111> direction (G9 and G10). The misorientation
angle of the growth directions between G9 and G10 is about 39.040.1<

4. Discussion

4.1 Twin orientation variants on hetero-phase interfaces

Previous studies demonstrated that the critical shear stress of a partial dislocation is related to
the SFE, the grain size, the shear modulus and the burgers vector [46]. Previous reports show
that during island growth, an interface traction arises between the island and the substrate[21,
47]. The large enough shear stresses may nucleate full and partial dislocations. Hence, the
traction near the island edge may provide sufficient stress to nucleate Shockley partial
dislocations, stacking fault and twins at the interface. However, the previous results are based
on fcc metal Al, whose SFEs is about 160 mJ/m? Forthe high SFE CrN, it is much more difficult
to form twins through interface mismatch stress compared to fcc metals. Meanwhile, no
stacking faults were observed in our extensive HRTEM observations. For rock-salt twins of
TMN, it is difficult to nucleate through shear stresses.

Thus, it is reasonable to speculate that the frequently observed rock-salt twins in current TMN
multilayer materials are mainly from the nucleation process on the hetero-phase interface. We
note that similar growth-twins with ITBs can also be found in fcc-metal thin films on a hcp-
Al>,03 {0006} substrate, such as Cu [48-50], Pt [51] [52] and Al [48, 53-56] monolithic films.
However, twins with ITB formation on the{111}||{0002} TMN interface is unexplored, which

should be associated with the interface atomic structure.

4.1.1 Interface structure with a single atomic-layer terrace
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Fig. 8. Atomic models of six different {111}rscin||[{0002}w-ain interfaces. The projection is
along the rs-CrN [110] and w-AIN[1120]. The black dotted lines are separating planes.

As known, a relative small difference in the interface energy might be sufficient to produce a strong
preference for one of the orientation variants during nucleation. In other words, the same interface
energy for two twin-related orientation variants will be the thermodynamically favorable case for twin-
island nucleation. In this section, we demonstrate the likely {111}rs.cin|[{0002}w-aiv interface structure
and the energy for twins on the w-AIN {0002} single atomic-layer terrace (h=1>do0023w-aiv). The key
point is to understand why twin islands can nucleate, and why twins are more energetically
favorable than other crystallographic features (dislocations, stacking faults, low-angle GB etc.)
on a single atomic-layer terrace.

First, we present several different {111}rs.cn|[{0002}w-ain interface atomic stacking structures.
The stacking sequence of the rs-CrN is ABByCa (along the <111> direction) and the stacking
sequence of the w-AIN is ABBa (along the <0001> direction). They are crystallographically
equivalent but not identical. For the fcc{111}||hcp{0002} interface, 6 different candidate
interfaces are presented in Fig. 8 (i)-(vi) (based on lower surface energy Al (0001) plane as the

interface [44]), which include ofec)/ Aep), Yifee) Atep)s Bitee) Acnep)s Bieee)/ Binep), fec)/Bnep) and
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Yieo)/ Binep) OF, if only metal layers are noted (for simplicity), Ctec)/ Anep)s Biee)/ Athep), Atec) Ahep)s
Aee)/Bnep), Cree)/Binep) and Byree)/ B(nepyinterfaces [57].

Secondly, we turn to the {111}rscm|[{0002}w-an interface stacking structure with a single
atomic-layer terrace. The HRTEM image in Fig. 9(c) shows two twin-related CrN grains grown
on the w-AlIN (0002) plane. Close examination of the interface structure shows that there is one
single atomic-layer terrace in the rs-CrN/w-AIN interface. Two enlarged atomic images of the
hetero-phase interface (Fig. 9(c), position 1 and 2) show that the interface stacking sequences
(when only noting the metal layer positions of rs-CrN and w-AIN) are ACB(rs-Cr)/AB(w-Al)
and BCA(rs-Cr)/BA(w-Al), respectively, which fits with the proposed atomic model (iv) in Fig.
8. Moreover, according to the experimental observations, the constructed interfacial atomic
model (Fig. 9(b)) indicates two stacking sequences of the upper and down of the rs-CrN/w-AIN

interface, i.e. models (iv) and (iv), have a mirror-symmetric relationship. In other words, the

model (iv) is projected along [110]||[1120] while the model (iv) is projected along [110]||[1120],
mirrored with model (iv). To conclude, an important result is obtained, namely, that the
complete same rs-CrN/w-AlIN interface stacking sequence with the identical interface energy is
found at the interface position 1 and 2 (corresponding to the upper and lower interface of the
single-layer terrace).

Thirdly, we consider the likely nucleation mechanism of CrN twins with mirror-symmetric
hetero-interfaces on a single atomic-layer terrace. Experimentally, three possible GBs of CrN
in {111}rs-crn|[{0002}w-ain textured area were found, i) symmetric tilt £3{112} ITB, i.e. Fig.
5(a); i) low-angle GB, i.e. Fig. 5(b); iii) asymmetric tilt £3{112} ITB, i.e. Fig. 5(c).
Theoretically, the energy of £3{112} ITB (including symmetric and asymmetric tilt) is higher
than that of the low-angle GB. From the total energy point of view, ITB growth mode appears
thermodynamically unstable. At the initial stage of growth, the crystal nucleus is very small,
and therefore, the crystal nucleus does not have an ITB during the nucleation process (as seen
schematic image in Fig. 9(d)).

For single layer terrace, there are two possibilities for CrN growth. (a) Matrix formation on
single layer w-AlIN terrace (as seen the schematic image in Fig. 9(a)). The orientation of the
upper and down positions of the terrace are consistent. However, due to the interface stacking

sequence variants, the interface structure of upper and lower positions of the terrace are model

(iv) and (ii), respectively. (b) Twin formation on single-layer w-AlIN terrace (as seen the
schematic image in Fig. 9(b)). Due to the mirror-symmetric interface, which is no change in

interface structure at upper and lower positions of terrace. The interface structure of upper and
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lower positions of the terrace are consistent, i.e. both are model (iv) (as seen HRTEM Fig. 9(c)).
Refer to the previous reports [19, 58, 59], we propose to compare the nucleation radius ability
of different models. In matrix mode, the total Gibbs free energy for upper and lower position
are different because of the creation of different interface structure (different interfaces have
different interface energies). The total Gibbs free energy of a disc-shaped ‘matrix’ nucleus on
single-layer terrace upper (interface model iv) and down positions (interface model ii) are given
as:
AGup=2nrhy-nr2hAGv 1)
AG gouwn=2nrhy-nr?hAG,+ Tr?Ayi 2
Where the r and h are the respective nucleus radius and height. vy is the surface energy and AG,is
the bulk free energy difference between solid and vapor per unit volume driving the nucleation.
Avi is the interfacial energy different between the interface model (iv) and (ii). Although the rs-
{111}||jw-{0002} interface structure is quite similar for model (iv) and (ii), the DFT calculated
interface formation energies are obviously quite different, i.e. 105 meV/A? for model (iv) and
171 meV/A? for model interface (ii), respectively. Follow the previous derivation [19, 58, 59],

the critical nucleation radius for upper and down positions nucleus can be calculated as:

rcrit:L — Y (3)
up AG KT, JV2mmKT
v gIn[——F—1

N

down AG, _Ayi KTln[]\/ZT[mKT] Ayi
ko a7 [TPs TR

k is the Boltzmann constant, 2 is the atomic volume, T is the substrate temperature, J is the
deposition flux, m is the atomic mass of the deposited atom and Ps is the vapor pressure above
solid. The following values were used in the critical nucleation radius calculation: y = 2.99 J/m?

[40], K = 1.38x10% J/K, T = 773 K, Ayi=1.05 J/m? (DFT calculation results from our work),

1.34x10~1%atom/m?
1.19x10~10m

h=1.19%10"1% m, Ps=5x107 Pa, 2 = 2.87<10?°cm3atom and J= x0.166 <10

® m/s=1.86>10" atom/m?s. Thus, 5™ is 0.75nm. However, for down positions (interface

model (ii)), the value for AG, — ATyi IS negative, which indicate that nucleation driving force is

insufficient for our deposition parameters. In other words, matrix mode nucleation cannot
overcome the energy barrier caused by interface stacking sequence variants. This is further

proving that our HRTEM experiment cannot observe the matrix mode on single-layer terrace.

For twin nucleation on single layer w-AlIN terrace, maintaining the mirror-symmetric stacking
during nucleation will not change its interface energy. The critical nucleation radius for CrN

will be same, i.e. " =rgTit  which makes upper and down positions have same nucleation
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rates. Thus, the probability of nucleation twinning in w-AIN single-layer terrace is very high.
This is consistent with our observation results of high density twins in texture area (as seen in
Figs.3), which indicate the number of two twin relate orientation of rs-CrN are same.
Furthermore, the critical nucleation radius of the nucleus is less than the w-AlIN terrace width
(as seen Fig.3(d), where the w-AlIN terrace width shows ~5 nm), which indicate twin model

nucleus is possible formation on w-AlIN terrace.

During island coalescence [60], larger islands may consume smaller islands which is driven by
decreasing total surface energy. When CrN twins nucleate at an early stage, two twin-related
nuclei with identical critical nucleation radius result in the formation of similarly-sized islands
on the w-AlIN surface. As a consequence, island coalescence no longer takes place. The reason
for that is that the mirror-symmetric interface structure with a single atomic-layer terrace allows
uniformly coarsening of two twin-related nuclei and eventually forming twins with a similar
size. This is consistent with our statistical results of twin width in texture area (as seen in Figs.3).
Hence, for a single-layer terrace, twin orientation nucleus with mirror-symmetric rs-CrN/w-
AIN interface structure can nucleate and grow directly on the w-{0001} surface, which twin
orientation is spontaneously formed and does not require a driving force. The process is more
energetically favorable and less expensive. Considering that this twin formation mechanism
does not require shear stress, no process from partial dislocations - stacking fault — twins is
involved. This twin island growth mode on the w-{0001} surface will not be affected by a high
SFE. The twin formation mainly depends on the terrace structure of w-AIN. To summarize,
HRTEM observations combined with atomic model analysis reveal that a single-atomic-layer
terrace at the {111}rs.cn|[{0002}w-an interface is closely associated with the formation of

growth-twins, energetically governing a uniform nucleation of twins.
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Fig. 9. (a) Schematic of the {111}rs.c||[{0002}w-ain Stacking structure of matrix mode CrN
growth on single-layer terrace w-AIN. (b) Schematic of the {111}rs-cin|[{0002}w-ain Stacking

structure of twin mode CrN growth on single-layer terrace w-AlIN. Two red labels illustrate that

the stacking sequence of two rs-CrN/w-AlIN interfaces (from upper and lower position in the

terrace) exhibits a mirror-symmetric relationship. (c) HRTEM image shows rs-CrN twins with

ITBs grown on the w-AIN {0002} surface, in which a single atomic-layer terrace (h=1>do0023w-

ain ) of w-AIN can be found. Two enlarged atomic resolution images of the interface stacking

structure (yellow frames in Fig. 9 (c)) are inserted on the right-hand side. The X3 {112} ITB is

marked with a red dotted-line. (d) Schematics illustrating the nucleation process on single-layer

terrace w-AlIN.

4.1.2 Interface structure with a double atomic-layer terrace
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Fig. 10. (a) Schematic model of rs-CrN twins (twin mode) on a w-AIN {0002} double atomic-
layer terrace (h=2>doo023w-ain). (b) Schematic model of no twin mode (matrix mode) on a w-
AIN {0002} double atomic-layer terrace. The interface stacking structure is based on the
HRTEM observation in interface position 1 and 2 (yellow frames in Fig. 10 (c)). (c) HRTEM
shows the experimental observation of the rs-CrN formation on the w-AIN {0002} double
atomic-layer terrace. No twins (matrix mode) and GBs are observed in the CrN layer. Two local
enlarged atomic-resolution images of the interface (indicated in Fig. 10(c) by two frames) are
shown at bottom.

Atomic model analysis provides a possibility to construct the hetero-phase interface structure,
enabling the analysis of the interface structure and comparison with experimental observations.
In the present case, two modes (twin mode and matrix mode) can form on a double atomic-
layer terrace (h=2>do0023w-aIN) @S shown in Fig. 10(a) and (b). When a double atomic-layer
terrace exists, the w-AlIN surface always maintains the identical stacking structure, i.e. both
parts of the w-AIN surface are terminated by layer B (Al-{0002}) in front of and behind the
terrace (as shown in Figs. 10(a) and (b)). Thus, for the twin formation mode in Fig.10 (a), the
top part of the rs-CrN/w-AIN interface terrace structure can be described as BCA(rs-Cr)/BA(w-
Al) (model (iv)). The lower part of the rs-CrN/w-AIN interface terrace structure can be
described as CBA(rs-Cr)/BA(w-Al) (model (ii), i.e. the mirror-symmetric interface model of
model (i) in Fig. 8). Thus, due to the stacking sequence variation in rs-CrN, two non-identical
rs-CrN{111}/w-AIN{0002} interfaces (between the interface model (ii) and model (iv)) are
present in this twin mode. Actually, our HRTEM observations (Figs. 6) confirm that twins were
hardly detected on the double-layer terraces. For the matrix mode (as shown in Fig.10 (b)), two

parts of the terrace are fully identical, i.e. both interfaces have the same BCA(rs-Cr)/BA(w-Al)
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(model (iv)) interface stacking sequence. In fact, such case is corroborated by HRTEM
observations, e.g. Fig. 10(c). Two enlarged interface HRTEM images from Fig. 10(c) clearly
show that position 1 and the position 2 have the fully identical interface structure, i.e. both
interfaces have model (iv) BCA(rs-Cr)/BA(w-Al) stacking sequence (as shown in Fig. 10(c).
Thus, the matrix mode provides completely the same rs-CrN/w-AlIN interface structure with

identical interface energy on the double atomic-layer terrace.

The higher interface energy for model (ii) enlarges the nucleation barrier of twins on the double
atomic-layer terrace. Eventually, the lower energy interface structure controls the nucleation
process and subsequent growth, consequently, no twins form. Therefore, our analysis points out
that the twin formation on the double atomic-layer terrace could be more difficult than on the
single atomic-layer terrace, which is essentially ascribed to the change in rs-CrN/w-AIN

interface structure and corresponding energy variations.

4.2 Twin nucleation angle on the hetero-phase interface

The previous section 3.2 and 3.3 showed that twins with £3{112} ITBs are widely distributed
in the textured and twins with £3{111} CTBs are occasionally found in the non-textured film
area. Fig.11 (a) schematically illustrates the possible orientation relationship and TB structures.
HRTEM observations showed two possible crystallographic growth orientations, i.e. <111>
and <100> (see Figs. 7), for the formation of rock-salt twins (including the ¥3{112} ITB and
¥3{111} CTB formation mode). Based on the experimental observations, the TBs formation
occurs along three particular directions (Fig. 11(b)), which are a;=[111], @,=[111] and
a;=[001]. Twins with these three particular directions will have different misorientation angles
of the growth directions. From the geometric relationship between the grain growth direction
(along a;=[111], a@,=[111] or a;=[001], according to experimental observations) and the twin
boundaries (including 3 {112} ITB and £3{111} CTB), 6 specific nucleation angles (scenario
1-6 in Fig. 11(b)) for the formation of TBs of rock-salt grains on a w-AlN layer can be
determined.

The twin nucleation angle for 3 {112} ITB (symmetric tilt) as shown in scenario 1, is restricted
to the following conditions for the formation of ITBs (symmetric tilt): (i) a specific twin
orientation on the single atomic-layer w-AIN terrace (illustrated in Sec.4.1); (ii) 0°
misorientation of the growth directions for rock-salt grains (as shown in Sec.3.4.1). Thus, in

scenario 1, two rock-salt grains with <111> growth direction (a;/a;) have 0 misorientation
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(A6=09. The experimental statistical result of the misorientation in the growth directions of the
CrN grains in the textured film area is plotted in Fig. 12(a), indicating that most of the CrN
grains (about 86%) have an angle difference of -5<to +5 “(relative to the substrate out-of-plane
direction). According to scenario 1, the £3{112} ITB (symmetric tilt) formation requires two
rock-salt grains having 0 misorientation angle in the growth directions. Hence, the small
misorientation angles of the CrN grains suggest that there is a much larger probability for the
¥3{112} ITB formation in the textured film area near the substrate.

Considering the twin nucleation angle for X3{111} CTB mode, as shown in scenario 2-6, the
following arguments are considered. The formation of CTB can be explained by the fact that
occasionally certain adjacent nuclei may happen to have the twinned orientation [19], which
requires rock-salt grains with specific nucleation angle. In scenario 2 and 3, one of the CrN
grain has <111> growth orientation and another CrN grain has <100> growth orientation. Two
possible nucleation cases favor the CTB formation. Such cases will need a /a5 having 15.78°
difference (A0=15.78 or a3 /a; having 70.52<difference (A6=70.529. In scenario 4 and 5,
both CrN grains exhibit <111> growth orientation. The CTB formation requires a; /a, having
A6=39.96 “or a;/a, having A6=70.52< For both grains with <100> growth orientation, only
one possible misorientation favors the CTB formation, i.e. a3;/a; having A0=70.52°
misorientation angle (as shown in scenario 6). Such nucleation angles are theoretically possible.
Some nucleation angles cannot be completely achieved. The CTB formation in scenario 3, 5
and 6 requires too high nucleation angle difference, i.e. A6=70.52< Our HRTEM observations
(Figs. 7 and Fig. S4 in the supplementary material) only confirm the presence of scenario 2
(A6=15.789 and scenario 4 (A6=38.96 < growth modes.

The distribution of the CrN grain misorientation angles of growth direction from 5" block to

21% block (non-textured area) is plotted in Fig. 12(b), revealing that most of the CrN grains
(about 94%) have a difference of -25°to +25°(relative to the [1102] direction of the Al,O3

substrate, being parallel to the growth direction of the film). This means that the CrN grains
grow with a large misorientation angle in the film area far away from the substrate. Moreover,
Fig. 12 (b) also indicates that the possible maximum misorientation angle is about 60 < Hence,
scenario 3, 5 and 6 should not be formed in our rs-CrN/w-AIN multilayer.

Overall, these results and analyses indicate that twin nucleation with X3{112} ITB requires 0
misorientation angle of the growth directions. The {111}||{0002} textured film area (block 1-
4) with smooth growth surfaces facilitates the formation of £3{112} ITBs. Contrary, the non-
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textured area with wavy-like layer structures increases the probability of X3{111} CTB

formation.

(a)
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Fig. 11. (a) Schematic illustration of the possible interface orientations and TB structures in

different film locations. (b) Schematic illustration of CrN TB formation on the w-AlIN surface

with different nucleation angles. The twin nucleation angle for £3{112} ITB mode in texture

area is illustrated in scenario 1. Twin nucleation angles for £3{111} CTB mode in random

orientation area are illustrated in scenario 2-6.
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5. Conclusions

The microstructure of a multilayer with alternating CrN and AIN layers was investigated using
Cs-corrected TEM. From SAED patterns and HRTEM investigations, a high density of rock-
salt twins with £3{112} ITBs were found in {111}||{0002} textured film areas (near the
substrate region). The atomic-resolved images of rs-CrN{111}|lw-AIN{0002} interfaces reveal
that a single-atomic-layer terrace is closely associated with the formation of such growth-
induced twin formations. The mirror-symmetric w-AIN/rs-CrN interfaces (for a twin on the
single-atomic-layer terrace) hardly causes any change in the interface structure and energy
variations. However, due to the interface structure and energy variations, growth-twins are more

difficult to nucleate on the double atomic-layer terrace, which are also present.

In the non-textured film area (far away from the substrate area), rock-salt twins with X3 {111}
CTB are occasionally found. Due to the interface orientation variation, two twin nucleation
modes with different misorientation angle of growth direction for £3{111} CTB were found.
The results indicate that the hetero-phase interface-facilitating nucleation process plays a
dominant role in rock-salt growth-twins, and provide new insights for their formation

mechanisms in multilayers.
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Supplementary Information

Growth-twins in CrN/AIN multilayers induced by hetero-phase interfaces

1. Crystallographic orientation evolution

Fig. S1. (a) and (b) Cross-sectional TEM bright/dark-field images (dark-field images from the
same area taken under the wurtzite/rock-salt g ={0001}|{111} reflections). (c) is the

corresponding are selected area electron diffraction.

In order to investigate crystallographic orientation evolution in far from the substrate area, we
carried out a comprehensive microscopy study on the microstructure of the film. The
{111}/{0001} texture clearly appears in near the substrate area. However, the texture gradually
disappears over the 4™ block. Fig. S1 (c) shows the area selected area electron diffraction pattern

from the area labeled in Fig.S1 (a), which exhibits a ring pattern. This suggests that grains grow
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randomly over a large distance without any preferred orientation in far from the substrate area,
forming a polycrystalline.

2. CrN/substrate interface

Fig. S2. (a) Cross-sectional TEM bright images in substrate area. (b) is the corresponding are

selected area HRTEM image. The interface orientation relationship is (311)/(1102).

3. {001}/{0001} interface structure

Fig. S3. HRTEM and schematic image of {002}[110]rs-crn||{0002}[1120]w-ain interface (taken
in 10" block), which possesses a relatively high mismatch structure. The growth direction is
from bottom to top.
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4. Extended observations for X3{111} CTB formation mode

Fig. S4 (a-c). Additional example showing scenario 2 (A6=15.78<) and scenario 4 (A6=38.96)
growth modes for twins with X3{111} CTB.

In the non-textured area, Fig. S4(a) shows one cross-sectional TEM bright image taken in far
away from the substrate area. Fig. S4 (b) is a corresponding HRTEM image taken from Fig. S4
(@). Fig. S4 (c) shows another HRTEM image of rs-CrN/rs-AIN columnar grains with CTB in
the non-textured area. In Fig. S4 (b), crystallographic growth orientation for left grain is along
the rock-salt <111> direction while the right grain is along the rock-salt <100> direction. In
contrast, both columnar grains in Fig. S4 (c) have the same crystallographic growth orientation
(both along the rock-salt <111> direction). In Fig. S4 (b) and (c), two columnar grains growth
directions having 15.8< and 39.9< difference in misorientation, respectively. Hence, our
extended HRTEM observations also confirm the presence of scenario 2 (A6=15.78< and
scenario 4 (A8=38.96 9 growth modes for twins with £3{111} CTB.

129



Publication 1V

Publication IV

Real-time atomic-resolution observation of coherent twin

boundary migration in CrN

Zhuo Chen?, Yonghui Zheng*, Lukas Lfler?, Matthias Bartosik®, Huaping Sheng?, Christoph
Gammer*, David Holec?, Zaoli Zhang™*

LErich Schmid Institute of Materials Science, Austrian Academy of Sciences, A-8700 Leoben, Austria
2 Department of Materials Science, Montanuniversit& Leoben, A-8700 Leoben, Austria

% Institute of Materials Science and Technology, TU Wien, A-1060 Vienna, Austria

* Corresponding author: zaoli.zhang@oeaw.ac.at

Abstract

Although coherent twin boundary (CTB) migration in fcc metals has been widely studied, little
is known about the CTB migration behavior in the binary transition-metal nitrides system (e.g.
rock-salt CrN). Using in-situ atomic-resolution electron microscopy, we report two different
twin boundary defect (TD) nucleation and CTB migration modes at the CTB/ITB (incoherent
twin boundary) and CTB/surface junctions. A new twin defect nucleation and CTB migration
mode are observed from the CTB/surface junction. We show that such CTB migration is
associated with a boundary structure alternating from an N-terminated to Cr-terminated,
involving Cr and N atom respective motion, i.e., asynchronous CTB migration. We further
reveal the dynamic and thermodynamic mechanism of such asynchronous migration through
strain analysis and DFT simulations. Our findings uncover an atomic-scale dynamic process of
defect nucleation and CTB migration in a binary system, which provides new insight into the

atomic-scale deformation mechanism in complex materials.

1. Introduction

It is well known that most crystal structures do not possess simple geometric arrangements,
which determines their more complex deformation mechanism. For complex material
deformation, Kronberg proposed a synchronous slip and twinning deformation mechanism in

1957, whereby two shears operate in opposite directions on adjacent atomic planes [1]. This
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mechanism has been shown to operate in the Laves phase and a-Alumina [2, 3]. However, due
to the difficulty of characterization of complex materials, there has been no in-situ experimental
evidence to support this deformation mechanism for many years.

Chromium nitride (CrN) is a transition metal nitride (TMN) with a complex structure,
where metal and N atoms form an fcc sublattice. As a TMN, it exhibits high hardness, high-
temperature stability, corrosion resistance, oxidation resistance, wear resistance, and has been
widely used in industry, such as machine tools, medical implants, and aerospace engineering.
However, the application of TMN ceramics is often restricted due to their poor ductility and
toughness. To further improve the mechanical properties of TMNs, grain boundary engineering
is an effective solution [4-6]. Among different grain boundaries, twin boundaries have received
extensive attention. In fcc metals, £3{111} coherent twin boundaries (CTBs) are advantageous
for their strength, ductility, electrical conductivity, plasticity, and thermal stability [7-11]. In
particular, CTB defect motion and CTB migration play a crucial role in the deformation and
softening mechanisms of materials containing nano-twins [12-14].

Although the CTB migration and twin boundary defect motion have been extensively
studied in simple fcc metallic materials, these processes remain unclear in complex TMN
materials. On the one hand, due to the difficulty of imaging the light element (nitrogen), there
are no clear experimental results available on the genuine atomic structure of rs-TMNs CTB.
On the other hand, TMNs have much high stacking fault energies (SFES), reaching as high as
~1 J/Im? [15-17]. From this, twinning in TMN is difficult, limiting the experimental observation
of twin behavior in TMN. In this article, based on as-synthesized high-density growth twins
[18], we report a new TD nucleation and CTB migration mode in the binary CrN. The observed
CTB migration is associated with a boundary structure alternating from an N-terminated to Cr-
terminated. More importantly, our in-situ experiments (as seen in the schematic drawing of
Fig.S1, here, “Supplementary Figure xx” is abbreviated as ‘Fig. Sxx’ in context) and DFT
simulation results confirm that CTB migration and TD gliding is an asynchronous process.
Therefore, these results improve our understanding of the dynamic process of grain boundary

migration and defect motion in complex materials.

2. Methods

2.1. Material fabrication

The thin film with a total thickness of ~2 um, composed of alternating ~100 nm CrN and

~4 nm AIN layers (as seen in the Supplementary, Fig. S2) was synthesized by DC reactive
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magnetron sputtering. We used polished Al2O3 (0001) substrates with an off-axis orientation
of 0.2°towards (1010) and a size of 10x10>0.5 mm?. The substrates were ultrasonically pre-
cleaned in acetone and ethanol for 5 min each before mounting them in the AJA International
Orion 5 deposition system. After evacuating the chamber down to a base pressure of ~ 5x10°
4 Pa at room temperature, the substrates were thermally cleaned at 500 <C for 20 min followed
by Ar-ion etching for 10 min at the same temperature in an Ar atmosphere at a pressure of 6 Pa
by applying a constant bias voltage of -750 V. The film was grown at 500 <C by DC powering
one 2" Cr and one 3" Al target (both 99.6 % purity) in an Ar/N2 gas mixture (flow ratio of
5 sccm Ar/5 scem Ny) at a total pressure of 0.4 Pa. The power densities used were ~12.3 (Cr
target) and ~11.0 W/cm? (Al target), respectively. The nano-layer structure was realized using
computer-controlled shutters mounted in front of the permanently running targets. Throughout
the whole deposition process, a constant bias voltage of -50 V (floating potential was -20 V)
was applied to the growing film and the substrate holder was rotated constantly with ~1 Hz to

ensure dense and uniform film growth.

2.2. Material characterization

Cross-sectional TEM specimens were prepared using a standard TEM sample preparation
approach, including cutting, grinding, and dimpling. Ar ion milling was carried out at a voltage
of 4.0 kV with an angle of 6< followed by a final low voltage ion-milling of 2.5 kV with an
angle of 2< Our experiments were performed in field-emission TEM equipped with an
objective-lens aberration corrector (FEI Titan Themis 60-300 cubed with the operating voltage
at 300 kV and JEOL 2100F with the operating voltage at 200kV). The aberration coefficients
were set to be sufficiently small (-1 um ~ +1um), under which the HRTEM images taken were
close to the Scherzer defocus condition. For recording in-situ HRTEM movies, a fast CMOS
Ceta camera (FEI Titan Themis 60-300 cubed) and a CCD Orius camera (JEOL 2100F) were
applied, where image sizes are 2048>2048 and 2048x1336, respectively. The exposure time
was set to 100 ms. HRTEM image simulations were executed using the JEMS software.
Moreover, a 300 kV field emission TEM (JEOL ARMB300F) equipped with double Cs-
correctors was used to obtain atomic-resolution HAADF images. The STEM—HAADF images
were taken by an annular dark-field image detector with the inner semi-angle larger than 64
mrad. The nanoindentation was performed with an Hysitron Triboscope equipped with a
spherical tip. The cross-sectional TEM specimens (after nanoindentation) were prepared using
a Zeiss Auriga Laser FIB system, consisting of a focused ion beam column (Orsay Physics Ga+
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ion FIB). The strain field in CrN twins was calculated based on the Cs-corrected high-resolution
TEM images by the geometric phase analysis (GPA) method. According to the GPA algorithm,
the displacement field can be obtained by selecting two non-collinear Bragg vectors in the

power spectrum generated from a high-resolution TEM image. Strain maps (snapshot of movie
S2) were calculated with respect to this reference lattice defined by gy =[111] and g, =[111].

The directly measured <111>{112} shear strain is calculated from the change in the in-plane

Ag
70.5°

Following the approach described in Refs [20, 21], atom column positions were carefully

angle (ouw11)y(11-0), i.€. &= [19].
measured by fitting a Gaussian function around each maximum of an intensity profile, and then
the accurate center position for each maximum as found by fitting is assigned as the center of
atom column position. Here, 25 HRTEM images taken from Movie S4 were used to determine
the atomic positions.

In this study, an intensive electron beam irradiation means that a dose rate is ~5x10*
electrons/A? s, while a normal beam illumination means that the dose rate is ~1x10%

electrons/A? s,

2.3. DFT calculation

The calculations were performed using the Vienna Ab initio Simulation Package (VASP)
[22] using the projector augmented wave method enabled pseudopotentials [23] with
generalized gradient approximation [24] of the exchange and correlation effects. An
automatically created k-point mesh with density of 50 and a cutoff energy of 500 eV were
chosen for the calculations. The supercell used in the calculations was made up by a stack of
28 (111) CrN planes (alternating between Cr and N) with the initial twin boundary at the center.
The calculations were done for anti-ferromagnetic order according to Ref.[25]. Following the
different possible orders to move the twin a pair of Cr and N were stepwise displaced along the
[112] direction to model the jumping of the atoms. At each of those steps, the energy of the

system was calculated and then compared to the energy of the initial system.

3. Results

3.1 Growth twins in CrN multilayers
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Fig.1. (a) A bright-field image consisting of CrN columnar grains taken near the substrate. (b)
A typical HRTEM image of CrN columnar grains with a £3 {1 1 2} incoherent twin boundary.
(c) A bright-field image of CrN columnar grains away from the substrate about 100 nm. (d) A
typical HRTEM image of Cr columnar grains with a 3 {1 1 1} coherent twin boundary.

Owings to high SFEs, twinning of TMNSs is difficult [16, 26]. Thus, we applied the
{111}/{0001} hetero-phase interface-facilitating twin nucleation and manufacturing high-
density twins in rock-salt CrN (as seen in our previous research results [18]). As shown in Fig.
1a, the CrN layer thickness is 100 nm, and the AIN as the intermediate layer is 4 nm. Due to a
well epitaxial stable relationship with the [111]cn/[0001]an (as seen in the Supplementary, Fig.
S2), CrN columnar grains exhibit the [111] growth texture. Thus, most columnar grain
boundaries have the £3 {1 1 2} incoherent twin boundary near the substrate area (as shown in
Fig. 1a and 1b). However, as the thin film thickness increases, CrN grains grow with a large
misorientation angle in the film area far away from the substrate (around 100 nm), and
numerous £3 {111} coherent twin boundaries (CTBSs) can be easily found, as shown in Fig.1c

and 1d. The formation of CTB can be explained by the fact that occasionally certain adjacent
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nuclei may happen to have the twinned orientation relationship [27], which requires rock-salt

grains with specific and larger nucleation angle.

3.2 Observation of the CTB structure in CrN

Sy
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CTB (N z'fB)' » ..o . ’ .".'.
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Fig.2. (a) HRTEM observation of an un-irradiated (normal illumination mode) X3{111} CTB
of rs-CrN, and a typical 3{112} ITB is present on the right-hand side. In £3{111} CTB, some
stepped structures with a certain height can be observed, i.e., 2xdg1113 height (STEP (2)) and
3% dq113 height (STEP (3)). (b) HRTEM experimental (enlarged image from Fig. 2a),
simulation image and atomic model of N-terminated CTB. Image simulations were carried out
under the following conditions: Cs = 0 and defocus = - 9.9 nm, close to the experimental

conditions, with a specimen thickness of 3.1 nm.

The X3{111} CTB in the rock-salt (rs) CrN is used as an example to show the TD
nucleation and CTB migration. For fcc metals, the mirror-symmetrical plane for £3{111} CTB
is the metal atom {111} plane. However, the binary rock-salt structure of TMN has a double
fcc structure, i.e., transition metal and nitrogen atoms sit on two inter-penetrating fcc lattice.
Thus, for the rock-salt TMN, two CTB structures may exist in a ¥3{111} CTB, i.e., TM
(TM=Transition Metal)-{111} or N-{111} as a mirror-symmetry plane of CTB. HRTEM
observation of an unirradiated CTB (Figure 2a, illumination mode with a low beam current
density) shows that the CTB is discontinuous, which includes some stepped structures with a

certain height, i.e., 2>xdy113 height and 3> dg113 height. Fig.2a was recorded from a very thin
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area, where all atoms are resolved and exhibit either strong bright or weak bright contrast.
Combined with the HRTEM image simulation, we can unambiguously assign the strong
contrasts to Cr atom columns and the weak bright contrasts to N atom columns (as seen in
Figure 2b). Thus, with individual Cr and N atoms clearly resolvable, ¥3{111} CTBs in Figure
2b only with an N-terminated were observed in an rs-CrN and no other variant structures of
CTB are found.

3.3 CTB migration from CTB/ITB and CTB/surface junctions

Fig. 3. (a)-(f) Series of HRTEM images (snapshots of Movie S1) of CTB migration from the
CTB/ITB junction. (b), (d) and (f) are the enlarged images in the twin defect region at 11s, 20s,

and 29s, respectively.

Twin boundary defect (TD) emission from the CTB/GB junction is a known mode for fcc
metals [28]. However, such a mode has not yet been reported in nitride ceramics. Our first in-
situ experiments demonstrate the emission of defects from the CTB/ITB (incoherent twin
boundary) junction in CrN. The initial CTB is very smooth and exhibits no any steps, as shown
in Fig.3a and 3b (at 11s, snapshots of Movie S1). After intensive electron beam irradiation for
20s, a step at the CTB was clearly emitted from the CTB/ITB junction (the step position was
shown in Fig.3c and 3d). With further irradiation for 29s, the defect moves forwards, but the
CTB hardly show any boundary structure alternating (as seen in Fig.3e and 3f), i.e., maintaining
the N-terminated CTB (due to the sample thickness, the contrast of the N atom column here is
too weak, as proved by HRTEM image simulation in Fig. S3). The TD emission from the
CTB/ITB junction gives a twin boundary step, i.e., TD formation and with a height of 1 <d{1113.
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Hence, our experimental observation shows that TD nucleation and CTB migration can start
from the CTB/ITB junction, where for such a migration mode, the boundary structure is

unvaried.
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Fig. 4. (a) and (b) HRTEM images (before and after irradiation) showing the twin defect
nucleation and CTB migration from the CTB/surface region. (c) HRTEM experimental (a
clipping of Fig.4b), simulation image and atomic model of Cr-terminated CTB. Image
simulations of (c) were carried out under the following conditions: Cs = 0 and defocus = - 9.9
nm, close to the experimental conditions, with a specimen thickness of 3.1 nm. (d) and (e)
Dichromatic patterns show Burgers vector loop with TD from the CTB/ITB junction and
CTB/surface junction, respectively. The black and green lines in Fig. 4 (d) and (e) indicate the
CTB structures with the N-terminated and Cr-terminated, respectively.

However, a different twin boundary defect nucleation and CTB migration mode can be
identified when emitted from the CTB/surface junction. Before intensive electron beam
irradiation (Fig.4a), the initial £3{111} CTB is a smooth and defect-free grain boundary, and
the structure shows a perfect N-terminated CTB. After intensive electron beam irradiation

(Fig.4b), the CTB exhibits distinct feature and becomes imperfect at around the CTB/surface
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junction. Interestingly, the CTB boundary structure exhibits alternating, i.e., part of the N-
terminated CTB has transformed into the Cr-terminated CTB (as seen in Fig.4c).

In contrast to the above investigations (Fig. 3), here, our observation at the CTB/surface
junction reveals a new type of twin boundary defect. In Fig. 3b, TD emission from the CTB/ITB
junction shows a twin boundary step structure with the N-terminated/N-terminated and with a
height of 1> dg113. Thus, the TD structure has similarity to those in fcc metals, and the Burgers
vector of such TD is 1/6a[112]. However, in Fig. 4b, the TD emission from the CTB/surface
junction displays a twin boundary step structure with the N-terminated/Cr-terminated and a
height of 1.5><dg1113. The dichromatic patterns in Fig.4d and Fig. 4e compare the two types of
twin-boundary defect structure and display the structure difference (directly measured Burgers
vector on the HRTEM micrographs is shown in Fig. S4). Interestingly, TD nucleation from the
CTB/surface junction creates a simple step without the Burgers vector, i.e., a pure step [29]. To
the author’s knowledge, such a TD without the Burgers vector has never been reported in fcc

metallic materials.

3.4 Reversible CTB migration

a Before irradation ¢ S\ Stop irradation 10min

B

Fig. 5. (a) and (b) HRTEM images showing that the CTB structure varies from an N- terminated
CTB to a Cr- terminated CTB. The white label shows the CTB with the N- terminated structure
and green label shows the CTB with Cr- terminated structure. (c) HRTEM image displays the
already created Cr-terminated CTB partially reverses to the N- terminated CTB after

terminating irradiation for 10 min.

Under normal beam illumination, mostly observed CTB structures are with an N-
terminated. This implies that the Cr- terminated CTB might not be stable (Actually, our DFT
calculation confirms the energy difference for the two CTB structures). This is indeed proved

by the following experiment. Fig. 5a and 5b show that the CTB structure changes from a fully
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N-terminated CTB (white labels) to a part of Cr-terminated CTB (about 6 nm long, green labels)
induced by intensive electron beam irradiation (enlarged images are seen in Fig. S5). When the
electron beam is switched off, the Cr-terminated CTB partially (about 2.0 nm) transforms back
to the N-terminated CTB (Fig. 5¢). This is an energetically-driven process. When terminating
the irradiation, the residual strain near the CTB/surface is likely to be released quickly, driving
the CTB step to move in the opposite direction. A small residual stress/strain relaxation may
trigger such an inverse process of the CTB migration. Therefore, compare with the Nr-
terminated-CTB, experiment here proves that the CTB of Cr-terminated is unstable, and its

CTB structure alternating requires a certain driving force.

3.5 Measurement of TD movement
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Fig. 6. (a) Series of HRTEM images show the CTB migration process from the CTB/surface
junction (snapshots of Movie S2), where the labeled atoms represent the new migration position
in the Cr-terminated CTB (from 1% to 6 atom). The inserted enlarged images show the CTB
structure alternating from the N-terminated to the Cr-terminated CTB. (b) Measured migration

rate of a single atom column according to Fig. 6a.
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The TD motion events in the CTB captured by our in-situ atomic-resolution experiments
allow us to measure the migration rate of individual atomic columns, further to gain insights
into dynamic process of defect motion. A series of HRTEM images (Fig.6a) demonstrates the
TD motion and CTB migration process at the CTB/surface junction (from the N-terminated to
the Cr-terminated CTB). Every image in Fig.6a shows the change of one atomic column at CTB
(from 1 to 6™), which confirms that the CTB migration is accomplished by TD motion. The
moving rate of a single atomic column is measured and shown in Fig.6b, where the surface
atom (the 1%%) exhibits the highest migrating speed. However, as moving towards the interior
from the surface, the migrating speed of the atomic column gradually decreases, and the
migrating time finally reaches 4000100 ms. The difference of the migrating rate in 1* atomic
column and 6™ atomic column is attributed to the attenuation of surface strain. Detailed strain

analysis is referred to the discussion section (Section 4.1.1).

3.6 Asynchronous CTB migration and TD movement
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Fig. 7. (a)-(c) HRTEM images (snapshots of Movie S3) of the initial state, transitional state,
and final stage of CTB migration from N-terminated to Cr-terminated, respectively. (d)
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Schematic sequence of asynchronous CTB migration and the TD movement. The first stage is
the migration of Cr atom from left to right (as labeled by the pink arrows and by 1% -4" Cr
atoms), corresponding to the TD step moving to the left accordingly (the upper row in (d)). The
second stage is the migration of N atom from right to left (as labeled by the blue arrows and by

5t-8" N atoms in the lower rows of Fig. 7d)).

The above result indicates that the CTB migration may involve a boundary structure
alternating from an N-terminated to Cr-terminated. However, the Cr and N atom respective
migration process remains unknown. Three possible modes of TD motion and CTB migration
exist: (i) Cr atoms migrate firstly and then N, (ii) N atoms migrate firstly and then Cr, (iii)
synchronous migration of Cr and N.

Here, we will reveal that the CTB migration process involves the asynchronous motion of
Cr and N atoms (as seen in Movies S3). The initial CTB has the N-terminated boundary
structure with individual Cr and N atoms resolvable (Fig. 7a, N-CTB). After a very short period
(300 ms), a transient state appears with a boundary structure in between N-terminated and Cr-
terminated CTB (Fig. 7b). The Cr atoms adjacent to the CTB have migrated (red atoms in Fig.
7b) by a vector of 1/6a[112] as confirmed by the corresponding simulation image (shown in
Fig. S6). However, N atoms are still unaltered. This can be identified by comparing the atom
contrast and checking the reference. In Fig. 7b, a twin boundary step structure with N-
terminated/Cr-terminated and with a height of 1.5% dq11; can also be found, which also
confirms that the CTB migration is accomplished by TD motion.

After an additional 300 ms, a final state of the CTB migration with a Cr-terminated
structure has been reached (Fig. 7c, Cr-CTB). Comparing Fig. 7a to Fig. 7c, it is found that the

N atoms (grey atoms in Fig. 7c) have wholly migrated along the direction opposite to Cr atom

motion and with a migration vector of 1/6a[1 1 2]. After the N atoms shift, a complete CTB
migration from N-terminated to Cr-terminated has been achieved. The structure of the CTB has
changed within a very short time, and the TD migration process is via an asynchronous atom
migration mode in which the Cr atoms migration firstly followed by the N atoms. Fig.7d
schematically illustrates asynchronous CTB migration and TD movement that occurred in
Fig.7a-c. It involves two stages, the first is the migration of Cr atoms shift (as labeled by the
pink arrows and by 1% -4 Cr atoms) in the upper row of Fig.7 (d), and one instantaneous state
corresponds to Fig. 7b. The second is the migration of N atom from the right to left (as labeled
by the blue arrows and by 5"-8" N atoms) in the lower rows of Fig.7(d), and one instantaneous

state corresponds to Fig.7c.
141



Publication 1V

Based on the above experimental observations, the dynamic process of CTB migration and
TD motion is briefly summarized as follows: (i) the movement of Cr and N atoms is not
synchronous, but with the Cr atoms migration firstly followed by the N atoms. (ii) during the
CTB migration and TD movement, both Cr and N atoms shift via the shortest path and in the
opposite migration direction. Here, by explicitly recording the atomic-resolution image of the
transient state, the most critical finding is that the asynchronous motion mode of Cr and N atoms
occurs during the TD motion and CTB migration.

3.7 TD nucleation at the surface
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Fig. 8. (a)-(f) Series of HRTEM images (snapshots of Movie S4) illustrating the movement of
atoms at the CTB/surface junction, the dotted circles represent the position of 4 Cr atoms, and
the red ones correspond to two cases with a large deviation of Cr from their equilibrium

positions. (g) The change of Cr-Cr atomic spacing (‘d’ in a) at the CTB/surface position in
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Movie S4 with irradiation time. (h) A schematic model of the designated Cr atom jumping at
the CTB/surface junction (the jumping direction is indicated by a red arrow). Scale bars: (a -f)
0.25 nm.

Our preceding observations confirm that TD formation and CTB migration in CrN can
stem from the CTB/ITB junction. X3 {1 1 2} incoherent twin boundaries (ITB) are dislocation
walls composed of a series of high-density partial dislocations [30]. So, 1/6a [112] type partial
dislocations may dissociate from the ITB and glide along the CTB. For TD nucleation from the
surface, it may relate to its surface effects, e.g., surface reconstruction or relaxation.
Theoretically, as the coordination number of atoms on the solid surface decreases, higher free
energy at the surface/CTB junction results from the missing atom. Thus, under the electron
beam, the surface atoms are more active and likely to deviate from their equilibrium positions.

Here (Movie S4, normal illumination mode), we analyze the TD nucleation process at the
CTB/surface junction. Fig. 8a (Movie S4, t=3 s) presents a perfect N-terminated CTB at the
thin edge of the sample. After 1s (t=4 s), one surface Cr atom (labeled by a red circle, Fig. 8b)
jumps away from the normal lattice position at the CTB/surface junction. It is noted that the Cr
atom jump is not arbitrary, but it is along the [112] direction (from the surface to vacuum) with
a certain distance (see below). Prolonging the beam irradiation (t=5s), the surface Cr atom
returns to the initial position, i.e., jumps back along the [112] (Fig. 8c). In the total time of 25
s, we frequently observe the oscillation of the surface Cr atoms. The second significant jump
of Cr atom occurred at t=15-19 s (Fig. 8d-f). Here, the variation of the Cr-Cr atomic spacing
(“d”) at the CTB/surface junction in consecutive 25s was evaluated, and plotted in Fig. 8g.
Clearly, two significant Cr jumps were detected when t=4s, 16s, corresponding to a spacing of
3.31 A and 3.26 A, respectively. The striking change of Cr atom position represents the
structural change of CTB at the surface, i.e., the active Cr atom actually moves close to the
position that a Cr-terminated CTB stipulates, creating a TD (Fig.8h). Thus, under the stimulus
of the electron beam, the TD could nucleate instantaneously at the CTB/surface junction.

4. Discussion
4.1 On the driving force of CTB migration and TD motion

4.1.1 Irradiation-induced strain as a driving force
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Fig.9. (a) Snapshots of Movie S2 (=16 s, 1 second before the CTB migration). White frames
(labeled as pl and p2 position) are used for GPA measurement. (b) and (c) GPA results of
different irradiation time (before irradiation and t=16 s). (d) Line profile at the surface/CTB

junction (along the line in (c)). Scale bars: (a) 1 nm.

Previous studies have reported the microstructure evolution driven by the irradiation-
induced stress field, such as irradiation-driven dislocation motion [31, 32], propagation of
cracks [31, 33, 34], and migration of grain boundaries [32, 35, 36]. Here, we observed that both
CTB migration and TD motion could be initiated on the surface under intensive beam
irradiation.

For the twin boundary, the interface energy of Cr-terminated CTB is higher than that of
N-terminated CTB (referring to our DFT result below). Hence, there is no thermodynamic
driving force for the spontaneous transformation of CTB. Sufficient strain/stress is required to
initiate the TD motion in CrN. Through GPA, we confirm that high current density electron
beam irradiation can effectively cause stress/strain concentration at the surface/CTB junction
(Fig. 9a), which will be the main driving force for CTB migration and TD motion. The shear
strain mapping (exy) with different irradiation times are shown in Fig.9b and 9c. For the upper
part of the CTB (pl1 position), the surface region exists a maximum ~ 1% shear strain (exy)
before the intensive beam irradiation (Fig. 9b). It reaches ~ 4% shear strain after irradiation for
t=16 s (Fig. 9c, just 1s before the TD motion and CTB migration). However, for the lower part
of the CTB (p2 position), no significant strain changes are observed. The local strain variations
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induced by irradiation is clearly visible from the line profile (Fig.9d). It displays a considerable
strain concentration at the surface region, and the shear strain is rapidly attenuated towards the
interior. Since the gradient strain/stress distribution, this also causes the migration speed of TD
to gradually decrease as it moves from the surface to the interior (as seen Fig.6). Therefore, our
GPA analysis confirmed that the irradiation-induced stress/strain field provides a driving force
for CTB migration and TD movement.

Currently, the exact mechanism of lattice strain/stress concentration caused by electron
beams is still unclear. It may be related to two factors. (i) Lattice deformation is caused by the
vacancy effect [37-39]. When vacancies form, some of their chemical bonds are broken, causing
distortion and deformation of the crystal lattice, ultimately leading to local strain concentration
in thin regions. (i) The thermal strain is caused by the local heating of the intensive electron
beam [40].

As discussed, beam irradiation can be acted as a driving force for the CTB migration and
TD motion. Throughout the observations, we further found that the CTB structure alternating
can also be driven by the residual stress in the film (as seen in Supplementary Fig. S7), in
addition to beam irradiation (i.e., Fig.7). For the un-irradiated CTB, we found that when the
local position is subjected to high strain, the asynchronous migration of CTB can also be
observed, as exemplified in supplementary Fig. S8. Thus, we confirmed that the driving force
of CTB migration from the N-terminated CTB to the Cr-terminated CTB.

4.1.2 Strain driven asynchronous TD motion

145



Publication 1V

a
— 67088 s
o
E
< 67.5 43 __
3 8
2 <
£ =
= 68.0 368
(] wn
[ oy —
2 g
o
g L
: 68.5 285
=
69.0 21
69.5 1.4

0 2 4 6 8 10 12 14 16 18

dL’r _ dllmory _ dslmnr

Cr-CTB

N-termination CTB (undistorted) N-termination CTB (distorted)

Fig. 10. (a) Measured lattice plane angle (or shear strain) change as a function of irradiation
time just before the CTB migration (Movie S3, in consecutive 17 s). (b) HRTEM (snapshot of
Movie S3 t=1s), and a schematic image of near-perfect N-terminated CTB. (¢c) HRTEM
(snapshot of Movie S1, t=13s), and schematic images of the distorted N-terminated CTB. Scale
bars: (b,c) 0.25 nm.

The above discussion (section 4.1.1) clarifies that the strain/stress concentration generated
by electron beam irradiation or the film growth is the driving force of CTB migration.

Meanwhile, the strain/stress concentration also facilitates the migration of CTB in an
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asynchronous mode. In Figs.7 (movie S3), we observe that TD motion and CTB migration
process are asynchronous. As Fig. 10a showed, a 4.5% shear strain has been reached in the
upper part of the CTB before initiating the migration of CTB. In fact, the presence of the shear
strain facilitates the initial migration of Cr atoms, as demonstrated as follows. At t=1s (Movie

S3), Fig. 10b shows a low lattice shear strain state since both are close to a theoretical value of

70.5°(the angle between (111) and (111) planes). After 13s of beam irradiation (Fig. 101c),
the angle becomes a1 =67.3<(also shown in Fig. S9). This translates to ~4.5% shear strain. By
carefully comparing atomic-resolution images under different irradiation times, we found that
the distorted CTB with N-terminated (caused by the shear strain) shortens the Cr atoms’
migration distance. Before the CTB migration, the atomic structure of the N-terminated CTB
is strongly distorted (by comparing the white square in Fig.10b and Fig.10c). Such a distortion
effectively pushes Cr atoms (adjacent to the N-terminated CTB) close to the position of the Cr-
terminated boundary (the green circle in schematic images of Fig.10b and Fig.10c), i.e., d‘" =
dtheory — gshear Therefore, the shifting distance of the Cr atom becomes smaller than the
required one. In contrast, the N atom’s shifting distance becomes larger than the required one
(as analyzed in Fig. S10) i.e., dV = qtheo™y 4 dshear Thus, the shear strain induced CTB

structure distortion will facilitate asynchronous migration.

4.2 On the thermodynamic mechanism of CTB migration
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Fig. 11. (a) Schematic modes of different migration paths (Scenario 1,2,3, see text for details)
from the N-terminated CTB (N-CTB) to the Cr-terminated CTB (Cr-CTB). The open circles
denote the initial positions (before Cr and N atom migration). (b) DFT calculated energy
barriers (relative to the energy of N-terminated CTB) as a function of migration displacement
along the (112) direction. The black and red lines represent asynchronous modes, i.e., Scenario
1 and Scenario 2 in Fig 11(a). The blue line indicates a synchronous mode, i.e., Scenario 3 in
Fig 11(a).

In order to rationalize the CTB structure altering from N-terminated to Cr-terminated, we
apply DFT calculations and compare the energy barriers (the mode of N-terminated to Cr-
terminated). Based on the experiment observation, three scenarios are considered for the
migration paths, as shown in Fig.11a. Scenario 1 (experimentally observed migration path) is

an asynchronous migration mode. The first migration is the Cr atom (with a migration vector
of 1/6a[112]), followed by N (with a migration vector of 1/6a[112]). Scenario 2 is a mode that

the N atom migration first (with a migration vector of 1/6a[112]), and then moves the Cr (with

a migration vector of 1/6a[112]). Scenario 3 is a synchro migration mode of Cr and N atoms

simultaneously with a migration vectors of 1/6a[112] and 1/6a[112], respectively. The
calculated energy differences of CTB for different scenarios are plotted in Fig.11b as a function
of the migration displacements (from N-terminated to Cr-terminated CTB).

For all scenarios, the N-terminated CTB exhibits the lowest energy configuration, whereas
the Cr-terminated CTB is a higher energy metastable separated from the N-terminated by an
energy barrier. Compare with the other scenarios, scenario 1 exhibits the lowest energy barrier
to migration, 1.e., the “resistance” during the initial CTB migration process is much smaller in
scenario 1 than in the other scenarios. Thus, this analysis corroborates our experimental
observations on asynchronous migration from N-terminated to Cr-terminated (Figs. 7).

Furthermore, for the first half of the scenario 1 (Cr-before-N mode, black curve) in which
Cr atoms migration along the [112] direction, the maximum energy is 0.97 J/m? (scenario-1,
step 1), corresponding to the intermediate ball-on-ball configuration. However, for the first half
of scenario 2 (N-before-Cr mode, red curve), the maximum energy of the first stage of N atoms
migration is 1.24 J/m? (scenario-2, step 1). This indicates that the energy barrier for the first
migration of Cr atoms is lower than that for the first migration of N atoms. This could also be
proved by experimental observation. Figs. 12 shows an instantaneous TD nucleation event at
the CTB/surface junction, where beam irradiation drives the lower energy-barrier Cr atoms to

migrate firstly, i.e., TD nucleation, while the N atom is relatively stable.
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Fig. 12. (a) HRTEM (Movie snapshots) shows the instantaneous TD nucleation event at the
CTB/surface junction. (b) Schematic atomic positions in (a). In this TD nucleation event, only
one labeled Cr atom (the dotted circle represents the initial location of migrating Cr atom)
showing the migration, where the adjacent N atom is relatively stable (the local atom positions

are indicated by the rectangle).

In short, according to the DFT results, we infer that the CTB/surface migration mode has
a different energy transformation mechanism relative to the CTB/ITB migration mode. Figs.13
schematically summarizes the CTB migration modes from the CTB/ITB and CTB/surface. For
the CTB/ITB mode, CTB migration is not associated with a boundary structure alternating,
which indicates that CTB have equal energy before and after migration. As for the CTB/surface
mode, CTB migrates from the CTB/surface junction is an alternating structural process from
N-terminated CTB to Cr-terminated CTB, which leads to the CTB have the higher energy after
migration. However, according to our DFT results, the CTB with Cr-terminated structure is
with a high-energy state (by comparing the initial point and ending point in the curves, which
correspond to the N-terminated and Cr-terminated CTB, respectively), and metastable.
Therefore, the Cr-terminated CTB is unstable, and its migration is easier than N-terminated,
i.e., a smaller energy barrier needed for the Cr-CTB reversing to N-CTB (~ 0.17 J/m? obtained
from the scenario 1 curve). This is exactly what we experimentally observed in Figs.5.
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Fig.13. A summary of CTB migration modes from the CTB/ITB and CTB/surface junction

4.3 The effect of TMN twinning on mechanical properties

In fcc metals, a certain density of twins will soften the material [12-14]. Here, our multilayer
has very high-density twins (as seen in Figs. S11), but the multilayer's hardness with twins is
only 21 GPa (measured by nanoindentation). Such value is lower than that of multilayer
CrN/AIN coatings with various bi-layer periods [41-45] and even lower than that of single-layer
CrN coatings [41, 43, 46, 47]. This implies that twins barely harden the multilayer but limit the
strength instead. We consider that the existence of many TBs may play a softening effect. To
verify the CTB structure after loading/deformation, a TEM observation was carried out in the
indented fill. Fig. 14a shows a top view after nanoindentation, where the position of FIB cutting
is shown in a white frame (supplementary Figs. S12 shows the overall morphology of the
indented cross-section coating). For indented coating, Fig. 14b shows an atomic-scale
observation of CTB, which indicates the formation a completely Cr-terminated CTB. TEM
observation here confirms that load/deformation can also drive the CTB migration from N-
terminated CTB to the CTB completely terminated with Cr. Since the existence of CTB
migration and TD motion behavior, it can dissipate the elastic strain energy and softening the

material [12-14]. Meanwhile, previous molecular dynamics simulations (uniaxial tension/
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compression deformation) showed that the mechanical properties with different types of CTB
in rs-VN (metal-terminated and N-terminated) is dissimilar [48]. It indicates that metal-
terminated CTB has lower critical stress than N-terminated CTB, and CTB migration behavior

(accompanied by structural alternating) contributes to softening.

Furthermore, polycrystalline TMN coating has the intergranular fracture mode [49, 50].
The fragile grain boundary is also one of the important factors limiting its strength. In our CrN
multilayer film, both X3{111}-CTB and X3{112}-ITB constitute main columnar grain
boundaries. And £3{111}-CTB displays two different symmetrical plane structures, presenting
different grain boundary strength and fracture toughness accordingly. An interesting property
of GB is the work of separation Wsep, Which is a measure of the energy required to cleave the
GB into the free surfaces and is correlated to the fracture toughness. Wsep is given by the

following formula:
Wsep = 2Esurf- Ecs (1)

where Esyrf is the corresponding surface energy for the facet (hkl) formed by cleaving the
GB. Egg is the corresponding grain boundary energy. Generally, rock-salt TMN {111} plane
has much higher surface energy than {112} (as DFT results in Ref. [51] shown). For CrN ITB,
although no calculation data are available, it can be considered that its energy is much larger
than CTB. Thus, the work of separation for £3{111}-CTB will be larger than £3{112}-ITB,
Wed? <WSr?. In fcc metals, CTB migration hardly involves boundary structural change and
energy fluctuations, where CTB energy is also quite low. However, for CrN, our DFT result
shows that the N-terminated CTB has much lower energy than Cr-terminated CTB (the energy
difference is about 1 J/m?). The work of separation for N-terminated will be larger than Cr-
terminated CTB, i.e., W55~ c"<WST8~N. Therefore, it is anticipated that CTB migration in
CrN, involving the structural alternating from N-terminated to Cr-terminated boundary, will

eventually cause a reduction of the CTB adhesion strength.
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Fig.14 (a) SEM micrograph of top view of the indented thin film. (b) HRTEM observation of
the CTB structure in the indented thin film.

5. Summary

We identified distinct CTB migration and TD nucleation mode using in-situ atomic-scale

electron microscopy and fast recording system. The results obtained in the present paper can be

summarized as follows:

(i)

(i)

(iii)

(iv)

(v)

Twin boundary defect emission at the CTB/ITB junction has a 1/6a[112]
Burgers vector. Moreover, the CTB migration from the CTB/ITB junction does
not involve boundary structure alternating.

Twin boundary defect may also nucleate at the CTB/surface junction, but its
structure hardly exhibits Burgers vector. The CTB migration involves boundary
structure alternating from the N-terminated to Cr-terminated. Moreover, both
TEM observations and DFT calculations confirm that the Cr-terminated CTB is
with high energy and thus metastable.

CTB migration and TD motion from the surface are driven by the local stress,
which originates from beam irradiation.

Under normal beam illumination, the CTB transformation from N-terminated to
Cr-terminated can also be triggered by the internal stress or external load.
In-situ HRTEM observation reveals that Cr and N atom respective motion is
asynchronous. This is ascribed to the shear strain induced CTB structure

distortion and the different migration energy barrier.
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Through time-resolved HRTEM, we gain insight into the CTB migration and defect
nucleation in a binary ceramic, which will improve our understanding of the deformation

mechanism in complex materials
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Captions for Movies (movie as seen in https://doi.org/10.1016/j.actamat.2021.116732):

Movie S1: Movie showing the TD emission and CTB migration from CTB/ITB junction. The
video frequency is 20 fps. The movie is acquired using JEOL JEM 2100F with an image-side
Cs-corrector. The electron dose rate was ~5x10* electrons/A? s with the convergence beam
Movie S2: A movie showing TD nucleation and CTB migration in CrN caused by strong beam
irradiation. The video frequency is 20fps. After 17 seconds, TD nucleation and CTB migration
can be found. The movie is required by JEOL JEM 2100F with image-side Cs-corrected. The
electron dose rate was ~5x10* electrons/A? s with the convergence beam
Movie S3: Movie showing the time-evolution of the dynamic process of CTB migration that is
undergoing an electron-beam-induced CTB migration from N-termination to Cr-termination.
After 17 seconds, TD nucleation and CTB migration can be found. At ~18s, the CTB fully
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migrate to the Cr-termination CTB. The video frequency is 20fps. The movie is acquired using
FEI Titan Themis 80-300 with an image-side Cs-corrector. The electron dose rate was ~5x10*
electrons/A? s with the convergence beam

Movie S4: A movie showing the Cr atom jumps at the CTB/surface junction under strong beam
irradiation. Within 25 seconds, two significant Cr jumps were detected (t=4 s and t=16 s). The
video frequency is 20fps. The movie is acquired using FEI Titan Themis 80-300 with image-
side Cs-corrector. The electron dose rate was ~1x10* electrons/A? s with an electron beam

expanding to near full fluorescent screen.

Supplementary Figures S1-S12:

E-beam b
a (Normal mode)

E-beam
(Irradiation mode)

Fluorescent screen

Fluorescent screen

Supplementary Figure S1: a, A schematic view of the normal illumination mode. Under this

image taken condition, the electron dose rate was ~1x10* electrons/A? s with an electron beam
expanding to near full fluorescent screen. b, A schematic view of electron beam illumination
mode during the in-situ experiments. Under this mode, the electron dose rate was ~5x10*

electrons/A? s with the convergence beam (near 1/8 fluorescent screen).
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(a) (b)

r-CrN (100 nm) /
w-AIN (4 nm)

r-CrN (100 nm)

Supplementary Figure S2: a, A schematic view of CrN multilayer structure on the Al2O3
(0006) substrate. b, A low magnification HAADF image of CrN thin film with bright contrast
of CrN layer and dark contrast of the AIN layer. c, A typical HRTEM image from the substrate-

film interface area, where the AIN exhibits a wurtzite-type structure.
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Supplementary Figure S3: a, Schematic structural model of CTB step in CrN, where the upper
position of the terrace is N-termination CTB and lower position is Cr-termination CTB. b, a
snapshot of HRTEM Movie S2. ¢, d, HRTEM image simulation results at different sample
thickness. Simulation conditions: TEM: 2100F, Cs=0.0, Cc=1.2mm, acceleration
voltage=200kv. In Fig. S3c, the sample thickness is thin enough. Thus, in CrN £3{111} CTB
the contrast of N atoms can be observed. However, as the sample thickness increasing, the N
contrast will gradually become weaker until it totally disappears. When the sample thickness is
about 4 nm, there only show the Cr atom contrast (as seen in Fig. S3d). Thus, combining image
simulation with experimental observation, we can distinguish whether the CTB is the N-

termination or the Cr-termination.
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Supplementary Figure S4: Directly measured Burgers vector on the HRTEM micrographs of
Fig.3c and Fig.4b. TD emission from the CTB/ITB junction shows a twin boundary step
structure with N-terminated/N-terminated and with a height of 1> dy1113 (Fig.3c). The Burgers
vector of such TD is 1/6a[112]. However, TD emission from the CTB/surface junction displays
a twin boundary step structure with N-terminated/Cr-terminated and with a height of 1.5xd1113
(Fig.4b).
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Supplementary Figure S5: The enlarged HRTEM image in Figs. 5. a, show that the CTB has
a fully N- terminated CTB structure. b, show that the CTB structure varies from an N-
terminated CTB to a Cr- terminated CTB. c, displays the already created Cr- terminated CTB
partially reverse to N- terminated CTB after terminating irradiation for 10 min.
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Supplementary Figure S6: a, Schematic structural model of the transitional stage (ball on ball)
from N-termination CTB to Cr-termination CTB. b, HRTEM image simulation result using the
model in a. Simulation conditions: TEM: FEI Titan Themis 80-300, Cs=0, acceleration
voltage=300kV, defocus=- 9.4 nm and thickness = 1.7 nm.
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Supplementary Figure S7: (a) and (b), HRTEM images of un-irradiated (normal illumination
mode) N-terminated CTB and Cr-terminated CTB, respectively. (c) and (d), HAADF images

of un-irradiated (normal illumination mode) N-terminated and Cr-terminated CTB, respectively.

In a-d, the lattice angle is determined by [111]/[100] direction

Throughout the observations, we found that the CTB structure alternating can also be driven by
the internal stress, in addition to beam irradiation (i.e., Fig.7). Nitride coatings manufactured
by reactive magnetron sputter generally exhibit very high intrinsic residual stress [127, 128].
This stress may drive the alternation of CTB structure. Figs. S7 show HRTEM and HAADF
images from un-irradiated N-terminated and Cr-terminated CTB (under a normal illumination

mode). For the N-terminated CTB (Fig.S7 a and c), the measured lattice plane angles (the angle

between (111) and (200) planes) in the CTB region are 54.6°—56.0°, corresponding to a shear
strain of 0.2% —2.3%. However, for the Cr-terminated CTB, the measured lattice plane angles
in the lower part of Fig. S7b and d are 57.0° and 57.4°, respectively. This indicates that a certain
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strain/stress, i.e., 4.2% and 4.9% shear strain, drive CTB migration and structure alternating
(from N-CTB to Cr-CTB). Thus, we infer that the formation of the Cr-terminated CTB

can effectively accommodate stress concentrations.
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Supplementary Figure S8: Three continuous snapshots HRTEM images demonstrating the
asynchronous CTB migration process from N-terminated to Cr- terminated under a normal
illumination mode ( ~10000 electrons/A? s).

Under a normal illumination mode (no intense electron beam irradiation), we found that when
the local location is subjected to high strain conditions, the asynchronous CTB migration
process can also be observed. Figs S8 shows three consecutive snapshots (exposure time with
1s) under a normal illumination mode, where indicate the alternation of the CTB structure from
N-terminated CTB to Cr- terminated CTB. In Fig. S8a (initial state), we observe a twin
boundary step structure with N-terminated/Cr-terminated. By measuring the lattice plane angle
of the upper part, we know that the shear strain reaches up to 4.5%. This means that the strain
in Fig. S8a is already very close to the critical stress state for migration (see our GPA result in
Figs 9), which means any external stimulus may stimulate its migration. After about 1s, part of
the Cr {111} plane (as indicated in green frame) migrates. However, the position of the N atom
has not changed in Fig. S8b, indicating that Fig. S8b is a transitional state of its CTB migration
from N-terminated to Cr- terminated. Finally, Fig. S8c (final stage) shows that the CTB
structure has been fully transformed to a Cr- terminated CTB. Therefore, three continuous states
(Fig. S8) indicate that the motion of Cr and N atoms also is not synchronous, i.e., Cr atoms
migration firstly followed by the N atoms, consistent with our observation results under intense

electron beam irradiation in Figs 7 of manuscript.
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Supplementary Figure S9: Selected movie frames from movie S3 (1-17s). The time of the
image capture (in seconds) is given at the top. Here we measured the inter-plane lattice angles

((111) /(111)) at different times (1-17s, with an interval of 2 seconds) in the same location. The

inter-plane lattice angle decreases continuously from 69.5<to be 67.3<
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Supplementary Figure S10: a, The schematic image of distorted N-termination CTB (induced
by shear strain/stress). The blue circle is the position of perfect N-termination CTB (without
shear strain/stress). The black circle corresponds to the position of the final structure of CTB
migration (Cr-termination CTB). b, ¢, Snapshots of Movie S3 at t=1 s and t=13s, respectively.
In ¢, the shear strain in the upper part is larger than that in b becuase the a.angle changes from
69.5°to 67.4< Scale bars: (b) and (c) 0.25 nm. Under the shear strain/stress, Cr atoms at the
CTB will be closer to the Cr-termination position and the shift distance will be shorter than the
required distance. Under the same shear strain/stress, N atoms will be away from the Cr-
termination position, and the shift distance will be longer than the theoretical distance (as seen
in Fig. S10a). This can also be confirmed by our experiment observation (as seen
Supplementary in Fig. S10b and c).
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Supplementary Figure S11: a, bright-field images of CrN columnar grains away from the
substrate about 300-400 nm, where the red and yellow labels indicate CTBs and ITBs,
respectively. b, HRTEM observation the columnar grain boundaries (with CTB and ITB). c,
the statistics of CTB and ITB density (number of CTB per unit length). Here, a total of 20
STEM BF images (statistics index 1-20) were used for TBs density statistics. (d) A summary
of hardness values plotted with multilayer AIN/CrN and single layer CrN.
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Supplementary Figure S12 a, SEM micrograph of cross-sectional view of the indented thin

film. The dotted line shows the original sample surface (film thickness ~2 um). The blue frame

is the TEM observation position. ¢, TEM-BF cross-sectional view of the indented thin film.

The nanoindentation was performed with a Hysitron Triboscope equipped with a spherical tip.
The cross-sectional TEM specimens were prepared using a Zeiss Auriga Laser FIB system,
consisting of a focused ion beam column (Orsay Physics Ga+ ion FIB). A SEM image (Fig.
S12a) illustrates the overall morphology of the indented cross-section. Fig. S12¢ shows a TEM
BF image in the indented film (the TEM view position as seen the blue frame in Fig. S12b),

where a CTB can be found.
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