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Kurzfassung

Diinne Schichten kommen aufgrund ihrer speziellen funktionalen
Eigenschaften in einem breiten Anwendungsspektrum zum Einsatz.
Eines ihrer Einsatzgebiete ist der Schutz zerspanender Werkzeuge
durch Beschichtung mit Hartstoffschichten, wobei Werkzeuglebens-
dauer und -leistung erheblich gesteigert werden kdnnen.

Dabei liegen bei den meisten Diinnschichten Querschnitts- (d.h.
Tiefen-)gradienten der Mikrostruktur vor. Aquivalente Gradienten
sind bei den mechanischen und funktionalen Eigenschaften zu be-
obachten. Diese Gradienten konnen Folge des Schicht-Abscheide-
vorganges aus der Gasphase sein, oder nachtriglich durch duBere
Faktoren (mechanische oder thermische Belastung, Oxidation) ein-
gebracht werden. Sie erweisen sich als leistungskritisch in einerViel-
zahl von Anwendungsfillen, so auch beim Einsatz beschichteter
Schneidewerkzeuge. Ihre Charakterisierung ist von entscheidender
Bedeutung fir das Auffinden von Struktur-Eigenschafts-Beziehun-
gen und die darauf aufbauende wissensbasierte Weiterentwicklung
funktionaler Diinnschichten.

Die Abbildung dieser Gradienten, stellt dabei hohe Anforderungen
an die Ortsauflosung der verwendeten Untersuchungsverfahren. Um
den Querschnittsverlauf nano-skalierter Schichtstrukturen und -ei-
genschaften aufzulsen, wurden im Rahmen dieser Arbeit Synchro-
tron-Rantgen-Nanobeugung, Nanoindentation, Elektronenmikroskopie
sowie Experimente mit Mikro-Biegebalken eingesetzt.

Neben der entscheidenden Rolle von Struktur- und Eigenschafts-
gradienten in Hartstoffschichten auf Schneidewerkzeugen, ist auch
das Verhalten des schichtnahen Substratbereiches von erheblichem
Interesse fir das Verstandnis und die Modellierung von Zerspanungs-
vorgingen. Ein Teil dieser Arbeit befalt sich daher mit der Unter-
suchung des Verhaltens schichtnaher WC-Co-Regionen unter
zyklischer thermischer Belastung durch Laserbestrahlung.

Die vorliegende Arbeit stellt zwei Modellfille querschnittsaufgelos-
ter, nano-analytischer Charakterisierungen von Diinnschichten vor,
wihrend eine dritte Studie sich mit Plastifizierungsvorgingen in
schichtnahen WC-Co-Substratregionen beschiftigt. Bei den vor-
gestellten Studien handelt es sich um:

* Die Anwendung von Synchrotron-Rontgen-Nanobeugung,
Transmissions-Elektronenmikroskopie und In-situ-Experimen-
ten mit Mikro-Biegebalken zur querschnittsaufgeldsten Cha-
rakterisierung des Oberflichen-Oxidationsverhaltens einer
cvp-TiN/TiB,-Hartstoftschicht. Dabei konnte die Auswirkung
der Oxidation auf Gradienten von Mikrostruktur, Eigenspan-
nungszustand und mechanische Eigenschaften en détail unter-
sucht, und die ausgeprigte Oxidationsbestindigkeit der
TiB,-Schichtlage bestitigt werden.

x1
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Die querschnittsaufgeloste Untersuchung einer cvb-Diamant-
schicht, bestehend aus jeweils einer nanokristallinen wie einer
polykristallinen Schichtlage. Unter Verwendung von Synchro-
tron-R ontgen-Nanobeugung, Elektronen-Riickstreubeugung,
Nanoindentation und Mikro-Biegebalken-Versuchen konnten
komplexe Beziechungen der Gradienten von Mikrostruktur, Ei-
genspannungszustand, mechanischen Eigenschaften und ange-
wandten Abscheidebedingungen ermittelt werden.

Den Einsatz eines komplexen experimentellen Aufbaus, bei dem
Synchrotron-R éntgenbeugung in Kombination mit punktueller
Laserbestrahlung von mit TiCN und «-Al,O5 beschichteten
WC-Co-Wendeschneidplittchen angewandt wurde. Dies er-
moglichte die Aufzeichnung von Temperatur- und Spannungs-
verldufen in lokal erhitzten schichtnahen Substratbereichen bei
zeitlicher Auflésung im Millisekunden-Bereich. Diese Daten
gewiahren detaillierten Einblick in die Plastifizierungsmechanis-
men des WC-Co-Verbundes.









Abstract

Thin films are used in a wide range of applications due to their uni-
que functional properties. One particular role is the protections of
cutting and milling tools by hard thin coatings. This results in sig-
nificantly improved tool lifetime and performance.

Most thin films exhibit cross-sectional (i.e. depth) gradients of mi-
crostructure, mechanical and functional properties. These gradients
can be connected to specific conditions during film growth from
the vapour phase, or be the consequence of exposure to post-depo-
sition external factors, e.¢. mechanical or thermal loads or oxidation.
The gradients are decisively linked to functional performance in a
large number of thin film applications, including hard coatings on
cutting tools. Their characterisation is of critical importance in estab-
lishing structure-property relationships and the knowledge-based
improvement and design of thin films.

Measuring nano-scale thin film structure and property gradients re-
quires dedicated high-resolution experimental techniques. In order
to resolve sub-micrometre thin film features and their physical pro-
perties, synchrotron X-ray nano-diffraction, nano-indentation, electron mi-
croscopy as well as micro-cantilever bending experiments were applied
within the framework of this thesis.

In addition to the critical role of structure and property gradients
within thin protective coatings on cutting tools, also the behaviour
of the coating-near substrate region is of great interest for the un-
derstanding and modelling of cutting and milling processes. Part of
this thesis is concerned with investigating the behaviour of substrate-
near WC-Co regions when subjected to cyclic thermal shocks by
laser irradiation.

This thesis presents two model cases of cross-sectional nano-analytics
based characterisation of thin films, while a third study presented
examines plastification phenomena in coating-near WC-Co sub-
strate regions. In particular, the presented case studies are:

* A study of the surface-oxidation behaviour of a cvb TiN/TiB,
protective coating, applying synchrotron X-ray nano-diffraction,
transmission electron microscopy and in-situ micro-cantilever
experiments. This allowed to examine the effect of surface oxi-
dation on gradients of microstructure, residual stress and me-
chanical properties in detail, proving the favourable oxidation
resistance of the TiB, sublayer.

e A cross-sectional study of a cvD diamond coating, consisting of
a nanocrystalline bottom layer and a coarse-grained polycrystal-
line top layer. Complex cross-sectional correlations between thin
film microstructure, residual stress, mechanical properties and
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deposition conditions could be revealed by synchrotron X-ray
nano-diffraction, transmission electron microscopy and in-situ
micro-cantilever experiments.

A study involving a complex synchrotron X-ray diffraction set-
up with in-situ laser pulsing to characterise the time-dependent
evolution of stresses and microstructure in locally irradiated
WC-Co inserts coated with cvp with TICN and ¢-Al,Oj5 films.
With this set-up, the temperature and time dependent develop-
ment of stress levels within the coating-near WC-Co substrate
region could be recorded at millisecond time resolution. The
acquired data provided detailed insight into the WC-Co com-
posite plastification mechanism which governed the stress build-
up and relaxation in the substrate material.
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1 Introduction

1.1 Thin films and hard coatings

Surface modifications of objects have been used at least since early
antiquity with the aim of achieving desired aesthetic or functional
characteristics. Throughout history, man has utilised the unique
properties of artificially crafted surfaces, be it to save precious mate-
rials or to produce objects with qualities inherent to their surface
treatment, possessing qualities that reach beyond those achievable in
bulk materials [1,2]. As we stride ahead further into the new mil-
lennium, thin film materials, thin coatings and related materials sys-
tems are used in a multitude of roles, exploiting their specific
inherent (physical, chemical, electronic, tribological, etc) properties
or combinations of properties [3, 4]. Modern fields of application
are, by implication, as varied as the spectrum of specific properties,
ranging from optics [ 5], medical engineering [6] and tool protection
[7, 8] to microelectronics and battery technology.

Most taxonomies distinguish between thin films used for their spe-
cific electronic properties, e.g. in semiconductor components, opfical
films, e.g. as anti-reflection coatings and profective coatings, shielding
vulnerable parts from adverse conditions such as mechanical and
thermal loads or detrimental chemical reactions. Thermal properties
can be exploited in heat-barrier and transfer layers, while coatings
with special tribological characteristics can serve in environments
where friction is critical. Thin films are usually synthesised either by
physical or chemical vapour deposition techniques, as outlined in
Sec. 2.1 [1, 9].

This thesis is mostly concerned with hard protective thin films used
as coatings to protect cutting tools, their cross-sectional characteri-
sation and design.The terms thin film and coating are henceforth used
synonymously to refer to a layer or architecture of layers with a typi-
cal thickness in the range of up to several micrometres, deposited
onto a substrate.

The advanced economies and material wealth of our time could not
possibly exist without the industrial and manufacturing processes
and techniques, of which a significant number rely on the cutting
and machining of metals and alloys of various kinds. Today’s ceramic
thin film coatings employed on state-of-the-art cemented carbide
cutting tools allow for high performance cutting and milling oper-
ations in a number of roles, owing to their specific physical, chemical
and operational characteristics [7, 10]. The coatings have to withstand
severe mechanical and thermal loads with temperatures reaching up
to 1000 °C [11].Their required set of properties combines high hard-
ness, high Young’s modulus and fracture toughness, as well as superior
resistance to oxidation and wear [12]. Modern hard protective coat-
ings come in a range of designs and microstructural architectures,
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which serves as key for their outstanding performance |7, 8, 10].
Since their commercial beginnings in the 1970s, these coatings for
tools have undergone a steady evolution from simple mono-layer
structures to complex, multilayered architectures with tailored mi-
crostructures, stress states, property gradients and functional charac-
teristics [13, 14].

1.2 Motivation and research contributions

The overarching theme of this thesis is the combined application of
established and relatively novel, advanced characterisation techniques
in the measurement of micro- and nano-scale gradients of protective
thin film microstructure, physical and functional properties, as used
for establishing structure-property relationships. This characterisation
step, in particular of sub-micrometre and nanoscale properties and
property gradients is crucial in the coating design process, closing
the feedback loop between coating synthesis, post-deposition treat-
ment and knowledge-based enhancement of coating performance.
In particular, the key focus was put on employing state-of-the-art
cross-sectional characterisation methods and in-situ based tech-
niques. Three independent pieces of research are presented, which
have been published in peer reviewed specialist journals. Two of the
studies represent cross-sectional thin film investigations where nano-
focussed synchrotron X-ray diffraction (csnanoXrp) played a pivotal
role in revealing various depth gradients of phase, microstructure
and residual stress state. The third study employed a complex syn-
chrotron X-ray diffraction (X®rD) set-up coupled with in-situ laser
pulsing, which was used to reveal plastification phenomena in coated
cemented carbide substrates.

In detail, the three presented case studies (appended as publications
A, B and C) are concerned with

A the oxidation behaviour, i.e. oxidation resistance, of a CcvD
TiN/TiB, protective coating that was deposited onto cemented
carbide cutting inserts. Samples were oxidised in ambient air at
temperatures of up to 700 °C, which lead to the formation of a
rutile T10, oxide film on top of the nanocrystalline TiB, coating
top layer. Investigations of the coating in as-deposited and oxi-
dised state using CSnanoXRD, scanning transmission electron mi-
croscopy, in-situ micro-cantilever bending and various other
experimental methods provided a detailed cross-sectional insight
into the coating/oxide phase composition and residual stress
states as well as into oxidation-induced coating degradation and
change of mechanical coating properties.

B The nano-analytics based cross-sectional study of a cvD dia-
mond thin film which consisted of a nanocrystalline diamond
(NcD) bottom layer and a coarse-grained polycrystalline dia-
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mond (pcD) top layer deposited onto substrates of Si.To the au-
thors” knowledge, this was the first contribution using csna-
noXrD with a nano-focussed beam to investigate a CvD diamond
thin film. Complex cross-sectional correlations between thin
film microstructure, residual stress state, mechanical properties
and deposition conditions could be revealed.

The use of a sophisticated synchrotron XRrRD set-up employing
in-situ laser pulsing to characterise the time-dependent evolu-
tion of stresses and microstructure in locally irradiated WC-Co
cutting inserts coated by cvp with TICN/a-Al,O5.The experi-
ment was able to measure the temperature and time-dependent
evolution of strain and stress levels within the coating-near ce-
mented carbide substrate at millisecond time resolution. This
provided detailed insight into the WC-Co composite plastifi-
cation mechanism which governs the build-up and relaxation
of stresses in locally thermo-shocked WC-Co.






2 Thin film synthesis

Thin film synthesis on substrates based on vapour deposition can
generally be divided into three sequential phases: (i) vaporising of
source material, (i1) transfer of vapourised material to the substrate,
potentially including collisions and/or chemical reactions as well as
(ii1) the actual film growth phase involving condensation, nucleation,
coalescence and crystal growth [1, 15, 16].

Historically, the development of vapour deposition is closely related
to technological progress in the field of vacuum technology. Today,
a multitude of specialised vapour deposition processes exist, differing
significantly in terms of involved auxiliary techniques, applied dep-
osition pressure environment, substrate temperature, vapour phase
particle energy and film growth rate. In a very general sense, a dis-
tinction is drawn between two main groups:

Physical vapour deposition (PvD) relies on vaporising source materials
based on physical processes such as thermal heating, irradiation by
electron or laser beams, the use of cathodic arcs or bombardment of
source material targets by plasma particles, so-called sputtering. In
contrast the defining characteristic of chemical vapour deposition (CvD),
which uses gaseous (or vaporised liquid or solid) precursors, are
chemical gas phase and adsorbant reactions, which occur during the
transport phase, directly on, or in the ultimate vicinity of the sub-
strate. These reactions are activated thermally and may be laser-as-
sisted or assisted kinetically by the use of plasmas [1, 17].

2.1 Physical vapour deposition

PVD processes are performed in low-pressure environments (107 to
102mbar) at substrate temperatures from room temperature up to
approximately 600 °C, resulting in relatively small film growth rates
when compared to their cvD counterparts. The processes can be
subdivided into (i) evaporation-based techniques, such as molecular
beam epitaxy and cathodic arc evaporation (CAE), (ii) sputtering and
(111) ion-plating [1]. For the growth of hard protective coatings by
means of PvD, mostly CAE and various sputter deposition techniques
are of relevance.

In cAE, an electric arc is magnetically steered across a cathode target,
vaporising source material from a localised, heated-up cathode spot.
The vapour phase material is subsequently transported to the sub-
strate, where film growth proceeds. The process can be operated
either in an inert gas environment or using reactive gases [I, I8]. CAE
can achieve high ionisation rates, exceeding 90 %, but suffers from
incorporation of defect-forming droplets into the growing film,
which deteriorate film quality and increase surface roughness [18].
In sputter deposition, mostly noble process gases such as Ar are ion-
ised, accelerated and made to collide with a solid source material
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FIGURE 1: Schematic drawing, illus-
trating momentum transfer proces-
ses in sputtering (adapted from [15]).

target, effecting the release of atoms or small clusters. The underlying
physical principle is the transfer of momentum between impinging
Ar” ions and the target material, and the subsequent triggering of
collision cascades within the target. Target atoms/compounds are
sputtered if their kinetic energy surpasses the binding energy of the
respective target material. Fig. 1 shows a schematic drawing of the
fundamental momentum transfer processes occurring at the sputter
target. Sputter yield, which serves as a measure of the efficiency of
sputtering, is defined as the quotient of the number of sputtered
atoms and the number of incident particles [1]. The primary ionisa-
tion (with typical ionisation rates below 1 %) is maintained by a glow
discharge plasma inside the process chamber. Upon ejection from
the target, sputtered vapour-phase source material is transported to
the substrate on ballistic trajectories and consequently incorporated
into the growing thin film. [10, 19|

Variations of the relatively simple direct current sputtering, where a
constant electric field between the cathode target and anode
chamber walls is applied, are radio frequency sputtering and mag-
netron sputtering. As in CAE, reactive process gases like N or O may
be employed in order to facilitate the deposition of nitride or oxide
films [20].

In contrast to cvD, PvD deposition can be operated at considerably
lower temperatures, ranging from room temperature up to ~700°C.
This comes as a major advantage when working with temperature
sensitive substrate materials. By its very nature, PvD is a so-called line-
of-sight process, meaning that vapour-phase material travels on ballistic
trajectories from target to substrate. As a consequence, deposition
on substrates which are stepped, contain trenches, cavities and/or
other topographical features can be problematic [1, 16].

2.2 Chemical vapour deposition

The thin films and coatings investigated within the scope of this
thesis were all deposited by cvD processes. Industrial scale hot-wall
cvD plants were used in the deposition of the TiN/TiB, (appended
publication A) and TICN/a-Al,O; coatings (publication C).The bi-
layer diamond thin film (publication B) and was grown by micro-
wave plasma-enhanced cvp.

The basic underlying principle in cvp is the use of precursors,
which, in the beginning, may be present in either gaseous, liquid or
solid form, followed by their volatilisation and subsequent activation
of chemical reactions to form a solid film [1, 17]. Volatilisation of
solid precursors such as Al, Zr or Hf is usually based on chlorination.
In a general sense, cvD processes can be classified by the method
used to supply the activation energy required for the cvD reactions
to occur [17]. cvD techniques are applied in higher pressure envi-
ronments (~I1oombar to atmospheric pressure) compared to PVD
and rely on elevated substrate temperatures (~600—1100 °C). In order
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to achieve lower operational deposition temperatures, assistive
sources of energy, such as plasmas, laser irradiation or microwaves
can be integrated into the process to foster chemical reactions. cvD
processes have been tailored to meet a broad spectrum of application
specific requirements and are therefore employed in a range of dif-
ferent industries. In particular, this is due to the great variety of ex-
isting suitable precursor substances. Additional favourable
characteristics of cvp include its ability to deposit material on out-
of-sight surfaces, e.g. on shadowed surfaces or in cavities or trenches,
which is referred to as throwing power, and the ability to use large
deposition reactors, which render the process economical for indus-
trial production.

Hard protective coatings used on cutting tools are primarily depos-
ited by thermally activated pvD in hot-wall type reactors, which
allow for close temperature control. Typical associated deposition
temperatures are in the range of 700—1100°C |15, 16, 21, 22]. Fig. 2
shows a highly simplified schematic drawing of a hot wall cvp re-
actor, as used in the industrial-scale coating of cutting tools.

CHEMICAL VAPOUR DEPOSITION

FIGURE 2: Schematic drawing of a

hot-wall type cvD plant, as used in

the industrial production of cutting
tools (adapted from [17]).
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FIGURE 3: Schematic drawing of

different atomic processes involved
in the initial stages and during thin
film growth (adapted from [23] and

[o])-

2.3 Film growth and post-deposition treatment

A simplified schematical drawing of different atomic processes in-
volved in thin film growth is shown in Fig. 3. After condensation of
an arriving particle onto the substrate, it may diftuse along its surface
or gain enough energy to re-evaporate. Edges, impurities or other
topographical surface features are preferential low energy sites for
adsorption of particles diffusing along the surface. Surface diffusion
can furthermore result in the formation of particle clusters, which
are referred to as nuclei once they reach a critical size. In addition,
interdiffusion of particles between film and substate can occur. Film
growth is the result of continuous film thickening by additional dep-
osition of atoms. [1,9, 22, 23].

Three basic modes of thin film growth can be distinguished and are
related to different binding characteristics of deposited particles and
atoms of the substrate. The modes are schematically shown in Fig. 4.
Island growth (Volmer-Weber type) occurs when bonds between dep-
osition atoms or molecules are stronger than bonds between depo-
sition particles and the substrate. It is characterised by
three-dimensional growth of nuclei and the formation of islands. In
contrast, layer-by-layer growth (Frank-van der Merwe type) can be ob-
served when bonds between atoms of deposited material and the
substrate dominate, promoting the closing of individual layers of
atoms. A combined growth mode (Stranski-Krastanov type) can occur
when island growth is favoured after the initial formation of one or
several closed mono-layers [1].

In general, the nucleation and growth kinetics, which are closely
connected to resulting thin film microstructures, properties and gra-
dients thereof, are strongly influenced by deposition parameters
[1,22].The relationship between deposition parameters and observed
thin film structure can be described in so-called structure-zone models.
The first such model was presented for films deposited by thermal
evaporation by B.A. Movchan and A.V. Demchishin in 1969 [24].
This model has since been revised, modified and extended [25—27].
Post-deposition treatments may be applied to alter thin film char-
acteristics. In the case of hard coatings this serves to enhance per-

condensation re-evaporation
film growth
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adsorption at surface nucleation
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formance-critical functional characteristics, in particular concerning
tribological properties and residual stress states. This can be achieved
by mechanical means, such as blasting with hard media (in wet or
dry configuration), polishing or brushing, as well as annealing
[22,28].
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layer-by-layer growth (Frank-van der Merwe)
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combined growth: layer plus island (Stranski-Krastanov)

FIGURE 4: Schematic sketch of dis-
tinct modes of film growth (adap-
ted from [1]).






3 Thin film characterisation

3.1 X-ray diffraction

Since its beginnings in the first half of the 20" century, X-ray diffrac-
tion has fast developed into a versatile and powerful tool for char-
acterising the crystalline structure of materials and substances, and
is now being used in fields ranging from chemistry, biochemistry
and minerology to materials science and physics [1, 29].

The simple, yet fascinatingly elegant phenomenon of X-ray radiation
interacting with the regular arrangement of atoms and molecules
within crystalline materials to form patterns of diffraction was first
experimentally observed by M. von Laue in 1912, proving the wave-
like qualities of those rays, which had been of a mysterious nature
ever since their discovery by K.W. Rontgen in 1895 [30].The theo-
retical framework for relating observed diffraction patterns with scat-
tering crystal structures was established soon thereafter by W.L. and
W.H. Bragg, who laid the foundations of modern X-ray crystallog-
raphy [30, 31].

The applicability of XRD rests on the assumption of a material pos-
sessing a crystalline nature, which holds true for the large majority
of metallic and ceramic materials, including most thin films. This
versatility when it comes to the type of material, together with the
wealth of information which can be acquired by it, render XrRD an
indispensable tool in materials research. In particular, a material’s XrRD
pattern can give insight into its (i) crystal structure, i.e. phase com-
position, (i1) distribution of orientation of crystallites, i.e. crystalline
texture, (iii) the orientation-dependent morphology and size of co-
herently scattering domains, as well as (iv) residual strains of 1%, 2™¢
and 3™ order [32].

Individual crystal structures and corresponding crystalline phases can
be identified by their characteristic set of lattice planes and inter-
atomic spacings. It is the long-range order of the atomic/molecular
arrangement within crystalline materials that gives rise to the phe-
nomenon of diffraction as a consequence of constructive/destructive
interference of scattered waves. The condition for the constructive
interference of X-rays when elastically scattered at the lattice planes
of a crystalline solid was first formulated by W.H. Bragg in 1913 and
is referred to as Bragg’s equation,

2dsind = nl (3.1)

d being the lattice parameter, 3 the angle of the incident and scat-
tered ray with respect to the lattice plane (Bragg’ angle), while A rep-
resents the wavelength of the incident ray and n denotes the order
of diffraction. A schematic drawing of Bragg’s equation, depicting
the scattering of X-ray beams by adjacent lattice planes of a two-
dimensional primitive square lattice is presented in Fig. s.

11



12 THIN FILM CHARACTERISATION

FIGURE 5: Graphical depiction of
Bragg’s equation in two dimensions,
showing parallel incident X-ray
beams being scattered at lattice
atoms of a primitive square lattice
(adapted from [29] and [32]). Assu-
ming a non-zero structure factor,
diffraction of X-rays results if the
difference in path lengths between
waves scattered at different lattice
planes is an integer multiple of the
used monochromatic X-ray radia-
tion.

o o o o L o o
crystal lattice

In the case of polycrystalline materials consisting of a large number
of small, randomly oriented crystallites (grains), diffraction of mono-
chromatic X-rays results in characteristic cone-shaped patterns of
diffracted intensity, so-called powder diffraction cones.

3.1.1 Synchrotron XRD and nano-diffraction

Modern laboratory-size X-ray sources used in materials character-
isation work at photon energies of ~ s—20keV, resulting in eftective
sample penetration depths of several micrometres (depending also
on the probed material). Thus, information about the crystallo-
graphic make-up of most materials can only be acquired from sur-
faces and surface-near regions, which limits their use to the
investigation of surfaces and homogeneous materials [22, 33, 34].
While in reflective experimental geometries, different depth levels
of a sample can be discerned and analysed, this complex task is
usually constrained by the problem of deconvoluting diffraction sig-
nals originating from those distinct depth regions This renders this
option rather impractical for the investigation of most encountered
thin film gradients [33, 35—37]. For the study of thin films, having
complex architectures, showing film thickness-dependent property
gradients and/or sub-micron and nano-scale defects, also the effec-
tive X-ray beam diameter has to be in the order of magnitude of
those features of interest. Both the deconvolution problem, as well
as the limitations in achieving tightly focussed X-ray beams in the
sub-micron and/or nanometre regime at reasonable beam intensities,
constrain the use of laboratory XRD sources in investigating thin films
and coatings.

The inherent problem of beam size versus photon flux can only be
overcome by moving to advanced X-ray sources available at ded-
icated research facilities. Synchrotron light sources provide X-ray ra-
diation at levels of brilliance way beyond those attainable with



laboratory devices, making it possible not only to achieve high-flux
nanometre-sized beams, but also to penetrate samples of a reasonable
thickness, which allows experiments to be performed in transmission
geometry [38, 39].

The brilliance of a radiation source is a quantity reflecting the pho-
ton flux, beam divergence, source size, as well as the beam’s degree
of monochromaticity. Synchrotron sources offer tuneable beam en-
ergy in combination with a high X-ray radiation flux and small an-
gular divergence at small source size [29]. High brilliance is also key
in keeping diffraction pattern acquisition times and thus measure-
ment times low, since beam size and acquisition time can only be
reduced at each other’s cost. Acquisition time can be especially crit-
ical in in-situ experiments, e.g. when samples are being subjected to
temperature-varying environments, mechanical loads or undergo
phase transitions and subsequently high enough frame rates are re-
quired to monitor the response in diffraction patterns in real time
(40, 41, 42]. Fig. 6 shows the schematic drawing of the experimental
set-up used in appended publication C [42] to perform synchrotron
XRD measurements on samples subjected to cyclic thermal loads in-
duced by in-situ laser pulsing. For this experiment, high time res-
olution of the XRD measurement was thus essential.

The approach of probing samples with nano-focussed synchrotron
X-ray beams in transmissive geometry proved to be a highly suc-
cessful method for studying thin films by scanning their depth pro-
files, i.e. cross-sections on carefully prepared lamellae. This technique
was introduced with a beam diameter below 100nm by Keckes ef
al. in 2012 [43, 44] and is referred to as cross-sectional X-ray nano-diffrac-
tion (csnanoxRrD). It has since been applied to a variety of different
thin film samples and undergone continuous refinements and im-
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detector |
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DCM

V2N | L
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undulator N,
detector 2
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HPDL laser optics + inline

pyrometer

X-RAY DIFFRACTION

FIGURE 6: Schematic sketch of the
experimental in-situ set-up, as used
for studying strains, stresses and as-
sociated plastification phenomena
in near-coating cemented carbide
substrate regions subjected to rapid
cyclic thermal loads by laser pul-
sing, in appended publication C.
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14 THIN FILM CHARACTERISATION

FIGURE 7: Schematic drawing of csna-
NnoxXRD set-ups as used for synchrotron ex-
periments in this work. The set-up shown
in (a) was used at beamline 1D13 of ESRE to n
investigate a TIN/TiB, hard coating (ap-
pended publication A [56]), while the set-
up depicted in (b) was employed at
beamline ID16B, ESRE for the investigation
of a NcD/pcD diamond thin film (appended
publication B [57]). Both experiments were
performed in transmission geometry, using
specialised X-ray focussing optics to
achieve nano-focussed beam spots. The set-
up presented in (a) used KB mirrors to focus
the X-ray beam to a cross-section of

~ (70 X 70) nm, while the set-up shown in
(b) employed a multilayer Laue lens for
beam focussing, resulting in a pencil-shaped
beam of dimensions ~70um X 30 nm. For
both experimental configurations, piezo-
actuated stages were used to stepwise move

the sample lamellae in z-direction, resulting

in a scanning of the investigated thin films

on the cross-section. The resulting diffrac-

tion cones were recorded as Debye-Scher-

rer rings at every z-position on a CCD

detector and subsequently processed and u

analysed by specialist software.

provements, owing to developments in X-ray optics and sources, ex-
periment design and data treatment [45, 46, 47] Since its introduction
csnanoXkRD was used in experiments on thin films in as-deposited
as well as in modified (annealed, oxidised, post-indentation) state,
including curved film geometries, revealing complex gradients of
phase composition, stress state, texture and crystallite size [12, 48—
55]. csnanoxrp features as a key experiment in appended publica-
tions A and B [56, 57].

Fig. 7a&Db depicts two schematic drawings of CSnanoXRrp experi-
mental set-ups used for experiments presented in this work. The
principal configuration consists of (i) X-ray optical components to



sample
lamella

incident nano-focused

X-ray beam

focus the incident synchrotron beam to required nano- or micro
size dimensions, (i) a sample lamella, mounted on a piezo-actuated
stage and (ii1) a two-dimensional (2D) charge-coupled device (ccp)
detector at positioned perpendicular to the incoming beam at dis-
tance d to the sample, to record emerging 2D powder diftraction
patterns. The resulting intensity distribution within the diffraction
cone emanating from the centre of diffraction can be recorded as
so-called Debye-Scherrer (DS) rings on the detector (¢f. Fig. 7a&b).
Sample lamellae are prepared by mechanical methods and polished
to a thickness L ~ so—100um, being thick enough to allow simple
manual manipulation while being transparent for the high-energy
X-ray beam. Beam focussing optics is based on Kirkpatrick-Baez (KB)
mirrors, compound refractive lenses or multilayer-Laue lenses (MLL).
Rectangular, i.e. pencil-shaped beam dimensions, as depicted in
Fig. 7b, allow high resolution scanning along the z-axis, while at the
same time illuminating a many times larger number of individual
crystallites due to their extended width along the y-axis. This can
significantly benefit diffraction statistics and thus the quality of eval-
uated data. Scanning of samples can either be performed along one
single axis (so-called line scanning, usually in z-direction) or using
combined y and z motor movements to scan meshes of cross-sec-
tional lamella regions. A 2D detector image is recorded for every sin-
gle scan step, representing the specific diffractive characteristics of
this cross-sectional lamella spot. Fig. 8 shows an annotated photo-
graph of the csnanoxrp set-up used at beamline ID16B, ESRE, as used
in the experiment carried out in appended publication A.

X-RAY DIFFRACTION

FIGURE 8: csnanoXRD measure-
ment configuration at beamline
IDIGB, ESRF, as used in the experi-
ments for appended publication A.
The 2D ccp detector is in a retrac-
ted position and not visible on the
image.
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FIGURE 9: Phase plot of a cvD
TiN/TiB, hard coating exposed to
prolonged surface oxidation, obtai-
ned by csnanoxXRrp, as presented in
appended publication A [56]. Four
distinct phases can be discerned in
the presented plot of integrated in-
tensity distribution I(3,z). They
coincide with individual cross-sec-
tional substrate and coating regions,
as indicated by the schematic draw-
ing on the right-hand side. Peaks for
the TiN and TiB, sub-layers, as well
as the overlying rutile TiO, film, are
indexed, whereas WC peaks from
the cemented carbide substrate are
not denoted for simplicity.

coating height [um]

3.1.2 Phase analysis

The sequential order of Debye-Scherrer rings as recorded in csna-
NOXRD experiments on a 2D detector can directly be related to the
sequence of intensity peaks as measured by laboratory Xrp in Bragg-
Brentano (reflective) geometry. Profiles I(3), equivalent to laboratory
(3-29)-measurements, can be retrieved from 2D detector images by
integrating recorded intensity along Ds rings, so-called azimuthal in-
tegration. This integration step requires precise information about the
powder diffraction experimental geometry, i.e. exact distances and
angles of the detector with respect to the centre of diffraction [§8—
60], which can be found by measuring a sample of a material with
precisely known powder diffraction characteristics. This usually in-
volves recording the diffraction pattern of a ready-made calibration
standard consisting e.g. of LaB,.

Azimuthal integration is usually performed by specialised software,
optimised for this specific task. The csnanoxrp data acquired for
experiments presented in publications A and B were processed with
a software package named pyFAI featuring dedicated, highly efficient
integration algorithms [61]. An accompanying user interface devel-
oped at the chair of materials physics of Montanuniversitit Leoben
facilitated data handling and processing.

Integrated diffraction intensity profiles I(3) relate to individual de-
tector images, and thus to specific thin film depth positions in case
ofa line scan in z-direction. They can be condensed into a contour
plot of intensity as a function of diffraction angle and film depth,
I(3, 2). This is referred to as phase plot, as it reflects the cross-sectional
crystallographic phase composition of the scanned sample lamella.
Fig. 9 shows the phase plot generated for a TiN/TiB, hard coating
on a cemented carbide substrate, that was exposed to prolonged sur-
face oxidation prior to the CsnanoXrD measurement, as presented
in appended publication A.

Vertical line patterns in a phase plot represent diffraction patterns
related to the same crystallographic phase, i.e. related to thin film
depth regions of the same phase composition. Phase analysis by
csnanoXRrD can also map depth gradients in phase composition, co-
existence of phases at a specific thin film depth, and qualitative mi-

substrate




crostructural characteristics, rendering it a comparably simple yet
powerful tool to gain insight into a sample’s cross-sectional make-
up, given the investigated material is of polycrystalline nature and
yields sufficient diffraction statistics [43, 62].

3.1.3 Crystallographic texture analysis

Crystallographic texture is defined as the statistical orientation dis-
tribution of grains within a polycrystalline material |29, 32, 63],
which can be assessed by means of Xrp. In laboratory XrRp experi-
ments texture measurement is based on the recording of pole figures,
i.e. orientation dependent intensity stemming from diffraction on a
specific lattice plane family. Measurements are performed by select-
ing the diffraction angle of a particular lattice plane and subsequently
tilting and rotating the sample stage which results to an orientational
scan of diffracted intensity [32, 64].

Such orientation scanning is not required in CSNANOXRD experimen-
tal configurations, because the recorded 2D diftractograms contain-
ing Debye-Scherrer rings already hold orientational information on
diffracted intensity [s8]. This allows for qualitatively assessing crys-
tallographic texture, especially in thin films, where usually texture
distributions exhibit fibres oriented parallel to the thin film normal.
The orientational relationship between pole figures and intensity
distributions recorded along Debye-Scherrer rings in cSnanoxrb is
graphically illustrated in Fig. 10 [62].

X-RAY DIFFRACTION

FIGURE 10: Schematic illustration
depicting the relationship between
the pole figure of a sample (as
measured by laboratory Xrp) and
the Debye-Scherrer ring (as recor-
ded on a 2D detector by csna-
noxrD). The azimuthal intensity
distribution along a recorded ps
ring corresponds to a section in
the orientation space (indicated by
the blue circular section of the de-
picted orientational sphere around
the gauge volume), which can be
stereographically projected onto a
pole figure (curved blue line);
courtesy of J. Todt [62].
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3.1.4 Morphology analysis

The width of an X-ray diffraction peak, represented as full width at
half maximum (FwHM) can be related to the probed material’s aver-
age size of coherent diffracting domains D by Scherrer’s equation,

= L , (3.2)
FWHM COSJ

where 1 is the wavelength of the monochromatic X-ray radiation
and parameter K is a dimensionless factor, accounting for the chosen
formulation of peak breadth (rwHM or integral breadth) and crys-
tallite shape (elongated versus globular grains) [32, 65, 66]. In the case
of csnanoxrp, peak width refers to the width of individual Debye-
Scherrer rings at specific azimuthal orientations.

Peak width is furthermore influenced (widened) by the non-ideal
lattice structure of real crystallites. This includes dislocations, point
defects and any other local variation of lattice parameters, such as
micro-strains [32]. In contrast to laboratory Xrp in Bragg-Brentano
geometry, where (9-2%)-measurements carry information about
peak widths only in the direction normal to the investigated sample
surface, CSnanoXRD experiments performed in transmission geome-
try, and acquiring 2D diffraction patterns, allow for the evaluation
of Debye-Scherrer ring FwHM at any chosen azimuthal orientation.
As a consequence, in csnanoXRD the dimensions of coherently scat-
tering domains in the measured material can be evaluated in arbi-
trary sample directions, with the exception of the direction parallel
to the beam, which makes it possible to discriminate morphological
features of grains. Distinction of grain shape, e.¢. needle-like, colum-
nar, spherical can thus be achieved [43, 62, 67].

In csnanoXrD, this involves azimuthal integration of Debye-Scherrer
ring intensity within equi-spaced azimuthal regions, i.e. on cake-
like segments of the rings. A typical approach is to perform integra-
tion on 36 individual azimuthal ring segments, extending over 10°
each, resulting in a separate intensity profile I(23) for each segment.
The integration process itself is performed in an analogous fashion
as in phase analysis, using specialised algorithms. Diffraction peak
width, expressed as FwHM, 1s usually quantified by peak fitting during
the evaluation process. Practically, pseudo- Voigt functions, constituting
linear combinations of Gauss and Lorentz functions, are used for fit-
ting segmental intensity profiles I;(23) to obtain direction specific
FWHM [32, 62, 68].

Fig. 11a shows the evolution of FwHM of the 111 peak of a tri-layer
CrN thin film studied by csnanoxrp as a function of film thickness
and azimuthal angle J (a) [67]. The plot reflects (i) the gradient lay-
ered microstructure of the thin film exhibiting three zones of nu-
cleation at distinct levels of film thickness as well as (i1) the elongated
shape of coherently diffracting domains, e.g. grains, extending along
the direction of film growth. Fig. 11b presents a plot of averaged
grain size determined by Scherrer’s relation as a function of thin
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film thickness together with a schematic depiction of film thickness
dependent grain morphology.

3.1.5 Stress analysis

XRD stress analysis can retrieve internal strains and stresses prevalent
in crystalline materials. Theoretical frameworks exist to analyse stress
related to strains of 1%, 2™ and 3™ order [32, 69]. While 1* order
strains are by far the most critical for the performance and lifetime
of functional thin films, e.g. for tool protection or electronic appli-
cations, strains of 2™ and 3™ order play a less relevant role. For the
thin film studies presented in this work only 1% order residual strains
were considered and evaluated. The most basic underlying principle
therefore is, that these 1% order strains extend over length scales con-
siderably larger than individual crystallites and thus represent local
and direction-dependent variations in the lattice plane spacing of

X-RAY DIFFRACTION

FIGURE 11: Plot of FwHM of the
111 peak of a tri-layer CrN thin
film studied by csnanoxrd as a
function of film thickness and azi-
muthal angle 9 (a), and corespon-
ding plot plot of averaged grain
size determined by Scherrer’s rela-
tion as a function of thin film
thickness, also indicating grain
morphology (b). (reproduced from

[67])
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the investigated material [32].

In a number of practical application cases, as in the study of thin
films, where no out-of-plane stress components (o33 = 0) and no
shear stresses (¢; = 0) are assumed to be present, the relation between
strains ¢ and stresses o in an elastically isotropic material can be ex-
pressed as a simplified formulation of Hooke’s law as formulated in
terms of the relevant experimental co-ordiantes 3 and J,

d3,9) — d,

d 1hk12 +

g (3-3)
+ ; Sy (% SIS + g;,c08 I sir d).

&u(3,0) =

The linear relationship between d(3,0) and sin’) present in this
equation allows for evaluation of stresses employing simple linear
regression, in a very similar fashion as in the sin*y)~approach exten-
sively used in laboratory XrD [62, 69, 70]. Stress analysis from csna-
noxrp 2D data is performed by segmental azimuthal integration
(cake-ing) in order to generate segmental profiles of I(29) for a
number of azimuthal orientations, and subsequent peak fitting in an
analogous manner as in cSnanoXRD morphology analysis.

Fig. 8a &b shows the in-plane residual stress depth gradient o(z) of
a multilayer TIN-SiOx coating of ~2.9 um thickness, together with
a corresponding cross-sectional SEM micrograph [44]. The recorded
profile exhibits distinct oscillatory variations of residual stress, related
to varying characteristics of the TiN sub-layers, which were depos-
ited to feature zig-zag like columnar grain morphology. The meas-
ured profile exemplifies the strength of csnanoxRrp in retrieving
complex cross-sectional stress and strain gradients in thin films.

o
o
FIGURE 12: Cross-sectional SEM -
micrograph (a) and correspon- o
ding residual stress depth profile T : I
(b) of a multilayer TiN-SiO, ; 4 &
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More detailed information on CsnanoXRrD stress analysis can be
found in Refs. [33, 51]

3.2 Micromechanical testing

Despite the fact that thin films are usually employed for their specific
functional properties, structural integrity is as crucial as in bulk ma-
terials. A large number of application cases requires distinct mechan-
ical characteristics for achieving optimal operational performance
and lifetimes. This is particularly apparent in the case of hard pro-
tective coatings which have to sustain severe cyclic mechanical and
thermal loads e.g. during milling operations. Hence, assessing me-
chanical properties such as hardness, Young’s modulus or fracture
toughness is of vital importance for coating development. Specialised
experimental methods based on micro-mechanics have been devised
for measuring various mechanical properties of thin films, all of them
accounting for the small physical dimensions of the investigated
structures. The high spatial resolution required for measuring these
quantities within a thin film is based on miniaturisation of test spe-
cimens and/or probe interaction with highly localised regions. Ex-
perimental approaches include micro or nanoindentation,
micro-cantilever bending experiments and a variety of miniaturised
testing configurations based on uni-axial tension and compression
[71—73]. The historical development of these techniques is closely
linked to improvements made in instrumented measurement and
the availability of electron microscopy and focussed ion beam (FIB)
systems. Subsections 3.2.T and 3.2.2 provide a short overview of na-
noindentation and micro-cantilever bending experiments, respec-
tively.

3.2.1 Nanoindentation

Nanoindentation is based on creating imprints by inducing plastifi-
cation in highly localised material regions of the investigated sample.
This is achieved by loading and subsequent unloading of the sample
with a sharp pointed indenter tip while continuously recording ap-
plied force (load) and penetration depth (displacement). This renders
nanoindentation an instrumented measurement method.

Indenter tips require very high stiffness and are in most cases made
of diamond. Several commonly used geometrical indenter shapes
co-exist, with three-sided so-called Berkovich (with a half angle of
65.03°) [74] and cube-corner tips featuring among the practically most
relevant.

Nanoindentation measurements may be performed on thin film sur-
faces or specially prepared (e.g. by FiB milling) thin film cross-sections
[49, 75] or inclined wedge-shaped sections [76—78], in order to ob-
tain depth gradients of mechanical properties. Cross-sectional na-

MICROMECHANICAL TESTING
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noindentation based hardness measurements of NCD and PCD CVD
diamond are presented in appended publication B, where a Hysitron
T1950 Tiiboindenter system was used. Depending on the hardness of
the investigated sample and the employed experimental configura-
tions, applied indentation loads fall within the range of micro- to
milli-Newtons, translating into effective penetration depths of ~ 50—
rooonm. A widely used and accepted theoretical framework for the
interpretation of nanoindentation load-displacement data was in-
troduced by W.C. Oliver and G.M. Pharr in 1992 [79], allowing for
the retrieval of hardness H, contact stiffness S and reduced elastic
modulus E,. In the main, nanoindentation puts fewer demands on
sample preparation, when compared to micro-mechanical bending,
tension or compression experiments, where elaborate sample spe-
cimen fabrication is required, usually requiring access to FIB work-
stations. Though the actual indentation process is to be considered
profoundly complex, potentially involving (i) creep, (ii) material pile-
ups, (iii) sink-ins, and other phenomena associated with plastic and
visco-elastic deformation, as well as (iv) crack formation, nanoin-
dentation has evolved into a much-used method in scientific and
applied research in the last two decades [80—83]. The inherent de-
pendence of measured quantities H and E, on experiment-specific
measurement conditions is in a large number of cases accepted in
virtue of the simpler experimental procedure, when compared to
testing of micro-size bending, tensile or compressive specimens. Na-
noindenters can be used for in-situ experiments in the SEM or TEM
or equipped with heating modules to perform high-temperature na-
noindentation [81].

In the following, the evaluation of H and E, based on [79] is outlined
in brief. A corresponding schematic drawing of an indentation pro-
cess 1s presented in Fig. 13, where red lines show load-penetration
curves for loading and unloading, respectively.

FIGURE 13: Schematic drawing of
the load-penetration curves of loa-
ding and unloading phases in instru-
mented nanoindentation (adapted
from [79]). Loading is performed up

to maximum load P_ . where the

max

indenter tip reaches maximum pe-
. The slope of

max,
the unloading curve is steeper than

netration depth h unloading
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Hardness H 1s defined as

P
— max y 3 . 4
H R (3-4)

with P

max

being the maximum load applied, and A, representing the
projected contact area of the created indent. While P, is directly
accessible from the recorded load-penetration data, A is usually hard
to obtain by direct observation, since imaging of nano-scale indent
craters would be an intricate and time-consuming undertaking, and
measurements be prone to error. In lieu, a so-called area function, de-
pendent on the indenter tip geometry is formulated, relating contact
depth h_ to projected contact area A . An analytic formulation exists
for different tip geometries in the form of a power law,

Ac=ah, , (3-5)

with shape-specific exponents m and dimensionless parameter  [84].
For practical considerations, however, A is in most cases adjusted to
reflect the imperfect, de facto tip geometry by fitting coeflicients C,
of a polynomial expansion,

8 1\
apy-3cn (.0
n=1
to multiple calibration indents on a standard material of known
hardness and elastic modulus, e.g. fused silica [79].
Contact depth /i, can be determined by equation

B
hc = hmax —e==, .
£7g (3.7)

i.e. by linear extrapolation of the initial slope of the unloading phase
load-penetration curve, so-called contact stiffuess S (for the ¢ = 1), of.
Fig 13. Parameter ¢ models the elastic response of the loaded material
outside the contact area at applied maximum load P,

nax-*

the range of 0.72 (pyramid shaped and conical tip geometry) to 1.

It varies in

A value of ¢ = 0.75, corresponding to a paraboloidal tip cross-section
may be chosen to account for the non-ideal shape of a real indenter
tip. Contact stiffness S can be obtained by approximating a power
law function to the recorded unloading phase load-penetration
curve and subsequent calculation of its derivative at point P,

max*

Reduced elastic modulus E, can then be expressed as

1

77.'7 (
= - 2 3.8)
E, 5

=

N
A

A tested material’s elastic modulus E may only be calculated based
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on prior knowledge about the indenter tip’s elastic characteristics
(elastic modulus E,, Poisson ratio v,), as well as about the Poisson
ratio v of the material itself, according to

1 _1v» 1w

E. E E. (3:9)

In nanoindentation experiments the compliance of the indentation
apparatus, C; , can considerably influence measured penetration
depths and thus distort results. Various procedures were devised for
determining machine compliance C;in conjunction with the area
function A.. In their contribution, Oliver and Pharr [79] propose
performing a series of indents of varying depth while assuming in-
dependence of the indented material’s elastic modulus of indentation
depth. An iterative approach can then be taken to determine C;and
the coefficients C, of the polynomial approximation to the area
function A(h.). Practically, machine compliance calibration proce-
dures based on standard materials possessing precisely known hard-
ness, e.g. fused silica, have gained increasing importance [8s, 86].
Various experimental guidelines exist for the minimal spacing be-
tween individual indents on a surface or cross-section, as well as the
maximum indentation depth when indenting on thin films.

3.2.2 Micro-cantilever bending

Micro-cantilever bending is a micro-mechanical materials testing
technique which allows to assess highly local mechanical properties
of the investigated sample material. The method can be used to ob-
tain Young’s modulus, fracture stress as well as fracture toughness, pa-
rameters considered to be of critical importance in many thin film
applications. In contrast to hardness and reduced elastic modulus de-
termined by nanoindentation, which are complex and experiment-
specific quantities, the aforementioned parameters reflect
fundamental material properties in a physical sense. The basic ex-
perimental principle is to use a nanoindenter to load a free-standing
cantilever beam, consisting of the material to be investigated, up to
the load of failure, while continuously recording load F and dis-
placement d. Experiments may be performed with self-contained
nanoindenter systems or in in-situ configuration in an SEM.A grow-
ing number of research contributions have demonstrated the poten-
tial of micro-cantilever bending as a valuable method for directly
characterising mechanical properties of thin films |76, 87—92].

Fig. 142 shows an SEM micrograph of a micro-cantilever fabricated
from the pcD top layer of a cvD diamond thin film, as used in bend-
ing experiments presented in appended publication B.The specimen
features dimensions of (w X B X [) ~ (1.4 X 1.4 X 12)pum’.

In Fig. 14b a schematic drawing of a micro-cantilever is presented,
indicating specimen geometry, where bending length [ refers to the
distance between the point of applied load and the resulting fracture
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plane, while B and w represent the cantilever width and thickness,
respectively.

In-situ micro-cantilever bending in an SEM was used to measure
Young’s modulus and fracture stress in the cross-sectional thin film
studies appended in publications A and B, [56, 57].

The theoretical framework for the evaluation of micro-cantilever
bending experiments presented henceforth, rests on Euler-Bernoulli
beam theory and linear elastic mechanics of fracture. This approach
is based on the assumption of negligible plastic deformation in the
probed material, which is qualified in the case of hard and brittle
thin films [93—95]. The evaluation methodology allows to measure
Youngs modulus E, fracture stress ¢, and fracture toughness K.
While evaluation of E and o, relies on experiments with unaltered,
as-prepared cantilevers, determining K. requires testing of canti-
levers with precisely defined notches placed close to their roots.
Euler-Bernoulli theory relates Young’s modulus E of a free-standing
beam to the dominant elastic response recorded in cantilever loading
according to

E—a—Fi(L)s— @(1)3 (3.10)

“adB\w)  sB \w
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FIGURE 14: sem micrograph of an
un-notched micro-cantilever,
which was used for in-situ bending
experiments to determine values of
Young’s modulus and fracture stress
for the cross-sectional study of a
cvD diamond thin film (appended
publication B). Cantilever length /,
width B and thickness w are shown
in a schematic drawing of a micro-
cantilever in (b), where F denotes
the point of loading. Failure occurs
at the fracture plane, close to the
root of the bending beam.



26

THIN FILM CHARACTERISATION

where the slope of the load-displacement curve can be expressed as
the quotient of maximum applied load F,,, and maximum displace-
ment 4, assuming ideally elastic behaviour.
Fracture stress o, can be calculated as

E.l
— max . I I
5m=6 Bl (3.11)

Based on experiments with notched micro-cantilevers, fracture
toughness can be evaluated from the relation

1

K_=o(ma]yY , (3.12)

IC

where ¢ denotes the applied stress on the notched cantilever spe-
cimen at the point of fracture, while a represents the depth of the
introduced notch. Parameter Y is a factor representing the experi-
mental geometry, dependent on a and w. Evaluation of experiments
presented in appended publications A and B was based on a specific
formulation of Y published in Ref. [96].

Fabrication of micro-cantilevers is carried out by means of FIB mil-
ling, which allows to produce beams with sub-micrometre dimen-
sions. Typical cantilever geometries feature total specimen lengths of
~r1opum and cross-sections (w X B) of ~(2 X 2) pm? Used FiB milling
currents range from ~20nA for coarse pre-cuts down to ~ 50 pA for
final polishing. Notches for the measurement of fracture toughness
need to be precise and well defined. Hence, cantilever notching is
performed at even lower ion beam currents. Prior to ris milling,
sample cross-sections may be treated by mechanical polishing or ion
milling to avoid rounded thin film top edges. The use of high riB
milling currents can effect contamination of sample material with
Ga" 1ons, and thus damage cantilever specimens and potentially dis-
tort measurement results. Consequently, final milling operations are
carried out at low currents.

Owing to the fact that the governing fracture mechanism in hard
and brittle thin films, usually a set containing several micro-cantilever
specimens has to be tested in order to obtain reliable, averaged, values
of mechanical properties.

In the actual bending experiments, the cantilevers are loaded by a
nanoindenter in a controlled way with a sharp diamond tip close to
their free-standing ends. Performing the experiments in displace-
ment-controlled mode, at low, constant loading rates of ~20nm/s
ensures quasi-static loading conditions [95]. For the experiments
presented in publications A and B, a diamond tip featuring a sphero-
conical shape with a radius of curvature of ~700nm was mounted
to a Hysitron Pi-85 Picolndenter system for cantilever loading. The in-
denter featured a piezo-actuated sample stage for precise sample po-
sitioning. Experiments were conducted in in-situ configuration in
a Zeiss LEO 982 type seM, allowing for high resolution and real-
time imaging as well as precise determination of bending lengths of
un-notched cantilevers.



Post-mortem SEM imaging of fracture surfaces of tested micro-can-
tilevers can give valuable insight into the nature of the fracture
events. Commonly, irregularities in recorded load-displacement
curves can be correlated to atypical fracture surfaces which may be
due to (i) unwanted material inhomogeneities, e.¢. incorporation of
macro-defects, delamination phenomena or pre-existing cracks or
(11) deliberately engineered thin film architectures designed to maxi-
mise crack-path lengths in order to increase fracture toughness
[91, 92]. Data from micro-cantilevers failed by unwanted effects and
thus constituting experimental outliers may subsequently be ex-
cluded from further evaluation.
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4 Conclusions and outlook

The research contributions presented in this work (i) are concerned
with applying relatively novel, advanced micro- and nano-scale ex-
perimental techniques for the characterisation of hard thin films, (i1)
focus on resolving thin film structure and property depth gradients,
i.e. cross-sectional thin film properties and (iii) make use of csna-
noxRrD as a key experimental method.

Two cross-sectional thin film characterisation studies are presented,
revealing complex correlations between depth gradients of (i) dep-
osition conditions, (ii) microstructure, (iii) residual stress state and
(iv) mechanical properties. A third study was concerned with the
strain and stress evolution and plastification phenomena in near-
coating cemented carbide substrate regions. The three contributions
are summarised below:

A A cross-sectional study of a cvd TiN/TiB, protective hard coat-
ing, which was exposed to prolonged surface oxidation, pro-
vided detailed insight into the depth-dependent
oxidation-induced changes within the nanocrystalline TiB, sub-
layer. The study was primarily based on nano-analytical tech-
niques, in particular csnanoXrp, featuring a 30nm synchrotron
X-ray beam. It proved that the TiB, sublayer protected under-
lying coating regions and the WC/Co substrate from structural
and mechanical degradation. The experimental approach re-
vealed (1) a stratified grain morphology of the rutile TiO, oxide
layer, (i1) the formation of a transition zone where intact TiB,
and rutile phase T1iO, co-existed, separated by a clear oxidation
front from unaffected TiB, material. In addition, (iii) in-situ
micro-cantilever bending found a reduction in elastic modulus
of the TiB, region underneath the oxide film of ~25 % relative
to its untreated counterpart. csnanoxXrpD furthermore revealed
(iv) pronounced relaxation of residual stress in the TiB, phase
in the oxidised sample, coinciding with the discovered transition
zone.

B A nano-analytics based cross-sectional study of a cvDb diamond
thin film, which consisted of a NcD bottom layer and a coarse-
grained PCD top layer, represented the first application of csna-
noxrRD for the investigation of diamond thin films.
Cross-sectional mechanical properties were measured by in-situ
micro-cantilever bending and nanoindentation. The cross-sec-
tional experimental data (i) revealed complex correlations be-
tween thin film mechanical properties, texture, crystallite size,
residual stress and deposition conditions. In particular, (i) both
the Ncp and pcD sublayers indicated the presence of nucleation
regions with distinct gradual microstructures, which were as-
sessed by csnanoXrp.
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C A sophisticated synchrotron XRD set-up based on in-situ laser
pulsing was used to study near-coating substrate regions of WC-
Co inserts when subjected to local thermal shocks. These inserts
were coated with cvb TiCN/a-AlL,O; films. The experiment
was able to measure the temperature and time-dependent evo-
lution of strains and stresses in the W phase under rapid cyclic
laser pulsing at millisecond time resolution. This provided de-
tailed insight into (i) the complex stress build-up and relaxation
during single and multiple thermal shocks, (i1) the associated
WC-Co composite plastification mechanism as well as (iii) an-
isotropic microstructural processes accompanying reversible mi-
crostructural transition mechanisms.

In particular, the presented contributions (i) showcase the strength
and efficacy of csnanox®rp as a high-resolution nano-scale method
for the cross-sectional investigation of crystalline thin films and hard
coatings, (i) underline the great potential of combined micro- and
nano-analytic approaches in thin film characterisation, and (iii) dem-
onstrate the capability of advanced in-situ synchrotron XRrD set-ups
for studying complex phenomena in crystalline materials at high
time resolution.

In the case of csnanoXrp, one aspect of future methodological and
experimental development will be further improvement of the tech-
nique in terms of spatial and temporal resolution. Present and future
upgrades of synchrotron light sources and associated enhancements
in X-ray beam brilliance, together with expected improvements in
X-ray focussing optics, will gradually minimise achievable beam di-
mensions and decrease experimental exposure times. Great potential
also lies in the further development of advanced in-situ set-ups for
synchrotron XRD and CSnanoXrDp.
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Abstract

NANOCRYSTALLINE COATINGS OF T1B, grown by chemical vapour de-
position (cvD) are employed e.g. as hard protective coatings on ce-
mented carbide cutting tools, owing to their high wear resistance,
hardness and melting point, as well as superior thermal stability. This
work applied novel cross-sectional nano-analytical techniques to in-
vestigate the effects of prolonged surface oxidation of a cvp bi-layer
coating of ~3.4um thickness, consisting of a nanocrystalline TiB,
protective top layer and a TiN diffusion-barrier bottom layer. Syn-
chrotron X-ray diffraction with a nano-focussed 70nm beam revea-
led cross-sectional phase compositions and residual stress gradients
in the coating in as-deposited and oxidised states. Transmission elec-
tron microscopy showed a clear oxidation front, the existence of a
~400nm thick zone of coexistence of TiB, and rutile TiO,, which
coincided with a marked decrease in compressive residual stress, as
well as an overlying morphologically stratified TiO, layer. In-situ
micro-cantilever experiments confirmed the structural integrity of
the TiB, phase below the coexistence zone, where no significant
oxidation-induced change in fracture stress was detected, while
Young’s modulus decreased by ~25%. In conclusion, the pursued
nano-analytics approach revealed detailed cross-sectional correlations
between oxidation-related coating disintegration, microstructure, re-
sidual stresses and mechanical properties.
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Introduction

HARD coATINGS OF TiB, combine favourable properties such as high
wear resistance, high hardness and melting point, as well as good
thermal stability and tribological characteristics [1—4], which render
them suited for a variety of industrial applications. The outstanding
physical qualities of TiB, can be attributed to its hexagonal crystal-
lographic structure and specific nature of atomic bonding, in which
B atoms are located in interstices between hexagonally arranged T1i
atoms. The resulting lattice structure of alternating B and T1 planes
that develops along the c-axis, with B atoms forming strong covalent
B-B bonds, represents a two-dimensional B network [2, s, 6]. TiB,
coatings have been synthesised by both physical (pvD) and chemical
vapour deposition (cvD) [7—9], with, in the main, both approaches
resulting in coatings exhibiting significant compressive residual stres-
ses [4, 10—12].

In cutting and milling operations, TiB, protective coatings are pre-
dominantly employed on cemented carbide inserts in the machining
of AL, T1 and related alloys [6, 13, 14]. While in recent years, TiB, has
attracted an increasing interest as a material for protective coatings,
relatively few studies have been devoted to its sole role as a protective
layer against oxidation [15].

In milling operations, the oxidation of hard protective coatings and
associated processes can seriously affect their integrity and functio-
nality [16, 17]. Oxide formation, related changes in phase composi-
tion, microstructure, as well as compromising of mechanical integrity,
such as the formation of cracks, pores, and diffusion pathways can
impair a coating in parts or result in full-scale break-down of its
functional performance. While the optimisation of coating architec-
tures based on the design of coating microstructures, interfaces, re-
sidual stress states, diffusion characteristics, and of a range of related
properties can significantly enhance functional performance and
thus tool lifetime [18—20], these optimisation steps, however, rely to
no small extent on state-of-the-art characterisation techniques, in-
cluding high-resolution cross-sectional methods [21—25]. The same
applies for the assessment of detrimental effects on coatings, as e.g.
exposure to surface oxidation. This contribution applied recently in-
troduced, advanced characterisation techniques such as synchrotron-
based cross-sectional nanobeam X-ray diffraction (Csnanoxrp) and
in-situ micro-cantilever testing in concert with more traditional me-
thods, such as transmission electron microscopy (TEM), laboratory X-
ray diffraction (xrD) and differential scanning calorimetry (psc), to
study the cross-sectional oxidation behaviour of a bi-layered cvp
TiN/TiB, hard coating. Mechanical properties, phase composition,
residual stress states, and the cross-sectional microstructure of the
coating were analysed in both as-deposited and oxidised state, with
the focus lying on the hexagonal TiB, phase and the overall structure
of the oxide layer. bsc and XRrD served to cross-link oxidation cha-
racteristics with oxidation-related effects in the coating, while syn-
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chrotron csnanoXrDp served to study gradients of phases and residual
stress as a function of coating depth, in order to assess oxidation-re-
lated changes. TEM investigations allowed to image oxidation-indu-
ced coating disintegration in real space. In-situ micromechanical
experiments based on micro-cantilever bending were performed in
the scanning electron microscope (SEM) with the aim of comparing
values of Young’s modulus and fracture stress in the TiB, phase prior
to and after the oxidation treatment.

Experimental
Coating synthesis and oxidation treatment

The coating, which was synthesised in an industrial-scale cvp plant,
featured a bi-layer architecture with a face-centred cubic TiN base
layer of ~0.8 um thickness, serving primarily as a barrier against B
diffusion into the substrate, which would otherwise compromise
coating adhesion [21, 26], and a functional top layer of hexagonal
TiB,, possessing a thickness of ~2.6 um. Deposition onto mechani-
cally polished cemented carbide substrates (11 wt% Co, 12 wt%
mixed carbides, 77 wt% WC), which came in SNUN 120412 geometry
(according to 150 1842), was achieved by cvDp synthesis. The TiN
layer was deposited from TiCl,-N,-H, precursors at a temperature
of ~920°C, while the TiB, layer was grown from precursors of
TiCl,-BCl;-H, at a temperature of ~900°C. One of the coated in-
serts was subsequently subjected to an oxidation treatment in a fur-
nace in ambient air for a total duration of 40min, consisting of two
isothermal stages (20min at T, = 600°C plus another 20min at
T > = 700°C), where the temperature accuracy in this and all furt-
her performed oxidations treatments was * s °C. The sample was
placed into the preheated furnace, whereby quasi-instantaneous
thermal equilibrium was assumed, given the low sample mass and
high thermal conductivity of the cemented carbide material. After
removal from the furnace, the sample cooled down in ambient air
(without temperature control). The result was the formation of a vi-
sible oxide layer at the surface of the coating, while the overall coa-
ting structure was left intact. This oxidised sample was afterwards
investigated by csnanoX®rD, TEM, and micro-cantilever bending.

In addition, three further SNUN type cemented carbide cutting inserts
coated with the cvp TiN/TiB, bi-layer architecture were subjected
to isothermal oxidation in ambient air at temperatures of (a) 550°C
and (b) 800°C for 1omin each, and (c) for 20min at 600 °C plus for
20min at 700°C, and subsequently studied by grazing-incidence
xRrD. This served to identify oxide phases at different stages of the
oxidation process.

Furthermore, in a separate deposition run, TiB, was deposited di-
rectly onto polycrystalline Al,Oj substrates, using the same cvp plant
and applying identical process parameters as described above. The



48

PUBLICATION A

deposited TiB, coating was then mechanically removed from its sub-
strates and ground, resulting in a fine-grained TiB, powder which
was subsequently investigated by Dsc.

Differential scanning calorimetry and XRD

A Setaram Setsys Evo 2400 type differential scanning calorimeter was
employed to perform a DSC measurement in conjunction with a
thermogravimetric analysis (TGA) on TiB, powder of 20.06 mg initial
mass in the temperature range from room temperature up to
1200 °C. The experiment was carried out in synthetic air, using a
constant heating rate of 10 K/min.

XRD measurements were carried out on oxidised coated cutting in-
serts as described in the section about coating synthesis, using a Ri-
gaku SmartLab diffractometer. These samples were measured in
grazing-incidence geometry with Cu-Ke radiation at an angle of
incidence of 1.25°. The measurements were performed in the range
of 20—75° at an angular resolution of 0.05°. The aim was to identify
individual phases of oxidation products, which could potentially be
cross-linked to phases revealed in the oxidised coating studied by
CSNanoxXRD.

Synchrotron nanobeam XRD characterisation

The TiN/TiB, coating was studied using a CSNaNOXRD measurenment
set-up with a high-energy nano-focussed synchrotron X-ray beam
at the 1D16B beamline of the European Synchrotron Radiation Fa-
cility (Esrr) in Grenoble, France, to investigate depth gradients of
the residual stress state and reveal oxidation-induced phase changes.
Samples were prepared from the TiN/TiB, bi-layer coating on ce-
mented carbide cutting inserts in as-deposited as well as in oxidised
state in the shape of thin transmission lamellae. This involved preci-
sion cutting using a Struers Accutom 50 cut-oft machine and a final
manual mechanical thinning step, resulting in lamella dimensions of
~6.5 X ~4mm? and a final thickness of L~ soum in the X-ray
beam direction (¢f. Fig. 1).

The csnanoxrD experiment was performed in transmission geo-
metry with an X-ray beam (photon energy 29.6keV) focussed by a
pair of Kirkpatrick-Baez (kB) mirrors to dimensions of
~ (70 X 70)nm? (Fig. 1). The sample lamellae were moved with re-
spect to the X-ray beam by a piezo-actuated stage along the coating
normal direction z with a constant step size of 1oonm. For each z-
step, the diffracted intensity was recorded on a two-dimensional (2D)
charged-coupled device (ccp) detector, resulting in a scanning of
the coatings in out-of-plane direction. The ccp detector
(FReLoN 4M) featured a resolution of 2048 by 2048 pixels at a pixel
size of (51.3 X s1.7) um> A N1ST LaB,, standard measured at the same
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sample-to-detector distance as the sample lamellae served to calibrate
the powder diffraction experimental geometry of the set-up. Based
on the Debye-Scherrer (Ds) rings acquired from the NisT standard,
the sample-to-detector distance d was calibrated to 115 mm, together
with the tilt angle of the detector plane of 0.409°, the rotation angle
of the tilt plane of 171.19° and the beam centre of the detector at
098.2 and 934.6 pixels (in horizontal and vertical directions). The
Python package pyFAI [27] was used to process the recorded Ds rings
from both sample lamellae, whereby a contour plot of integrated in-
tensity distribution I(3,z) (henceforth denoted as phase plot) was ge-
nerated from the recorded diffraction patterns. In addition, depth
gradients of in-plane X-ray elastic strains ,,,(z) for the TiB, 011
reflection were retrieved. Residual stress gradients ¢,(z) were sub-
sequently calculated from the measured strains ¢,,(2), applying an
assumed X-ray elastic constant 1/2 S, of 0.1841 X 10" Pa™*, which
was itself calculated by the Hill grain interaction model from TiB,
monocrystal elastic constants [28]. A dedicated correction resting on
a finite element model was applied to the evaluated strain and stress
values for the stress relaxation caused by the lamella preparation [29].
For an in-depth description of the experimental approach and rela-
ted evaluation procedure, we refer to previous reports [29—31].

FIGURE 1: Schematic drawing of
the csnanoxrp set-up at beamline
ID16B of ESRF, Grenoble. The expe-
riment was performed in transmis-
sion geometry using KB mirrors to
focus the synchrotron X-ray beam
(E = 29.6 keV) to a cross-section
of ~(70 X 70) nm. Lamellae of the
samples (L~ sopum) comprising
the TiN/TiB, coating on the ce-
mented carbide substrate in as-de-
posited as well as in oxidised state
were scanned along the z-direction
in equidistant steps of 100 nm,
while the diffraction signal was re-
corded at every sample position by
the 2D detector (FReLoN 4M) at a
sample-to-detector distance of

~ 115 mm. The azimuthal angle §
was counted from the 12 o’clock
detector position and defined in
clockwise direction as indicated on
the detector plane in the schema-
tic.
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FIGURE 2: Schematic drawing of a
micro-cantilever specimen, where
bending length [ is the distance bet-
ween the point of applied load and
the resulting fracture plane, while w
and B are dimensions in out-of-
plane and in-plane direction, respec-
tively. Testing was performed with
the applied force F (blue arrow) ac-
ting parallel to the coating normal,
in out-of-plane direction, as indica-
ted by the grey arrow.

|ew.ou Supeod

Transmission electron microscopy analysis

A cross-sectional TEM lamella was prepared by focussed ion beam
(F1B) milling, using the standard lift-out technique in a Zeiss Auriga
workstation from the oxidised coating at accelerating voltages of 5—
30kV and beam currents of sopA to 20 nA.This involved depositing
a thin protective Pt film of ~2 pm thickness onto the surface of the
coating in order to minimise Ga contamination from the ion beam.
Special care was taken not to damage the oxide film.

A bright field scanning transmission electron microscopy (BF STEM)
investigation of the sample lamella was performed in a JEOL
2200FE microscope at an accelerating voltage of 200kV and an ef-
fective spot size of ~0.5nm, using a BF detector to image the struc-
tural and morphological cross-sectional composition of the oxidised
coating.

The same cross-sectional lamella was subsequently investigated in a
FEI Titan Themis TEM, where energy-dispersive X-ray spectroscopy
(EDS) elemental maps of the coating cross-section and high angular
annular dark-field (HAADF) images were collected in STEM mode at
an accelerating voltage of 300kV, using a beam current of 1.5nA.
The recorded EDS spectra were processed using built-in standards in
FEI Velox software to gain information of elemental cross-sectional
distributions within the oxidised coating.

Micro-cantilever experiments

Mechanical properties of the TiB, layers from the sample in as-de-
posited state as well as from the oxidised sample were investigated
by in-situ micro-cantilever experiments in the SEm, followed by an
evaluation procedure based on classical linear-elastic theory of frac-
ture mechanics [32]. The micro-cantilever specimens were milled in
a FIB workstation (Zeiss Auriga), using an acceleration voltage of
30kV and beam currents ranging from 20nA for coarse pre-cuts to
s50pA for final polishing. Fig. 2 shows a schematic drawing of a
micro-cantilever specimen, while an sEm image of a bending beam
from the coating in as-deposited state is presented in in-plane view
in Fig. 3. A total of nine cantilevers were fabricated, five specimens
from the as-deposited sample having dimensions of
(B~ 1.8 X w~ 1.5) um?, and four specimens from the oxidised sam-
ples, cut to dimensions of (B~ 1.9 X w ~ 1.6) um?. Effective bending
lengths in testing were between ~6.0 to ~6.9 um. Special care was
taken and low milling currents employed during final stages of the
milling operations in order to minimise the adverse effects of im-
pinging Ga ions on the specimens. The cantilevers themselves were
placed and dimensioned within the TiB, layer as to not extend into
the overlaying oxide film of the oxidised sample, i.e. the w dimension
of the beams extended from coating height ~o.oum to ~2.5um
(Fig. 8). Cantilever dimensions were subject to small variations due
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cemented
carbide

substrate

to the FIB fabrication process. Precise cross-sections for all tested
micro-cantilevers were determined in the SEmM prior to testing, as
well as in post-mortem examinations of the fracture planes of the
broken cantilevers. All specimens were tested in un-notched state to
examine values of Young’s modulus and fracture stress. The experi-
ments were carried out in in-situ SEmM (Zeiss LEO 982) configura-
tion, using a dedicated depth-sensing nanoindenter system (Hysitron
Pi-85 Picolndenter), teaturing a piezo-actuated sample stage. Each in-
dividual micro-cantilever specimen was loaded with a sphero-coni-
cal diamond indenter tip (radius of curvature ~7oonm) in
out-of-plane direction up to its load of fracture. Special attention
was paid to sample alignment and to load the bending beams along
their centre lines in order to avoid unwanted torque. A constant dis-
placement rate of 20nm/s in the experiments ensured quasi-static
loading conditions. The slopes of the recorded load-deflection curves
were subsequently used to calculate values of Young’s modulus, re-
flecting the intrinsic elastic properties of a stress-free and free-stan-
ding coating.

Based on the recorded load-deflection data, fracture stress o, was eva-
luated as

Fi
Buw?

7=6

with F being the maximum applied load at fracture of the bending
beam, [ the bending length, representing the distance between the
point of applied force and the root of the specimen, and B and w
being the cantilever width and thickness, respectively. The evaluation
of Young’s modulus E rested on the assumption of an ideally brittle
material, where plastic deformation effects of the tested material in
contact with the indenter tip were excluded.The recorded dominant
elastic response from cantilever loading was thus used to calculate E

FIGURE 3: Cross-sectional secon-
dary electron SEmM image a micro-
cantilever fabricated from the TiB,
layer of the TiN/TiB, bi-layer coa-
ting in as-deposited state. The bi-
layer architecture of the coating is
visible on the left due to a slight
difference in cross-sectional surface
roughness, stemming from different
grain morphologies between the
nanocrystalline TiB, and the relati-
vely coarser grained TiN layers.
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FIGURE 4: Dsc profile and TG mea-
surement performed on ground
TiB, powder, shown in the tem-
perature range from 200—1200°C.
The dsc profile indicates exother-
mal events in the vicinity of

T~ 520°C and ~545°C (I, II) as
well as at T'~ 675°C and ~700°C
(IT, IV). Markers T, 1 and T2 indi-
cate the isothermal oxidation tem-
peratures applied to the coating on
cutting inserts, which were studied
by csnanoxrp, TEM, and micro-can-
tilever experiments.
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with § being the displacement at the maximum applied load F.

Results and discussion
DSC and XRD measurements

The psc profile for the ground TiB, powder is shown together with
the recorded TGA signal in Fig. 4, where temperatures T, and T,
indicate the isothermal holding temperatures in the oxidation treat-
ment of the coated cutting inserts. The measured DScC profile shows
two distinct exothermal peaks at ~ 520 °C (I) and ~ 545 °C (1I). Furt-
her peaks can be identified at ~675°C (IlI) and ~700°C (IV). A si-
milar pattern was reported by Andrievskii ef al. [33], when studying
the oxidation of TiB, micro and nanoparticles, where peak I was
linked to the exothermal reaction 2TiB, + 5O, — 2TiO, +
2 B,0O; (1), while peaks III and IV were connected to reaction
3TiB, + 70, — 2 B,0; + 2TiBO; (2). The recorded 16 profile
shows a small but continuous TG weight gain above ~420°C, as a
consequence of reaction (1), which is, most likely suppressed by the
emergence of a surface film of B,Oj5, acting as an O barrier; ¢f. [15].
However, contrary to the report from Huang ef al. [15], where bet-
ween ~400°C and ~450°C, a TG weight loss was found and explai-
ned with partial volatilisation of the B,O; film, such a trend is not
apparent in the TG signal in Fig. 4. Liquification and subsequent vo-
latilisation of the B,O; film beyond ~450—500°C increasingly ex-
posed the underlying coating to exothermal reaction (1), resulting
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in a marked TG weight gain at ~650°C.

The measured grazing-incidence XRD patterns presented in Fig. s
confirm the dominant presence of the rutile TiO, phase for all sam-
ples except the coating oxidised at 550 °C for romin (Fig. 5¢), where
apparently no oxidation at a significant level occurred. In contrast,
neither of the measured profiles indicated the presence of the B,O,
and TiBO; phases. This fact is attributed to (i) the low melting point
of B,O; (~450°C) and its volatility at elevated temperatures, as well
as (ii) the potentially relatively small volume fraction of the phase in
the investigated surface oxide film. Similar findings were reported
by [15], where neither B,O; nor TiBOj; could be identified by XrD
at temperatures up to 900 °C, as well as by [34] for the oxidation of
monolithic TiB, at 850 °C, where also only the TiO, phase could be
unambiguously indexed and (iii) the possible existence of the sus-
pected oxides in non-crystalline form.

Synchrotron CSnanoXRD
Phase analysis

Scanning of the samples in z-direction in the csnanoX®rp set-up
provided insight into the depth-dependent phase composition of
the coating system prior to and after the oxidation treatment. The
phase plots presented in Fig. 6a,b show the integrated intensity as a
function of the diffraction angle 23 and coating height z, resulting
in an integrated intensity distribution I(3,z), as obtained by 0—360°
integration of individual coating height-specific csnanoxrp diffrac-
tion patterns along the azimuthal angle d. The coating height was
defined to be z = o at the substrate/TiN interface. The patterns cle-
arly showed the formation of the oxide film in the near-surface re-

FIGURE 5: Laboratory Xrp diffrac-
tograms measured in grazing-inci-
dence geometry on coated cutting
inserts subjected to difterent oxida-
tion treatments, showing pronoun-
ced diffraction peaks for the rutile
TiO, and TiB, phases, while sus-
pected B,O5 and TiBOj5 phases
could not be detected.
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ﬂ as-deposited

substrate

coating height [um]

u oxidised

FIGURE 6: The cross-sectional phase
composition of the TiN/TiB, bi-
layer coating was revealed in as-de-
posited (a), and oxidised state (b) in
contour plots of integrated intensity
distribution I(3,2) (with z = o set to
be at the substrate/TiN interface).
Intensity information is presented in
arbitrary units and not normalised
between sub-graphs a and b for rea-
sons of improved peak visibility.
TiN, TiB, and TiO, reflections are
indicated, whereas WC peaks (in
some cases extending across the
coating due to their high intensity
coupled with pronounced X-ray
beam tails) are not denoted for sim-
plicity. Schematic drawings on the
left-hand side aid to identify the
cross-sectional layers of individual
phases.

substrate

coating height [um]

surface
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gion of the TiB, layer, while also indicating that lower regions of
the coating did not undergo such an oxidation process. In Fig. 6a &b,
overlapping of peaks between individual phases in z-direction re-
flected in-plane interface roughness, i.e. in beam direction. In Fig. 6b,
the pronounced overlapping of peaks between the TiB, and TiO,
phases hinted at the local co-existence of these phases in the oxidised
sample. This region is henceforth denoted as overlap region. Neither
B,O; nor other oxide phases could be detected or indexed on top
or within the rutile TiO, film.This, as in the case of laboratory XrD
measurements, was related to the volatility of the B,O5 and TiBO,
phases, which were assumedly lost during the oxidation process, the
relatively small volume fraction of remaining oxide phases and/or
their possible existence in non-crystalline form. The dominant oc-
currence of the rutile phase and its corresponding diffraction peaks
in Fig. 6b is in agreement with laboratory Xrp data from similar
oxidation experiments, ¢f. [33, 35], as well as with the results from
grazing incidence XrD presented in Fig. s, which however unlike
the csnanoxrp phase plot do not give insight into the depth evolu-
tion of the phase peaks.
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""""" ] FIGURE 7: TiB, residual stress state as a

] function of coating height (with z = o set
- to be at the substrate/TiN interface) deter-
--------------------------------- 7-;;7;;;;;,—;::»4»‘—--—- mined by synchrotron csnanoxrp for the
xic’)veﬂap region ] coating in as-deposited and oxidised state,
7 respectively. Error bars indicate the estima-
ted 10% error in measured stress due to li-
mitations inherent to the experimental
set-up and data evaluation.

residual stress o, [GPa]

Residual stress evaluation

Cross-sectional residual stress profiles acquired by synchrotron csna-
noxRrD in the TiB, layer are presented in Fig. 7 for the coating in as-
deposited and oxidised state, respectively. Stress levels in the TiB,
phase were found to be in the compressive domain, ranging from
o, ~ - 1.2 GPa at the TiN/TiB, interface, up to ~-2 GPa close to the
as-deposited sample’s surface. The as-deposited sample profile
showed a gradual increase in compressive stress with increasing coa-
ting height. An equivalent pattern, albeit with higher absolute com-
pressive stress values was also reported in [4], where the origin of
the compressive stresses was identified to be a combination of (i) the
distinctly nanocrystalline nature of the TiB, phase as a consequence
of strong covalent B-B bonds and the prevalent sub-stoichiometry
(B deficiency), (i1) potential early growth stage local epitaxy, (ii1) low
thermal coefficients of expansion compared to TiN and cemented
carbide as well as (iv) the elastic anisotropy of the TiB, phase. Fur-
thermore, the gradual stress increase with coating height is reported
to be caused by a gradient in TiB, domain size related to a rising B
content with increasing coating height [4]. In the case of the oxi-
dised sample, the stress profile follows the trend of gradually increa-
sing compressive stress up to a coating height of ~2.1 pm. Slightly
higher values were measured in case of the oxidised sample, while
both profiles matched within their estimated 10 % margins of error.
Starting at the onset of the overlap region at 2 ~ 2.4 um, a sharp but
continuous decrease in stress in the oxidised sample was found. This
rapid relaxation of ¢, throughout the TiB,/oxide overlap zone can
clearly be linked with oxidation-related coating disintegration, in-
cluding the potential formation of nanoscale crack networks and/or
the generally porous nature of the material.
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FIGURE 8: Cross-sectional BF STEM
image (a), corresponding conceptio-
nal sketch, indicating the position
and roughness of interfaces between
individual phases and regions (b),
and EDs spectra for selected areas of
the lamella (c). Fig. 8b furthermore
indicates the positions of HAADF
STEM images and corresponding EDS
elemental maps presented in Fig. 9.
The relatively rough intertace re-
gion between the TiB, and TiO,
layers, where both phases coexist
(overlap region), coincided with the
marked but continuous decrease in
compressive residual stress, measured
by csnanoxrp. The coating surface
was covered by a thin layer of Pt re-
maining after FI1B lamella prepara-
tion, and also showed slight
contamination with carbon com-
pounds originating from the FIB gas
injection system. Coating height
was defined to be = = o at the sub-
strate/TiN interface.

coating height z [pm]

STEM cross-sectional analysis and EDS elemental mapping

Direct insight into the microstructural composition of the coating
system following the oxidation treatment is provided by cross-sec-
tional BF STEM imaging. In Fig. 8a &b, individual coating sublayers
can clearly be distinguished by their varying characteristic morpho-
logical features. The TiN layer is composed of distinct elongated co-
lumnar crystallites, with grain size rapidly evolving along the growth
direction. In the nucleation region bordering on the cemented car-
bide interface, crystallites are found to be smaller than T0oonm in
length, while on top of this zone, individual columnar grains extend
over more than soonm in the direction of coating growth. This re-
sults in increased roughness of the TiN/TiB, interface at a coating
height of z ~ 0.8 um. The overlying TiB, layer is of nanocrystalline
nature with individual crystallite sizes too small to be discerned in
the image. No apparent changes in the TiB, phase could be detected
below a coating height of z ~ 2.4 um, where the integrity of the ma-
terial remained intact and neither cracks nor diffusion channels are
present. Above z ~ 2.4pum the image revealed in detail the zone of
~4oonm thickness, which was identified in the csnanoxrp phase
plot as overlap region. In addition, the BF STEM image shows the in-
homogeneous nature of this zone, which is characterised by the local
co-existence of the TiB, and rutile TiO, phases, with sections of na-
nocrystalline uncompromised TiB, and comparably coarse and
needle-like oxide grains.Voids and diffusion pathways between the
two phases are present but relatively small scale. At a coating height
of z ~ 3 um, where, according to the csnanoxrp data, no TiB, is pre-
sent anymore, oxide grains appear smaller and comparably globular
in shape, before again developing into large and needle-like T10O,

contamination |

N W AO — N W A WL
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crystallites between z ~ 3.2 um and z ~ 3.7um. This threefold mor-
phological stratification in oxide microstructure can be related to
the oxidation treatment with two distinct isothermal holding tem-
peratures, but could potentially also be related to intrinsic characte-
ristics of crystal growth of the TiO, phase. The topmost,
discontinuous layer discernable just below the protective Pt film in
Fig. 8a &b was identified as surface contamination with unspecified
carbon compounds, which most probably resulted from sample
handling after the oxidation treatment. Cross-sectional EDs elemental
composition maps of two selected regions of the sample lamella,
which are indicated by blue rectangles in Fig. 8b, are presented in
Fig.9. In combination with the associated integrated EDS spectra
shown in Fig. 8¢, these elemental maps supported the previous fin-
dings by correlating individual z regions of the oxidised coating with
associated chemical elements and furthermore revealed, that no
B,O; oxide phase was present in the investigated oxide film. Detailed
elemental mapping of the TiB,/oxide boundary region Fig. 9e—h
additionally confirmed the relatively sharp nature of this interface,
with no apparent oxygen diffusion into or disintegration of the un-
derlying monolithic TiB, coating.

Micro-cantilever testing

Load-deflection data recorded in micro-cantilever testing were used
to evaluate Young’s modulus E and fracture stress o, in the TiB, layer
of the coating system in as-deposited as well as oxidised state. Cor-
responding stress-displacement data are presented in Fig. 1o, while
mean values and associated standard errors for E and ¢, are collected
in Tab. 1. The data revealed a decrease of ~25% in Young’s modulus
from E = 467 % 22 GPa (as-deposited coating) to E = 348+ 15 GPa
(TiB, below the oxide layer in the oxidised coating). A comparable
if somewhat larger decrease in E from ~290 GPa to ~ 190 GPa mea-
sured by nano-indentation was reported by Mao et al. for TiB, mo-
nolayers deposited by magneton sputtering after oxidation in air at
600°C [36].While there are only few reports on the Young’s moduli
of TiB, deposited by cvp, with values ranging from ~352 GPa [37]
to ~ 540 GPa [14], more data are available for E values of sputter de-
posited TiB, films. They range from ~ 120—200 GPa [38] to ~ 550 GPa
[39]. Given this spread, which is a consequence of differences in coa-
ting microstructures, mass densities, stoichiometries and defect den-
sities as well as limitations to the employed experimental approaches,
the determined as-deposited value of E ~ 467 GPa is in good agree-
ment with other reports. Previous results reported by Schalk et al.
[4], where a TiB, coating grown with the same deposition parame-
ters was studied by glow discharge optical emission spectroscopy to
quantify its elemental composition, showed a slight sub-stoichiome-
try, where the B-to-T1 ratio was found to increase from ~1.8 at the
TiN/TiB, interface to ~1.9 close to the TiB, layer surface. The de-

FIGURE 9: Cross-sectional HAADF
STEM images (a,e) and correspon-
ding EDs elemental maps (b—d, h),
showing the same lamella region in

two different magnifications. Map
positions on the TEm lamella are
indicated in Fig. 8b.The entire
TiB, layer is mapped in panels a—d,
displaying both the TiN/TiB,, as
well as the TiB,/oxide interfaces.
Detailed imaging of the
TiB,/oxide boundary region in
panels e-h confirms the relatively
sharp nature of this interface, with
no apparent cracks or porosity visi-
ble in the underlying TiB, coating.
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FIGURE 10: Representative curves
of applied stress o, versus beam dis-
placement d for TiB, micro-cantile-
ver specimens from the as-deposited
(blue, continuous) and oxidised
(magenta, dashed) sample, as recor-
ded in SEM in-situ experiments.

termined value of Young’s modulus for the as-deposited TiB, layer
is thus assumed to be affected by its prevalent sub-stoichiometric
nature. The oxidation-induced effect on fracture stress was negligible
and found to be within the associated margins of standard errors,
changing from ¢, = 12.1+X1.0GPa (as-deposited coating) to
o, = 12.5 £ 0.9 GPa (TiB, below the oxide layer in the oxidised coa-
ting). Fracture stress values for other cvp hard coatings based on
micro-cantilever bending are reported as ~ 3.9 GPa (TiN),~7.3 GPa
(TiBN) and ~8.1 GPa (TiBCN) [40, 41], underlining the relatively
high strength of ~12.1 GPa of the TiB, coating studied in this con-
tribution. This is thought to be linked to (i) the intrinsically strong
bonding in TiB, as well as (ii) the particularly dense microstructure
and nanocrystalline nature present in the investigated coating, which
are both connected to the cvp process. The result of comparable va-
lues of o, of TiB, for both investigated samples can furthermore be
correlated with findings from BF STEM and csnanoxrp and points at
the absence of micro cracks, pores, or diffusion channels which
would have significantly reduced fracture stress. Full microstructural
integrity of the TiB, phase below the overlap region can thus be as-
sumed. Together with the clear oxidation front visible below the
overlap region at z ~ 2.4 um in Fig. 8a this proved the good stability
of the TiB, coating when subjected to prolonged surface oxidation.
Given the fact that no microstructural change was observed in the
depth region of the coating from which the cantilever specimens
were fabricated, it is reasonable to assume that the measured signifi-
cant decrease in Young’s modulus was, in contrast to the results from
[36], not directly related to the oxidation of overlying material or

applied stress o, [GPa]

as-deposited
- --- oxidised

1 " 1 " 1 " 1 re i " )
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intrinsic structural changes, but to a greater degree a consequence
of prolonged elevated temperature impact during the oxidation
treatment. At an exposure of the samples to a maximum temperature
of 700°C for 20min, annihilation of crystallographic defects and
atomic rearrangement can be assumed as a potential reason for the
reduction in E [4, 42].

Summary and Conclusions

A combined correlative nano-analytics study including synchrotron
CsnanoXRrD, laboratory XRD, BF and HAADF STEM imaging, EDS ele-
mental mapping and micro-cantilever bending experiments was per-
formed on an oxidised bi-layer coating that consisted of a TiN
diffusion barrier base layer and a hexagonal TiB, protection layer,
grown by cvD onto cemented carbide cutting inserts. Additional
data was gathered by laboratory Xrp performed on coated inserts
and a Dsc measurement on oxidised TiB, powder. The results pro-
vide detailed insights into the cross-sectional oxidation-induced
changes within the TiB, coating and allowed to correlate cross-sec-
tional profiles of phases, residual stress and microstructural constitu-
tion. The study revealed (i) favourable resistance to prolonged surface
oxidation (20min at 600 °C plus 20min at 700 °C) of the investiga-
ted cvp TiN/TiB, coating, which protected the underlying TiB,
layer region, the TiN layer and WC/Co substrate from degradation,
(i1) the formation of a transition zone labelled overlap region formed
by oxidation, where intact TiB, and rutile phase TiO, co-existed,
(i11) a clear oxidation front separating this overlap region from un-
affected TiB,, as well as (iv) a ~25% reduction in Young’s modulus
of the TiB, underneath the oxide film in the oxidised sample relative
to its untreated counterpart, while (v) no significant difference in
TiB, fracture stress levels was detected between the samples. Fur-
thermore, (vi) pronounced relaxation of residual stress in the TiB,
phase was measured in the case of the oxidised sample, coinciding
with the discovered overlap region.This is thought to be connected
with the introduction of cracks and pores in the TiB, phase as well
as the generally porous nature of this zone. Cross-sectional BF STEM
imaging revealed (vii) a stratified grain morphology of the T1i0O,
layer. Supplementary experiments on TiB, powder using DSC and
coated cutting inserts using XRD, in order to clarify the specific oxi-
dation characteristics were in agreement with findings of the cross-
sectional study, confirming (viii) the absence of the volatile B,O,
phase or other oxidation products in crystalline form.
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Gradients of microstructure, stresses and me-
chanical properties in a multilayered dia-
mond thin film revealed by correlative
cross-sectional nano-analytics’
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Abstract

THIN DIAMOND FILMS deposited by chemical vapour deposition (cvD)
usually feature cross-sectional gradients of microstructure, residual
stress and mechanical properties, which decisively influence their
functional properties. This work introduces a novel correlative cross-
sectional nano-analytics approach, which is applied to a multi-laye-
red cvb diamond film grown using microwave plasma-enhanced
cvD and consisting of a ~8 um thick nanocrystalline (NCD) base and
a~14.5um thick polycrystalline (pcp) top diamond sublayer. Com-
plementary cross-sectional 3onm beam synchrotron X-ray diffrac-
tion, depth-resolved micro-cantilever and hardness testing and
electron microscopy analyses reveal correlations between micro-
structure, residual stress and mechanical properties. The NcD sublayer
exhibits a 1.5 um thick isotropic nucleation region with the highest
stresses of ~1.3 GPa and defect-rich nanocrystallites. With increasing
sublayer thickness, a (110) fibre texture evolves gradually, accom-
panied by an increase in crystallite size and a decrease in stress. At
the Ncp/pcD sublayer interface, texture, stresses and crystallite size
change abruptly and the pcD sublayer exhibits the presence of
Zone T competitive grain growth microstructure. NCD and PCD sub-
layers differ in fracture stresses of ~ 14 GPa and ~ 31 GPa, respectively,
as well as in elastic moduli and hardness, which are correlated with
their particular microstructures. In summary, the introduced nano-
analytics approach provides complex correlations between micro-
structure, stresses, functional properties and deposition conditions.
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Introduction

DUuE TO THEIR outstanding electronic, chemical, thermal, mechanical
and biocompatible properties, diamond thin films have attracted sig-
nificant scientific and technological attention in the last decades
[1,2]. Polycrystalline diamond thin films produced by low-pressure
chemical vapour deposition (cvD) nowadays represent one of the
most common applications of synthetic diamond 3, 4]. During the
CVD process, a complex cross-sectional microstructure is usually
formed in a sequence of growth stages including nucleation, coa-
lescence and a final growth stage |2, s—10]. In addition, during both
the growth process and the subsequent cooling down to room tem-
perature, (intrinsic) growth and (extrinsic) thermal stresses accumu-
late in the films as a result of the gradual microstructural evolution
and the mismatch of coefficients of thermal expansion (CTEs) be-
tween the film and substrate, respectively [11—20]. The gradients of
intrinsic stress can be very pronounced as a result of the gradual mi-
crostructure evolution, which may include an evolutionary selection
of distinct crystallographic orientations, the development of colum-
nar grain morphology, incorporation of non-diamond phases at
grain boundaries, porosity, coalescence of grains, and/or the forma-
tion of twins and stacking faults [8, 13, 15]. Mechanical properties of
cvD diamond thin films are strongly dependent on grain size, where,
with increasing grain size, Young’s moduli ~(400—-1200 GPa) and
hardness ~ (40—110 GPa) tend to increase to a certain extent, whereas
fracture stress ~(1—9 GPa) decreases [21—27]. The grain size also in-
fluences the surface roughness of the films and, in nanocrystalline
diamond (NCD), smoother film surfaces occur due to the fact, that
(1) surface roughness is decoupled from film thickness and (i) better
film homogeneity as well as isotropic material properties, compared
to polycrystalline diamond (PcD), are present [4, 26], [28]. The char-
acterisation of mechanical properties of cvD diamond thin films has,
however, been performed mainly by using indentation techniques
[26, 29 ,30], and three and four-point bending tests [31, 32], which
provide primarily surface and/or volume-average properties.

In contrast, the functional properties of cvb diamond films depend
decisively on the cross-sectional gradients of microstructure and re-
sidual stress |15, 26]. For example, residual stress gradients in cvp dia-
mond films may induce unwanted bending of the film, when
removed from the underlying substrate, ¢.¢. to be applied in micro-
electromechanical systems. Therefore, the understanding of the cor-
relation between cross-sectional microstructure and residual stress
gradients on one side, and overall as well as depth-dependent me-
chanical properties on the other side, is of significant importance for
the successtul application of cvDd diamond thin films. The aim of this
work is (i) to introduce a novel concept for the analysis of gradient
cvDb diamond thin films based on correlative cross-sectional nano-
analytics including 3onm cross-sectional X-ray nano-diffraction
(csnanoxrDp) in conjunction with depth-resolved micromechanical
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testing and (ii) to discuss the correlation between gradients of mi-
crostructure, residual stress and mechanical properties in a model
multi-layered cvp diamond film consisting of a NCD base and a PcD
top sublayer. The novel nano-analytics approach opens new possi-
bilities for the understanding of the correlation between (i) applied
time-dependent process conditions, (i) cross-sectional depth-de-
pendent gradients of microstructure, residual stress and mechanical
properties and (ii1) overall functional properties of diamond thin
films.

Experimental
Deposition of NCD/PCD diamond thin film

The diamond film was deposited by a microwave plasma-enhanced
chemical vapour deposition (MPECVD) method (using a 2.45 GHz
Iplas Cyrannus I plasma source) on a Si(100) water with a thickness
of 425um. Prior to the deposition, the substrate was ultrasonically
treated for 3omin with an abrasive solution consisting of diamond
powder (20nm grain size), Ti powder (s nm particle size), and eth-
anol in a weight percent ratio of 1:1:100 (Wt%). In a next step, the
substrate was first ultrasonically cleaned for 15 min in acetone to re-
move any residue of the abrasive solution from the surface before
the plasma cleaning was performed. Finally, the multi-layered
22.5um thick film consisting of 8 and 14.5um thick Ncp and pcp
sublayers, respectively, was deposited. The main process parameters
are summarised in Tab. 1.

Substrate cleaning prior to 30min in an Ar/H, plasma at 200 mbar with a mi-
the deposition crowave power of 1kW (390sccm Ar, tosccm H,)
at ~800°C

Deposition temperature for 800 and 90o°C
NCD and PCD sublayers

Deposition pressure 200 mbar
Microwave power kW
Precursors for NCD H,/CHy

(384 sccm Hy, 16sccm CHy)

Precursors for pcD Ar/Hy/CHy plasma
(386scem Ar, 1oscem Hp, 4scem CHy)

Deposition time sh for each sublayer

TABLE 1: Summary of parameters
used for the deposition of NCD and
pcD sublayers on Si(100) substrate.
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FIGURE 1: A schematic drawing of

the CSnanoXRD set-up at the 1D13 beam-
line of ESRE in Grenoble. The experiment
was performed in transmission diffrac-
tion geometry using one MLL to focus
the synchrotron pencil X-ray beam
(with E = 13keV) to a cross-section of
15 pm X 3onm. The sample lamella with
a thickness L of ~ 100 um comprising the
multi-layered NDc/pPcD thin film on
Si(100) was scanned along the z direc-
tion in equidistant steps of 25 nm while
the diffraction signal was recorded at
every sample position by the 2D detector
(Eiger X 4M) at a sample-to-detector dis-
tance d of ~ 125 mm. The azimuthal
angle d is counted from the 12 o’clock
detector position and defined in clock-
wise direction as indicated on the detec-
tor plane schematically.

ML

Synchrotron CSnanoXRD characterisation

A thin lamella with dimensions of ~(3 X 0.5) mm? and a thickness L
of ~100um (in the X-ray beam direction, ¢f. Fig. 1) was prepared by
mechanical thinning from the Ncp/pcep film on Si(100).The sample
was investigated by csnanoXrp [33,34], at the D13 nano-focus beam-
line of the European Synchrotron Radiation Facility in Grenoble,
France. The experiment was performed in transmission geometry,
using a pencil X-ray beam focussed by a Multi-layer Laue lens (MLL)
to cross-sectional dimensions of ~1sum X 3onm [34] and a photon
energy of 13 keV (Fig. 1). The sample was moved in the X-ray beam
with a constant step size of ~25nm along the film normal direction
using a piezo-actuated stage while the diffraction signal was recorded
using a two-dimensional (2p) charged-coupled device detector
(ccp) Eiger X 4M featuring a pixel size of 75 X 75 mm. To calibrate
the powder diffraction experimental geometry, a N1ST LaB,, standard
powder was measured at the same sample-to-detector distance as
the diamond film sample. The collected Debye-Scherrer (Ds) rings
from the N1sT sample were used to calibrate the sample-to-detector
distance of 124.71 mm, the tilt angle of the detector plane of 0.85°
and the rotation angle of the tilt plane of 152.42°, as well as the beam
centre on the detector at 969.4 and 1182.8 pixels (in horizontal and
vertical directions). The Ds rings collected from the diamond sample
were processed using the Python package pyFAI [3s]. Due to the
relation of sample-to-detector distance to photon energy, there was
only one diamond 111 ps ring visible on the detector, but a high
strain sensitivity was ensured by this chosen geometry (Fig. 1). The
data were used to generate plots of (i) intensity distribution I, (g, 2)
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as a function of Bragg’s angle ¢ and the sample depth z (denoted
henceforth as phase plot), (ii) intensity distribution I, ;,(d, z) as a func-
tion of the DS ring azimuthal angle d and the sample depth z (de-
noted further as fexture plof) and (iii) to evaluate depth gradients of
in-plane X-ray elastic strains ¢, ,,(z) for the diamond 111 reflection.
In order to calculate residual stresses o(z) from the measured strains,
the Hill grain interaction model was used for simplicity, with an X~
ray elastic constant 0.5S, of 9.38 X 10?Pa’. In order to correct the
evaluated strain and stress values for the stress relaxation caused by
the lamella preparation, a dedicated procedure based on a finite ele-
ment model was applied [36]. Other details of the experimental ap-
proach and evaluation procedure can be found elsewhere [34,36].

Electron microscopy analysis

Scanning electron microscopy (SEM) analysis, electron backscatter
diffraction (EBSD) and focused ion beam (F1B) machining/polishing
on the NCcD/pPcD thin film cross-section was performed using a Zeiss
Auriga CrossBeam workstation. To obtain information on the film
cross-sectional morphology, the cross-section was first polished by
Ga ions by F1B within a 20 um wide region followed by a final pol-
ishing step at a beam current of ~ 100 pA and an accelerating voltage
of ~5kV and under an angle of ~15° in order to achieve maximum
smoothness and to remove residual impurities from previous coarser
FiB milling. The EBSD characterisation with a lateral step of sonm
was carried out with an Ametek-EDAX Hikari Super camera at an ac-
celerating voltage of 20kV and using a beam current of 6nA, directly
after the fine polishing in order to prevent contamination of the
cross-section.

Hardness characterisation

The hardness of the individual sublayers was evaluated by nanoin-
dentation, using a Hysitron T1950 Triboindenter on the same cross-sec-
tion of the film that was prepared by FIB for the EBSD analysis. Ten
indentation measurements were performed on the pCD and NCD sub-
layer cross-sections, approximately in the middle of each sublayer,
and (for reference purposes) also on the underlying substrate. The
measurements were carried out using a diamond Berkovich tip
under quasi-static loading conditions, applying a maximum load of
~13mN. They resulted in effective contact depths of ~ 6onm for
pcD and ~70nm for Ncp. The area function of the indenter tip was
determined by reference measurements on fused silica. Recorded
load-displacement data were evaluated according to the Oliver-
Pharr method [37].The hardness values (and corresponding standard
errors) presented in Sec. 3 were calculated as the arithmetic mean
of the results obtained from the ten individual measurements.

FIGURE 2: A schematic drawing of the
employed micro-cantilever specimen
geometry indicating width B and
thickness w.The bending length [ is the
distance between the point of the ap-
plied load F and the resulting fracture
plane.
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FIGURE 3: SEM micrograph showing
the cross-sectional morphology of
the fine- and coarse-grained NCD
and pcD sublayers, respectively. The
markers at the cross-sectional positi-
ons A-D correspond approximately
to the csnanoXRD measurement po-
sitions, at which the Ds rings in

Fig. sa were collected.

Micromechanical tests

In order to determine elastic moduli and fracture stresses of the cvp
diamond multi-layer film, in-situ testing of micro-cantilevers and an
evaluation procedure based on the classical linear-elastic theory of
fracture mechanics were employed [39]. Eight micro-cantilevers with
dimensions of ~ (1.4 X 1.4 X 12) mm?® each were fabricated from the
individual sublayers of the cvb diamond film using a F1B workstation
(Zeiss Auriga CrossBeam) (Fig. 2). Four cantilevers made from the
coarse-grained top PCD sublayer were positioned about 2 um beneath
the sublayer surface. In order to access the NcD layer and to avoid
the long r1B milling times, a large portion of pcD sublayer with a
volume of ~ (200 X 15 X 30) mm® was removed using a femtosecond
laser unit (Origami 10 XP) installed in the F1B workstation prior to
the r1B machining. Four cantilevers were then milled approximately
from the centre of the NcD sublayer. Details on the laser milling ap-
proach can be found in Ref. [38].The r1B fabrication was performed
using an acceleration voltage of ~30kV and beam currents in the
range from 20nA to s0pA. Special care was taken to avoid sample
damage by Ga ions by using low FIB cutting currents at final canti-
lever machining steps. All un-notched cantilever specimens were
loaded and load-deflection curves were acquired. Micromechanical
testing was carried out in in-situ configuration in a SEM (Zeiss
LEO 982) by means of a dedicated indenter system (Hysitron Pi-85
PicoIndenter), teaturing a piezo-actuated sample stage. The cantilevers
were loaded using a sphero-conical diamond indenter tip (with a
radius of curvature of ~700nm) in out-of-plane direction up to the
load of fracture (Fig. 2). Testing was carried out at a constant dis-
placement rate of ~20nms™" in order to ensure quasi-static loading
conditions. Special care was taken to load the cantilevers in their
central planes to avoid torque. The load-deflection curves as well as
the applied force were recorded and subsequently used to calculate
Young’s moduli.

Based on the recorded load-deflection data, fracture stress o, was
evaluated as follows

Fl

57=6
Buw?

k)l

where F represents the maximum applied load at fracture, [ is the
bending length representing the distance between the point of the
applied force and the resulting fracture plane, and B and w represent
the cantilever width and thickness, respectively (Fig. 2). The eval-
uation of Young’s modulus E rests on the assumption of an ideally
brittle material, excluding plastic deformation effects of the tested
material in contact with the indenter tip. The recorded dominant
elastic response from cantilever loading is thus used to calculate E
according to

e 45y
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[010] [001]

0 being the displacement at maximum applied load F [39].

Results and discussion
Cross-sectional thin film morphology

The sEm micrograph from the NcD/PcD film fracture cross-section
in Fig. 3 reveals a distinct two-layer architecture, with a very fine
microstructure of the NcD base sublayer compared to the coarse-
grained microstructure with prominent elongated columnar grains
of the pcD sublayer. The interface between the sublayers is relatively
sharp and flat, indicating small surface roughness of the NcD sublayer
surface caused by its nanocrystalline nature. Measurements in the
sEmM on multiple fracture surfaces and cross-sections indicated an al-
most uniform film thickness of ~8 um for NcD and ~14.5pum for
pcD sublayers. The cross-sectional microstructure, grain morphology
and crystallographic orientation of the grains were mapped by EBSD
using a lateral step size of sonm. Fig. 4a presents an orientation map
of the thin film cross-section for the film normal direction [001],
while Fig. 4b shows an orientation map for the film in-plane direc-
tion [100].The results document that the EBSD characterisation suc-
ceeded in determining the preferred orientation of the crystallites
within the pcp sublayer only, indicating a (110) fibre texture. Ad-
ditionally, the EBsD data from the pcD sublayer were used to generate
three inverse pole figures for three perpendicular sample axes [100],
[010] and [00 1], which correlate with two thin film in-plane (per-
pendicular and parallel to the micrograph plane) and one out-of-
plane directions, respectively. The inverse pole figures (Fig. 4¢)
document, once more, the 110 fibre texture as well as a relatively

[100]

[100] IPF

FIGURE 4: EBSD [001] (a) and
[100] (b) inverse pole figure (IPF)
maps from a 20 X 20 mm? cross-sec-
tion of the Ncp/pep film indica-
ting a columnar morphology of
the microscopic diamond grains
exhibiting a competitive grain
growth mode in the pcD sublayer.
The strip of noisy signal on top of
the pcD films is artefacts stemming
from the uneven sample surface.
Crystallite size in NCD was below
the resolution limit of the EBSD
analysis. (¢) EBsD [100],[010] and
[001] inverse pole figures obtained
from the data collected from the
pcD sublayer, indicating the (110)
fibre texture.
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FIGURE 5: (a) Ds rings collected . _
from the pcD and NCD sublayers at intensity [arbitrary units] on log,, scale
the cross-sectional positions A—D
(¢f. Fig. 3) indicate a variation of tex- regular in-plane orientation of crystallites with {111} planes
ture across the film. (b) Phase plot oriented approximately perpendicular to the substrate surface. The

[111(d, ) obtained by azimuthal in- EBsD data (Fig. 4) together with the seM micrograph from Fig. 3 in-

tegration of about 950 Ds rings in . . ..
g 8 dicate the presence of a Zone T type mechanism of competitive

the & range of 80—100°.

(¢) Normalised intensity distributi- grain growth within the pcp sublayer. One can observe the colum-
ons of exemplary diamond 111 re- nar grain growth with selected grains stretching from the nucleation
flections, representing diffraction on zone at the Ncp/pcD interface to the film surface, whereas some

diamond {111} crystallographic other, smaller, grains close to the nucleation zone of the pcD sublayer

substrate surface, collected at positi- cease to grow further after ~1 to sum. In the case of the NcD sub-
ons A-D. layer, however, the EBSD approach failed to reveal the microstructure
and preferred orientation of the nanocrystals, which is also apparent
from Fig. 4b, where the NcD sublayer is entirely covered by the dark

planes oriented perpendicular to the

coherently scattering domain size (D) [nm] EBSD image quality. There, the low-quality EBSD signal can be ex-
100 €050 40 30 25 20 plained by the small grain size of the crystallites of ~20nm (¢f.
O (e T T T ] Sec. 3.2), which was close to, or somewhat below the resolution limit

of the EBSD system.

Synchrotron CSnanoxrD analysis

In Fig. sa, four representative diamond 111 ps rings from the centre,
the nucleation region of the pcp sublayer, as well as from the centre
tNCD 1 of the NcD sublayer and the corresponding nucleation region are
I ] presented (¢f- also Fig. 3). They indicate a variation in texture across
0| .y the film’s thickness. In the NcD sublayer, the DS ring collected at po-
I ] sition D (Fig. sa) exhibits a relatively homogeneous azimuthal in-

Y E— — . tensity distribution (nearly random texture), whereas azimuthal

FWHM [deg]

[PCD

I substmtel

maxima at 9 = 30° and 90° can be identified in the DS ring collected
at position C. In the pcp sublayer, the azimuthal maxima of the ps
FIGURE 6: Cross-sectional evolution of rings taken at positions B and A become very pronounced. About
rwHM of the diamond 111 reflection evalua- 950 Ds rings collected from the thin film cross-section were used to

ted from ps rings for = 90°, corresponding generate cross-sectional phase and texture plots I,;,(g, 2) and
to the in-plane orientation of the diffraction

vectors, and the linked in-plane size of co-

herently scattering domains D obtained from

Scherrer’s equation.
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I,,,(d,z), presented in Figs. sb and 7, respectively. The phase plot in
Fig. sb obtained by the azimuthal integration in the § range of 8o—
100° reveals an evolution of the diamond 111 reflection shape as a
function of the film depth. In Fig. sc, four representative diamond
111 reflections collected at the respective positions A—D (Figs. 3 and
sa) for the diffraction vector oriented approximately parallel to the
substrate surface, are shown. In the NcD sublayer, the 111 reflections
are broad and asymmetric with a shoulder at smaller diffraction an-
gles, while in the pcp sublayer they become narrower. The phase
plot (Fig. sb) and the peak profiles corresponding to positions C
and D from Fig. sc with their asymmetric 111 reflection can be in-
terpreted by the nanocrystalline and defect-rich nature of the ncp
sublayer crystallites with a high stacking fault density. In contrast, the
phase plot and the relatively narrow and symmetric line profiles cor-
responding to positions A and B from Fig. sb and ¢ indicate the
presence of relatively large crystallites in the pcp sublayer. The evo-
lution of the XrRD peak broadening was evaluated for all ~950 dia-
mond 111 reflections for the in-plane orientation of the diffraction
vector and is presented as full width at half maximum (FwaM) in
Fig. 6. FwHM is usually sensitive to the size of coherently diffracting
domains D and to the presence of crystal defects, resulting in the
formation of strains of II and III order. The FwHM data from Fig. 6
are shown together with the D obtained by Scherrer’s equation

~ = 2/(FWHM cos?), using the beam wavelength 2 = 0.9537A
and neglecting strain-induced broadening for the sake of simplicity.
The results indicate that the in-plane crystallite size is smallest in the
NcD sublayer at the interface to Si(100), reaching values below
20nm, then increases to ~24 nm within the 1.5 um thick nucleation
layer before saturating and remaining relatively unchanged. Within
the pcD sublayer, the average in-plane crystallite size increases from
about 40nm to 6onm and remains constant across the entire sub-
layer. The texture plot I, ,(d, 2) in Fig. 7 shows the gradual evolution
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mined using CSNanoxXrD
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FIGURE 9: sEM micrographs of five
(four plus one specimen for pre-
testing) and four micro-cantilevers
machined from the NcD and pcp
sublayers (a) together with the mag-
nified micrographs of representative
cantilevers from pcp (b) and NCD (c)
sublayers. The approaching sphero-
conical diamond indenter tip is visi-
ble in the upper part of micrograph

(c).

TABLE 2: Mechanical properties of
the NcD and pcD sublayers eval-
uated by bending experiments on
micro-cantilevers and cross-sectional
indentation tests.

of texture across the film’s cross-section. At the interface to the
Si(100) substrate, the crystallites are oriented randomly in the NcD
sublayer (¢f also Fig. sa). Starting at a thickness of ~ 1.5 um, the <110
fibre texture starts to evolve within the NcD sublayer and becomes
sharper towards the NcD/PcD interface. Across the pcD sublayer, the
110 texture is also becoming stronger towards the surface, due to
the mechanism of competitive columnar grain growth discussed in
Sec. 3.1. One important feature of the (110) fibre texture is the
presence of distinct azimuthal maxima at ¢ = 90° and 180°, which
represent the diffraction on {111} crystallographic planes oriented
approximately perpendicular to the substrate surface, with diffraction
vectors oriented parallel to the surface. The csnanoxrp data are in
agreement with the EBsD data (Fig. 4), confirming the texture type
for the pcp sublayer and complementing the missing data for the
NCD sublayer. csnanoxRrD was employed to evaluate gradients of X-
ray elastic strain ¢,,,(2) and in-plane biaxial residual stress across the
film thickness. The acquired strains and stresses presented in Fig. 8
document the presence of complex gradients. The highest stress of
~1.1 GPa was observed in the NcD sublayer at the interface to the
Si(100) substrate. Within the NcD sublayer nucleation region, these

Fracture stress [GPa] Young’s modulus [GPa] Hardness [GPa]

PCD 31.6 £ 6.6 1037 + 25.3 60.8 = 0.9

NCD 143 + 0.6 903 + 35.3 465+ 1.7
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tensile stresses were observed to drop rapidly to about 750 MPa, and
then found to decrease linearly towards the NcD/PcD sublayer in-
terface, where the stress state switches to compressive. Across the Pcp
sublayer, the stress state changes very locally and overall becomes
tensile again towards the surface. These abrupt changes in stress
within the pcD sublayer can be attributed to the coarse-grained na-
ture of this sublayer as well as varying stress states within individual
grains. [t is obvious that the observed stress variation across the dia-
mond thin film cross-section can be correlated with intrinsic stress
changes caused by the complex microstructure evolution (¢f- Sec. 4).

Cross-sectional mechanical properties of the sublayers

In Fig. 9a, SEM micrographs of micro-cantilevers machined using FiB
from the NcD (four specimens plus one pre-test) and PcD (four spe-
cimens) sublayers are presented together with the micrographs of
two representative cantilever specimens in Fig. 9b and c, respectively.
The load-deflection curves recorded during the bending experi-
ments on both types of cantilevers presented in Fig. 10 show linear
elastic behaviour, i.e. the cantilevers behaved like an ideal bending
beam and broke without detectable plastic and/or ductile response
[39]. The data set of one micro-cantilever from the pcD sublayer
showed unrealistic load-deflection characteristics. It was treated as
an outlier, disregarded from further evaluation and is not shown in
Fig. 10. The distinct diftferences in the slopes and in the (maximum)
loads at fracture between the curves from the NCD and PCD type can-
tilevers (Fig. 10) qualitatively indicate the differences in the mechan-
ical properties of the sublayers. The recorded micromechanical data
from the cantilevers were used to evaluate fracture stresses and
Young’s moduli (¢f Sec. 2), of which the mean averages are presented
in Tab. 2. The quantitative data document a difference of ~10% in
the Young’s moduli and a significant difference in the fracture stresses
between the sublayers, which are both discussed in Sec. 4. In addi-
tion, the hardness of the NcD and pcD sublayers was determined by
means of nanoindentation performed on the sublayers’ cross-sections.
In Fig. 11, thirty load-displacement responses are presented, ten from
each of the NcD and pcp sublayers’ as well as the underlying Si sub-
strate’s cross-sections. Again, the differences between the slopes and
the maximal penetration depths (Fig. 11) indicate qualitative differ-
ences in the mechanical properties of both sublayers. The recorded
indentation data were used to determine the hardness of the sub-
layers presented in Tab. 2.
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FIGURE 10: Load-deflection curves
recorded during bending experi-
ments on micro-cantilevers (Fig. 9)
machined from the NcD and PcD
sublayers, indicating the comparati-
vely smaller Young’s modulus and
fracture stress of the NCD sublayer.
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FIGURE 11: Load-displacement
curves recorded during cross-sec-
tional indentation experiments on
the NcD and pcD sublayers, indica-
ting the smaller Young’s modulus
and hardness of the NCD sublayer.
The response of the Si substrate is
shown for reference.
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Discussion of cross-sectional correlations

As discussed in Sec. 1, the physical properties of cvd diamond thin
films depend on cross-sectional microstructure and stress gradients,
which evolve as a function of the deposition conditions, in particular
as a result of the applied process parameters as well as of a variety of
self-organisation phenomena taking place at distinct stages of the
growth process. In this section, the correlations between (i) the ob-
served phenomena and (ii) the methodological aspects of the applied
correlative cross-sectional nano-analytics approach will be discussed.
Electron microscopy and diffraction (SEM, EBSD) as well as csna-
noxrD (Figs. 3,5—8) revealed the presence of a nanocrystalline nu-
cleation region in the NcD sublayer with a thickness of ~1.5um,
possessing the highest tensile stress of ~1.1 GPa at the interface to
Si(100) and showing the smallest apparent in-plane crystallite size
D of ~18 nm and random texture. This observation is in agreement
with the model of Silva et al. [8], where it was proposed that the
growth of ballas-like crystallites composed of nanometric sectors
elongated along the [110] axes results in the formation of'a {(110)
fibre texture. At a thicknesses of ~1.5—8 um, both microstructure and
stress evolution become saturated within the NcD sublayer as a result
of steady state grain growth conditions, resulting in a tensile stress
level of 0.75 GPa and a crystallite size D of ~24 nm, while the (110>
texture sharpness changes only marginally. The presence of the near-
substrate transition region with random nucleation texture lacking
significant growth competition in the early growth stage correlates
with the experimental results and texture models reported from
other thin monolithic films [5,7,8]. It is, however, interesting to ob-
serve that the transition from the nucleation regime during the NcD
sublayer formation occurs very abruptly. EM and csnanoxrp (Figs. 3—
8) also revealed the presence of a transition region with a thickness
of ~2pum within the pcp sublayer. At a total film thickness of ~8—
ropm, one can observe a decrease in stress from 0.7 to 0.3 GPa, a
further sharpening of {110) texture, as well as an increase in crys-
tallite size D from ~25 to ~sonm. The presence of this transition
region within the PcD sublayer can also be identified in the EBSD in-
verse pole figure orientation maps (Fig. 4a and b), indicating com-
petitive columnar grain growth, which ceases after about 2 to 2.5 pum.
At a thickness of ~ 10 to ~22.5 um, the microstructure evolution be-
comes saturated within the pcp sublayer as a result of stable grain
growth conditions. The variation in tensile stress across the PCD sub-
layer can be interpreted by the large size of the diamond crystallites,
of which the analysis using the X-ray nanoprobe provided just very
local information on the stress state. If the sampling volume were
significantly larger, encompassing a much higher number of grains,
the local stress variations would average out and result in a smoother
stress profile, akin to that found in the NcD sublayer. The significant
differences between the sublayers’ observed intrinsic microstructural
characteristics can be attributed to different deposition conditions
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applied during the synthetises of the NcD and pcD sublayers. Espe-
cially the lower deposition temperature of ~800°C and the appli-
cation of the Ar/H,/CH, plasma played an important role in the
formation of the nanocrystalline bottom (Ncp) sublayer. The tem-
perature difference of ~100°C in conjunction with two different
types of plasma environments resulted in the formation of sublayers
with profoundly distinct microstructural attributes. Interestingly ho-
wever, in both sublayers, the presence of nucleation transition regions
was detected by EM and csnanoxrp. Within the transition regions
all microstructural parameters such as texture, crystallite size, stress,
and grain boundaries change rapidly before they reach a saturation
state. The NcD and pcD sublayers exhibit different levels of residual
stress of ~0.75 and 0.25 GPa (Fig. 8), which after adding the thermal
stress component of ~-0.72 and 0.81 GPa [12,13,15], indicate tensile
growth stresses of 1.4 and 1.0 GPa, respectively. The difference in the
growth stresses can be interpreted by the sublayers’ microstructure.
In particular, the larger portion of grain boundaries in the nano-
crystalline base sublayer could be responsible for generating larger
tensile growth stress as a result of the coalescence of columnar grain
boundaries during the initial stages of the sublayer growth [7,8]. The
cross-sectional microstructure can be correlated with the mechanical
properties of the sublayers, which were characterised using cross-
sectional indentation and micro-cantilever bending experiments
(Tab. 2). In general, the mechanical characterisation indicated sig-
nificantly smaller hardness, fracture stress and Young’s modulus for
the NcD sublayer, compared to the pcD sublayer, which can be at-
tributed to the nanocrystalline nature of the bottom sublayer, with
small crystallites and a comparatively large volume fraction of grain
boundaries. The obtained quantitative results of hardness and Young’s
moduli presented in Tab. 2 are in agreement with the results ob-
tained from monolithic nanocrystalline and polycrystalline diamond
thin films [26]. In the case of fracture stress, however, significantly
larger values of 14.3 £ 0.6 and 31.6 £ 6.6 GPa were determined using
the micro-cantilever bending method. These values appear signifi-
cantly larger than the data evaluated from other diamond samples
(¢ Fig. 4 in Ref. [26]), especially compared to the tensile strength
data of 5.2 GPa from Olson et al. [40]. Compared to the data from
micromechanical compressive tests on diamond single crystals [27],
however, the obtained fracture stress values appear very reasonable
and document the discrepancy between tensile and compressive
strengths in diamond. In addition, the present data also indicate the
advantage of the micro-cantilever approach. Unfortunately, it was
not possible to perform a mechanical characterisation of the nucle-
ation regions of the Ncp and pcp sublayers, which would require
further downscaling of the micromechanic specimens. One impor-
tant novelty of this work is the application of a correlative cross-sec-
tional nanoanalytics approach to the investigated multi-layered
NcD/PcD thin film. The combination of EM and csnanoxrp allowed
for obtaining quantitative experimental data on the cross-sectional
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evolution of microstructure and stress. These approaches were found
to be quite complementary: while it was not possible to determine
texture gradients in the NCD sublayer by means of EBSD analysis,
csnanoxXRrD allowed for obtaining very local information on texture
gradient across the nanocrystalline transition nucleation region. The
first application of csnanoXRrD to a diamond thin film demonstrated
the possibilities of the technique to study depth gradients of micro-
structure and stress in both nanocrystalline and coarse-grained thin
films. In order to obtain cross-sectional structure-property correla-
tions for diamond thin films, the combination of EM and csnanoxrp
techniques on one side, and of cross-sectional micromechanical
characterisation on the other represents a great methodological ad-
vance. There remains, however, the need to improve the spatial res-
olution of the mechanical tests.

Conclusions

In this work, a novel correlative cross-sectional nano-analytics ap-
proach was used to characterise cross-sectional structure-property
relationships in a multi-layered cvpd diamond film grown using mi-
crowave plasma-ehanced cvp and consisting of a ~8 pm thick nano-
crystalline (NcD) bottom and a ~ 14.5 um thick polycrystalline (pcD)
top diamond sublayer. For the characterisation, depth-resolved
micro-cantilever and hardness testing, electron microscopy methods
and novel csnanoxrRp were applied. csnanoxRrRD was used for the
first time to study properties of diamond thin film. The cross-sec-
tional experimental data revealed complex correlations between thin
film mechanical properties, texture, crystallite size, residual stresses
and deposition conditions. The fine-grained NcD and coarse-grained
columnar pcD sublayers indicated the presence of nucleation regions
with distinct gradual microstructures, which were investigated pri-
marily by csnanoxrp. The values of hardness and Young’s moduli
from both sublayers correlate well with the results reported from
other monolithic cvDd diamond thin films, whereas relatively large
fracture stresses were observed using the micro-cantilever method.
The presence of the gradual microstructures and stress gradients, ho-
wever, documents the importance of the cross-sectional analysis,
which should be further developed and downscaled. In summary,
the nano-analytics approach allows for understanding the correlation
between deposition conditions, cross-sectional gradients of micro-
structure, residual stress and mechanical properties and overall func-
tional properties of diamond thin films.
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Abstract

Tue LIFETIME of WC-Co inserts used in cutting processes, such as
milling, is limited by millisecond temperature and mechanical pulses,
which occur as a result of interrupted tool-workpiece contact, ther-
mal fatigue and wear. In the current work, synchrotron X-ray dif-
fraction (XRD) was used in conjunction with a pulsed laser heating
set-up to characterise the time-dependent development of stresses
and microstructure in locally irradiated WC-Co inserts coated by
chemical vapour deposition with 6.5 pum and 3.5 um thick TICN and
a-AlL,O; films, respectively. Diffraction data from the WC-Co phase
were used to evaluate the time and temperature-dependent evolu-
tion of in-plane stresses, thermal strains and integral breadths of WC
diffraction peaks in experiments with a single and five successive
laser shocks applied within 2.2 and 20 seconds, respectively, using a
laser spot diameter of ~ 5.8 mm and an X-ray beam size of 1 X 1 mm?.
The laser heating induces the formation of compressive stresses in
the inserts’ substrates. Above a temperature of ~750°C, at the onset
of WC-Co composite plastification, compressive stresses relax and
then vanish in WC at the maximal applied temperature of ~ 1300 °C,
tollowed by the build-up of tensile stresses. The applied cyclic hea-
ting up and cooling down led to the repetitive formation of com-
pressive and tensile stresses, with temperature depen- dencies
oscillating with the number of applied laser pulses. The observed re-
latively high tensile stress level of ~1100 MPa in WC was a conse-
quence of the stabilising function of the coating, which hindered
the initiation of surface hot cracks and stress relaxation.

* This piece of research was first pu-
blished in International Journal of
Refiactory Metals and Hard Materials
vol. 82 (August 2019) pp. 121—128,
DOIL: 10.1016/].1jrmhm.2019.04.004.

The version presented here fea-
tures marginal stylistic and typo-
graphical corrections.

a Department of Materials Physics,
Montanuniversitit Leoben,
Leoben, Austria

b Erich Schmid Institute for Mate-
rials Science, Austrian Academy of’
Sciences,

Leoben, Austria

¢ Institute of Applied Materials,
Karlsruhe Institute of Technology,
Karlsruhe (k1T), Germany

d Institute of Materials Research,
Helmbholtz-Zentrum Geesthacht
(HZG),
Geesthacht, Germany

e Materials Center Leoben Foschung
GmbH,
Leoben, Austria

f Ceratizit Austria GmbH,
Breitenwang, Austria

87



88

PUBLICATION C

Introduction

WC-CO HARD METAL cutting inserts are composite materials based
on hard ceramic tungsten carbide and a cobalt metallic binder . They
are extensively used in the machining tool industry due to their high
hardness and toughness as well as excellent wear and high-tempera-
ture characteristics. In order to increase the life-time of the inserts,
ceramic coatings such as TiN, ALO;, TiAIN and CrAIN with a
thickness of several micrometres are usually deposited onto the hard
metal by means of chemical (cvp) or physical (PvD) vapour deposi-
tion processes [1]. In metal cutting operations, the friction between
insert and metal induces localised high temperature shocks on the
cutting inserts with peak temperatures reaching more than 1000°C
[2]. During cyclically interrupted cutting processes, such as milling,
the tool lifetime 1s affected by millisecond temperature and mecha-
nical pulses, which occur as a result of interrupted tool-workpiece
contact and cause wear and thermal fatigue. The periodic localised
thermal shocks cause rapid changes in lateral and depth-dependent
stress distributions, as a result of (i) thermal stress changes caused by
the mismatch of coeflicients of thermal expansions (CTEs) between
coating and substrate, (ii) intrinsic stress changes as a result of mi-
crostructural (and also phase) changes in the coating and (iii) non-
uniform temperature distributions across the cutting insert [3].
Consequently, there exist several stages of cutting insert damage cau-
sed by the thermo-mechanical fatigue, as discussed by Kirchhoff ef
al. [2] involving the formation of surface and delamination cracks
and coating spalling. Crack formation is fostered by the build-up of
tensile residual stresses triggered by localised plas- tification of sub-
strate [4] and coating [5]. For a particular coating-substrate system,
the degree of damage depends on the maximum temperature and
duration of applied pulses as well as on the magnitude of the fric-
tion-induced thermo-mechanical stress and the number of applied
cycles. The cyclic thermo-mechanical fatigue of WC-Co composites
has been studied both experimentally [6—8], as well as using simula-
tion tools to quantify thermal metal machining tool loads [9, 10]. In
order to predict the degree of local damage induced by the inter-
rupted tool-workpiece contact and wear, a variety of material para-
meters have to be taken into account, such as CTEs, thermal
conductivities and elasto-plastic properties of the coating-substrate
composite, all of which are dependent on temperature, crystallite
size as well as geometry and the time-scale of the underlying process.
Most recent experimental studies were devoted primarily to the ex-
situ analysis of thermo-mechanically loaded inserts from real cutting
experiments [2] and WC-Co composites treated in laser thermal
shock experiments [7, 8, 11]. The latter provide the opportunity to
evaluate the influence of controllably induced thermomechanical
damage, separated from occurring friction loads. The ex-situ studies
of the laser shocked samples manifested the complex nature of ther-
mal fatigue resulting from the formation of lateral and depth gra-
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dients of stresses, microstructure and phases, as discussed by Bartosik
et al. [11]. Although several studies have been performed on laser
shock induced damage in coating-substrate composites, the under-
lying localised time and temperature-dependent evolution of phases,
microstructure, and stresses as well as the incorporated mechanisms
in terms of materials science still remain unknown. Recently, a novel
in-situ characterisation approach based on a millisecond synchrotron
X-ray diffraction (XrD) analysis coupled with a pulsed laser sample
treatment was introduced by Kostov ef al. [12]. The complex expe-
rimental set-up makes it possible to characterise temporal evolutions
of lattice strain, stress and microstructure, as well as to perform real-
time monitoring of phase transformations of rapidly heated samples
in the laser focus of several millimetres, which overlaps with the syn-
chrotron X-ray beam footprint on the investigated sample surface.
Predominantly, this set-up was applied to investigate the laser surface
hardening of steel [13] In the current work, this well-established syn-
chrotron X-ray setup [12] was used to in-situ characterise WC-Co
inserts coated with a pvD TiCN/Al,Oj; bilayer, which was locally
heated using a high-power diode laser (HPDL) up to a maximum
temperature of 1300 °C, applying (i) a single and (ii) five successive
heating cycles. The objectives were (i) to test the transferability of
the synchrotron XRrD set-up to the field of cutting inserts analysis,
(11) to evaluate the time-dependent evolution of stresses and finally
the formation of residual stresses, the evolution of microstructure
and (ii1) to assess thermally driven mechanisms governing stress
build-up and relaxation.

Experiment and methodology

The medium grained WC-Co inserts studied in this work came in
SNUN 120412 geometry (according to 150 1832) with a chemical
composition of 77 wt% WC, 12 wt% mixed carbides and 11 wt% Co.
All inserts were mechanically fine-polished to minimise surface
roughness and subsequently coated with a cvp bilayer architecture
featuring a TiCN base layer with a thickness of ~6.5um and a top
layer of 2-Al,O5 with a thickness of ~ 3.5 um.The TiCN base layer
was deposited from precursors of TiCI-CH;CN-H,-N,-CO at a
temperature of 900 °C and a pressure of Toombar, while the over-
lying 2-Al,O; top layer was grown using AICL;-CO,-H,-H,S pre-
cursors at a temperature of 1000°C and a pressure of 75 mbar. The
coating deposition was carried out in an industrial scale SucoTec
SCT600TH cvp plant. Subsequent to the deposition, the coated in-
serts were subjected to a wet blasting treatment with the central aim
of changing the residual stress state of coating and substrate from
tensile to compressive as summarised in our previous work [14].The
inserts were analysed using the dedicated in-situ XRD set-up descri-
bed by Kostov et al. in [12] at the Pos beamline of the PETRA 111 syn-
chrotron source of DEsY in Hamburg, Germany. Enhancements of
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FIGURE 1: Schematic drawing of
the experimental set-up at the Pos
beamline of PETRA I at DESY sho-
wing the geometrical arrangement
of sample, X-ray beam, HPDL, pyro-
meter and the four detectors. The
set-up was installed in a process
chamber, which guaranteed laser
radiation protection and applica-
tion of a defined atmosphere for
the temperature controlled process
(see also [12]).

a-ALO;

FIGURE 2: Optical (a,b) and secon-
dary electron sEM (c) micrographs
from the cutting insert surface (a)
with indication of the area irradia-
ted by the laser beam and cross-sec-
tions (b, ¢) of the WC-Co/TiCN/
Al,O5 sample, which indicated no
structural sample damage after app-
lying five successive laser pulses.
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the set-up were reported in [15, 16]. In the used experimental con-
figuration (Fig. 1) the incident focussed X-ray beam with intensity
I, hit the laser heated cutting insert at an angle y with respect to the
sample normal. Diffracted intensities I" and I"*: from the two hkl
Debye-Scherer rings were collected by the stripe detectors 1 to 4,
positioned at four different orientations with respect to the sample
normal. Each of the hkl, and hkl, reflections was recorded at two
different diffraction vectors N/*" and N/*- at orientations ¥;, (i = T,
2) and allowed the analysis of stresses according to the sin?y method.
The set-up featured a helium-filled process chamber with a sample
stage and a HPDL unit LDM 4000-100 from Laserline GmbH, Mihl-
heim-Kirlich, Germany, with a maximum power of ~4 kW at a wa-
velength of 1020nm. The laser beam possessed a Gaussian intensity
distribution with a focus spot diameter of ~ 5.8 mm.The sample sur-
face temperature and thereby the laser power output was controlled
during laser shocks using a one-colour pyrometer operating at a
sampling rate of 100Hz in the temperature range of 190—1500°C.
The coated inserts were heated to a maximum temperature of
1300°C, applying a heating rate of 1000°Cs™'. The cooling phase
was, in an analogous manner, realised by means of temperature con-
trol at a cooling rate of -1000°Cs™! down to a temperature of
~200°C or, finally to ambient temperature, i.e. the controlled coo-
ling was achieved by adjusting the laser power. However, starting at
a temperature of ~600°C the cooling rate was smaller, due to the
relaively large sample volume and the non-zero heat capacity of the
cutting inserts. In the XRD experiment, a photon energy of
10.180keV (1 = 0.12189 nm) was used, while the X-ray spot was set
to dimensions of 1 X 1 mm? by use of a cross slit aperture. The diffrac-
tion signal from the samples was collected using four fast silicon strip
line detectors Mythen 1K from Dectris Ltd., Switzerland, featuring a
pitch size of sopum, of which the angular positions were calibrated
using a LaB, powder standard. Throughout the in-situ experiments,
the detector sampling rate was set to 20 Hz, resulting in an exposure
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time of soms. During all performed in-situ experiments, the four
detectors recorded the diffraction signal from multiple different hkl
crystallographic planes with four distinct orientations with respect
to the sample normal (Fig. 1). Due to the weak diffraction signal
from the coatings, it was, unfortunately, not possible to evaluate the
diffraction data from the Al,O; and TiCN coating sublayers and the
measurements provided sufficient diffraction information from the
WC phase only. At a heating rate of 1000°Cs * and the applied sam-
pling time of s0ms, the resulting temperature resolution was ~ 50 °C.
In the temperature range of 25—1300°C, it was possible to collect
hkl diffraction peaks at diffraction angle positions 23/ T, using each
of the two detector pairs, where ¥, represents the angle between
the diffraction vector and the sample normal (Fig. 1). The detector
pairs were mounted in such a fashion, that detectors 1 and 2 covered
a 29-range of 140—158°, while detectors 3 and 4 covered the range
of 121.5—133°. The recorded diffraction peaks were fitted using a
Pseudo-Voigt function, followed by the evaluation of integral
breadths 8,/*'T and positions of Bragg’s angle 34,7 of the peaks.
The diffraction data were then used to quantify lattice spacings dy/*""

hkl, T versus va dependencies

according to Bragg’s law. Subsequently, 3,
were used to evaluate in-plane X-ray elastic strains £,/ and thermal
strains ¢,,"*7 by considering the strain free direction ¥’  which
can be calculated based on the assumption of an equi-biaxial stress
state and a negligible out-of-plane stress component in the WC
phase as Y™ = - 25,/ s, In-plane X-ray elastic strains were used
to quantify magnitudes of in-plane stress using g7 = g1 /g, 2 Py
rameters s;”/ and s,”” represent X-ray elastic constants calculated for
WC based on the Kroner grain interaction model [17], using WC
single crystal elastic constants ¢;; = 7.2 X 10" Pa, ¢;, = 2.54 X 10™ Pa,
C33 = 9.72 X 10" Pa and ¢,y = 3.28 X 10" Pa [18]. Further details on
the evaluation procedure can be found elsewhere [12].

In an entirely isotropic case, the evaluated in-plane stresses """
would be independent of /ikl, assuming that the applied grain inter-
action model is valid. It often occurs, however, that in the case of
neutron and synchrotron diftraction analyses of stresses, the evalua-
tion procedure rsults in strongly hkl-dependent values of ¢, This
effect can have various origins, such as the anisotropic elastic stiffness
of individual diffracting grains, grain-size dependent plasticity, in-
tragranular strains, anisotropic strain relaxation along specific slip
systems etc. Therefore, it is convenient to introduce a weighted or
average ¢*#', which is determined as a mean value from the eva-

hkl, T

luated """ with a texture index of 1 [19].
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FIGURE 3: Examples of XRD pat-
terns recorded by detectors 1 and

2, mounted at two different angular
orientations ¥; with respect to the
sample normal. The relative shifts in
WC phase reflections recorded du-
ring one applied laser pulse at room
temperature (RT), 1300°C and
200°C are the result of lattice para-
meter thermal expansion and the
presence of stresses in the imprint of
the X-ray beam on the sample sur-
face. Unfortunately,

the diffraction signal from the
Al,O5 and TiCN phases was too
weak to be further analysed.

Results and discussion
SEM analysis

The surfaces and cross-sections of the irradiated cutting inserts were
analysed ex-situ using optical microscopy and scanning electron mi-
croscopy (SEM) after the laser shock experiments. Low-magnification
surface (a) and cross-sectional (b) optical micrographs of the sample
heated up for five cycles using the laser set-up are presented in Fig. 2,
together with a secondary electron SEM cross-section (c) prepared
by focussed ion beam milling. Neither the optical, nor the sEm ana-
lysis indicated apparent structural sample damage induced by ther-
mal fatigue.

Single laser pulse experiment

In the first conducted experiment, the HPDL unit from Fig. 1 was
used to heat a WC-Co/TiCN/AlL,O; sample to a surface tempera-
ture of 1300 °C, which was reached within ~ 1.1, followed by a con-
trolled cooling down phase to a surface temperature below ~200°C
within a time span of ~2.2s. In Fig. 3, examples of XRD patterns from
two of the detectors indicate the relative shifts of WC 114 and 312
reflections due to the presence of stress in the probed WC volume,
as well as the shifts of the individual reflections caused by the tem-
perature changes. Furthermore, the selected diffractograms from de-
tectors T and 2 indicate that the peak widths of the individual
diffraction lines change during processing, indicating changes in the
local microstructure through the laser irradiation. High temperature
XRD (HT-XRD) data, recorded by detectors 1 and 2 during the tem-
perature cycle, are presented together with temperature data from
the pyrometer in Fig. 4 as a function of the processing time in a 2D
contour plot. After initiating the laser heating, the sample surface
reached a temperature of 200 °C, which was the approximate sensi-
tivity threshold of the pyrometer. Further heating resulted in a shift
of WC diffraction peaks towards lower 24 angles on all four detec-
tors, as a consequence of WC thermal expansion and the related
build-up of mechanical stresses. Diffraction peaks shifted back to-
wards larger 23 values during the temperature decrease in the sub-
sequent controlled cooling down phase.

The recorded high-temperature data from the four detectors were
subsequently used to evaluate thermal strains ¢,"*". The time-de-
pencencies of ¢,""7(f) presented in Fig. s show the increase and de-
crease of thermal strains during the single laser pulse experiment.
Data of ¢,,"*"T can be correlated with the temperature changes while
all dependencies ¢,,"*"", i.e. for the 114,303 and 312 diffraction
lines of WC, show a very similar behaviour (¢f Fig. 5). As indicated
in Sec. 2, high-temperature diffraction data were used to evaluate
the temperature-dependent evolution of in-plane stresses in the laser
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line position 26 [deg]

line position 26 [deg]

processing time ¢ [s]

processing time £ [s]

heated sample volume. In Fig. 6, temperature dependencies of hkl-
dependent in-plane stress o7 for three representative reflections
are presented together with the average in-plane stress profile o™,
It is apparent, that all """ dependencies show similar qualitative be-
haviour, i.e. an increase in compressive stress and subsequent forma-
tion of radial tensile stresses, as discussed in our previous reports
[3—20]. In the data, one can identify (i) varying maximum magnitu-
des of individual """ dependencies (occurring in both domains,
tensile and compressive alike) as well as (i1) slightly different shapes
of the dependencies o""(1).

The observation of hkl-dependent in-plane stresses can, in general,
be interpreted by the (hkl)-dependent elasto-plastic anisotropy of
hexagonal WC [21], which influences the WC deformation in both
the elastic and plastic domains. Therefore, it is not trivial to obtain a
continuum mechanics equivalent of elastic strains and stresses from
the performed synchrotron X-ray diffraction measurements. The
evaluated values of averaged in-plane stress o*¢T, however, provide
a reasonable representation of the temperature and time-dependent
evolution of in-plane stresses within the sample (Fig. 6). Preceding
the laser pulse experiment, the value of #*¢" is ~- 300 MPa. During
the heating up to'T ~ 750°C, ™" increased in the compressive do-
main to a value of ~- 1300 MPa due to the thermal expansion of the
laser irradiated WC-Co substrate volume and the constraint given
by the colder surrounding material. Exceeding measured sample sur-
face temperatures of ~750°C at t ~ 1.2 led to plastification effects
in the WC-Co composite, resulting in compressive stress relaxation.

temperature 7 [°C

temperature 7 [°C]

FIGURE 4: Examples of HT-XRD
patterns (2D contour plot) recor-
ded by detectors 1 (a,c) and 2 (b,d)
revealed shifts of WC reflections
during five successively applied
laser pulses (a,b), as well as during
the first pulse (c,d) with a maxi-
mum temperature of ~1300°C
measured by the pyrometer. The
shifts of the reflections were caused
by the thermal expansion of WC
and the related formation of stres-
ses. The pyrometer employed in re-
cording the sample surface temper-
ature was calibrated for a T range
of 190—1500°C.
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FIGURE §: Time-dependent evolution of in-
plane thermal strains ¢, 7(¢) for selected WC
hkl reflections. The pyrometer employed in
recording the sample surface temperature was
calibrated for a T range of 190—1500°C.
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FIGURE 6: Time-dependent evolution of in-
plane stresses ™7 (7) for selected WC hkl re-
flections and averaged in-plane stress 8"
during one single laser pulse. Individual profi-
les of o™ T differed significantly between par-
ticular hkl reflections.
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FIGURE 7: Time-dependent evolution of nor-
malised integral breadths g™ (1) for selected
‘WC hkl reflec- tions during one single laser
pulse, indicating oscillatory peak broaden- ing
behaviour. The absolute changes in ™1 va-
lues differ significantly between the individual
hkl reflections.
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At the maximum applied temperature of ~1300°C, ¢ " relaxed to
~-450 MPa. Subsequent controlled cooling down led to a further
decrease of the compressive stress components, with % T reaching
the zero level at a temperature slightly above ~ 1000 °C. Further coo-
ling down initiated the build-up of average tensile stresses of up to
~ 1100 MPa, most probably as a consequence of the radial enlarge-
ment of the plastically deformed material in the centre of the laser
focus. After the controlled cooling phase, tensile stresses relaxed to a
plateau level of ~400MPa within ~ 5005 as the temperature of the
cutting insert converged to ambient temperature. A local minimum
in o™¢T occurring at t ~ 1.7s coincided with the PvD coating depo-
sition temperature and could be the consequence of coating-sub-
strate interaction. In the experiments the pyrometer-based
temperature measurement was calibrated for a T range of 190—
1500°C, i.e. values presented in Figs. 48 below a threshold of 190°C
at T = o to ~0.75s did not reflect the true sample surface tempera-
ture. The measured temperature values reflected the temperature at
the coating surface, while the heat transter from the coating to the
surface-near substrate region was assumed to take place quasi-in-
stantaneously.

The individual diffractograms used to depict the time and tempera-
ture evolution of individual hkl reflections in Fig. 4 were fitted using
a Pseudo-Voigt function.Values of integral breadths 8% for selected
reflections are presented in Fig. 7. Since the values of 8" differed
between individual reflections, data of 8" presented in Figs. 7 and
8 have been normalised using the value of " obtained at room
temperature before the experiment, as a reference. R emarkably, the
observed profiles of 8"™" showed a periodic temperature evolution,
i.e. all values of B""T decrease during heating-up, succeeded by the
appearance of a local maximum at the peak temperature of
~1300°C, after which """ values started to rise again before satu-
rating (¢ Fig. 7). In the main, the integral breadth of XrD peaks cor-
related with the size of coherently diffracting domains (D, as well
as structural crystallographic defects such as dislocations and various
other crystal lattice distortions, represented by inhomogeneous, i.e.
non-directional, strains of 2" and 3™ order [22]. In addition, (D) also
correlates with the intrinsic contribution of the diffraction system,
which is referred to as instrumental broadening. Since, in the present
case, changes in (D) of the ceramic material can be supposedly ne-
glected (at temperatures significantly smaller than the WC melting
point temperature of ~2870°C), the periodic integral breadth pro-
files in Fig. 7 can be interpreted by reversible annihilation and for-
mation of structural defects in WC crystallites [20]. It is supposed
that a certain type of structural recovery (¢f Sec.IV) occurs in the
WC-Co composite material during heating up, and that during the
cooling down phase, new defects are generated as a result of the for-
mation of stresses in the laser irradiated sample volume. The appea-
rance of the observed local maximum at ~1300°C and possible
governing mechanisms are discussed in Sec. 4.
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Multiple laser shot experiment

A follow-up in-situ experiment including five successive laser pulses
in the temperature range of 25 to 1300°C was performed in order
to evaluate the effect of multiple heating up and cooling down cycles
on the evolutions of ¢*#"(f) and " '(r), which are presented to-
gether in Fig. 8. The temperature dependencies of "7 (Fig. 8a) in-
dicate similar behaviour as in the case of the single pulse experiment
(¢f. Fig.7), i.e. inverse temperature dependence with pulse-number
independent minimum 8" values occurring at the peak tempera-
tures of 1300 °C for all five successive reflections and pulses.

Also, in the case of averaged in-plane stress o™¢T presented in
Fig. 8b,c, the o¢"(f) profile shows a behaviour similar to that from
the single pulse experiment (¢f. Fig. 6). The data reveal that the in-
plane stresses turn compressive after the initiation of each heating

FIGURE 8: Time-dependent evolu-
tion of normalised integral breadth
B™T(1) (a) and averaged in-plane
stress 5T (b) during five successi-
vely applied laser pulses correlated
with the corresponding substrate
temperature. Detailed plot of o7
for the first two applied pulses (c).
The pyrometer used for recording
the sample surface temperature was
calibrated for a T range of 190—
1500°C.
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pulse, and become tensile during the successive cooling down phase.
In a similar fashion as in Fig. 6, the maximum compressive stress was
not observed at the peak temperature, but was reached at a time lag
a few hundred degrees below. At the applied maximum substrate
temperature, stresses were still in the tensile regime before reaching
the zero level during cooling down at about ~ 1000 °C. Furthermore,
the time-dependent behaviour of 7*¢7(f) during five successive laser
pulses shows the following attributes: (1) the maximum compressive
stress during heating up of every pulse decreased with the number
of applied laser pulses, while in a similar fashion (ii) the maximum
magnitude of tensile stress of individual pulses was found to increase,
before saturating. In the aftermath of the final pulse, the tensile stress
level started to decrease exponentially and tended to saturate at a
level of ~400 MPa. This stress relaxation process appeared to conti-
nue until the insert reached ambient temperature (Fig. 8). Additio-
nally, the detailed data in Fig. 8c, collected during the first heating
cycle, indicated that the elaxations of compressive and tensile stresses
start at ~650°C and 350°C, respectively.

Discussion on governing mechanism

In-situ synchrotron X-ray diffraction studies of coated WC-Co cut-
ting inserts during laser processing revealed insight into strain, stress,
and microstructure evolution in real time. Time resolved lattice strain
and broadening of diffraction profiles can be used for the assessment
of deformation and degradation mechanisms (¢f. results presented in
Figs. 6-8).

The mechanisms of compressive and tensile stress formation during
heating up and cooling down are schematically depicted in Fig. 9a
and b, respectively. The substrate heating up effects the rapid thermal
expansion of the irradiated WC-Co volume, which is itself constrai-
ned by the cooler surrounding material, therefore resulting in the
build-up of compressive stresses up to a level of the WC-Co com-
posite's limit of plastic deformation. During the subsequent cooling
phase, the plastically deformed material in the laser heated spot con-
tracted but was constrained by the surrounding material which led
to the development of tensile stresses.

Based on the lattice strain determined for various {/kl} lattice planes,

v& 1T were calculated following the approach

averaged stress values o
proposed by Daymond [19] (¢f. Figs. 6 and 8).The average stress dis-
tributions show that the maximum compressive stress of - 1300 MPa
was reached in the laser heated spot at a temperature of ~750°C
during the first heating cycle, while further heating up led to the
relaxation of compressive stresses, with total relaxation reached du-
ring the cooling down process, with ¢#!%°¢ ~ 0. The observed de-
crease in stress during heating up at temperatures above ~750°C
(Figs. 6 and 8b,c) can be correlated with the oscillatory behaviour

of "1 (Fig. 7), where values decreased, increased, and again decrea-
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sed during one temperature pulse. In order to understand this un-
expected behaviour, it must be considered that the yield stress R,
of WC-Co composites of ~3500—7000 MPa at room temperature [4,
23] decreased rapidly by a factor of about five between 25°C and
000 °C [24]. Above a temperature of 700 °C, the yield strength was
observed to decrease even more rapidly than at lower temperatures
[24]. Also, pure WC was reported to show relatively ductile beha-
viour with a tensile fracture strain under bending conditions of lar-
ger than 0.2% at 1000 °C [21].Therefore, the start of the compressive
stress relaxation observed at stress levels of ¢/#7"°¢ ~ - 1300 MPa (¢f.
Figs. 6,8¢) as well as the increase in 8"" (Fig.7) during heating up
at ~750°C can be correlated with the onset of plastification of the
WC crystallites. Additionally, it must be expected that the heating
up also resulted in plastification and softening of the Co binder
phase, of which the temperature evolution remained inaccessible.
Therefore, it can be generally supposed that the decrease in com-
pressive stress at ~750°C in Figs. 6 and 8 can be attributed to the
softening of the interacting WC and Co phases within the hard
metal composite.

Further heating to temperatures above 750 °C most probably induces
increased softening of the WC-Co composite accompanied by the
stress relaxation in WC, and supposedly also Co, and the formation
of microstructural defects like dislocations, slip planes and grain
boundaries [21], which are responsible for the occurrence of the ob-
served local maximum of 8" in Fig. 7. During the second (and
later) pulses, the onset of WC-Co composite plastification points
appeared to occur at higher temperatures, as can be observed in de-
tail in Fig. 8c.

The interesting effects of (i) the increasing maximum magnitude of

tensile stresses 8T i

n Fig. 8b,c with the increasing number of ap-
plied pulses and (ii) the shift of the stress relaxation temperature
(Fig. 8¢) already after the first heating cycle can be attributed to the
pulse-number related (stepwise) hardening of the WC phase. The
controlled cooling down resulted in the build-up of a three-dimen-
sional tensile stress distribution, possessing a two-dimensional Gaus-
sian lateral profile, which decreased exponentially as a function of
sample depth [11, 20, 25, 26]. The presence of the coating protected
the WC-Co sub- strate from (i) heat transfer into the substrate vo-
lume and (ii) the for- mation of hot cracks, as documented for CrIN
coated steel [26]. This behaviour was obviously indirectly observed
also in the present case, where the cooling down after the laser pulses
resulted in the formation of tensile stresses, with stepwise increasing
amplitudes. Literature values of tensile strength of WC skeletons pro-
duced by removing the binder phase by etching, are in the range of
~ 500 MPa, and are most likely influenced by the presence of et-
ching-induced microvoids [21]. However, measured maximum ten-
sile stresses ™" in the WC phase showed values of up to
~ 1100 MPa. This observed relatively high tensile strength of the in-
vestigated substrate-coating composite structures is attributed to the

averaged in-plane stress o *'® ' [GPa]

temperature T [°C]

FIGURE 9: Schematic depiction of
compressive (a) and tensile (b)
stress formation in the material in
and surrounding the laser irradia-
ted spot in the investigated cutting
inserts during heating up and coo-
ling down, respectively. In (c), ex-
perimental data from Fig. 8¢ shows
the time evolution of averaged in-
plane stress ¢ as a function of
the measured sample temperature
during five successive laser pulses.
It reveals the realisation of a cycle-
dependent quasi-steady state after a
transient phase during the first
laser pulse.
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protective effect of the coating, which hinders the initiation of hot
cracks at the surface of the WC-Co cutting insert, as demonstrated
by Kirchlechner ef al. [20], which is of relevance when considering
the application of hard metals e.g. in metalworking operations. A si-
milar effect was observed ex-situ in the case of CriN-coated steel. A
further effect apparent in Fig. 8b, is the stepwise decrease of the ma-
ximum compressive stress values with the increasing number of ap-
plied pulses. This observation can be interpreted by the cyclic sample
heating, reducing the lateral temperature gradient and subsequently
also the compressive thermal stresses imposed on the irradiated spot
by the surrounding material.

Furthermore, it is interesting to observe that the values of integral
breadth belonging to individual hkl reflections are differently affec-
ted by the rapid local temperature changes within the sample. Du-
ring heating up from 25°C to 1300°C, 4’ decreased only by
~25%, while 8'"*7 changed by ~80% (Fig. 7). The unequal changes
in the broadening of the WC hkl reflections indicated anisotropic
plastic deformation within the WC hexagonal crystal accompanied
by anisotropic annihilation and formation of structural defects. As
discussed by Osteberg ef al. [21], there exist several plastic deforma-
tion mechanisms in hexagonal WC crystals, including plastic defor-
mation by dislocation climb, glide and WC/WC grain boundary
sliding. Transmission electron microscopy studies on plastically de-
formed samples confirmed that WC plastic deformation is a highly
anisotropic process, occurring only along a limited number of fa-
milies of crystallographic planes 21, 27]. Hence, the observed diffe-
rences in the evolution of """ in Fig. 7 between various reflections
can be interpreted referring to this anisotropic property of WC. It is
supposed that the laser pulses resulted in the formation of tensile
and compressive stresses in the WC phase, which are partly relaxed
by particular slip mechanisms [21].

avg,T

The development of ¢™¢7 as a function of measured sample tem-
perature is presented in Fig. 9c. The data show the transient beha-
viour of ¢¢T during the heating up phase of the first applied laser
pulse, starting in the compressive domain. For the successive pulses,
a quasi-steady state of the hysteresis loops arises, with minor shifts
of &1 towards higher tensile stress values for every pulse during
cooling down, while during the heating up phase a shift of the cycle-

dependent g*& T,

Conclusions and outlook

Time-dependent data of in-plane strains and stresses collected du-
ring in-situ laser pulse experiments indicated the formation of com-
pressive and tensile stresses at soms time resolution within the laser
pulsed spot, with magnitudes decreasing and increasing with the
number of applied pulses, respectively. Importantly, the in-situ stress
and peak broadening values (Figs. 6—8) indicate the onset of plastic
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deformation of both the Co and the WC phase at temperatures
above ~750°C, occurring during every applied heating cycle.
Methodologically, the synchrotron diffraction set-up allowed the
study of the complex stress build-up and relaxation in coated locally
thermo-shocked WC-Co inserts at millisecond time resolution and
revealed anisotropic microstructural processes accompanying rever-
sible microstructural transition mechanisms.
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2D
BE-STEM
CAE
CCD

CS
CSnanoXRD
CTE
CVD
DESY

DS

DSC
EBSD
EM
ESRF
FIB
FWHM
HAADF
HPDL
HT-XRD
IPF

KB

MLL
MPECVD
MW
NCD
NIST
PCD
PVD

RT

SEM
STEM
TEM
TGA
XRD

two-dimensional

bright field scanning transmission electron microscope/microscopy

cathodic arc evaporation

charge-coupled device

cross-sectional, cross-section

cross-sectional X-ray nanodiffraction
coefhicient of thermal expansion

chemical vapour deposition

Deutsches Elektronen-Synchrotron
Debye-Scherrer

differential scanning calorimetry

electron backscatter diffraction

electron microscope/microscopy

European Synchrotron Radiation Facility
focussed ion beam

full width at half maximum

high-angle annular dark field

high-power diode laser

high-temperature X-ray diffraction

inverse pole figure

Kirkpatrick-Baez

multilayer Laue lens

microwave plasma-enhanced chemical vapour deposition
microwave

nanocrystalline diamond

National Institute of Standards and Technology
polycrystalline diamond

physical vapour deposition

room temperature

scanning electron microscope/microscopy
scanning transmission electron microscope/microscopy
transmission electron microscope/microscopy
thermogravimetric analysis

X-ray diffraction
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