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Abstract

Microstructure, mechanical and functional properties of thin films often exhibit
gradients at the nanoscale, which originate either from the nonuniform vapour de-
position processes or were introduced in the film via external loads. Independent of
their origin, resolving thin films gradients of interest, needs characterisation tools
operating with a spatial resolution at the nanoscale. These gradients of microstruc-
ture, residual and applied strains in hard protective thin films are the focus of this
work, since they are critical to the performance of coated structures, such as coated
tools used in the machining industry.

Three model problems within thin film research were approached within this
thesis, including (i) the nanoscale microstructure and residual stress gradients emer-
ging from the deposition process in a thin film coated onto a cutting edge area, (ii)
the nanoscale mechanical response against scratching and (iii) the in situ evaluation
of the fracture response of thin films. Moreover, (iv) the thorough investigation
of decomposition of thin films during annealing up to 1100°C, and finally (v) a
self-assembled hierarchical thin film with a superior combination of mechanical and
thermal properties is presented. In detail, the following characterisations on various

thin films were performed:

o Cross-sectional X-ray nanodiffraction was applied to access the nanoscale mi-
crostructure and stress gradients originating from the physical vapour depos-
ition process in a TiN coating on a WC-Co cutting edge. While gradual
and constant residual stress distributions with magnitudes between —1.4 and
—2.4 GPa were found at the flank and rake faces, respectively, directly at the
cutting edge a pronounced lateral and cross-sectional gradient ranging from 0

to —3 GPa was evaluated from the X-ray data.

e 50nm X-ray nanodiffraction and alectron microscopy were applied to charac-
terize the nanoscale stress gradients and microstructural changes across the
scratch track area of a brittle-ductile Cr/CrN thin film on a high speed steel
substrate. After scratching, the formation of severe nanoscopic gradients of
in-plane, out-of-plane and shear stress distributions were revealed in Cr and
CrN, ranging from —6 to 1.5 GPa. These stress gradients were accompanied
by and correlated to irreversible microstructural changes, such as either inter-
granular crack formation and transgranular defects, or crystallite bending and

uniaxial gliding in CrN and Cr, respectively.

IX



Abstract

e The fracture response of a notched clamped cantilever composed of four al-
ternating Cr and CrN layers on high speed steel was evaluated by in situ
cross-sectional X-ray nanodiffraction. The residual stress distributions in the
notched Cr layer result in an effective stress intensity factor of
—5.9 4+ 0.4MPam'”? and a pronounced stress concentration and a plastic zone
around the notch. At a critical stress intensity of 2.8 + 0.5MPa ml/Q, crack
growth occurred up to the adjacent CrN-Cr interface, where the crack was

arrested.

e The stress-controlled decomposition routes of three AICrN thin films have
been assessed by the newly developed in situ high-temperature high-energy
grazing-incidence-transmission X-ray diffraction method. Whereas the decom-
position temperatures of the metastable cubic Aly7Crg 3N phase ranged from
698-914°C, the residual stress level of ~ —4.3 GPa was similar for all three

investigated thin films.

e A TiAIN thin film composed of 6 hierarchical levels and mimicking biological
materials, such as nacre or enamel, was synthesized by chemical vapour de-
position, by alternating two variants of chemical precursors. In such a way, an
irregular multilayer stack was formed by bottom-up self-assembly, consisting
of hard herringbone stacks separated by interlayers of spherical nanograins. It
exhibits superior functional properties and represents a milestone in the field

of synthesis of protective wear resistant thin films.



Kurzfassung

Die Mikrostruktur, die mechanischen und funktionellen Eigenschaften von diinnen
Schichten haben oft nanoskalige Gradienten, welche entweder im inhomogenen
Gasphasen-Abscheideprozess oder durch externe Belastung entstehen. Unabhéngig
ihrer Herkunft benotigt das Erfassen dieser Gradienten Untersuchungsmethoden mit
einer nanoskopischen rdumlichen Auflésung. Die Gradienten von Mikrostruktur,
Eigen- und angelegter Spannungen in harten, diinnen Schutzschichten sind der Fokus
dieser Arbeit, denn diese sind kritisch fiir die Leistungsfahigkeit von beschichteten
Strukturen, wie z.B. beschichtete Werkzeuge in der spanenden Bearbeitung.

Drei Modellprobleme in der Diinnschichtforschung wurden in dieser Arbeit un-
tersucht, einschliefllich (i) der nanoskaligen Mikrostruktur- und Eigenspannungs-
gradienten, welche im Bereich einer Schneidkante durch den Beschichtungsprozess
auftreten, (ii) der nanoskaligen mechanischen Antwort auf den Ritzversuch und (iii)
der in situ Auswertung der Bruchantwort von Diinnschichten. Zudem wurde (iv)
die Analyse der Zersetzung von Diinnschichten bis 1100°C durchgefiithrt und ab-
schliefend (v) wird eine selbstorganisierte, hierarchisch aufgebaute Diinnschicht mit
einer iiberragenden Kombination von mechanischen und thermischen Eigenschaften

prasentiert. Folgende Charakterisierungen wurden an Diinnschichten durchgefiihrt:

e Rontgen-Nanobeugung wurde angewandt um die nanoskopischen
Mikrostruktur- und Eigenspannungsgradienten in einer TiN Beschichtung auf
einer WC-Co Schneidkante, entstanden durch den Abscheidungsprozess, zu
charakterisieren . Wahrend graduelle und konstante Eigenspannungsverteilun-
gen mit einer Grofle zwischen —1.4 und —2.4 GPa an der Frei- bzw. Spanflache
gemessen wurden, wurden direkt an der Kante ausgepréagte laterale und Quer-
schnittsgradienten in einem Bereich von 0 bis —3 GPa aus den Rontgendaten

ausgewertet.

e Rontgen-Nanobeugung und Elektronenmikroskopie wurden eingesetzt um die
nanoskopischen Eigenspannungs- und Mikrostrukturdnderungen in der Umge-
bung einer Ritzspur in einer Diinnschicht bestehend aus sprod-duktilem
Cr/CrN auf Schnellarbeitsstahl zu charakterisieren. Nach dem Ritztest wur-
den ausgeprigte Spannungsgradienten in CrN und Cr festgestellt, welche in
einem Bereich zwischen —6 und 1.5 GPa liegen. Diese wurden irreversiblen
Mikrostrukturdnderungen, wie interkristalliner Rissbildung und transkristal-

liner Defektansammlung, sowie Kristallitbiegung und gerichtetem Abgleiten in

XI
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XII

CrN bzw. Cr zugeordnet.

Die Bruchantwort eines gekerbten, beidseitig eingespannten Biegebalkens aus
vier abwechselnden Cr- und CrN-Lagen auf Schnellarbeitsstahl wurde mit-
tels in situ Rontgen-Nanobeugung ausgewertet. Die Eigenspannungen in der
gekerbten Cr-Schicht ergaben eine effektive Spannungsintensitit von
—5.9 4+ 0.4MPam'”?, begleitet von einer plastischen Zone rund um die Kerbe.
Eine kritische Spannungsintensitit von 2.8 £ 0.5MPa m'/* fiihrte zu Rissaus-

breitung an die anliegenden CrN-Cr Grenzfliche, wo diese gestoppt wurde.

Die spannungskontrollierten Zersetzungsrouten in drei AICrN Diinnschichten
wurden mittels der neu entwickelten in situ Hochtemperatur-Hochenergie-
Durchstrahlungs-Rontgenbeugung festgestellt. Obwohl die Zersetzungstem-
peraturen des metastabilen kubischen Alg7CrgsN zwischen 698 und 914°C
variieren, ist die Eigenspannung zu Beginn der Zersetzung mit ~ —4.3 GPa

fiir alle drei untersuchten Diinnschichten gleich.

Eine TiAIN Diinnschicht mit 6 hierarchischen Ebenen, welche Biomaterialien
imitiert, wurde mittels chemischer Gasphasenabscheidung durch Abwechslung
zweier verschiedener Ausgangsstoffvarianten hergestellt. So wurde ein
irreguldrer Multilagenaufbau durch Selbstorganisation hergestellt, bestehend
aus harten fischgritenartig aufgebauten Lagen, welche durch Zwischenlagen
sphéarischer Nanokorner getrennt werden. Diese Beschichtung zeigt iiberra-
gende funktionale Eigenschaften und reprasentiert einen Meilenstein im Bereich

der Herstellung harter, verschleififester Schutzschichten.
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Introduction

Nowadays, thin films are essential in many state-of-the art technologies, such as func-
tional layers in electronic devices or wear-protective coatings for high-speed cutting
tools. Especially, in the case of hard protective thin films deposited on cutting
tools, research and development have been stimulated by demands from machin-
ing industry over the recent years [1-5]. The films protecting cutting tools have
to withstand severe conditions during operation, which are mainly high mechanical
loads such as friction-induced stress [6, 7] and temperatures up to 1000°C [8] directly
at the cutting edge. These films must exhibit outstanding mechanical properties,
which allow them resisting the thermal, abrasive and mechanical loading conditions
during operation, as summarized above. Required film properties include mainly
high hardness, Young’s modulus, fracture toughness, as well as wear and oxidation
resistance [9, 10]. Additionally, growth defects originating from the deposition pro-
cess [11], such as droplets, can act as stress concentrators during loading, which can
initiate premature failure of the thin film [12].

Multiple gas phase techniques have been developed to deposit thin films, which
can be roughly separated into two categories, physical (PVD) and chemical vapour
deposition (CVD).

Typical PVD techniques are cathodic arc evaporation (CAE) and magnetron sput-
ter deposition (MSD). Both CAE and MSD are plasma-assisted deposition tech-
niques operating far from the thermodynamic equilibrium, which allows deposition
of mixtures of immiscible elements [13-15].

In detail, CAE utilizes arc discharges to vaporize material from the surface of
an electrode (the cathode) [15, 16]. Using CAE has some advantages, like high
deposition rates and generally a good adhesion of the film to the substrate [15].
However, the main drawback is the frequent formation of macroparticles, known as
droplets, which are generally detrimental to the film’s quality and properties [11,
12].

The main advantages of MSD are that no macroparticles are formed during depos-

ition and that the surface and interface roughnesses are significantly lower compared
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to CAE and CVD [13, 14]. However, deposition rates are rather low compared to
CAE or CVD.

On the other hand, during CVD [17], gaseous precursors form a solid film on the
substrate surface via chemical gas phase reactions, condensation from the vapour
phase and further surface reactions. The advantages of CVD are the high deposition
rates and that it is possible to form films even on geometrically complex structures,
however the main drawback is that high deposition temperatures of ~700-1100°C
are necessary [17, 18].

Thin films synthesized by PVD or CVD normally exhibit complex cross-sectional
and lateral nanoscale gradients of microstructure and physical properties, as a con-
sequence of the non-equilibrium preparation process [19-21]. These gradients are a
result of the gradual development of crystalline and amorphous phases, the crystal-
lite’s size and shape, crystallographic texture and strains of 15¢, 2°d and 3™ order
developed during deposition of the thin film. In order to guide the functional prop-
erties of thin films, it is necessary to understand the specific local structure-property
relationships induced by the non-equilibrium deposition processes. All of the prop-
erties necessary for hard protective thin films stated above, are decisively influenced
by the gradients of microstructure and residual stress predefined by the deposition
process, which in turn can be altered deliberately by tuning particular process para-
meters [20-22].

In the following, the state-of-the art in the analysis of (i) deposition-induced
gradients of microstructure and residual stress and (ii) the nanoscale stress gradients
originating in the thin films from external loads are briefly addressed and (iii) the

aim of this thesis is outlined.

1.1. Deposition-induced gradients of microstructure and

residual stress along the cutting edge

As already mentioned above, especially the cutting edge area, which is in direct
contact with the workpiece, undergoes heavy mechanical and thermal loads during
operation [6, 7, 23]. Consequently, design strategies of thin films controlling chem-
ical composition, microstructure, residual stress, thermal stability and mechanical
properties should be focused exactly on this area. However, up to now, optimisa-
tion of the deposition process in terms of the loop of design, synthesis and property
characterisation is almost exclusively performed on flat surfaces. This systematic

inconsistency completely neglects the nanoscale gradients of chemical composition,



1.2. Gradients of microstructure and stresses induced by external loads

microstructure, thickness and morphology evaluated by previous studies for PVD
thin films at the cutting edges [24-27], which differ significantly from the ones ob-
served on flat surfaces. In detail, a thickness increase of up to 26% and a decrease of
the Al/Ti ratio up to 14% was evaluated for a TiAICrYN coating on sharp WC-Co
edges with varying opening angles by Macak et al. [25]. On a milling tool coated
with TiAIN, stress relaxation from —5.5 to —2.5 GPa was observed from the centre
to the edge by laboratory X-ray diffraction (XRD) [28].

Generally, these findings were related to the evolution of a spatially non-
homogeneous process plasma around the substrate edges and a locally enhanced
deposition temperature [24-26, 29]. Given the observed change in microstructure,
chemical composition and morphology revealed by Refs. [24-26, 29], tremendous
nanoscale lateral and cross-sectional changes of microstructure and residual stress
are to be expected in coatings in cutting edge areas, after deposition. The nanoscale
evaluation of these gradients, whose origin lies in the deposition process itself, could
lead to further coating optimization, detect the origins of premature film failure and

eventually prolong the lifetime of coated cutting tools.

1.2. Gradients of microstructure and stresses induced by

external loads

Alongside nanoscale elemental, microstructural and mechanical/stress gradients ori-
ginating from the deposition process, additional microstructural and stress gradients
are introduced in a coating during service, which are mostly related to either thermal,
mechanical or abrasive loads applied to the coating. Generally, abrasive loads can
be simulated by tribological tests, such as the ball-on-disk test using a sphere of
an abrasive material, which slides over the coating surface [30], or the scratch test,
where an indenter tip is moved uniaxially over the coating’s surface [31, 32]. The
scratch test itself was initially developed to qualitatively assess the adhesion of hard
ceramic thin films on various types of substrates. Subsequently it was revealed, that
by changing a variety of sample (intrinsic) and method (extrinsic) related paramet-
ers, the testing mode can be altered in such way, that not the adhesion of a film is
decisive, but where deformation/cohesive strength of the film itself is crucial [33—
35]. The latter is a model case for the single-asperity contact, e.g. for a metal chip
sliding over the flank face of a coated cutting tool. However, the state-of-the art for
assessing structural changes in thin films, induced by scratch testing, is a combina-

tion of acoustic emission spectroscopy, analysis of the load-indentation depth curve
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over the scratched distance and optical and electron microscopy of the scratched sur-
face, to identify critical loads at specific damage levels to the film [36]. Up to now,
strains/stresses induced by scratch testing have been primarily assessed by finite
element modelling [37-39]. However, currently, there is only limited understanding
about the microstructural changes and deformation-induced stresses in thin films
after application of abrasive loads.

Additionally, externally applied loads during operation in the vicinity of pre-
existing defects in hard protective thin films can induce fracture of the coating and
subsequently lead to tool failure. Consequently, a sufficiently high fracture tough-
ness is necessary to suppress overcritical brittle fracture, since the fracture tough-
ness itself is a value for the resistance of a material against critical crack growth [40,
41]. Since nanoceramic protective thin films are inherently brittle, they naturally
lack fracture toughness, despite their beneficial high hardness and Young’s modu-
lus. Additionally, fracture in thin films progresses along columnar grain boundaries
of low cohesive energy, which results in even further decreased fracture resistance
[42]. Several approaches have been reported in literature to increase the fracture
toughness of thin films, such as multi-layered thin films with constituents exhib-
iting pronounced spatial heterogeneity [42-44], alloying with B and C, as well as
microstructural design of CVD TiN [45-47], tilting of columnar grain boundaries
[2, 48, 49], formation of superlattice thin films [50, 51] and by enhancing plasticity
via vacancy formation on the non-metal sublattice [52]. Alternating stiff and com-
pliant sublayers is an effective measure to increase the fracture toughness of thin
films without major influences on stiffness and hardness, which has its role-models
in natural materials, such as nacre, bone or enamel [53-56].

In order to assess the fracture toughness of thin films, bending of focused ion
beam (FIB) fabricated single-clamped micro-cantilevers has evolved into the state-
of-the art methodology for testing of hard protective thin films [2, 42, 43, 45-49, 57].
However, in recent years, also the testing of double-clamped cantilevers, manufac-
tured by FIB has drawn significant attention [58-60]. In single-edged cantilevers the
mechanical equilibrium condition has to be fulfilled at the freestanding end, which
relieves nearly all residual stress contributions from the film. On the contrary, in
the double-clamped cantilever geometry, the residual strain from deposition is nearly
fully preserved, since the cantilever has no freestanding end. This makes the double-
clamped cantilever geometry a suitable and interesting candidate to investigate the
influence of residual stresses on the fracture response of thin films.

In summary, despite significant progress in the development of thin films over

the recent years, it is still necessary to evaluate and understand the formation of
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local mechanical and microstructural gradients of thin films at the nanoscale, either

introduced by the deposition process or by externally applied loads.

1.3. Aim of the thesis

The aim of the present thesis is focussed on examining and evaluating structure-
property relationships of hard protective thin films at the nanoscale and at elevated
temperatures. In detail, the five enclosed publications deal with the characteriza-
tion of nanoscale stress and microstructure gradients in thin films (i) deposited onto
industrially manufactured cutting-edge WC-Co substrates, (ii) after scratch testing,
which is a model of the single-asperity contact, and (iii) during in situ micromech-
anical loading. Moreover, (iv) a new methodology evaluating the crucial influence
of residual stress on the decomposition of metastable AICrN thin films and a (v)
novel six-level hierarchical thin film with superior fracture resistance are presented.
In detail, within this thesis, several aspects of the structure-property relationships

of thin films have been investigated, such as:

1. The nanoscale microstructural and residual stress gradients of hard protective
thin films are of high scientific and industrial interest. In Paper A, cross-
sectional X-ray nanodiffraction with a beam size of 35 x 25nm? was used
to retrieve structural and mechanical gradients in the cutting edge area of a
~ 2nm thick TiN thin film on WC-Co substrate. Within this work, scan-
ning small-angle X-ray scattering microscopy (SAXSM) was presented and
utilized for the first time to investigate the nanoscale defect density variations
in the cutting edge area. At the cutting edge, interface-like planar domains
of high scattered intensity were found, while a gradual increase of the SAXS
intensity at the rake face was correlated with pores found by scanning electron
microscopy. Furthermore, the coating’s (111) fibre texture orientation correl-
ates with the surface normal of the substrate, with abrupt orientation changes
across the aforementioned interface-like structures. The planar regions next
to the edge exhibit gradual and constant stress profiles on the flank and rake
faces, respectively, with anisotropic defect build-ups. Directly at the edge,
nonlinear lateral and cross-sectional compressive residual stress gradients ran-
ging from ~ 0 to —3 GPa were observed, which, together with the interface-like

planar domains, may represent a reliability issue during operation.

2. A bilayer Cr-CrN thin film was subjected to scratch testing to simulate a

single-asperity contact and evaluate the stresses induced by elasto-plastic de-
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formation accompanying the contact. The experimental results presented in
Paper B revealed a complex alternation of the columnar grain microstructure
and the formation of pronounced lateral and through-thickness stress gradi-
ents, which are interpreted by a finite element model. After scratching, the
in-plane stresses within the CrN toplayer relax from ~ —3.5 to ~ 0 GPa at
the surface along the scratch track, while they increase up to —6 GPa at a
distance of about 6 pm away from the imprint centre. Within the ductile Cr
interlayer, compressive and tensile stresses of up to —1.5 and 1.5 GPa formed
at the imprint centre and in the surrounding pile-ups, respectively. Also, the
evaluated out-of-plane and shear stress distributions exhibit steep gradients,
which are correlated with the nanoscopic microstructural changes observed by
transmission electron microscopy, transmission Kikuchi diffraction, SAXSM
and peak width analysis. Within the brittle CrN, the scratch test results
in grain sliding and the formation of nanoscopic intragranular defects. The
Cr interlayer’s thickness reduction and pile-up formation are accompanied by
a bending of columnar crystallites and localized plastic deformation. In sum-
mary, the quantitative stress data elucidate the stabilizing role of the ductile Cr
sublayer, which suppresses catastrophic cross-sectional fracture during scratch

tests.

3. In order to understand better the nanoscale fracture response of thin films
and their effect on functional properties, new high-resolution in situ invest-
igation tools need to be developed. In Paper C, a clamped cantilever with
dimensions of 200 pm x 23.6 pm x 40 pm was cut by focused ion beam milling
from a thin film composed of, in total four, alternating CrN and Cr sublayers
on high strength steel. The clamped cantilever was loaded in two steps to
460 mN and four two-dimensional strain maps were obtained by in situ cross-
sectional X-ray nanodiffraction. Preliminary ex situ characterisation revealed
the depth variation of fibre texture within CrN and Cr, respectively, allow-
ing also the depth-dependent alteration of stiffness to be evaluated, as well
as residual stress gradients within the individual layers. The in situ diffrac-
tion experiment revealed (i) a strong influence of the residual stresses on the
deformation behaviour, (ii) the crack arrest capability of the CrN-Cr inter-
face, and (iii) a crack tip blunting effect. In detail, effective stress intensity of
—5.940.4MPam'”? arose in the notched Cr layer, as a consequence of the pre-
existing residual stress state. Crack growth within the Cr sublayer occurred at
a critical stress intensity of 2.8 + 0.5MPa m'/?. At 460 mN, after crack growth
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to the adjacent CrN-Cr interface, the stress fields of the crack vanished. The
results were furthermore complemented by two-dimensional numerical simula-
tion using the eigenstrain reconstruction method, to gain further insight into
the stress evolution during loading. Finally, the results represent an import-
ant step towards the understanding of the fracture behaviour of thin films

composed of alternating brittle and ductile materials.

. In order to address the aspect of thermal stability and of temperature-dependent
changes in hard protective thin films, the decomposition routes of metastable
c-AlCrN were assessed in the temperature range of 25 to 1100°C, using the
newly developed multi-parameter in situ high-energy high-temperature grazing
incidence transmission X-ray diffraction (HE-HT-GIT-XRD) method. The on-
set temperature of decomposition of ¢-AlCrN into w-Al(Cr)N and c-Cr(Al)N
was indirectly proportional to the as-deposited residual stress magnitude,
whereas the onset stress of decomposition was found to be independent of
the thermo-mechanical history of the investigated thin films. The method-
ology and results were published in Paper D. The newly developed HE-HT-
GIT-XRD method was also employed to investigate the thermal stability of
microstructure and phases of a biomimetic self-assembled hard and tough CVD
TiAIN thin film investigated in Paper E.

. In Paper E, the mechanical and thermal properties of a biomimetic self-
assembled hard and tough TiAIN thin film consisting of six hierarchical levels
have been investigated extensively. The 2.7 pm thick film was formed by chem-
ical vapour deposition by a variation of two different gaseous precursors and
through bottom-up self-assembly in only ~ 15 mins of deposition time, which
resulted in an irregularly arranged hard and tough multilayer stack. The hard
sublayers consisted of herringbone-shaped micrograins, while tough interlayers
were composed of spherical nanograins, forming a stack of lamellar nanostruc-
tures of alternating coherent/incoherent, hard/tough, single-/poly-crystalline
platelets. Thermal stability was studied by the HT-HE-GIT-XRD method
presented in Paper D and revealed microstructural and phase stability up to
900 and 950°C, respectively. Intrinsic toughening mechanisms mediated by
five different types of interfaces resulting in inter- and transgranular fracture
modes with zigzag-like crack patterns at multiple length-scales were revealed
by micro- and nanomechanical testing, performed in situ in scanning and
transmission electron microscopes. Hardness, fracture stress and toughness
of 31 GPa, 7.9 GPa and 4.7 MPam'” were evaluated. The film’s thermal, mi-
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crostructural and mechanical characteristics represent a breakthrough in the

production of hard protective, wear-resistant thin films.

In the following chapters, the characteristics of the investigated thin films and the
analytical techniques employed in the appended publications are introduced and

briefly discussed.



Hard protective thin films

The demands on properties of hard protective thin films are set by the metal cutting
industry and films therefore have to be continuously improved to meet their growing
requirements. High hardness, together with sufficient toughness, is necessary for
wear resistant thin films [61]. Hard protective thin films composed of transition
metal nitrides are characterized by their mixed bonding state (c¢f. Fig.2.1), which

is tuneable by alloying between metallic, covalent and ionic bonding [62].

covalent
bond

bond bond

Figure 2.1.: Schematic sketch of possible bonding types and properties associated with
them, along with the approximate placement of selected nitride ceramics
within this context. Reproduced from Ref. [62].

In this section, the main characteristics of the hard protective nitride thin films

investigated in this thesis are outlined.



2. Hard protective thin films

2.1. TiN

TiN has been introduced nearly half a century ago as a material for hard protective
thin films and is still relevant in thin film research and industry. Nowadays it is
mostly used as adhesion layer, diffusion barrier and as marker for wear, the latter
due to its bright golden colour [63]. The oxidation resistance of TiN is limited, and
oxidation starts already at ~ 550°C, when the poorly-adherent porous rutile TiO,
phase is formed [64-67]. Additionally, mechanical properties are quite moderate, as
reported values for hardness lie in the range of ~ 18-25 GPa [2,61] and those for
fracture toughness in the range of 2-3 MPam'/ [44, 68].

However, for the analysis of deposition-process-induced nanoscale stress and mi-
crostructure gradients, it is perfectly suitable, due to the facts, that it crystallizes
in the B1 NaCl structure over a relatively wide Ti/N ratio [69] and its elastic prop-
erties are quite isotropic [70]. Additionally, during deposition using CAE moderate
compressive stresses are introduced in the coating, which is in contrast to Al-alloyed
thin films (see for example the as-deposited stress magnitudes of c-AlCrN (Paper
D) and TiN (Paper A) of —4.3 and —1.7 GPa, respectively, on flat surfaces when

applying the same deposition conditions ).

2.2. Cr/CrN multilayer thin films

Significant scientific interest was drawn during recent years on CrN-based thin films.
The mechanical and structural properties of CrN are quite similar to the ones ob-
served for TiN, which is a hardness of 18-29 GPa and that it crystallizes in the cubic
B1 NaCl structure [71-74]. During annealing in vacuum, N diffuses out of the lat-
tice and in a two-step process hexagonal CraN and finally metallic Cr are formed at
temperatures above ~ 930°C and 1100°C, respectively [75]. However, the oxidation
resistance of CrN is higher compared to TiN, which can be related to the formation
of dense and passivating CryO3 instead of porous rutile [9, 65]. In contrast to TiN,
the elastic modulus of CrN is highly anisotropic, ranging from ~ 230 GPa along the
(111) orientation to ~ 230 GPa along the (100) orientation [70]. The compressive
residual stress magnitude, the grain size, the texture and the thermal expansion
coefficient of MSD CrN films can be varied in a broad range, depending on the
applied deposition conditions [76, 77].

The formation of a (100) fibre texture and accompanying increase of stiffness can
be triggered by the incorporation of ductile Cr interlayers and results in a pseudo-

epitaxial relationship, which can be expressed as {100}, [|[{100}, [78]. Using
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this, a bilayer film, consisting of 1 pm CrN and 2pm Cr on high-speed steel was
designed, for which a wear rate reduced by an order of magnitude compared to a
3pum thick CrN thin film was revealed, despite the fact, that the thickness of the
wear resistant nanoceramic CrN layer was reduced accordingly [79]. Furthermore,
alternating Cr and CrN have been proven (i) to prevent catastrophic failure of the
film during indentation, by dissipating cracks at the Cr/CrN interfaces [80] and (ii)
to simultaneously increase the stiffness, fracture stress and fracture toughness of
Cr/CrN multilayer thin films tremendously [43, 44].

Clarifying the influence of interfaces separating sublayers of distinctly different
properties (brittle/hard nanoceramic CrN and ductile/soft nanocrystalline Cr) on
the scratch and fracture resistance of a hard protective thin film, and resolving the
accompanying nanoscale microstructure and stress gradients were the main focus of

Paper B and Paper C.

2.3. AICrN

The replacement of Cr with Al in Al,Cr;_,N over a wide compositional range is
generally beneficial, since it leads to the formation of a metastable solid solution
with increased hardness, oxidation and wear resistance [81, 82]. However, when the
solubility limit (x < 0.7) for Al in the cubic (c) Bl lattice is exceeded or when
the metastable solid solution is heated above 800-900°C, wurtzite (w) B4 AICrN is
formed, which is generally detrimental to the mechanical properties and oxidation
resistance [83-85]. Upon annealing in vacuum, the decomposition path of metastable

c-AlCrN thin films is well-known [86-89] and can be expressed as follows

c—AICrN L2900, (AN + w — Al(Cr)N

2001000, _ Cr(AI)N + w — Al(CrN) 12201200, or(ADN
4w — AI(CT)N + h — CraN + Ny 2001200, o AJ(Cr)N + Cr + Na.
However, these data were obtained from AICrN powders by a combination of in
situ differential scanning calorimetry and thermo-gravimetral analysis in vacuum,
combined with ex situ microstructure and phase analysis by transmission electron
microscopy and laboratory XRD [86-89], respectively. Therefore, they are inherently
not able to explore the influence of microstructure and residual stress on the decom-
position process, since residual stress is released and diffusion paths are shortened

in powdered thin films. Exceptionally, powders of other thin film materials, such as

11
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TiAIN [90], ZrAIN [91] and TiCrAIN [92], as well as thin lamellas of TiAIN [93] and
TiZrAIN [94] have been investigated by means of in situ synchrotron XRD, to study
several temperature-dependent phenomena, such as evolution of phases, lattice para-
meters and/or in-plane strains. However, these experiments were mainly focussed on
the investigation of complex decomposition routes and the related lattice parameter
changes. In total, the complex interplay between microstructure/residual strains
originating from the deposition process and the temperature-dependent multi-stage
decomposition process of transition metal nitrides is still unexplored, which was the

main motivation behind Paper D.

2.4. AITiN

Al,Ti;_,N was proposed as an alternative to TiN approximately 35 years ago [65].
The suggestion is that Ti is replaced in the cubic B1 NaCl lattice by Al, forming
a metastable solid solution with a solubility limit of < 0.67 [69] or < 0.8-0.9
[95] when synthesized using PVD or CVD, respectively. Generally, also for TiN,
the replacement of Ti with Al leads to a pronounced increase of hardness, up to
~ 35GPa [96], while exceeding the solubility limit promotes the formation of w-
Al(Ti)N, which is detrimental to mechanical properties [97-101]. To increase the
oxidation resistance, however, high Al contents are necessary and prevent the form-
ation of porous and poorly adherent TiO2, but again, formation of w-Al(Ti)N is also
considered unfavourable [102, 103]. Furthermore, during annealing to temperatures
above ~ 850-900°C, the metastable cubic solid solution decomposes via a spinodal
decomposition into ¢-TiN and c-AIN, which leads to a nanoscale structuring and
a further increase of hardness [96, 98] and also fracture toughness [104]. However,
when annealing to even higher temperatures, w-Al(Ti)N is formed, which again leads
to a deterioration of mechanical properties [96, 98, 104].

Here, the further attention was focussed on recent research progress concern-
ing Al,Ti;_,N synthesized by low-pressure CVD [3, 105-107], which forms self-
organized nanolamellar structures of different shapes and sizes depending on the Al-
content. When synthesized with an Al-content of x = 0.95, the particular growth
conditions resulted in randomly oriented cubes of the self-organized nanolamellar
structure with a size of ~ 100 nm embedded in a c-TiAIN matrix [106], where the
lamellae consisted of alternating incoherent 2 and 11 nm thick layers of w-Al(Ti)N
and c-Ti(Al)N, respectively. The film formed with such a microstructure exhibited
a moderate hardness of 27 GPa, but superior oxidation resistance up to 1100°C.

By slightly reducing the Al-content to x = 0.8, a different film is grown, consist-

12
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ing of irregularly formed stacks of herringbone crystallites extending over the whole
coating thickness without interruption of nanocrystalline matrix regions [3, 107].
The herringbone crystallites are composed of coherent lamellae consisting of 1.5 and
11 nm thick ¢-TiN and c-AIN layers, respectively, resulting in outstanding mech-
anical properties with a peak hardness of 37 GPa and slightly reduced oxidation
resistance. These two unique microstructures, differing significantly in mechanical
properties, can then be formed alternatingly, by a simple alternation of the pre-
cursor compositions in the CVD process [106, 107]. The multi-layered hierarchically
structured thin film system produced thus opens up huge potential for the advance-
ment of hard protective thin films, which was the main encouragement for the work

carried out in Paper E.
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Selected advanced characterization
techniques

3.1. X-ray diffraction

X-ray diffraction is a versatile and capable tool for the structural characterization
of materials and therefore widely used in materials science [108-112]. It can be used
to identify individual crystal structures within the investigated volume and thus
also (i) the phase composition, (ii) the phase-specific crystallite orientation distribu-
tion (so-called texture), (iii) the orientation-dependent shape and size of coherently
diffracting domains, defect density and strains of 2°! and 3" order, qualitatively
assessed by the full width at half maximum (FWHM) of diffraction peaks and (iv)
to perform a quantitative analysis of residual strains of 1°* order. Generally, XRD is
limited to crystalline materials, which however includes most ceramic and metallic
thin films.

Interference of coherent waves scattered by a periodic structure, e.g. a crystal,
is called diffraction [108-112]. Independent of the X-ray source and measurement
geometry, the basic principle for investigations using XRD is Bragg’s law. Fig.3.1
presents a geometric representation of Bragg’s law, where the elastic scattering of
two parallel waves of an X-ray beam on two parallel planes of a crystal lattice
and subsequent constructive interference of the scattered waves at an angle 26 with

respect to the incident wave vector can be observed. Bragg’s law is defined as follows

2d sinf = nA, (3.1)

where d is the lattice parameter, 0 is Bragg’s angle, A is the X-ray wavelength and
n is an integer giving the order of the diffraction peak. Constructive interference of
the two scattered waves, i.e. diffraction, is observed, when the phase shift between

the waves is a multiple of the X-ray wavelength \.

A set of observed peaks corresponding to a set of Bragg angles (and hence also
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Figure 3.1.: Schematic representation of the Bragg condition for a primitive square lattice.
The incident X-rays described by a wave vector K are scattered by atoms,
which results in a phase shift of 2 d sin 6 for waves scattered at adjacent planes.
Maximal intensity is only observed, when the phase shift is a multiple of the
wavelength A, resulting in a diffracted wave with wave vector K;. Reproduced
from [111, 112].

lattice parameters) is usually distinct for every crystalline phase within e.g. a poly-
crystalline multi-phase material [108-112]. However, there are materials with similar
crystal structures, which differ only slightly in their lattice constants, e.g. Fe and
Cr [113] or Al;O3 and CryOg3 [114].

Given that the material is (i) polycrystalline with individual crystallites oriented
randomly and that (ii) the incident X-ray beam is monochromatic, the sequence of
lattice planes results in a sequence of (powder) diffraction cones.

These diffraction cones are often assessed by a symmetric (0 — 260) scan using a
laboratory XRD instrument, resulting in a plot of diffraction intensity I vs. diffrac-
tion angle 20. However, when employing this reflection geometry [111, 115], several
restrictions are imposed by it. First and foremost, it is very challenging and usually
not unambiguously possible, to deconvolute signal contributions from different pen-
etration depths of the X-ray (dependent on the incidence and exit angles), which
is an intrinsic problem of the reflection geometry. Second, the brilliance, a product
of several parameters describing the radiation source, including photon flux density,
monochromaticity and beam parallelity, of laboratory X-ray sources is limited. A
high brilliance of the X-ray source is however necessary in order to (i) provide beam
diameters below the micrometre-regime at a sufficient flux, since beam intensity and

focussing are mutually exclusive parameters, due to low efficiency of X-ray optics
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[1, 115-117] and to (ii) provide short exposure times for in situ experiments, for
instance when high temperature (time) resolution is necessary, during annealing of
thin films [118].

Hence, to perform XRD measurements with small X-ray beams, it is necessary
to use synchrotron light sources producing X-ray beams with brilliances orders of
magnitude higher compared to the ones available in the laboratory. Furthermore,
with such high brilliance, it is also possible to employ transmission geometries for
the measurements, which is a key feature for the technique of cross-sectional X-ray

nanodiffraction presented hereafter.

3.1.1. Cross-sectional X-ray nanodiffraction

In order to assess nanoscale gradients in thin films originating from the deposition
process or through externally applied loads, high resolution characterization tools
are necessary. Since 2012, cross-sectional X-ray nanodiffraction (CSnanoXRD) has
been developed and advanced, resulting in a minimum achievable size of the incident
X-ray beam of even below 30nm [1, 116]. In prior studies, CSnanoXRD has been
proven to be successful at revealing gradients of phases, crystallite size and shape,
texture and strains in thin films in as-deposited state [4, 117, 119], after annealing
[120], after oxidation [121] or after ez situ indentation [80]. Furthermore, CSnan-
oXRD using a spatial resolution down to 200 nm coupled with an in situ indentation
device has been developed and successfully utilized to probe the stress fields eman-
ating from indentation of TiN and CrN thin film featuring sublayers of alternated
deposition conditions resulting in monophasic/microstructural interfaces [57, 122].
Given the available literature, CSnanoXRD shows great potential in resolving the
problems regarding above mentioned nanoscale gradients and give novel insights
into the structure-property relationships of thin films. In the following section, the
methodology of CSnanoXRD, which was used in Papers A, B, C and E, is briefly

discussed.

3.1.1.1 Phase analysis

One of the basic tasks of the analysis of structure-property relationships in thin
films is the characterization of phases present in the thin film. Since the set of
diffraction angles is distinct for every phase, the phase analysis can be performed by
a comparison of the experimentally assessed I — 26 plot with a model diffractogram
composed of diffraction lines from the Powder Diffraction Files (PDF) database from
the International Centre for Diffraction Data (ICDD, formerly JCPDS) [123, 124].
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The differences between the experimentally assessed and the modeled diffractogram
give then important information about the microstructure and morphology of the

thin films, which will be discussed later.

Figure 3.2.: Schematics of a typical CSnanoXRD experiment. A monochromatic X-ray
beam, for instance focused using multi-layer Laue lenses [1, 125], with a dia-
meter in the range 30-50 nm irradiates the sample, which is placed in the
beam’s focal spot (i.e. where the beam dimensions are minimal). The 2D
detector, a charged coupled device (CCD), intersects the diffraction cones em-
anating from the sample resulting in a diffraction pattern composed of Debye-
Scherrer rings. The sample is scanned perpendicular to the beam resulting in
either one- (z-scan) or two-dimensional (y-z-scan) maps of diffraction patterns
recorded and subsequently evaluated. (own unpublished work)

A typical CSnanoXRD experiment is performed either as one-dimensional (i.e.
cross-sectional) scan along the z-axis or as a two-dimensional (2D) mesh scan by
moving the sample along the y- and z-axis with a defined step size(s). The 2D de-
tector intersects the diffraction cones (cf. Fig. 3.2), which results in a 2D diffraction
pattern composed of Debye-Scherrer rings emanating from the individual phases

within the thin film at every measurement point during the experiment. When a
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4pm thick thin film is investigated with a step size of 50nm in a cross-sectional
manner, 80 diffractograms are recorded. The collected data needs to be integrated
azimuthally in order to perform phase analysis. Dedicated programs, which are
widely used in the synchrotron X-ray community, are Fit2D [126] and PyFAT [127,
128].

A prerequisite for correct azimuthal integration is determination of the precise po-
sition and orientation of the 2D detector with respect to the beam and the sample.
The (i) sample-to-detector distance, (ii) the beam centre on the detector, (iii) the ro-
tational misalignment and (iv) the detector tilt are obtained by measuring a samples,
which yields near-ideal and well-known diffraction patterns, a so-called calibration
standard. Calibration standards are, for instance, AloOg or LaBg powders prepared
by the National Institute for Standards and Technology (NIST). The software used
for azimuthal integration provides procedures that extract these detector geometry
parameters from such calibration measurements and subsequently accounts for them

during further processing.
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Figure 3.3.: Exemplary phase plot obtained from CSnanoXRD performed on an ~ 3.2 pm
thick AICrN film deposited by CAE on a cemented carbide substrate and
annealed in vacuum at 1000°C for 1h. 20 is the diffraction angle and the dif-
fraction intensities are colour-coded. Peaks of specific phases are marked with
Miller indices of the corresponding lattice plane families. (own unpublished
work)

After azimuthal integration, I — 26 datasets are obtained for every measurement

point of the scan, are collated and finally plotted against the scanned coordinate,
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which results in phase plots, where the diffracted intensities are colour-coded (cf.
Fig.3.3). The individual diffraction peaks obtained at different scan positions can
then be related to the phases present in the film at the respective film thickness. In
the example given in Fig. 3.3, an AICrN film annealed in vacuum at 1000°C for 1h
is presented, along with the tabulated reflections for ¢-CrN, w-AIN and hexagonal
(h) CraN from the PDF database [129]. During an annealing experiment at 1000°C,
the metastable c-CrAIN phase decomposes into ¢-CrN, w-AIN and h-CroN and No,
which is reflected by the increasing intensity of w-AIN and h-CraN peaks towards
the film surface. Furthermore, it can be seen, that the w-AIN and ¢-CrN reflections
are not exactly at their indexed positions, which indicates, that the wurtzite and

cubic phases are not stoichiometric.

3.1.1.2 Small-angle X-ray scattering microscopy

Unlike diffraction, which originates from the lattice periodicity of a material, dif-
fuse scattering at small diffraction angles (6 ~ 0.1-10 deg, depending on the X-ray
wavelength) is sensitive to significantly longer-range variations of electron density
within the X-ray gauge volume, such as nanoscale alternation of phases, grain bound-
aries, interfaces, cracks, pores, etc. The observable nanoscopic structural hetero-
geneities are of the size of ~ Ao [130]. Especially in deformed sample regions or in
nonuniform sample environments, changes of this small-angle signal are to be expec-
ted, as they are correlated with structural and mechanical gradients. A qualitative
value is obtained for every point within a measurement area, by azimuthal (§) and

radial (#) integration of the scattered intensity I(6,9), as follows

§=360°,01
I— / / 1(0,5)d0ds (3.2)
6=0°,60p

The resulting integrated small-angle X-ray scattering (SAXS) intensity is then a
measure for the amount of structural heterogeneities within the X-ray gauge volume.
By scanning/mapping a sample region, SAXS microscopy (SAXSM) can thus be
performed.

An exemplary scan and map are presented in Figs. 3.4 and 3.5, respectively. In
Fig. 3.4, the integrated SAXS intensity obtained from the same AICrN coating as in
Fig. 3.3 is presented. The highest scattered intensity is found close to the coating-
substrate interface, with a strong decay with increasing film thickness. This can be
related to the small grain size and high interface density within the nucleation zone
close to the substrate. In Fig. 3.5, the SAXS micrograph obtained from the cutting

edge area of a TiN coating on a cemented carbide substrate is presented [131]. Here,
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Figure 3.4.: Integrated SAXS signal obtained from the ~ 3.2 um thick AICrN film presen-
ted in Fig.3.3. A local rise of scattered intensity can be seen at depths of
0.5 and 3.3 pm corresponding approximately to the surface and the substrate
coating interface, respectively. A minimum of scattered signal was found at a
depth of ~ 1.25pm. The increase in scattered intensity can be correlated to
the higher diffracted intensity of CroN, which corresponds to a higher interface
density (smaller crystallites). (own unpublished work)

a gradually increasing SAXS intensity towards the rake face can be correlated to
the promoted formation of pores at the rake face and the lines of increased intensity
directly at the edge are related to planar domains in the coating, separated by
interface-like under-dense structures [131]. Especially in the latter case, SAXSM
has been proven to be useful to obtain data about the coating’s microstructure,

which are furthermore directly correlated to gradients of texture and residual stress
[131].
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Figure 3.5.: Integrated SAXS signal obtained from a TiN hard coating deposited onto ce-
mented carbide cutting edge. The substrate-coating interface and the surface
can be clearly detected due to their comparatively higher scattering intensity.
Additionally, a gradual intensity increase from the flank to the rake face was
detected, corresponding to an increase of structural defects along the rake
face. Furthermore, the lines of increased scattered intensity, visible within the
edge region, could be related to planar domains within the coating, separated
by an interface like morphological feature. Reproduced from [131].

3.1.1.3 Texture analysis

Only in rare cases, the distribution of the crystallite orientations in a polycrystalline
thin film is random. Texture of materials can span over the whole range of ordering,
from solids where crystallites have nearly the same alignment (high mosaicity, sharp
texture) to materials where it is nearly impossible to distinguish the diffraction
pattern of the solid from that of a powder [111, 112].

Furthermore, many important mechanical and functional properties of materials
are also anisotropic, i.e. dependent on crystal orientation. A sound example is

the anisotropic Young’s modulus of CrN, which varies between ~ 230 and 450 GPa,
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when considering the (111) or (100) orientations [70], respectively.

In laboratory XRD, crystallographic texture is investigated by considering the
variation of diffraction intensities with respect to the orientation of the investigated
sample. During the measurement, the diffraction angle 26 of a certain reflection is
fixed, while the sample is rotated around two axes [108, 109, 111, 112]. The recor-
ded intensity distribution of the investigated reflection is then proportional to the
orientation frequency of the chosen lattice plane family with respect to the sample
coordinate system. The common representation for this orientation distribution is
the pole figure, which is a stereographic projection of the lattice plane normal vec-
tors onto a plane. The orientation-dependent diffraction intensities are then plotted
in a colour-coded fashion.

It can be seen in Fig.3.6 that during a CSnanoXRD experiment performed in
transmission geometry the orientation information contained in a Debye-Scherrer

ring is rather limited. The intensity distribution along the ring represents a cut

Figure 3.6.: Schematic representation of the orientation relationship between the out-of-
plane centred pole figure and the diffraction intensity distribution I(6,d)
recored along a Debye-Scherrer ring on a 2D detector in transmission geometry.
Pole figure and detector image are taken from an experiment performed on a
TiN coating deposited on a cemented carbide cutting edge reproduced form
[131].
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through the corresponding pole figure (¢f. Fig.3.6). Without further assumptions,

the texture of a thin film material thus cannot be evaluated unambiguously.

However, with regards to thin films, two types of texture are dominant, the so-
called biaxial texture and the fibre texture, where the latter is observed in most hard
protective thin films. When a thin film develops a fibre texture, all crystallites have
a fixed orientation in the direction of the fibre axis and one remaining orientational
degree of freedom, allowing for a rotation around the fibre axis. In nearly all cases
of thin films studied, the fibre axis is parallel to the surface normal, except, when
the deposition flux is strongly inclined, as in glancing-angle deposition (cf. [2, 48,
49)).

Since most thin films develop the above-mentioned fibre texture during growth,
the pole figure can be reconstructed for the thin film material of interest, supposing
rotational symmetry around the out-of-plane sample axis. The reconstruction is
performed by considering the geometrical relationship between the coordinates of a
point on the 2D detector and the coordinates of the same point on the corresponding

out-of-plane pole figure (¢f. Fig.3.6). This geometrical relationship is expressed as

follows
sin a = sin 6 cos (3.3)
and
cos? 0 cos? 6 . .
Cosﬂ_+\/1—sin2500829 | —90° < § < 90°, (3.4)

cos? § cos? 6
— 90° < § < 270°
\/1—sin25c0829 | '

where § and 26 are the azimuthal and radial (diffraction) angle on the 2D detector,
respectively, while o and 8 represent the radial and azimuthal coordinates of the
pole figure, respectively (cf. Fig. 3.6) [132]. An example for an out-of-plane pole
figure and the corresponding reconstruction from a synchrotron detector image of
a TiN film deposited on a WC-Co cutting edge can be seen in Fig.3.7a and 3.7b,

respectively.

Having confirmed the fibre nature of the thin films texture, the preferred orienta-
tion of the thin film along the cutting edge can be evaluated by simply considering
the orientation 611)11 of the maximum intensity of the Debye-Scherrer ring for every

dataset obtained during the experiment (cf. Fig. 3.8).
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Figure 3.7.: Pole figures evaluated from the 111 reflection of a TiN thin film. A pole figure
obtained by a laboratory measurement (a) and a pole figure reconstructed
from 2D data obtained during the corresponding synchrotron measurement in
transmission geometry (b) are presented. Reproduced from [131].
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Figure 3.8.: 2D contour plot of the orientation 5%,11 of the (111) fibre texture. Reproduced
from [131].
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3.1.1.4 FWHM analysis

When an ideally parallel and monochromatic X-ray beam interacts with a single
coherently diffracting domain of a hypothetical ideal material having infinite di-
mension, which is furthermore free of any kind of lattice defects, a perfectly sharp
diffraction peak with negligible width would emerge. Any kind of deviation from
these idealisations will lead to an increase of the peak width. The measure to de-
scribe the peak width is the full width at half maximum (FWHM) . Contributions
to the FWHM are the size of coherently diffracting domains, gradients of strains
of 1%t order (macrostrains) and strains of 274 and 3™ order, which are, in general,
lattice defects, such as dislocations and lattice distortions.

In order to quantify the FWHM of Debye-Scherrer rings, it is necessary to fit
the diffraction peaks to analytical functions. Therefore, the 2D diffraction patterns
collected during the CSnanoXRD experiment are integrated azimuthally, similar to
the procedure described for phase analysis (¢f. Sec.3.1.1.1). However, the main
difference is that the integration is performed in n circular sections of a predefined
azimuthal width w = % deg, so-called cakes. The result is a set of I(26,¢;) profiles,
where §; = iw is the azimuthal orientation of the centre of the i-th cake and which
can be used for orientation-dependent peak fitting.

Typical functions which are used for peak fitting are the Lorentzian or Gaussian
functions. Generally, the use of the pseudo-Voigt function, which is a linear com-
bination of the former two, is beneficial. The pseudo-Voigt function, modified to

diffraction-related quantities, reads as follows, for every azimuthal section,

2
I {1112 29:290.(51) }
1(20,6;) = : 5+ (1= p)loe (o) , (3.5)

20—20,(5;)
1+< 38(6:) >

where 1(26,0;) is the observed diffraction angle-dependent intensity at the azi-
muthal orientation ¢;, 20y(;) is the peak’s centre position, Iy is the maximum in-
tensity of the peak at 26y , 5(d;) is the orientation dependent FWHM of the peak
and p is the ratio of the Lorentzian over Gaussian distributions contributing to the
peak function.

The Scherrer equation [108, 109, 111, 112] describes the inverse relationship
between the width of a diffraction peak (or the corresponding Debye-Scherrer ring)
and the average size of coherently diffracting domains, which is roughly similar to
the grain size of a polycrystalline material. The Scherrer equation is expressed as

follows,
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K\
D=——
Bcosf’

wwhere D is the size of coherently diffracting domains, A is the X-ray wavelength,

(3.6)

B is the FWHM, and 0 is the diffraction angle. The parameter K is a dimensionless
factor, which takes into account different grain shapes. Values of K are close to
unity and differ only slightly between equiaxed and elongated grains. However,
since there are also other contributions to the FWHM (see above), no absolute
values regarding the size of coherently diffracting domains can be obtained from the
diffraction data using only the Scherrer equation. However, it is still possible to get
useful information about the material’s defect density and microstructure. First,
the shape of the thin film’s grains can be resolved by evaluating the orientation-
dependent FWHM of the Debye-Scherrer rings, which is approximately inversely
proportional to the orientation-dependent size of coherently diffracting domains.
Therefore, an increase of FWHM from out-of-plane (§ = 0deg) to in-plane (§ =
90 deg) orientation (c¢f. Fig.3.2) corresponds to a reduction of the size of coherently
diffracting domains in the same orientation change and would indicate a columnar-
grained microstructure (cf. Ref. [116, 133]).

In order to perform a comprehensive analysis of nanoscale microstructural changes,
the analysis should not only rely on the peak width, but be performed together
with SAXSM and electron microscopy in order to strengthen the interpretation
of the data. An example for the benefits of combining electron microscopy and
CSnanoXRD data for microstructural analysis is presented in Figs. B.2, B.3, B.4,
B.5, B.6 and B.7 of Paper B.

3.1.1.5 Stress analysis

Mechanical stresses in thin films are either introduced by the deposition process, as
a result from ion bombardment and as a consequence of the mismatch of thermal
expansion coefficients during cooling from the deposition temperature to room tem-
perature, or by external loading. In most cases, the stresses are measured after their
introduction in the material and therefore represent residual stresses.

XRD can be employed to quantify strains and stresses of 15t order present in

15% order span over many grains and therefore

a crystalline material. Strains of
represent macro-strains. The strain measurement is performed by the investigation
of the elastic shrinkage and expansion of the crystallites, which leads to changes of
their lattice plane spacings. Since the strains quantified by XRD are of elastic nature,

they can be converted directly to stresses, if the elastic properties of the material
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are known [111, 112, 134]. For an isotropic material, the relationship between stress

0;j and strain ¢;; is defined as follows

1+wv v
€j =~ Oij ~Oij g > okks (3.7)
k=1

where v is the Poisson’s ratio, E is the Young’s modulus and 4;; is the Kro-
necker’s delta. Since most materials have anisotropic elastic properties, the strain
measured during an X-ray experiment is also dependent on the lattice plane family
hkl from which it was evaluated and the factors HT” and —4 are replaced by the
hkl-dependent X-ray elastic constants (XEC) %Sgk’l and SP*! respectively. These
XECs are determined from the single-crystalline stiffness tensor by employing grain
interaction models. Basic grain interaction models are the Voigt and the Reuss
model, as well as the Hill model, which is a linear combination of the former two
[111, 112, 134]. The relationship between stress o;; and hki-dependent strain 5%’“ is

then defined as follows

3

1

E?jkl = isgkl()'ij + 6ijS{Lkl Z Okk- (38)
k=1

Generally, the strain '(£,¢) in an XRD experiment is determined along two rota-

tional coordinates ¢ and ¢ as follows

e'(&5) = d(g’il)o_d(]7 (3.9)

where d(, <) is the orientation-dependent lattice parameter and dy is the strain-free
lattice parameter of the material of interest. The knowledge of dy is a prerequisite for
the stress analysis by means of XRD. In a synchrotron CSnanoXRD experiment, the
coordinates used for the determination of the orientation dependent lattice strain

are the diffraction angle 6 and the azimuthal angle of the Debye-Scherrer ring d.

hkl
(

The orientation-dependent lattice strain 5, (y,z) at every position (y,z) in the

investigated sample for each phase m and DS ring hkl can be determined as follows

m,hkl d:sré’hkl
(y,2) =

m,hkl
. —dy
00

(y,2)
g
0

, (3.10)

kl(

where d%’h y,z) is the measured lattice spacing and dgl’hkl is the strain-free

lattice spacing for a particular hkl reflection.
In the coordinate system of the CSnanoXRD experiment (cf. Fig. 3.2), the orientation-

hkl
(

dependent lattice strain Eg(;’ y, z) measured in the direction of the diffraction vec-
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3.1. X-ray diffraction

m, hkl(

tor is a function of triaxial strain components ¢, z) defined by the fundamental

equation of X-ray strain determination (80, 134] as follows:

Esy hkl(y, z) = sin? Oely "My, 2) + cos? 0 sin? deny hkl(y 2) + cos? 0 cos® dey hkl(y, z)

m,hkl ( m, hkl

— sin 260 cos de5 2) + cos? 0sin 29ehy hkl(y, z) —sin20sin deyy

(3.11)
where 7, j=1,2 and 3 correspond to the experimental axes z, y and z in Fig. 3.2,
respectively.
The components of the stress tensor J{?(y, z) can be determined by substituting
m,hkl

g;; " (y,z) using Eq. 3.5 and are defined in the sample coordinate system as follows

hkl Jhkl
5:575 (yv ) - Sm [Jﬁ(yv ) + J£n2(y7 ) + 0’%(@/, )]

+355" it [81112 00" (y, 2) + cos? O sin? 5o 5y ™ (y, 2) + cos? 0 cos? Sy ™ (y, 2)

—sin 26 cos do 1y hkl(y, z) + cos? 0 sin 2504y hkl(y, z) — sin 20 sin doy okl ].

(3.12)

During stress analysis of thin films, it is often sufficient to characterize the equibi-
axial stress state originating from the deposition process, where the shear compon-
ents 0;7(y,z) with i # j and the out-of-plane normal stress component o%3(y, 2)
along the z-axis are considered to be zero and the non-zero in-plane normal stress
components o} (y,z) = o45(y, z) are equal [111, 134]. The simplified equation for

the evaluation of the residual stress can then be expressed as follows

Esg hkl(y, z) = ohy(y, z) 287" kL 4 ;”2""“( ) Sm okl {sin2 6 + cos® 6 sin® (5} . (3.13)

In this way, in-plane residual stress gradients 043 (y, z) within all crystalline phases
present in the investigated sample volume can be determined.

In order to evaluate the stress, the peaks have to be fitted along azimuthal sec-
tions, similar to the analysis of the FWHM above, which allows to retrieve the
lattice spacing d%’hkl(y, z) from the fitted peak positions in every azimuthal section.
The stress is then evaluated by a two-step process: first, the orientation-dependent

m,hkl

lattice strain is g5, (y,2) calculated according to Eq.3.10. Second, a linear re-

o hkl(y, z) evaluated at different azimuthal positions

gresmon of the lattice spacing ¢,
§ (¢f. Eq.3.10) versus sin?§ is performed to obtain in-plane stress values from
Eq. 3.13. This procedure is performed for every diffraction pattern measured during

the CSnanoXRD experiment.
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In Fig. 3.9, the stresses evaluated from the c-Cr(Al)N, w-Al(Cr)N and h-(Cr, Al)oN
phases in a multi-phase AICrN hard protective thin film are shown. The applied

X-ray elastic constants are similar to those used for the evaluation of stresses in
Paper D.
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Figure 3.9.: In-plane stresses evaluated for an exemplary ~ 3.2pum AICrN thin film an-
nealed at 1000°C, whose phase diagram is presented in Fig. 3.3. (own unpub-
lished work)

In order to evaluate the stress distributions J{’;‘(y, z) within deformed areas, the
generally expected three-axial stress state in the material has to be taken into ac-
count. Therefore, Eq. 3.12 is the appropriate choice to evaluate stress distributions
within the investigated sample volume. However, it is still possible to use simplific-

ations during the evaluation.

First, it is generally beneficial to retrieve stresses also from an undeformed sample
area according to Eq.3.13. Since coeflicients of the in-plane stress component
o1 (y, z) along the z-axis in Eq.3.12 are independent of the azimuthal angle §, the
presence of this stress component leads to a shift of the diffraction angle 26 of the
respective Debye-Scherrer ring, similar to a change of the unstrained lattice para-
meter dgl’hkl. Therefore, it is necessary, to set a boundary condition for ofj (y, z),
for example, the assumption that the in-plane stress component o7} (y, z) along the
z-axis does not change significantly during the experiment, or that o7} (y, z) can be
approximated by the o53(z) evaluated using Eq.3.13 from an undeformed sample

region. Especially, when considering only Debye-Scherrer rings with low diffraction
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angles 20, the coefficient (Sin’hkl + %Sgl’hkl sin? 0) becomes very small (cf. Eq. 3.12)

and small variations of dgn’hkl in the investigated volume would compromise the

evaluation and lead to unrealistic o] (y, z) values.

Additionally, the shear stress components o{%(y, z) and o{4(y, z) would lead to a
distortion of the Debye-Scherrer ring similar to a miscalculated beam centre. How-
ever, even when no shear stresses along the beam direction are expected, it is bene-
ficial to evaluate o3(y, z) and o7%(y, z) . When there are rather constant o7%(y, 2)
and o7%(y, z) values extracted from the investigated sample volume, this is an in-
dication for a miscalculated beam centre and leads to an better refinement of the
stress components 055 (y, ), 054(y, z) and 055 (y, z) perpendicular to the incident X-
ray beam [132, 135-137]. For further details regarding to how the individual stress
components influence the Debye-Scherrer ring’s shape evaluated on the detector, the
readers are referred to Ref. [132].

For every sample measurement point, a system of n linear equations based on
Eq. 3.13 has to be solved for the unknown stress components numerically, e.g. by
least-squares refinement and with the assumptions valid for the actual stress tensor
in the investigated thin film volume. This method to analyse stresses from XRD
patterns obtained during a CSnanoXRD experiment was utilized in Papers A, B,
and C.

3.1.2. In situ high-energy high-temperature grazing incidence
transmission X-ray diffraction

In order to investigate the thermal stability of metastable thin films, a new diffraction-
based multi-parameter method called in situ high-temperature high-energy grazing
incidence transmission X-ray diffraction (HT-HE-GIT-XRD) was developed and
carried out at the PO7B beamline of the PETRA III synchrotron source in Hamburg
(Germany). Experimental results obtained from arc-evaporated AICrN thin films
and the methodology itself have been published in Paper D, while experimental res-
ults obtained from CVD TiAIN thin films have been published in Paper E. While
the methodology of data evaluation is given in full detail in Paper D, a more detailed
description of the experimental setup and parameters is given hereafter, which was
omitted in the article, for the sake of brevity.

In order to carry out the in situ experiments, a type S thermocouple (temperature
resolution < 0.5°C) was welded centrally onto the sample’s surface, opposite of
the coated surface of interest. The coated sample was then mounted in a DIL

805 dilatometer (TA Instruments) equipped with two X-ray-transparent Kapton™
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windows to ensure transmission of the X-ray beam. The surface of the sample
is aligned with respect to the primary beam at an incidence angle £, as shown in
Fig. 3.10. The incidence angle has to be set to achieve maximum intensity of the film
signal, while still keeping the substrate signal as low as possible, which is dependent

on the actual sample geometry and needs individual adjustment for each sample.

Figure 3.10.: A schematic of the in situ HE-HT-GIT XRD experimental setup. Repro-
duced from [118].

Heating and cooling rates, as well as holding times can be adjusted individually
using the dilatometer software. In Paper D, a constant heating rate of 1 K/s from
RT to 1100°C was followed by holding for 300 s at 1100°C. Subsequent cooling at
a rate of —1K/s was achieved through constant Ar flow of 0.005m?/s. However,
technically the dilatometer can be heated to temperatures up to 1400°C and much
higher heating and cooling rates can be reached by adjusting the heating power and
the Ar flow, respectively. During the temperature cycle, the sample was illuminated
with a pencil X-ray beam of y x z = 100 x 400 pm? at an energy of 87.1keV and
diffraction patterns were recorded continuously using a Perkin-Elmer detector with
a pixel size of 200 x 200 pm?, using an exposure time of 1s, each followed by a
dark image of also 1s exposure time for image correction purposes. Depending on
the incidence angle 5 and the sample geometry, 10-25 exposures were summed up
into one 2D diffraction pattern to increase diffraction statistics, which results in a
temperature resolution of 20-50°C.

Prior to the diffraction experiments, detector calibration has to be carried out
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using a NIST LaBg powder to evaluate the sample-to-detector distance, detector
tilt and rotation of the tilt plane, similar as described in Sec. 3.1.1.1. While in this
experiment detector calibration was evaluated using the FIT2D software package
[126], evaluation of the 2D diffraction patterns recorded in the in situ experiment

was carried out using the PyFAI software package [127, 128].

3.2. Micromechanical testing

In order to obtain information about structure-property relationship of thin films,
advanced mechanical testing taking into account the reduced thickness dimension
of the film is necessary. Besides nanoindentation [138], which represents a common
technique for obtaining local mechanical properties of thin films, in detail hardness
and reduced modulus, micromechanical cantilever bending tests [2, 42-47, 119, 121]

have been established as state-of-the-art in terms of mechanical testing of thin films.

3.2.1. Nanoindentation

Nanoindentation is nowadays extensively used to obtain basic mechanical properties
of thin films, in detail hardness and indentation modulus, which are easily obtained
without high sample preparation effort. During nanoindentation, the indentation
load and indenter displacement are recorded continuously, which makes it an instru-
mented technique, in contrast to most other indentation techniques, which calculate
hardness from the applied load and the cross-section of the remaining imprint, cf. for
example [139]. The resulting load-displacement curves are evaluated by the meth-
odology developed by Oliver and Pharr [138], which allows to obtain hardness H
and indentation modulus FE,.

The hardness is defined as maximum contact pressure supported by the tested
material, which is calculated dividing the maximum applied indentation load Ppax

and the projected contact area A, (cf. Fig. 3.11),

(3.14)

Since the applied indenter loads are usually in the range of milli-Newtons, the
resulting penetration depths of the indenter range from several tens of nanometers to
~ 1 um, depending on the hardness of the tested material. It is therefore convenient
to calculate the contact area by a so-called area function, which depends on the

contact depth h. and the shape of the indenter tip. The area function was determined
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P max
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A Pmax
indentation depth /

Figure 3.11.: A schematic sketch of the load-indentation depth curve recorded during a
nanoindentation experiment. P,,.. is the maximum applied load, hy.x the
maximum indentation depth, S is the contact stiffness and h, is the contact
depth, depending on the tip geometry parameter e. Reproduced from [138].

analytically by Sneddon [140] for flat punches, spherical, conical and pyramidal tips

as a power law function as follows

A, =ahm (3.15)

where « is a dimensionless parameter and m is the exponent depending on the
actual shape of the tip. The power law exponent m was determined by Sneddon as
1, 1.5 and 2 for the flat punch, spherical and conical or pyramidal indenter shapes,
respectively. However, since real indenter tips always deviate from the ideal shape,

it is convenient to approximate the area function in a polynomial form
8 2(1)71
Ac = A(he) =Y Cphe'?’ (3.16)
n=0

where C,, are fitted constants. The contact depth itself is calculated from the load-

displacement curve (c¢f. Fig. 3.11) using the initial slope, i.e. the contact stiffness
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S of the unloading curve (at Ppax) and the maximum penetration depth hpax as

follows ,
Pmax

S )

where ¢ is a parameter ranging between 0.72 and 1 depending on the shape of the

hc = hmaac — €

(3.17)

indenter tip. € = 0.72 was analytically derived for conical and pyramidal tips, while
€ = 1 corresponds to a flat punch. But, similar to the contact area, the real tip
shape deviates from model shapes and it is convenient to use a value of 0.75, which
corresponds to a paraboloid of revolution. The contact stiffness S is extracted from
the unloading curve of the indentation experiment by fitting a power law function to
the former and then calculating analytically the first derivative of the fitted function
and evaluating it at Ppax-

Finally, the compliance of the indentation device Ct has to be determined, since it
can have a significant influence on the measured penetration depth. The calibration
of Ct is performed together with the area function by various procedures. Oliver and
Pharr assumed, that the elastic modulus of the tested material is independent of the
indentation depth. Thus, by varying the indentation depth, Ct can be calculated by
using the area function of an ideally shaped tip as a starting point. Following, the
approximated function given in Eq.3.16 and Cf are refined iteratively until C;, and
Ct converge. Nowadays, the machine calibration is performed by a series of indents
in a material with well-known hardness and elastic modulus. The material of choice
is fused silica, since it has a high hardness and a well-known elastic modulus, is
isotropic and shows no recognizable size effect or creep [141, 142].

Following, the reduced modulus E, of the whole system can then be determined

as
T S
= (3.18)
and
1 1—v%2 1.2
— Ly~ % (3.19)

E, E; E;
where vy and E; are the Poisson’s ratio and Young’s modulus of the film, respect-
ively and v; and F; are the Poisson’s ratio and Young’s modulus of the indenter tip,
respectively. However, for the exact evaluation of E;, the Poisson’s ratio of the film
has to be known, otherwise, the indentation modulus can only be quantified approx-

imately. The standard indenter material is diamond, which has elastic properties of
E; = 1141 GPa and v; = 0.07 [143].
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Practically, the Berkovich indenter tip, which is a three-sided pyramid with a
shape function similar to the Vickers indenter, is often used for nanoindentation,
since in such way, the results are comparable to macrohardness tests [144]. Addi-
tionally, a maximum indentation depth of % of the film’s thickness and a lateral
distance of 4-5 times the indent’s width have been established as guidelines for test-
ing thin films. Finally, the analysis of nanoindentation data is routinely performed
by incorporated software package of commercially available nanoindenters.

Due to its easy feasibility, nanoindentation is the starting point of mechanical
characterisation of thin films giving the first insight into mechanical properties of thin
films of interest. Miniaturised nanoindenters fitting in a scanning or transmission
electron microscope are nowadays commercially available and regularly used for in

situ. micromechanical testing of thin films, as discussed hereafter.

3.2.2. In situ micromechanical cantilever bending experiments

In following, the preparation by focused ion beam milling and in situ testing of micro-
sized cantilever specimens in the SEM is depicted. This methodology was used in
Paper E. Cantilever bending tests can be performed ex situ using a stand-alone
nanoindenter (cf. [42, 43, 45-47]) or in situ by using an indentation device which
is introduced either in a scanning [2, 44, 48, 49, 119, 121] or transmission electron
microscope [145]. For brevity, this section is restricted to in situ micromechanical
cantilever bending tests carried out in a SEM.

Cantilevers for micromechanical bending test are fabricated by means of focused
ion beam (FIB) milling. In the beginning, a freestanding cantilever with rather un-
defined geometry is formed by using high Ga™-ion currents in the range of 2-20nA.
Afterwards, the actual shape of cantilevers is defined by continuously lowering the
milling currents down to ~ 100 pA, depending on the cantilevers material. Addi-
tionally, by using low milling currents in the final preparation steps, damage of the
material of interest by Ga™-ions is avoided. In order to measure fracture tough-
ness of the cantilevers, on at least 4 specimens a notch has to be milled, which is
performed by currents in the range of 5-20 pA. Finally, before the experiment, the
dimensions of the cantilever have to be measured. A more detailed description of
the fabrication of cantilever specimens is given for example in Refs. [42, 146-148].

In situ micromechanical bending tests performed during this thesis were carried
out in a ZEISS LEO 982 SEM using a Hysitron PI85 nanoindenter equipped with
a sphero-conical tip of 700nm radius provided by Synton MDP AG. The sphero-

conical indenter tip is chosen to minimize the influence of the plastic deformation at
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the loading point due to the imprint of indenter tip (¢f. Sec.3.2.1). The indentation
device consists of a transducer controlling the indenter tip with a range of 5um
and a three-axis piezo stage for positioning the sample. For testing, the samples
are mounted on the three-axis piezo stage of the nanoindenter and the rotational
adjustment is performed using a stereo microscope. The indentation setup is then
mounted in the SEM and the image is centred at the indenter tip. The sample
is moved by the piezo stage towards the tip and precisely aligned for testing. A

schematic representation of the geometry of in situ experiment is shown in Fig. 3.12.

Figure 3.12.: Schematic geometric representation of the micromechanical cantilever bend-
ing tests of unnotched (a) and notched (b) freestanding cantilevers prepared
from an AICrN thin film, where L, B and t are the length, width and thick-
ness of the cantilevers, respectively, whereas P denotes the applied load. The
dashed lines in (b) represent the notch, and a is the notch depth evaluated
ex situ (cf. Fig.3.14) from the fracture surfaces after the in situ experiment.
(own unpublished work)

Testing itself is performed in a displacement-controlled mode with a predefined
loading rate. Typically, for a cantilever with a geometry of L x Bxt = 10 x 2 x 2 pm?
a loading rate of 20 nm is applied [2, 44, 48, 49, 119, 121]. The loading is performed
monotonically until fracture occurs and during loading, load (P) and displacement
(d) are continuously recorded. Exemplary load-displacement curves obtained from

unnotched and notched cantilever specimens prepared from an AICrN thin film are
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shown in Fig.3.13. The recorded load-displacement curves are then utilized for the
evaluation of mechanical properties, such as elastic modulus, fracture stress and

fracture toughness.
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Figure 3.13.: Exemplary load-displacement curves recorded during the in situ micromech-
anical bending experiments for unnotched (a) and notched (b) AICrN canti-
levers, as depicted in Fig. 3.12a and 3.12b, respectively. %—5 in (a) represents
the slope of the load-displacement curve, while in the inset in (b), the arrows
mark the load drop associated with the fracture of the bridges at the sides
of the FIB-fabricated notch as shown in Fig. 3.14b. (own unpublished work)

In case of hard protective thin films, the absence of significant plastic deformation
allows for Euler-Bernoulli theory of bending [149] and linear elastic fracture mech-

anics [40, 150] to be applied for calculation of elastic modulus E, fracture stress op
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and fracture toughness Kic, respectively. According to Euler-Bernoulli theory of

bending [149], the elastic modulus E of a freestanding cantilever is determined from
opP

the slope of the load-displacement curve 4 as follows
E_aP4 (L)3 (3.20)
- ddB\t)"’ '

where L, B and t are the length, width and thickness of the tested cantilever.
Ideally, for an elastic material, the slope %—5 of the load-displacement curve should
not change during loading. However, in order to minimize errors originating from the
inelastic imprint of the indenter tip, the slope should be evaluated from a segment of
the load-displacement curve where sufficient contact of the indenter tip is applied,
but inelastic deformation of the edge of the cantilever and the loading point can
be excluded or minimized. In the presented exemplary load-displacement curves, a
load range of 100-250 pN has been proven beneficial for the evaluation of Young’s
modulus.

From the maximum load P .« at fracture, fracture stress op is calculated as

follows

6 Prmax L
T TBe

Fracture stress and elastic modulus are evaluated from multiple specimens; based

(3.21)

on own experience, at least 4-5 cantilevers should be fractured. After the experi-
ment, the fracture surfaces are investigated for microstructural features, which can
be associated to certain effects found in the load-displacement curves. An exemplary
fracture surface of an unnotched cantilever is shown in Fig. 3.14a, where the relat-
ively coarse columnar-grained microstructure of the AICrN film is clearly visible.
However, due to the absence of abnormal events in the presented load-displacement
curves (Fig.3.13a) and the absence of morphological irregularities (Fig. 3.14a), the
experimental results obtained from these cantilevers are validated.

Fracture toughness K¢ is assessed by loading and fracturing of notched cantilevers
(cf. Fig.3.12b) as follows

Kic = oy/maY (?) (3.22)

where o is the applied stress on the notched cantilever at fracture (c¢f. Eq.3.21),
a is the notch depth and Y (%) is the geometry factor taking into account the actual
dimensions of the cantilever. The geometry factor Y (%) has to be accounted for

independent of the measurement geometry and is either calculated by finite element
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3. Selected advanced characterization techniques

Figure 3.14.: Exemplary fracture surfaces of unnotched (a) and notched (b) AICrN can-
tilevers, each corresponding to a cantilever of one load-displacement curve
shown in Fig. 3.13a and 3.13b, respectively. The arrows in (b) indicate the
materials bridges remaining at the sides of the notch. (own unpublished
work)

modelling or tabulated in a handbook. For the freestanding cantilever, Y (¢) was
calculated in the range of ¢ = [0,1] by Tada et al. [151] as follows

2 0.923 +0.199 (1 — sin (22))*
Y <a> = /% tan <m> 0199 (1 — sin (57)) (3.23)
t Ta 2t cos (5)

During loading of a notched cantilever, load drops, as shown in the inset of
Fig.3.13b, should occur before fracture of the cantilever. These load drops sug-
gest, that the material bridges at the sides of the notch (indicated by an arrow in
Fig.3.14b) fractured before the fracture of the entire cantilever. According to Refs.
[42, 146, 147], the fractured bridges act as a sharp crack and in such way that the
fracture toughness of the experiment is not overestimated. For any case, where the
load drops presented in the inset of Fig. 3.13b are not seen, in Ref. [152] the discrep-
ancy between the apparent fracture toughness evaluated from the experiment and

the actual fracture toughness were modelled by extensive numerical calculations.

Finally, the notch depth a, critical for the evaluation of the fracture toughness
Kic, is assessed ez situ after the fracture experiment in the SEM. Similar to the
scenario of unnotched cantilevers, the fracture surfaces are imaged and examined for
morphological and microstructural irregularities, which could inflict the evaluation
of fracture toughness for the thin film material. In Fig. 3.14b, a fracture surface of a
notched cantilever corresponding to a load-displacement curve in Fig. 3.13b is shown.
Again, the absence of morphological and microstructural features, together with
the linear behaviour of the load-displacement curve obtained from the experiment,

indicates, that the fracture experiment was conducted properly.
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3.2. Micromechanical testing

When conducted properly, micromechanical cantilever bending experiments allow
for the direct evaluation of elastic modulus, fracture stress and fracture toughness.
The knowledge obtained from micro-cantilever experiments can be used to quantify
the improvement by the previously undergone thin film development and can be

used subsequently for the further advancement of hard protective thin films.

41






Conclusions and Qutlook

Within this thesis, several aspects of the nanoscale gradients emerging in hard pro-
tective thin films from the deposition process or external loads have been investig-

ated. Moreover, novel characterization approaches were introduced:

e In a pioneering cross-sectional X-ray nanodiffraction experiment, nanoscale mi-
crostructure and residual stress gradients across a TiN thin film deposited on
a WC-Co cutting edge were evaluated for the first time. The results uncovered
pronounced gradients directly at the cutting edge, which can represent a reli-
ability issue during tool service. The unique results open up new possibilities

for further thin film design of cutting edges.

o The nanoscale residual stress and microstructure gradients across scratch track
cross-sections in a Cr/CrN bilayer were assessed for the first time. In this way,
scratching-induced deformation mechanisms within a brittle-ductile thin film
could be elucidated. A significant portion of the damage was absorbed by the
ductile Cr sublayer, suppressing overall bilayer as well as hard CrN toplayer

failures.

e The multi-axial stress distributions emerging in a notched clamped cantilever
upon loading were evaluated using cross-sectional X-ray nanodiffraction. For
the first time, it was possible to evaluate the stress distributions around a notch
in presence of a heterogeneous Cr-CrN interface and the influence of the latter
to the former. As a consequence of the as-deposited residual stress state in the
notched Cr layer, fracture was retarded by a factor of 3, thus proving again
the potential of microstructural design in microstructurally heterogeneous thin
films.

The results obtained in this thesis advance the understanding of nanoscale gradients
across thin films. The collected data and developed methods can be further util-
ized to understand and tailor the mechanical properties of thin films by establishing

design guidelines for particular applications. Furthermore, the results published in
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4. Conclusions and Outlook

Papers A, B and C show the current possibilities of cross-sectional X-ray nanodiffrac-
tion with a spatial resolution down to 50 nm and also include the newly developed
small-angle X-ray scattering microscopy.

In an accompanying work, the crucial influence of residual stress on the decom-
position temperature of metastable AICrN thin films was assessed by a newly de-
veloped in situ high-temperature high-energy grazing incidence transmission X-ray
diffraction method (Paper D). For the first time, it was also possible to assess the
experimental thermal and intrinsic stress components of the residual stress during
annealing. The newly developed approach improves the understanding of micro-
structural and phase changes of thin films at elevated temperatures and can be used
for further thin film design.

Finally, in Paper E a six-level hierarchical thin film mimicking biological hard
and tough structures, such as nacre or bone was extensively studied. It shows
excellent mechanical properties, as well as high thermal stability of microstructure
and phases. The self-assembly reaction of the CVD process holds much potential for
the incorporation of biomimetical design in the field of hard protective thin films.

With ongoing development of X-ray optics and the upgrade of the European Syn-
chrotron (ESRF), in the next years X-ray beams with dimensions below 20 nm will
be achievable, which can be utilized for further thin film development. Especially
the influence of heterogeneous interfaces on the stress fields during stable growth of
cracks towards the interface is of high scientific interest.

For future work, attention will be drawn to the investigation of nanoscale deposition-
induced gradients of phase composition, microstructure and residual stress of com-
positionally more complex metastable thin films deposited on a cutting edge. Ad-
ditionally, the influence of heterogeneous interfaces in materials combinations with
higher ductility will be of future interest.

Finally, the current development of an in situ heating device at the ID13 nanofocus
beamline of the ESRF allows for depth- and temperature-dependent resolution of
the interdependence between nanoscale structural and stress gradients of thin films
originating in the deposition process and the microstructural and phase changes at
elevated temperatures. Thus, it will represent a combination of cross-sectional X-
ray nanodiffraction with the newly developed in situ high-temperature high-energy

grazing incidence transmission X-ray diffraction approach.
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Abstract

The lifetime of coated cutting tools is decisively influenced by residual stress gradi-
ents across cutting edges. Here, cross-sectional X-ray nanodiffraction with a beam
size of 35 x 25 nm? was used to retrieve gradient properties of a ~2pm thick TiN
coating on WC-Co substrate. The planar regions next to the edge exhibit gradual
and constant stress profiles with anisotropic defect build-ups on the flank and rake
faces, respectively. Directly at the edge, nonlinear lateral and cross-sectional com-
pressive residual stress gradients up to about —3 GPa were observed. The coating’s
(111) fibre texture orientation correlates with the orientation of principal stress com-

ponents.
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Manuscript

Nanocrystalline protective transition metal nitride coatings used in machining in-
dustry to enhance the lifetime of cutting tools are severely thermo-mechanically
loaded during operation, especially at the tool edge that contacts the workpiece
material [1-3]. This imposes strong demands on compositional, microstructural and
residual stress design strategies of coatings prepared by plasma-assisted physical va-
pour deposition (PVD). However, the vast majority of scientific and applied research
studies deal with the design, synthesis and properties of coatings on flat substrates,
fully neglecting the influence of elemental, stress and microstructure nanoscale near-
edge gradients, which evolve as a result of the spatially non-homogeneous process
plasma around the substrate edges [4-7]. This striking systematic inconsistency is
caused mainly by the unavailability of characterization approaches to assess some of
those gradients at the nanoscale.

In previous studies, mostly morphological and chemical near- edge gradients in
TiAICrYN [5], TiAIN/VN [4], TiN [8], CrN [7] and TiAlCrSiN [9] coatings were
analysed, indicating the coatings’ thickness, roughness and/or Al/Ti ratio depend-
ence on the cutting edge shape (and edge angles), the direction of the incoming
ions and/or the accelerating bias voltage magnitude. Macak et al. [5] reported 26%
thickness increase and 14% Al/Ti ratio decrease in a TiAICrYN coating on a WC—Co
sharp edge with 30° opening angle. Until now, residual stress and microstructure
gradients have, however, been characterized only at meso— and micro-scale along
edges of TiN [8] , CrN [7] and TiAlCrSiN [9] coatings using conventional X-ray dif-
fraction (XRD) and Raman spectroscopy. Exemplary, in an arc-evaporated TiAIN
coating [9] , a stress relaxation from —5.5 to —2.5 GPa was observed from the centre
towards the cutting edge using laboratory XRD.

There has been an effort to assess the stress distribution across coated cutting
edges using modelling approaches [10, 11]. Gunnars and Alahelisten [12] developed
a two-dimensional (2D) finite-element model of residual stress distribution across a
diamond coating cutting edge area on WC—Co deposited by chemical vapour depos-
ition, neglecting, however, the growth stress component. The model revealed that
(i) the out-of-plane component of the principal stress tensor is orientated along the
surface-normal of the edge and (ii) the deviation from the in-plane biaxial stress state
scales with the ratio between the coating thickness, the edge radius and the thermal
stress. Although the model can be transferred also to other coating-substrate sys-
tems, there has not been any theoretical or experimental work published so far,

evaluating growth stress evolution at the cutting edge.



In this work, results from cross-sectional X-ray nanodiffraction (CSnanoXRD)
characterization of lateral and cross-sectional gradients of residual stresses and crys-
tallographic texture across a TiN coated cutting edge area on a WC—-Co substrate
are primarily discussed. The aim is to advance the understanding of the stress state
and microstructure gradients in PVD coatings deposited onto edge areas and provide
nanoscale experimental data for further coating optimisation.

The TiN coating was prepared by cathodic arc evaporation (CAE) in a voestalpine
eifeler Vacotec alphad00P deposition system equipped with six powder metallurgical
Ti cathodes operated at a cathode current of 90 A, a substrate bias voltage of =100V,
a nitrogen pressure of 4 Pa and a substrate temperature of 480°C. The coating was
deposited onto a commercial cemented carbide (WC, 10 wt.% Co) cutting insert with
dimensions of 12.65 x 12.65 x 4.65 mm?3, a central hole with a diameter of 5.4 mm,
an edge opening angle of 76°, and an edge radius of ~10 pm, which was smoothened
prior to deposition (¢f. Suppl. Fig. S.A.1b). The cutting edge was mounted horizont-
ally on the substrate holder with the flank face of the substrates facing the cathodes
and moved in two-fold rotation at a cathode-to-substrate distance of ~100 mm (cf.
Suppl. Fig. S.A.1a). After deposition, a cross-sectional lamella with a thickness of
~40 pm was prepared and characterized at the ID13 beamline of the European Syn-
chrotron Radiation Facility using an X-ray beam with dimensions of 35 x 25 nm?
(cf. Fig. A.1) [13, 14]. After the alignment of the substrate-coating interface parallel
to the incident beam, a total number of 270,541 2D-diffractogramms were recorded
in a (y, z) field-of-view of 27.5 x 24.5 pm? with a step of 50 nm and analysed using
the pyFAI software package [15, 16]. The detector calibration was performed using
a NIST corundum powder [13].

After the synchrotron experiment, the cross-section of the edge was prepared by
focused ion beam (FIB) milling in a ZEISS LEO 1540XB CrossBeam, first using
the gas injection system to deposit a tungsten protection layer in order to inhibit
surface damage and using final polishing currents in the range from 500 to 20 pA.
Scanning electron microscopy (SEM) was performed in a ZEISS LEO1525 SEM at
an acceleration voltage of 3kV. X-ray spectroscopy analysis (EDS) was performed
in the SEM by a Bruker Quantax spectrometer at an accelerating voltage of 10 kV
and with a 60 pm aperture and quantified by built-in standards. Complementary
laboratory XRD residual stress analysis using the sin? ¢-method of the sample on the
flank and rake face, respectively, was performed using a Rigaku SmartLab 5-circle
X-ray diffractometer equipped with Cu-Ka radiation, a parabolic multilayer mirror
in the primary beam and a secondary graphite monochromator. Partial laboratory

pole figure measurements were performed using Schultz’s reflection method using «
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Figure A.1l.: Schematic representation of the synchrotron setup. The axes z, y and z
indicate the global coordinate system, 1 and 2 display the local orientation of
the principal stress tensor for each measurement point, where af represents
the rotation with respect to the global coordinate system. 6}, represents the
orientation of the azimuthal maximum corresponding to fibre axis of the 111
Debye-Scherrer ring. Additional azimuthal maxima of the 111 Debye-Scherrer
ring were found at an inclination of 70.5 ° from the fibre axis consistent with
(111) fibre texture.

and 3 ranges of 0-80 and 0-360 deg.
In Fig. A.2a, the FIB-prepared cross-section of the investigated cutting edge is

shown, which reveals the columnar TiN crystallites growing perpendicular to the
curved substrate surface on both flank and rake faces. Even the columnar TiN crys-
tallites that nucleated on the irregularities of the WC—Co rake face surface generated
by grinding (cf. Figs. A.2¢,d) grew perpendicularly to the local substrate surface in
the initial growth stages. This behaviour is associated with the ion-assisted com-
petitive growth of the columnar crystallites at biased substrates during CAE [17].
The growth rate and density of the coating strongly depends on the orientation of
the cutting edge faces with respect to the evaporation cathodes. The TiN coat-
ing on the flank face, orientated parallel to the cathode and thus perpendicular to
the incoming ion flux, grew densely to a thickness of 2pm, whereas at the rake
face, a thickness of ~800nm was reached, accompanied by the formation of nan-
opores (Figs. A.2a,c,d). The maximum coating thickness of ~2.5 pm was observed
at the cutting edge (Fig. A.2a), which can be associated with the highest particle
flux density of the non-homogeneous plasma sheath around the WC—-Co substrate
[5, 7]. The EDS analysis revealed homogeneous distributions of Ti and N elements

without lateral or cross-sectional gradients over the cutting edge, documented in



Suppl. Fig. S.A.2.
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Figure A.2.: FIB-prepared cross-section of the coated cutting edge prepared after the syn-
chrotron experiment (a). SAXS microscopy micrograph of the measured area
of the cutting edge (b). The regions of interest (dashed red rectangles) in
(a) are shown in (c) and (d) and display the growth perpendicular to the
substrate irregularities at the rake face and the arrows indicate the formation
of nanopores.

During CSnanoXRD, diffuse X-ray scattering at small diffraction angles around
the beam stop (Fig. A.1) typically originates from nanoscale electron density vari-
ations associated with alternation of phases, presence of grain boundaries, interfaces,

cracks, precipitates and pores [18]. In the present case, the scattered signal on the
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2D detector at the diffraction angles of ~0.1-1° (corresponding to the features with
sizes of ~55-5.5nm, respectively) was integrated radially and azimuthally in order
to obtain qualitative information on the occurrence of nanoscopic morphological fea-
tures in the irradiated sample volume. In the small-angle X-ray scattering (SAXS)
microscopy image shown in Fig. A.2b, the coating surface and coating/substrate
interface can be identified due to their higher scattering contrast. A constant (iso-
tropic) SAXS signal increase from the rake face region as well as localized increase
in the SAXS signal intensity along bent lines progressing from the rake face towards
the cathode position are observed in Fig. A.2b. A complementary analysis of full
width of half maxima (FWHM) of TiN 111 Debye-Scherrer (DS) ring (presented
in Suppl. Fig. S.A.3), however, did not reveal any remarkable variation in FWHM,
which could be correlated with the SAXS data. Therefore, the increase in the SAXS
intensity from the rake face in Fig. A.2b can be interpreted as an increase in the
density of nanopores caused by an underdense growth, to which the FWHM is not
sensitive and which were detected also by SEM (¢f. arrowed regions in Figs. A.2c and
d). The formation of the SAXS intensity lines (Fig. A.2b) might indicate the form-
ation of planar domains within the coating, which are separated by an interface-like
microstructural feature, expressed as an underdense layer in the coating, which ori-
ginates probably from the nonuniform deposition conditions and changing particle
incidence angle during rotation of the substrate during competitive coating growth.

The deposited coating possessed a pronounced (111) fibre texture, as indicated
by exemplary TiN 111 DS rings in Fig. A.1 and the data in Fig. A.3a showing the
orientation of the fibre texture axes with respect to the y-axis (¢f. Fig.A.1). On
the flank face and in the corresponding cutting edge area at z = 0 — 18 pm, the
(111) fibre texture axes are oriented approximately perpendicular to the substrate
surface. However, at the rake face (y = 0 — 17.5um) and at the cutting edge area
(y =20pm) (Fig. A.3a), (111) fibre texture are tilted slightly towards the direction
of the incoming ions, respectively. These effects can be explained by changes in
the initial trajectory of the ions during growth, which is horizontal (parallel to the
rake face/deposition flux) and which are diverted from this path by the bias voltage
applied to the substrate [19]. The change in the orientation of the {111} planes is
consistent with the data received from the SAXS micrograph presented in Fig. A.2b
and indicates a rather abrupt lateral change in the coating growth mode along the
edge with increasing coating thickness.

The residual stress distribution across the cutting edge was evaluated from the
directional distortion of the TiN 111 and 200 DS rings, which is caused by the elastic

strain present in the coating. For each measurement position (y, z), the ellipticity
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Figure A.3.: 2D contour plot of the orientation d%;0f the (111) fibre texture (a) and the
transformation angle o of the principal stress tensor (b).

of the DS rings can be expressed as a result of two normal stress components oyy
and ozz and shear stress component stress oyyz defined in the zyz sample coordinate
system (Fig. A.1). Therefore, the azimuthal angle § dependencies of Bragg’s angles
0311 and 03°° were used to evaluate lattice parameters d}''and d2%° using Bragg’s
law. Then, the unknown stress components (oyy, 07z, 0yz) at each particular meas-
urements position (y, z) were determined by solving an overdetermined system of

linear equations based on XRD Hooke’s law [20], applying the experimental lattice
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parameter values dénand dgoo , the X-ray elastic constants S = —0.0601 x 107°,
$531 = 0.2851 x 1075, S7%0 = —0.0452 x 1075 and £53% = 0.2404 x 1075 MPa~!
[21, 22] as well as the unstrained lattice parameter a = 0.42372 +0.00025 nm, which
is slightly below the tabulated lattice parameter of 0.42417nm [23]. The lattice
parameter was derived from the diffraction data by considering the condition of
the zero out-of-plane stress component at the surface of the flank face, whereas the
uncertainty was determined from the standard deviation of the fitted 9(%11.

The evaluated (oyy, 07z, 0yz) stress distributions are presented in Suppl. Fig. S.A .4
and indicate gradual stress magnitude changes in the sample coordinate system. For
each (y, z) position, (oyy,ozz,0yz) stress values were used to calculate the orienta-

tion of the principal stress components (o1, 02) (Fig. A.1) as well as their orientation

by using
2
tan2af = _ AoY7Z
oyy — 0z7
and
2
oyy + 0zz oyy — 077
o= 2orom (o —om a

where oF is the transformation angle, indicating the orientation of the stress com-
ponent oy (cf. Fig. A.1). The o distribution presented in Fig. A.3b indicates that
the orientations of the principal stress components o1 and o2 (Eq. A.1) correlate with
the substrate surface out-of-plane and in-plane directions, respectively. Moreover,
the o distributions in Fig. A.3b together with the data from Fig. A.3a orientation of
the principal stress tensors document that the (111) fibre texture axes orientations
and the correlate locally.

The evaluated (o1, 02) data indicate that the out-of-plane stress oy values, lying in
the range of ~ (—250,4-250) MPa, are negligible up to ~10% of o2 , and the principal
stresses oo represent dominant residual stress components within the coating in the
range of ~ (0,—2.5) GPa (c¢f. Suppl. Fig.S.A.5). However, the absolute values of
the principal stresses presented in Suppl. Fig. S.A.5 depend on the actual unstressed
lattice parameter at the measurement positions. To compensate this effect of the
non-zero out-of-plane principal stress o1, the deviatoric contribution of the principal
stress tensor (o2 — 01), equivalent to the in-plane biaxial residual stress, was eval-
uated and is presented in Fig. A.4. At the flank face, the data document a gradual

increase in compressive stresses from ~—1.2 to ~—2.5 GPa, which can be interpreted



by a gradual microstructure evolution during competitive coating growth [24, 25].
Directly within the cutting edge area, the in-plane stresses close to the substrate
surface are practically negligible and increase towards the surface up to —3 GPa.
Consistent with the position of the SAXS lines in Fig. A.2b, a stress increase can
be observed approximately at half of the coating thickness within the cutting edge
region. At the rake face, the in-plane stresses are compressive up to ~—3 GPa, no
pronounced stress gradients can be observed and the stress values scatter (Fig. A.4),
probably as a result of the nanoporous microstructure, as indicated by the SAXS
data in Fig. A.2b.

The observed (in-plane) deviatoric stresses (o2 — o1) in Fig. A.4 can be inter-
preted as a result of growth stress development during multiple nucleation events
and unique coating microstructure growth evolution [26] as well as thermal stress
developed during cooling from deposition to room temperature. The thermal stress
component [27] was determined as ~1000 MPa, considering thermal expansion coef-
ficients of cemented carbide (4.5 x 1079 K~! [28]) and TiN (9.5 x 1076 K~ [29])
and elastic constants from [22]. Therefore, the observed predominantly compressive
overall stress in Fig. A.4 indicates that the compressive growth stress developed to
a much higher extent than the tensile thermal stress component due to the highly
energetic growth conditions during CAE. Furthermore, the compressive stress at
the cutting edge evidently decreases towards the coating/substrate interface and in-
creases towards its surface, which is in contrast to the stress distribution at the rake
face (Fig.A.4). This is in agreement with the numerical results from [12, 30]. All
previously published numerical and experimental residual stress data from cutting
edges [9, 12, 30] have, however, not considered the complex microstructure evolu-
tion during competitive coating growth resulting in intrinsic growth stress gradients,
which were evidenced in this study. The present results document that the complex
cutting edge geometry and the predominantly horizontal particle flux result in the
formation of a graded microstructure with pronounced lateral and cross-sectional
stress gradients and varying density of nanoscopic features reflected by the SAXS
signal. The residual stress discontinuity in the vicinity of the cutting edge, at the
SAXS line position, might be interpreted by multiple coating re-nucleation during
coating growth, which is also supported by the rather constant column width over
the coating thickness (c¢f. Fig. A.2a). The nearly negligible stress magnitude at the
substrate/coating interface directly at the edge (Fig. A.4) can also be a consequence
of a locally enhanced deposition temperature as suggested by [5, 7], together with
a strong gradient of residual stress towards the surface, which both could be a

consequence of the increased ion flux, as discussed above. Anyway, the gradual
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Figure A.4.: 2D contour plot of the maximum deviatoric stress component (o2 — o1).

compressive stress increase with coating thickness at the cutting edge together with
the observed stress discontinuity and the spatial variation of residual stresses at the
rake face may represent a reliability issue during operation.

In order to verify the results from CSnanoXRD, laboratory XRD measurements
were performed on the TiN 111 and 200 reflections. The pole figures are presented
in Supp. Fig. S.A.6¢,d and further confirm (111) fibre texture, consistent with the
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corresponding synchrotron data (Suppl. Fig. S.A.6a,b). The reflection shift revealed
average compressive biaxial in-plane stress of —1.7 4 0.2 and —2.5 + 0.4 GPa on the
flank and rake faces, respectively, which is in good agreement with the data shown
in Fig. A.4.

In summary, the unique CSnanoXRD approach revealed a correlation between
nanoscale lateral and cross-sectional gradients of microstructure and predominantly
compressive residual stresses across the cutting-edge area of TiN coating, in detail, a
varying density of nanoscopic features identified by the SAXS microscopy (Fig. A.2b)
and possible multiple nucleation regions with stress discontinuities (Figs. A.3a, A.4),
whose origin should be further investigated. These unique results allow for further

coating optimization to prolong lifetime of coated cutting tools.
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Supplementary material

b)

(a

Suppl. Figure A.1. The sample during various stages of preparation. (a) As-
sembly of the uncoated cutting insert on the substrate holder (the red arrows indic-
ate the direction of the particle flux), (b) the cutting insert after deposition of TiN
(the dashed lines indicate the part to be cut for the synchrotron experiment), and
(c) the cutting insert prepared for the synchrotron experiment (the arrow indicates
the orientation of the upper face, cross-marked in (b)).
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Suppl. Figure A.2. Qualitative elemental distribution of Ti (a) and N (b) around
the cutting edge. Measurement positions for quantitative analysis (c¢) and quant-
itative analysis of Ti and N around the edge (d). Please note, that the elemental
fluctuation detected in (d) is below the average standard deviation of 3.4 and 2.9%

for N and Ti for the EDS measurement, respectively.
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Suppl. Figure A.3. Average full width at half maximum distribution along the
investigated field of view.
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Suppl. Figure A.4. 2D contour plot of the stresses in global y-z-coordinates. (a)
the normal stress oyy in y-direction, (b) the shear stress oyz and (c) the normal
stress oyy in z-direction.
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Suppl. Figure A.5. 2D contour plot of the maximum principal stress o; (a) and
the minimum principal stress oy (b).

A-16



(a) pldeg] (b) plgeg]

180 180

) o (d)
80 . 80
70 - TiN 111 70 -
60 | 60 -
50 - 50
40 40
30 30
20 20

?’)107 610,

8, 0270 90 8 0270
510 510
20 20|
30 30
40 40
50 50
60 60
70 70
80 80

intensity [a.u.]

T T T T I|
03 03 0.4 0.5 0.5 0.6 0.7

0.8 0.8 0.9 1.0
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flank face, indicate the (111) fibre-texture of the film.
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Abstract

In order to interpret the mechanical response of thin films subjected to scratch
tests, it is necessary to elucidate local stress distributions and microstructural changes
accompanying deformation across the scratch track area. Here, 50 nm synchrotron
cross-sectional X-ray nanodiffraction and electron microscopy are used to character-
ize nanoscale multiaxial residual stress gradients and irreversible microstructural-
morphological changes across a brittle-ductile film consisting of 1.2 and 2 pm thick
CrN and Cr sublayers. The experimental results reveal a complex alternation of the

original columnar grain microstructure and a formation of pronounced lateral and
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depth stress gradients, which are complemented by a finite element model. After
scratching, steep gradients of in-plane, out-of-plane and shear stress distributions
were revealed, ranging from —6 to 1.5 and —1.5 to 1.5 GPa in CrN and Cr, respect-
ively, which are furthermore correlated with microstructural changes and residual
curvatures. The scratch test results in intergranular grain sliding and the formation
of nanoscopic intragranular defects within CrN, while Cr sublayer’s thickness reduc-
tion and pile-up formation are accompanied by a bending of columnar crystallites
and localized plastic deformation. In summary, the quantitative stress data elucidate
the stabilizing role of the Cr sublayer, which suppresses the bilayer’s catastrophic

fracture during scratch tests.

B.1. Introduction

Scratch testing was developed to investigate the adhesion behaviour of hard ceramic
thin films on various types of substrates and is nowadays widely used in research
and technology [1, 2]. Subsequent works indicated that a great variety of intrinsic
(sample) and extrinsic (method-related) parameters, such as film and substrate
mechanical properties, surface roughness, indenter radius (typically 200 um), ap-
plied loads (up to 100N) and scratching velocity can critically alter the observed
scratch behaviour, shifting the failure mode from a film-substrate interface adhesion-
dependent regime to a mode where deformation/cohesive strength of the film itself is
decisive [3, 4]. Bull et al. distinguished between adhesion and deformation/cohesive
strength-related film failures using scanning electron microscopy (SEM) analysis and
established classification rules for these two types of regimes [5, 6]. Especially in the
case of well-adhering films, rather the cohesive strength of the film and its ability to
deform plastically is of higher relevance for its resistance against scratching [4, 7, 8.
Further miniaturization of instruments led to the development of the nanoscratch
test, where applied loads are in the range of 1-500 mN, using indenter tip radii of
1-20 nm, yielding the possibility to test films by scratching without interference from
the substrate [7, 9-11] or even to quantify adhesion [12]. Similar to nanoindentation
with a spherical indenter, also in the case of scratch testing, bending of the hard
nanoceramic thin film into the plastically deformable substrate may, however, pre-
determine the indenter’s imprinting and/or sliding behaviour [13-16]. In terms of
scratch testing, the nanoscratch method has become an important tool for the char-
acterization of nanoscale wear and friction behaviour during single asperity contact
[7].

For thin films, special interest was devoted to the experimental scratch analysis



B.1. Introduction

of brittle-ductile multilayers. Fontalvo et al. [14] analysed the crack behaviour of
CrN-Cr bilayered thin films with an overall thickness of 3 um, where the incremental
increase of ductile Cr interlayers thickness led to a reduction of wear by an order of
magnitude, despite the fact that the remaining thickness of the hard CrN toplayer
was decremented accordingly. As indicated also by an ex-situ analysis of indentation
data from the brittle-ductile CrN-Cr model system in Refs. [17, 18], the introduction
of thin Cr interlayers has a significant influence on the crack propagation behaviour
and on the overall mechanical stability of CrN-Cr multilayers. Ductile Cr interlayers
and CrN-Cr interfaces operate as crack blunting and deflection barriers, increase the
multilayer’s resistance against catastrophic fragmentation and serve as a stabilizing
component, preventing also rupture and delamination of the film from the substrate
[16, 18-20].

Significant attention has been devoted to the analysis of stress-strain distributions
across scratched materials, both experimentally and using theoretical approaches at
different length scales. Recent studies of Brinckmann et al. on coarse-grained bulk
austenitic steel revealed that the complex multi-axial stress distribution introduced
during scratching results in the activation of multiple slip systems within the near-
surface crystallites, depending on their crystallographic orientation [21, 22]. Pion-
eering experimental work on the evaluation of stress distributions across scratched
surfaces has been reported by Khan et al. [23], who investigated scratches in Al al-
loys by synchrotron X-ray microdiffraction with a spatial resolution of ~50 pm, after
scratching using two different types of tools. Consequently, two different types of
residual stress distributions were induced, as a result of “ploughing” and “cutting”
modes, where the former is more similar to scratching and resulted in residual stress
concentrations of ~80% higher compared to the latter [23]. Currently, however, the
state-of-the-art experimental studies [24] on the scratch behaviour of nanocrystalline
thin films suffer from poor spatial resolution, which does not allow for the determin-
ation of complex multiaxial stress-strain concentrations at the sub-micrometre scale.

Finite element modelling (FEM) has been the primary approach of assessing local
stress and strain distributions during and after scratch tests on thin films [25-27].
Holmberg et al. [26] analysed stress distributions within a TiN film on high-speed-
steel (HSS) during scratching with a conventional Rockwell indenter under a load of
20 N using displacement-controlled FEM. They reported principal stress magnitudes
up to 3 GPa besides the scratch path and up to —1.75 GPa directly under the indenter
tip. The main drawback of state-of-the-art FEM studies is, however, the missing
possibility to experimentally verify the modelled stress-strain distributions at the

nanoscale.
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Since 2012, cross-sectional X-ray nanodiffraction (CSnanoXRD) has been continu-
ously developed and proven to be successful in determining cross-sectional phase,
microstructure and stress-strain gradients with a spatial resolution down to < 30 nm
[28]. Furthermore, CSnanoXRD is not only capable to resolve the aforementioned
gradients, cf. for example [29-32], but ex-situ and in-situ studies on thin films sub-
jected to nanoindentation [17, 33, 34] revealed great potential for the quantification
of nanoscale multiaxial stress-strain distributions.

In this work, two dimensional (2D) residual stress distributions and microstruc-
tural changes are experimentally characterized at cross-sections of a bilayered brittle-
ductile nanocrystalline CrN-Cr film on steel substrate by CSnanoXRD and electron
microscopy techniques. The observed correlations between the nanoscale multiaxial
stress distributions and the microstructural changes at scratch track cross-sections
allow for elucidating elasto-plastic deformation mechanisms separately for the brittle
and the ductile columnar-grained sublayers, which are further complemented by

FEM numerical simulation.

B.2. Experimental

B.2.1. CrN/Cr thin film synthesis

For this study, a bilayer film consisting ofa 1.2 pm thick CrN toplayer and a 2pum
thick Cr sublayer was deposited on an electrolytically polished planar HSS plate with
lateral dimensions of 20 x 20 mm and a thickness of 2mm. The film was deposited
in a static mode by unbalanced reactive direct current magnetron sputtering using
a powder-metallurgically produced Cr target at 350 °C and a total pressure of 1 Pa.
Prior to the deposition process, the chamber was evacuated to 10~% Pa, the substrate
was then heated to 350°C and Ar plasma etched for 10 min. At first, the Cr sublayer
was deposited in a pure Ar atmosphere and an applied substrate bias voltage of
—40V, whereas the CrN toplayer was grown in an Ar+Ns atmosphere at a Na
partial pressure of 0.25 Pa and a substrate bias voltage of —80V.

B.2.2. Scratch testing

Scratch tracks investigated in this work were produced at constant loads in order to
generate relatively homogenous stress fields along the tracks. Therefore, a set of five
scratch tests was performed on the surface of the planar CrN/Cr/HSS sample in a
Fischer-Cripps Laboratories UMIS nanoindenter equipped with a sphero-conical dia-

mond indenter with a tip radius of 5 pm using constant indenter loads of 100-500 mN,
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in steps of 100 mN and mutual distance of ~2mm. The length of the scratches was
set to 1 mm, while the indenter tip progressed with 100 pm/s. Surface morpholo-
gies of the scratches were then evaluated using SEM. Afterwards, the two scratches
produced using indenter loads of and further denoted as 200 mN scratch track and
400mN scratch track, which showed either no significant cracking or multiple crack-
ing of the top CrN toplayer, respectively, were selected for further CSnanoXRD

analysis.

B.2.3. Sample preparation

The scratched CrN/Cr/HSS sample was cut perpendicularly to the scratch tracks
and then polished to a thickness of ~20 pm mechanically and using a focused ion
beam (FIB) workstation in order to produce a cross-sectional synchrotron lamella
(Fig.B.1). According to Stefenelli et al. [35], changes in the residual stresses due
to preparation can be neglected, when maintaining a lamella thickness at least 5
times larger than the film thickness. FIB machining was performed in a ZEISS LEO
1540 CrossBeam Workstation using GaTions with a current of 100 pA. After the
CSnanoXRD experiment, a ~500 nm thick tungsten protection layer was deposited
onto the surface of the two scratch tracks (200 and 400 mN) using the gas injec-
tion system of the FIB workstation to protect the scratch track surface from the
Gation-damage. Afterwards the cross-sections were polished applying decreasing
ion currents of 50 and 20 pA in order to reveal cross-sectional morphological features
such as cracks, grain reorientation and plastic deformation within the two scratch
track areas. Additionally, a FEI Helios NanoLab 660 FIB microscope was used for
fabrication of electron-transparent specimens of the scratch track areas. Positions
for lift-outs of lamellae were carefully chosen in order to contain the scratch imprints.
In order to prepare the lamellae, the FIB was operated at stepwise reduced acceler-
ating voltages from 30 to 2kV and currents from 20nA to 50 pA, respectively. The
bright field (BF) scanning transmission electron microscope (STEM) micrographs
were taken using a JEOL 2200F'S operated at an accelerating voltage of 200 kV using
a spot size of approx. 0.7nm. Transmission Kikuchi Diffraction (TKD) was per-
formed in the SEM on a Bruker QUANTAX EBSD analysis system suited for TKD

on TEM samples using an accelerating voltage of 30kV.

B.2.4. CSnanoXRD analysis

CSnanoXRD experiments were performed at the ID13 beamline of The European

Synchrotron (ESRF) in Grenoble, France [28]. A pair of multi-layer Laue lenses
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(MLLs) [36] working with vertical and horizontal focal sizes of 50 and 35nm (along
z and y directions in Fig.B.1) and a focal depth of ~20 pm were used to focus the
X-ray beam with a photon energy of 12.7keV [28]. Prior to the CSnanoXRD exper-
iment, the interface between the CrN toplayer and Cr sublayer was aligned parallel
to the incident X-ray beam direction at two cross-sectional sample y positions (cor-
responding to the respective 200 and 400 mN scratch track areas) by performing a
set of vertical absorption line-scans along the z axis at various sample ¢ orientations
(Fig. B.1) using a passivated, implanted, planar silicon diode detector to measure
transmitted X-ray intensities [17, 28]. The two optimal sample orientationswere
determined by maximizing the absorption contrast between the CrN toplayer and
the Cr-sublayer. Subsequently, 2D absorption scans (presented in Suppl. Fig.S.B.1)
were performed to locate the scratch track areas and to determine the centres of the
CSnanoXRD mesh scans.

Figure B.1.: A schematic description of the CSnanoXRD experiment. A thin lamella with
dimensions of ~0.02 x 5 x 2mm?® was scanned in an X-ray beam with dimen-
sions of ~50 x 35nm? along y and z axes using steps of 50nm. 32,421 and
26,361 2D diffraction patterns were recorded on an Eiger X 4 M CCD detector
from (16 x 5) and (13 x 5) pm? large scratch tracks’ cross-sections, prepared
at loads of 200 and 400 mN, respectively.

The two mesh scan areas of (16 x 5) pm? and (13 x 5) pm? at the positions of the
200 and 400 mN scratches, respectively, were scanned by moving the sample step-
wise along the y and z axis direction using 50 nm steps. The 2D diffraction signal
was recorded by a Dectris Eiger X 4 M detector at each measurement position
using an acquisition time of 50ms. Altogether, 32,421 and 26,361 2D diffraction

B-6
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patterns were recorded at the two respective scratch track areas. Additionally, line
scans with a resolution of 20nm were performed at presumed points of interest
throughout the sample andwere used for detailed texture analysis. The exact de-
tector geometry with respect to the sample was calibrated using a NIST corundum
powder. The sample-to-detector distance was evaluated as 129.81 mm. Evaluation
of 2D diffraction patterns containing CrN 111 and 200 or CrN 110 Debye-Scherrer
(DS) rings (Fig. B.1) was performed using the pyFAI software package [37, 38]. The
unstressed lattice constant of ang = 0.416691 nm was determined from CrN 111
and 200 DS rings collected at the surface of an undeformed CrN film region, consid-
ering the stress-free out-of-plane film orientation [39]. For the evaluation of strain
from Cr 110 DS rings, a lattice constant of agr = 0.28839nm was adopted from
literature [40], because no stress-free orientation could be determined due to the
absence of a free Cr sublayer surface. The evaluation of in-plane o853 (z,y), out-of-
plane o83 (z,y) and shear o83 (z,y) stress distributions in both phases (m) was per-
formed using the approach from Ref. [17] (¢f. also Supplementary Material). X-ray
elastic constants Sin’hkl and %S;n’hkl of SlcrN’Hl =9.23 x 107*GPa™1, %SSTN’IH =
44461073 GPa~!, ST = 2.99x 1074 GPa~! , 155™%%0 — 25751073 GPa™!
, S0 = 749 % 1074 GPa ! and 155710 = 4.441 x 1073 GPa~! for CrN and Cr

hkl reflections were adopted from literature [41, 42].

B.2.5. Simulation

A three-dimensional (3D) FE model was set up by applying the finite element soft-
ware package Abaqus [43], in order to model and interpret the localized deformation
phenomena, which led to the experimentally observed multiaxial stress distributions
within a 1 pm thick CrN toplayer followed by the 2 pm thick Cr interlayer and 17 pm
of HSS substrate. The width, height and length of the model region were set to 30,
20 and 76 pm, respectively. A half-symmetry condition was applied at the boundary
plane containing the scratch path and the normal displacement, as well as the dis-
placements at all other boundary planes except the sample surface were restricted
during modelling of the scratch test. In a subsequent relaxation step represent-
ing the state during stress measurement, only the rigid body modes of the sample
were restricted and the symmetry assumption remained. The interaction between
indenter and specimen was defined by means of a penalty-contact with finite sliding
formulation and a Coulomb friction coefficient of 0.2. A total number of 92,075 3D
hexaeder elements with linear shape functions (C3D8) were used to discretise the

sample. The element size was varied from ~100 nm in the contact region to ~4 pm in



B. Nanoscale stress and microstructure distributions at scratch track ...

outer regions. The indenter tip was modelled by 3470 discrete rigid body elements
as a quarter sphere with a radius of 5pm. Isotropic elasto-plastic behaviour was
defined for all materials within the simulation. The Young’s modulus of CrN was
assumed as 490 GPa and the Poisson’s ration as 0.21. The flow stress was set to
increase piecewise linearly from initially 10 to 20 GPa at 1% and to 25 GPa at 5%
plastic strain, initial yield was taken from [44]. For Cr, the Young’s modulus was as-
sumed as 300 GPa and the Poisson’s ration as 0.3. The yield limit of Cr was assumed
to be 2 GPa with multi-linear hardening to 5 GPa and 5.5 GPa at 10% and 100%
plastic deformation, respectively [40, 45]. The Young’s modulus for HSS was defined
as 210 GPa, with an initial flow stress of 2.5 GPa and a flow stress of 3.5 GPa at 5%
plastic strain. The Poisson’s ration was set to 0.3. The high hydrostatic compression
under the indenter tip allowed severe plastic deformation of the involved materials
before damage initiation. Therefore, the flow curves are defined up to high plastic
strains. An initially equibiaxial residual stress state was defined in the simulation,
according to the evaluation of the CSnanoXRD experiment, with —3 GPa for CrN
and — 1 GPa for Cr. Variations of the film thickness and an interface peak of resid-
ual stress in CrN were neglected in the simulation (experimental data are shown in
Suppl. Fig.S.B.2). The simulation consisted of 5 consecutive steps: (i) application
of residual stress according to the evaluation of the CSnanoXRD experiment, (ii)
application of the indenting/scratching force, (iii) 10 um of sliding, (iv) withdrawal
of the indenter and (v) relaxation due to cutting of the sample lamella. In the case
of the 400 mN scratch, the crack formation during scratching was considered, for the
sake of simplicity, as a pre-existing single crack with a length and a width of 1 and
15 pm in z and x directions, respectively, located 3 pm from the centre of the scratch
path (for details ¢f. Suppl. Fig.S.B.3). It should be noted, that the length of the
crack is similar to the thickness of the CrN toplayer.

B.3. Results and Discussion

B.3.1. Cross-sctional scratch track area morphologies

A detailed SEM analysis of the scratch cross-sections is presented in Figs. B.2 and
B.5a,c. In general, the CrN-Cr bilayer possessed a typical columnar grain micro-
structure with V-shaped grains in both sublayers (Figs. B.3a-c, B.5a), and due to
heteroepitaxial growth of CrN on Cr, a nucleation layer within the CrN toplayer
was not formed (cf. Figs. B.3a-c, B.5¢), in good agreement with literature [19, 40].

In the groove of the 200 mN scratch track (Figs. B.2a, B.5a), a slight compression
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Figure B.2.: SEM micrographs collected at an angle of 45 deg. with respect to the surface
of the scratched CrN-Cr bilayer film on a HSS substrate. The scratch prepared
using a load of 200mN (a) left a residual imprint approx. 3pm wide and
300nm deep. The scratch prepared with a load of 400 mN (b) left a residual
imprint approx. 5 pm wide and 800 nm deep, as measured from the top of the
pile-up at the edge to the imprint centre.

of the Cr sublayer in the central area and very small symmetrical pile ups are visible,
as indicated by the horizontal dotted line in Fig. B.5a, whereas the thickness of the
CrN toplayer appears to remain unchanged. Additionally, under the residual im-
print region, there are no surface debris or cross-sectional cracks visible (Fig. B.2a).
Furthermore, Fig. B.ba indicates additionally a change in the columnar grain mi-
crostructure, namely a bending and/or rotation of the columnar grains within both
sublayers. The bending/bulging of Cr grains is observed also within complementary
BF-STEM and TDK micrographs in Figs. B.3a and B.4a, respectively.

Additionally, it should be noted that the number of grains within the investigated
volume was too small to identify texture qualitatively, which will be discussed later
in Sec. B.3.4. In agreement with Ref. [14], pile-up formation and bulging is restricted
to the Cr sublayer, whereas in the CrN layer only grain rotation takes place. An
entirely different picture would be seen in a single-crystalline brittle material, like
SiC, which has no ability of grain rotation or (bulk) plastic deformation, resulting
in stress relaxation due to cracking outside the highly deformed zone, as reported
in Ref. [46]. Here, the TEM analysis also revealed microscopic intergranular cracks
starting from the film surface (Fig.B.3b) and from the CrN-Cr interface (Fig. B.3c)
at the edge and in the centre ofthe scratch track, respectively. However, the cracks
stop within the CrN toplayer (Fig.B.3b,c). The associated relaxation of tensile
stress will further be discussed in detail in Sec.B.3.5. The groove of the 400 mN
scratch track shows an imprint depth of ~800 nm measured from the edge of the

pile-up to the centre of the groove (Figs. B.2b,B.5¢). The presence of microscopic
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Figure B.3.: BF STEM micrograph of the 200 mN scratch cross-section (a). The dashed re-
gions marked in (a) are magnified in (b) and (c) and show cracks propagating
along the columnar grain boundaries from the surface and from the CrN-Cr
interface into the brittle CrN toplayer, respectively. STEM micrograph of the
400 mN scratch cross-section (d). The dashed region marked in (d) is mag-
nified in (e) and shows the presence of a cross-sectional intergranular crack
within the CrN toplayer, which stops at the CrN-Cr interface. The arrows
in (d) indicate the positions of glide planes passing through columnar ductile
Cr crystallites, as visible also in Fig. B.4b.

surface debris on the imprint surface in Fig. B.2b indicates a fragmentation of the
CrN toplayer and material chipping, which is confirmed also by the cross-sectional
intergranular cracks in Fig. B.5c. Additionally, (i) the thickness of the Cr sublayer in
the centre of the residual imprint is reduced from 2 to ~1.7 pm, whereas the thickness
of CrN toplayer remains again unchanged (Figs. B.2b, B.4, B.5¢), (ii) pile-ups are
formed in the Cr layer at the edges of the scratch groove (Figs. B.2b,B.5¢) and (iii) a

rotation and/or a bending of the columnar grains in both materials can be observed
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in Figs. B.3d, B.4b and B.5¢, in agreement with the results from Refs. [15, 16, 18].

Ft
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Figure B.4.: TKD maps acquired from the respective TEM lamellae with the 200 mN (a)
and 400mN (b) scratches show orientations of columnar CrN and Cr crys-
tallites with respect to the out-of-plane [001] film orientation. The arrows in
(b) indicate scratch-induced changes in the crystallites’ orientation caused by
plastic deformation of the ductile Cr. The respective glide planes are visible
also in Fig. B.3d.

Moreover, BF-STEM and TKD micrographs shown in Figs. B.3d,e and B.4b con-
firm transgranular gliding of the columnar Cr grains approximately 250 nm beneath
the CrN-Cr interface. This gliding is associated with the shearing ofthe columnar
grains and the formation of a so-called dislocation trace line, which was also found
in Cu during sliding contact at cryogenic temperatures [47-49]. Also, the bulging of

Cr grains is more pronounced compared to those within the 200 mN scratch track
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(Fig.B.3a). A pronounced bulging of the columnar grains is also found in CrN, as
can be seen in Figs. B.3e and B.4b, which differs from the 200 mN scratch case, where
only grain rotation was found in the CrN toplayer (Figs. B.3a and B.4a). Remark-
ably, the intergranular cracks formed during the scratch process penetrated through
the entire CrN toplayer and stopped at the CrN-Cr interface (¢f. Fig.B.3d,e), in
agreement with Ref. [18]. The cross-sectional intergranular crack formation in the
brittle CrN toplayer is a consequence of the larger curvature caused by the deeper
imprint (c¢f. Fig.B.2) resulting in grain boundary sliding (Fig. B.3e). The latter is
promoted by the relatively small cohesive energy of the grain boundaries in nano-
ceramic CrN, as discussed elsewhere [45].

In general, it was observed that columnar grains of the CrN toplayer were oriented
normal to the surface of the sliding indenter (towards it) after the scratch test (cf.
Fig. B.5). Contrary to this, the columnar grains of a monolithic TiN film from Ref.
[34] indented with a sharp tip were reoriented parallel to the imprinting indenter
facets (away from the imprint surface). While the former is attributed to plastic
deformation of the underlying Cr sublayer, which allowed the CrN toplayer to adjust
to the sliding indenter, the latter is interpreted mainly by a cleavage-like separation

of the grains during the penetration of the layer by the indenter.

B.3.2. Small-angle X-ray scattering microscopy

Generally, diffuse X-ray scattering at relatively small diffraction angles (around the
beam stop in Fig.B.1) can be attributed to electron density variation originating
from the presence of nanoscopic structural heterogeneities within the X-ray gauge
volume. These may include nanoscale alternation of phases, presence of grain bound-
aries, interfaces, cracks, roughness of surfaces and interfaces, precipitates and pores
with sizes of ~ A/f, where A represents the X-ray wavelength and 6 is the Bragg
angle [30, 50]. In the present case, the scattered signal on the 2D detector at the
diffraction angles of ~0.1 to ~1deg. in Fig.B.1 was integrated radially and azi-
muthally in order to obtain a qualitative information on the occurrence of micro-
and nanoscopic morphological and microstructural features within the X-ray beam
gauge volume of (x x y x z) = (20,000 x 35 x 50) nm?®. Fig.B.6 shows small-angle
X-ray scattering microscopy (SAXSM) micrographs compiled from the CSnanoXRD
data collected from the two scratch cross-sections (Fig. B.2).

In the SAXSM micrograph from the 200 mN scratch track (Fig. B.6a), the surface
and the film-substrate interface can be clearly resolved due to their higher scatter-

ing contrast (Fig. B.6a). Furthermore, the difference in the electron density between
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CrN and Cr and probably also in a higher concentration of structural defects within
brittle nanoceramic CrN makes it possible to resolve the two sublayers. The latter
is supported by findings from Ref. [40], as well as the as-deposited in-plane stress
magnitudes 053 (y, z) presented in Suppl. Fig. S.B.2 and discussed later in Sec. B.3.5.
A U-like distribution of significantly scattering intensity is however observed sym-
metrically within the near-surface CrN toplayer mainly (i) at distances of ~500 nm
to ~3 pm from the imprint centre and (ii) close to the CrN-Cr interface in the imprint
centre with a symmetrical lateral extent of ~3 pm (Fig. B.6a). The increased SAXS
intensity indicates an increased presence of micro- and nanoscopic morphological-
microstructural changes or defects within the toplayer, which correlate well with
particular o55(y, z) concentrations discussed in detail in Sec. B.3.5. At this stage, it
can be supposed that the increased SAXS intensity is caused by a mutual sliding of
V-shaped grains and formation of nanoscopic intergranular cracks like in Fig. B.3a-c.

In the SAXSM micrograph from the 400 mN scratch track (Fig.B.6b), both sub-
layers, the surface and the substrate can be again clearly distinguished. Within the
scratch track area, a significant rise in the SAXS intensity from the CrN toplayer
indicates again higher densities of through-thickness intergranular cracks (cf. also
Figs. B.3d,e) and of nanoscopic intragranular defects formed as a result of CrN to-
player fragmentation (cf. Fig.B.5c), as indirectly confirmed by the texture data in
Fig. B.5d, in agreement with the results from Wiecinsky et al. [16, 18].

A comparison of the two SAXSM micrographs in Fig. B.6 indicates also different
degrees of the compression and pile-up formation of the particular Cr sublayers,
both more pronounced in the 400 mN sample (Fig.B.6b). Remarkably, SAXSM
micrographs documents that the thickness of the CrN toplayers remains practically
unchanged, irrespective of the applied load magnitude. Furthermore, it should be
noted, that the plastic deformation of the Cr sublayers (¢f. Figs.B.3, B.4, B.5)
did not obviously lead to changes in SAXS intensities in Fig. B.6, since deformation-
induced dislocation movement does not affect the electron density in the investigated

volume significantly.

B.3.3. 2D FWHM Analysis

2D diffraction patterns collected in the CSnanoXRD experiments were integrated
cake-like using azimuthal integration range of A§ = 10deg. over the whole DS rings’
azimuthal range of § = 0-360deg. in order to obtain 36 (6, 0;,y, z) dependencies.
Afterwards CrN 111 and Cr 110 reflections were fitted using Gauss function and

36 FWHM(4;, y, z) were evaluated for every measurement position (y, z) as well as
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detector azimuthal position ¢; and then arithmetically averaged as FWHM(y, z) =
3 S236 FWHM(6;, 3, 2). Generally, the FWHM evaluated from DS rings is sensitive
to the size of coherently diffracting domains, as well as to the presence of structural
defects like dislocations, vacancies and other types of micro- and nanoscopic crystal
lattice distortions, which can be denoted asmicrostrains of 2"4 and 34 order. Thus,
by comparing the FWHM distributions from regions affected by scratch tests with
regions of intrinsic defect density (formed during the deposition process, cf. Refs.
[40, 51]), qualitative conclusions can be drawn on changes in size of coherently
diffracting domains and /or microstrains as a result of the scratch process. In contrast
to the SAXSM results from Fig. B.6, FWHM data reflect only scratching-induced
structural changes within the crystallites and are therefore insensitive to the presence
of intergranular cracks and pores in the X-ray gauge volume.

Figs. B.7 shows respective FWHM(y, z) of CrN 111 and Cr 110 reflections eval-
uated from the CSnanoXRD data. For the 200 mN scratch track, a relatively ho-
mogenous FWHM increase can be observed in CrN toplayer within in the imprint
centre with a symmetrical lateral extent of ~2um. In the Cr sublayer, the FWHM
increase is localized at distances of ~4 pm from the imprint centre. For the 400 mN
scratch track, a significantly larger and homogenous increase in FWHM can be again
observed within the CrN toplayer, whereas partially localized FWHM increase in Cr
interlayer was detected at the positions of ~5pm from the imprint centre as well as
Cr-CrN interface.

The cross-sectional and lateral occurrence of the increased FWHM values in CrN
and Cr sublayers (Fig. B.7) correlate well with the changes of out-of-plane residual
stress concentrations o33(y, z) from Figs. B.8b and B.9b. In the CrN toplayers, the
FWHM increase correlates with the build up a high compressive stresses o$3™ (y, 2),
up to —2 GPa in the 400 mN scratch track (Figs. B.7b and B.9b). In the Cr sublayer,
the FWHM increase correlates with the build up a high tensile stresses 0§ (y, z) up
to ~2 GPa (Figs. B.7, B.8b and B.9b). Therefore, the FWHM increase in the CrN
toplayers (Fig.B.7) can be interpreted by (i) the compaction of the CrN toplayer
due to the normal force induced by the sliding indenter, resulting in large out-of-
plane compressive stress (cf. Sec.B.3.5), (ii) the nanoscopic intragranular fracturing
of CrN crystallites mainly due to the friction force oriented along the z-direction,
(iii) gradients of 15* order strains within the gauge volume and (iv) the irreversible
deformation of the CrN grains, as documented by bulged form of the CrN grains in
Fig. B.3e. Especially the gradual FWHM increase towards the surface in the CrN
toplayer of the 400 mN scratch track in Fig. B.7b supports the concept of the near-

surface fracturing induced by the friction mechanism. In the case of Cr interlayers,
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the symmetric and localized FWHM increases (Fig. B.7) can be correlated with the
bulging of Cr crystallites and their plastic deformation during the imprint formation.
Note that in Fig. B.7b, the FWHM increase in the Cr spans the whole width of the
measured sample region.

The findings from Fig. B.7 are complementary to the SAXSM-data from the CrN
topalyers presented in Fig. B.6. Whereas the localized SAXS intensity increase in
both scratch imprints (Fig. B.6) can be correlated with the intergranular cracks and
pores formation in CrN mainly due to the changes in U%N(y, z) magnitudes, the
FWHM increase across the CrN sublayers documents an increase in the crystal de-
fect density. This is mainly due to the imprint formation, which is accompanied
by the CrN grain boundary sliding [caused by the normal force of the indenter
(Figs. B.8b and B.9b), which also results in compressive 053 (y, 2) in the same re-
gion]. Furthermore there is also transgranular cracking (probably due to the friction
force), which induces the reduction of the size of coherently diffracting domains and

consequently the FWHM increase (cf. Fig. B.3e).

B.3.4. Qualitative texture analysis

Qualitative texture analysis was carried out in order to study cross-sectional changes
to the Cr and CrN crystallites’ orientations due to scratching. For this purpose, azi-
muthal intensity distributions of CrN 200 and Cr 110 DS rings were evaluated from
CSnanoXRD data collected along the dashed vertical lines indicated in Figs. B.5ba
and c. Due to the small CSnanoXRD probe size, the diffraction statistics were rather
limited, but still allowed to evaluate texture changes qualitatively. The logarithmic
plots in Figs. B.5b and d show azimuthal DS rings diffraction intensities froma se-
lected azimuthal ¢ angle range of 430 deg., with respect to the § = 0deg. diffraction
vector orientation, which corresponds approximately to the film normal direction (cf.
Fig. B.1, Fig. B.5b,d). The distinct vertical intensity lines in Figs. B.5b,d represent
diffraction intensities from fibre-textured crystallites with approximately identical
orientations with respect to the sample normal. Therefore, the azimuthal positions
of the lines can be used to determine the relative orientation of crystallites with

respect to the sample surface normal.
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Figure B.5.: SEM micrographs (a) and (c) from FIB-fabricated cross-sections of the 200
and 400 mN scratch tracks, respectively, reveal the columnar grained micro-
structure and tilting/ bending of the needle-like crystallites up to ~ 15 and
~ 25deg. with respect to the film surface normal direction. In the CrN
toplayer, dark regions indicate the presence of cracks, which are seen to
propagate in (c), across the whole toplayer at the locations ofthe pile-ups.
Respective DS ring azimuthal intensity plots I(d, z) in (b) and (d) were eval-
uated from CSnanoXRD data collected along the dashed lines L1-L5 in (a)
and (c), respectively. CrN 200 I(d,z) plots from predominantly (100) fibre
textured crystallites show smearing of vertical intensity lines and indicate
thus incrementing fragmentation the brittle CrN towards the imprint centres,
as supported also by SAXSM data in Fig. B.6. Cr 110 I(d, z) plots indicate a
(110) fibre texture, whereas the oscillatory vertical intensity lines document
the tilting of the Cr columnar crystallites caused by the plastic deformation
present in this layer.
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Figure B.6.: Small angle X-ray scattering microscopy (SAXSM) micrographs evaluated
from 32,421 and 26,361 2D diffraction patterns collected from the 200 mN (a)
and 400 mN (b) scratches, respectively. Their high scattering contrast allows
resolving the interfaces and sublayers within the Cr/CrN/HSS sample. The
scratch performed with 400 mN induced a significant Cr interlayer thickness
reduction and also the formation of symmetrical pile-ups (b). The U-like
regions with increased SAXS intensities within the CrN toplayer were at-
tributed to the formation of micro- and nanoscopic intergranular cracks, as
documented in Fig.B.3, and also to a reorientation of CrN crystallites, as
documented by the texture data in Figs. B.5b,d. In addition, the shape of
these high-intensity regions correlates well with the decreased in-plane stress
magnitude in Figs. B.8a and B.9a.

The straight vertical intensity lines within plots L1 and L2 of Figs. B.5b and plot
L1 of Fig. B.5d indicate the presence of crystallites with orientations unaffected by
scratching, where CrN 200 DS ring azimuthal maximum was observed at 0deg.
down to a depth of ~1.2 pm, which allows us to identify a (100) fibre texture. In
the deeper regions of the bilayer film, at depths of ~1.2-3.2 pm, the presence of
a (110) fibre texture can be deduced in Cr (Fig. B.5b,d), in good agreement with
Refs. [19, 20, 40]. The plots L3 and L4 with curved intensity lines in Fig. B.5b
indicate a bending of crystallites within both sublayers, in agreement with the SEM
micrograph in Fig.B.5a. The plot L5 from the scratch track centre with straight
but much broadened intensity lines indicates a fibre texture blunting and weaken-
ing of preferred crystallite orientation in both sublayers within the 200 mN scratch
track cross-section (Fig. B.5b). Similar, also the plots L2-L5 in Fig. B.5d from the
400 mN scratch track cross-section show intensity lines shifted up to an angle of
~25deg. counter-clockwise and a steadily increased broadening of the lines towards
the scratch track centre, consistent with Ref. [52], indicating a heavy deformation

of the grain microstructure, especially in CrN. There is, however, a striking differ-
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Figure B.7.: FWHM micrographs evaluated from 32,421 and 26,361 2D diffraction patterns
collected from the 200mN (a) and 400mN (b) scratches, respectively. The
CrN 111 FWHM increase is caused by nanoscopic intragranular fracturing
of CrN crystallites due to the large out-of-plane compressive stress imposed
by the indenter during the scratching. The symmetric and localized Cr 110
FWHM increases can be correlated with a bending of Cr crystallites and their
plastic deformation. The cross-sectional occurrence of the increased FWHMs
in both materials correlate well with the changes of out-of-plane residual
stresses o4 (y, z) from Figs. B.8b and B.9b.

ence between the DS azimuthal distributions obtained from the CrN brittle and Cr
ductile sublayers in Figs. B.5b and d. A predominant smearing of the intensity lines
collected from the deformed CrN toplayers indicates fracturing of the nanoceramic
nitride beneath the scratch track, which results in a large orientation spread and
fibre texture blunting. The CrN toplayer fracturing correlates well with the in-
creased SAXS and FWHM intensities in Figs. B.6 and B.7 and also with decreased
in-plane o53(y, z) and increased out-of-plane o%4(y, z) stress magnitudes, respect-
ively, presented in Sec.B.3.5. In the case of Cr sublayers, however, predominantly
oscillatory cross-sectional profiles of the intensity lines and less pronounced smear-
ing (Fig.B.5b,d) suggest that the irreversible deformation of the metallic ductile
Cr sublayers was accommodated by bending/bulging and plastic deformation of the
columnar grains, in agreement with the electron microscopy data from Figs. B.3 and
B.4 and partly also with the FWHM data from Fig. B.7.

B.3.5. Stress analysis across scratch track cross-sections

Ex-situ analysis of residual stress distributions was carried out using the methodo-
logy described by Ref. [34] and depicted in the Supplementary Material. At first,

residual stress gradients oS3 (2) and o$3N(z) across the Cr and CrN sublayers were
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determined using Eq. B.4 from a CSnanoXRD line scan collected far off the scratch
tracks, where the material was unaffected by the scratch experiment. As indicated
in Suppl. Fig. S.B.2, the stress magnitude in the Cr interlayer is nearly constant at
~ —1 GPa, whereas the compressive stresses in CrN increases from —3 GPa at the
CrN-Cr interface to —4 GPa at the surface. The compressive stresses in Cr and CrN
in the as-deposited film can be attributed to ion-bombardment during film growth
and additional thermal stress formed during cooling down from the deposition tem-

perature, as extensively discussed in Refs. [40, 51].

B.3.5.1 Cross-sectional 2D stress distributions for the 200 mN scratch

Cross-sectional residual stress distributions consisting of in-plane o53(y, z) (a), out-
of-plane o%3(y, z) , and shear 0%%(y, z) magnitudes across the 200 mN scratch track
area are presented in Fig. B.8. The results document complex lateral and depth
gradients of the stresses, which are a result of the intrinsic stress state developed
in the film during deposition (Suppl. Fig.S.B.2) and the scratch-induced residual
deformation of the bilayer (Fig.B.8). The latter includes (i) a bending of the CrN
toplayer under the indenter tip, similar to the bending of a clamped cantilever,
accompanied by a thickness reduction of the Cr sublayer due to plastic flow (Fig. B.2)
and (ii) a subsequent partial film curvature relaxation after the indenter tip had
translated to further positions on the specimen’s surface [26, 53, 54].

This bending-like deformation of the CrN toplayer results (i) in the formation of
in-plane tensile stresses at the virtual clamping positions outside the deformed zone
and compressive in-plane stresses in the centre of the deformed zone in the CrN near-
surface region and (ii) in the formation of alike stress distributions of opposite signs
at the CrN-Cr interface. When the fracture stress of CrN is locally exceeded within
the tensile stressed zones, nanoscopic cracks are formed within the CrN toplayer
(Fig. B.3b,c), which results in a relaxation of tensile stresses and subsequently in the
formation of compressive stresses during elastic rebound after the indenter tip has
moved away.

Within the CrN toplayer, this results in the observed decrease of the relatively
high compressive stresses of ~ —4 GPa (in the as-deposited state) to ~ —1 GPa
within (i) the near-surface region at distances of ~500 nm to ~4 pm from the imprint
centre and (ii) at the CrN-Cr interface directly under the imprint centre with a
symmetric lateral extent of ~3um (Fig. B.8a). Furthermore, the preservation of the
compressive stress at the surface ofthe imprint centre and the accumulation of even

higher compressive stresses up to —6 GPa at the CrN-Cr interface at distances of

B-19



B. Nanoscale stress and microstructure distributions at scratch track ...

a in-plane stressoyy

6
4
‘T
g 2
Sl to
£
obgg 2
4
-6
2
©
ol &
0
C oo shear stressoyy 7 7 gbgg
PERPTIR Y Y o vandi % e B
mmw ol
15 B
:_1.5— W -2
‘:‘zo—'mm X
25 3 ‘(
30 3
-8 % 8
y[um]

Figure B.8.: Experimental in-plane o353(y,z) (a), out-of-plane o%i(y,z) (b), and shear
o%%(y,z) (c) stress distributions evaluated from the cross-section of the
200 mN scratch track area. Note that oSyN(y, 2) is displayed with a different
stress scale. The data were evaluated from 32,421 2D diffraction patterns.

2 pm to 5 pm left and right of the imprint centre can also be related to this bending-
like deformation (Fig.B.8a). Additionally, the compressive stress increase found
at distances of 5-7pm from the centre at the sample surface (outside the virtual
clamping positions) is related to the aforementioned elastic rebound after passing
of the scratching indenter. The occurrence and the U-shape of the CrN sublayer

regions, where the relaxed o$&3™(

y,z) compressive stresses are present in Fig.B.8a,
correlate well with the SAXSM data from Fig.B.6a and confirm the assumption
that the relaxation was accompanied by intergranular grain boundary sliding and
intergranular cracking in CrN (Fig. B.3a-c), which stops within the CrN toplayer

(cf.Secs.B.3.1 and B.3.2).

Within the Cr sublayer, the in-plane stress distribution $3(y, z) exhibits rel-
atively high compressive stresses with a magnitude of ~ —1.8 GPa directly at the
imprint centre (Fig.B.8a). These originate from the process of (i) the sublayer
compression and plastic deformation during loading and (ii) subsequent sublayer
curvature relaxation resulting in elastic contraction in the Cr imprint centre, after

the indenter tip had moved to further sample position, in agreement with Refs. [26
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53, 54]. Additionally, there are symmetric tensile stress regions oSy (y, 2) with up to
800 MPa magnitude located directly next to regions with the highest compressive
stress magnitude in CrN (Fig. B.8a). These tensile stress concentrations in the Cr
sublayer can be attributed to the bending of the CrN toplayer during the scratch ex-
periment leading to an elongation of the Cr sublayer, whose further relaxation after
scratching was however hindered by the deformed CrN toplayer. The corresponding
stress fields oS5 (y, 2) are similar to those resulting from foreign object damage, as
reported for a hard steel sphere impacting on a Ti alloy in Refs. [55, 56], indicating
similar deformation mechanisms as during high-rate loading of a ductile material.
Furthermore, the reduction and increase of in-plane compressive stress o43(y, z) in
CrN and Cr, respectively, directly under the scratch track groove, is in particular
agreement to findings from Khan et al. [23], where scratching of an Al-alloy also
led to formation of tensile and compressive stresses in surface-near and sub-surface
regions, respectively, directly under the scratch track groove.

For the o$iN(y, 2) distributions in Fig. B.8b, minor compressive stresses in the
range of ~ —500 MPa were revealed around the residual imprint centre over the
CrN toplayer thickness with a lateral extent of ~4pm. These are a consequence
of the deformation-induced compaction of the toplayer by the sliding indenter and
the remaining residual deformation. The central region is symmetrically surrounded
by tensile stressed areas with a magnitude of ~800 MPa. These tensile stresses
revealed besides the scratch track, starting 2 pm away from the centre at the CrN-
Cr interface and extending over 4 pm at the Cr-HSS interface, can be attributed
to the curvature relaxation after the further movement of the indenter. The same
0S¥ (y, 2) stress behaviour is observed in the Cr sublayer, where the tensile stress
reaches a maximum of ~1.8 GPa (Fig. B.8b). Generally, the out-of-plane stresses
must represent continuity across the CrN-Cr interface, which is not the case within
the contact zone of the sliding indenter. This discontinuity is most probably related
to a aocrN decrease within the process zone, as a consequence of compaction of
the (partly) fragmented CrN crystallites (cf. Figs. B.3a-c, B.6a and B.7a), which
expresses as a virtual out-of-plane compressive stress.

Compressive out-of-plane stresses directly under the indenter tip are well accoun-
ted for during in-situ CSnanoXRD experiments on thin films [33, 34], however, they
were not found during prior synchrotron X-ray experiments carried out on scratched
Al-Alloys [23], which can be attributed to much higher stress relief through plastic
deformation of the Al-alloys during scratching.

The development of the shear stress 055 (y, 2) is also dominated by the bending-like

deformation and is antisymmetric with respect to the y-axis (Fig. B.8c). The shear
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stresses are (in this case) a y-axis coordinate-dependent representation of the change
of the principal stress orientation, which means positive shear stress in the positive
y-axis half represents coordinate-dependent positive (counter-clockwise) rotation of
the principal stress tensor, whereas negative shear stress in the negative y-axis half of
the stress field represents the opposite, i.e. clockwise rotation (Fig. B.8c). Concern-
ing the CrN toplayer, the shear stress distribution reflects the mainly bending-like
deformation, whereas in the Cr the distribution of shear stress represents the more

complex stress state of 053 (y, 2) from Fig. B.8a.

B.3.5.2 Cross-sectional 2D stress distributions for the 400 mN scratch

After scratching the thin film with 400 mN load, the scratch groove exhibits signi-
ficantly larger curvature compared to that of the 200 mN scratch (Figs. B.2, B.5a,c,
B.6). The scratch test resulted in bending of the CrN toplayer, compaction of the
Cr interlayer and in the formation of symmetric pile-ups (Figs. B.2b, B.5¢, B.6b).
Consequently, the o33(y, z) , 044(y, z) and o55(y, z) distributions shown in Fig. B.9
exhibit relatively high stress concentrations and reflect crack formation within the
sublayers. Fig.B.9a indicates that the bending-like of the CrN toplayer resulted in
the relaxation of compressive in-plane stress agng(y, z) mainly beneath the scratch
track groove, as described in detail in Section B.3.5.1. This relaxation can be at-
tributed to the formation of cracks, as visible in Fig. B.3d and B.5c and due to the
deformation-induced localized tensile stress build-up, the magnitude of which ex-
ceeded the fracture strength of brittle CrN. An additional contribution is given by the
friction-induced tension of the film along the z-direction, which also results in tensile
stress build-up and cracking [26, 54, 57]. Next to the scratch groove, however, high
compressive in-plane stresses 053N (y, z) in CrN up to —6 GPa are revealed. These
are a consequence of the symmetric pile-up formation, the CrN toplayer elongation
and its subsequent elastic contraction, which was however hindered by the underly-
ing Cr. The nearly complete relaxation of the compressive stresses 053 (y, z) within
the U-shaped groove (Fig. B.9a) correlates well with SAXSM (Sec.B.3.2), FWHM
(Sec.B.3.3) and texture data (Sec.B.3.4) and supports the suggested assumption
of intergranular cracking (Fig. B.3e) and intragranular fragmentation of the brittle
CrN (Secs.B.3.3 and B.3.4).

The in-plane stress distribution o5 (y, z) in the Cr-sublayer (Fig.B.9a) is qualit-
atively similar to that developed after scratching at the load of 200 mN (Fig. B.8a),
with a comparatively higher lateral extent of the compressively stressed areas and

a remarkable compressive-to-tensile stress gradient across the sublayer. As already
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discussed above, the compressive stresses o5 (y, z) within the Cr-sublayer next to
the HSS interface originate from the elastic contraction of the elongated sublayer
after the scratch experiment. Since this elastic contraction was hindered by the
CrN toplayer next to the CrN-Cr interface, tensile stresses were formed in the upper
regions of the Cr sublayer (Fig.B.9a). The higher stresses in the 400 mN sample
are similar to impact test in Refs. [55, 56], where a higher lateral extent of the
stress fields and more pronounced pile-up formation due to foreign object damage
was found when using a higher impact speed. Again, the reduction and increase of
in-plane compressive stress o53(y, z) in CrN and in Cr, respectively, directly under
the residual imprint of the indenter, is in agreement to findings from Khan et al.
[23], ¢f. Sec.B.3.5.1.

a in-plane stress oy

[GPa]

CrN
092

Gzczrv 33, 03 [GPa]

0
y [um]

Figure B.9.: Experimental in-plane o%3(y, z) (a), out-of-plane o%3(y,z) (b), and shear
o4 (y,z) (c) stress distributions evaluated from the cross-section of the
400 mN scratch track area. Note that oS3 (y, 2) is displayed with a different
stress scale. The data were evaluated from 26,361 2D diffraction patterns.

The out-of-plane stress distribution oS3 (y, z) in Fig. B.9b shows high compressive
stress magnitudes up to —2 GPa within the scratch groove, which can be correlated
with irreversible microstructural changes within the CrN sublayer (¢f. Sec.B.3.1)

and the pronounced surface curvature, which hindered surface relaxation after scratch-
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ing. Besides the scratch track only minor tensile stresses were revealed in Fig. B.9b.
In the Cr-sublayer, qualitatively the same stress distribution o$§(y, 2) is visible as
for the scratch carried out with 200mN load, with a higher lateral extent of the
stress-free zone in the centre of the scratch track groove. Again, the discontinuity
of o%%(y, z) across the CrN-Cr interface found within the contact zone of the sliding
indenter could be related to unstressed lattice parameter changes, as explained in
Section B.3.5.1 and documented by Figs. B.3e, B.6b and B.7b.

Relatively modest shear stress distributions o53(y, z) (Fig. B.9¢) revealed in both
layers beneath the scratch track (y-positions from —3 to 3 pm) document the uniaxial
compaction of the CrN grains after cracking along the columnar grain boundaries and
the dominance of in-plane stresses after the plastic deformation in the Cr sublayer.
Besides the scratch track, there is a relaxation-induced local rotation of the principal
stress axes, which is indicated by the accumulation of interface-near shear stresses
with a magnitude up to —1.5 GPa at y-positions from —6 to —4pm and with a
magnitude up to 1.5 GPa at y-positions from 4 to 6 pm (Fig. B.9c).

B.3.6. Finite Element Model

In order to describe the deformation processes during the scratch experiments and
to interpret the experimental stress distributions 07} (y,2) in CrN and Cr, a 3D FE
model was implemented. The calculated stress distributions for the scratch tracks
performed with 200 and 400 mN load are displayed in Figs. B.10 and B.11.

B.3.6.1 Modelled stress distributions for the 200 mN scratch track

The calculated stress distributions o}7(y, z) across the 200mN scratch track area
are displayed in Fig. B.10. High tensile stress concentrations o™ (y, z) are found
symmetrically in the CrN toplayer at lateral distances of 2 to 4 pm at the surface, as
well as in the centre of the groove at the Cr/CrN interface with a lateral extent of
21m (Fig. B.10a). Additionally, high compressive stress 053~ (y, z) with a magnitude
of —6 GPa is found at the respectively opposing sides of the CrN layer (Fig. B.10a).
Additionally, at distances larger than 5pum from the imprint centre, compressive

stresses U%N(y, z) can be found in the CrN toplayer.

While the magnitude of compressive stress o3 (y, z) found in the experiment is
particularly well reflected by the model (c¢f. Figs.B.8a), tensile stress magnitudes
found in the model are exaggerated compared to the experimental data. This is a
consequence of stress-relief due to nanoscopic crack formation in the tensile stressed

zones formed during the experiment (cf. Figs. B.3a—c, B.5a, B.6a) and possible grain
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Figure B.10.: FEM calculated in-plane o%3(y, 2) (a), out-of-plane o53(y, z) (b), and shear
o (y,z) (c) stress distributions evaluated from the cross-section of the
200 mN scratch track area. Note that oSiN(y,z) is displayed with a dif-
ferent stress scale.

boundary sliding in the centre ofthe scratch track, which are both unaccounted for
by the model. In the Cr sublayer, in-plane stress 055 (y, 2) magnitudes below —2 GPa
were found in the imprint centre by the 3D FE model, which were symmetrically
surrounded by regions of tensile stress (y outside £4 pm), in a good agreement with
the experimental data.

The symmetric out-of-plane tensile stress concentrations o4~ (y, 2) and o$§ (v, 2)

in Fig. B.10b outside the scratch track agree particularly well with the experimental
results shown in Fig. B.8b. A highly compressively stressed zone at distances of ~2
to 3m from the centre followed by a tensile stressed zone beneath the scratch track
is however not validated by the experiment (Fig. B.8b), which again is a consequence
of the above-mentioned discrepancies between model and experiment (Fig. B.3a,b).
The out-of-plane stresses introduced through the scratch process have to be self-
compensating, consequently, the stress-relief found in the experiment due to nano-
scopic cracking leads also to a reduction of compressive stresses in the surrounding
areas. The shear stress distribution 053N (y, z) obtained by the FE model is antisym-

metric along the y-axis and reflects the bending-like deformation of the scratched
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area (Fig.B.10c). The shear stress 054 (y, z) calculated for the Cr sublayer reflects
the complex deformation beneath the scratch track groove and, similar to compress-

ive in-plane stresses, fits very well to the experimental findings.

B.3.6.2 Modelled stress distibutions for the 400 mN scratch track

In order to model the stress distributions o7} (y, 2) across the 400 mN scratch track
area, cracks were introduced symmetrically at the edges of the groove (Fig.B.11).
Adding these two symmetric cracks accomplishes the aim to model the experimental
stress distributions as accurately as possible, while still maintaining the necessary
computational time at a reasonable level. The observed relatively large differences
between the experimental and modelled stress distributions o7} (y, 2) (cf. Figs. B.9
and B.11), however, can be explained by the formation of crack patterns and CrN
fragmentation, as revealed by electron microscopy in Figs. B.3e and B.5c¢, as well as
in the SAXS micrograph in Fig. B.6b.

The calculated in-plane stress distributions o33(y, z) for the CrN and Cr layers are
shown in Fig. B.11a. In the CrN toplayer, the stress distributions can be divided into
two parts. First, within the residual imprint (y inside £3 um), high tensile stress con-
centrations were revealed by the FE analysis, while besides the groove compressive
stress was found. Comparing with the experimental data, the compressive stresses
outside the scratch track groove are reproduced by the FE model (¢f. Figs. B.9a
and B.11a), but the modelled high tensile stresses within the residual imprint are
not seen in the experimental results. This mismatch between the experimental and
calculated data (Figs.B.9a and B.11a) can be interpreted by the above-mentioned
computational restrictions and the massive microstructural changes in the CrN layer
(cf. Figs.B.3c- e, B.4b, B.5c), which resulted in o5y (y, 2) stress relaxation within
the scratch track area. In the Cr sublayer, high compressive stresses 02C2r (y,z) are
found within the deformed zone, which is surrounded by tensile stressed regions,
both in the experimental and the modelled data (Figs. B.9a and B.11a), as a con-
sequence of the compression due to the sliding indenter and the pile-up formation,
respectively. Concerning the out-of-plane stress o53(y,z) (Fig.B.11b) and shear
stress o53(y, z) (Fig. B.11c) distributions, the calculated stresses in the Cr sublayer
agree well with the experiment (Fig. B.9b and c), whereas in the CrN toplayer the
abovementioned difficulties regarding the FE model have to be considered.

In summary, Figs. B.2, B.3, B.4, B.5, B.6, B.7, B.8 and B.9 document the nano-
scopic mechanical and microstructural response of a CrN-Cr bilayer thin film to

scratch testing at two different loads. The elastic-plastic 3D-FE model allowed to
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Figure B.11.: FEM calculated in-plane o33 (y, z) (a), out-of-plane o53(y, z) (b), and shear
oB(y,z) (c) stress distributions evaluated fromthe cross-section of the
200 mN scratch track area. Note that oSiN(y, z) is displayed with a dif-
ferent stress scale.

assess the stress distributions in a satisfactory way, especially in the case of the
200mN scratch (Fig. B.10). In the case of 400 mN scratch, however, it was more
challenging to properly model (Fig.B.11) the multiaxial stress distributions from
Fig. B.9, because of the complex microstructural changes especially in the CrN to-
player, like the high density of microcracks (Figs. B.3e and B.6b), which altered the

mechanical response of the bilayer significantly.

B.4. Discussion of brittle-ductile CrN-Cr bilayer deformation

Mechanical failure of thin films during scratching experiments is influenced by a
variety extrinsic and intrinsic factors [3-6, 58]. In the case of nanocrystalline hard

films, the particular microstructural and interfacial defects effectively responsible
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for failure are usually unknown. Similarly, complex stress concentrations around
and behind the moving indenter tip, accompanying elastic and plastic deformation,
chipping, cracking and delamination have remained unexplored experimentally [24].

Generally, the stress distributions accompanying failure are a superposition of
elastic-plastic indentation stresses, frictional stresses and the residual internal stresses
present in the film after the deposition [24, 26, 53, 54]. The present work introduces a
thorough ex-situ analysis of the residual stress gradients formed after the deposition
(Suppl. Fig. S.B.2) and multiaxial residual stress fields developed after the scratch
experiment (Figs. B.8, B.9). The experimental data and the FEM calculated stresses
(Figs. B.8, B.9, B.10 and B.11) provide an accurate picture of the stress build-up
after the two scratch tests, before the onset of critical failure, and also allow us to
deduce the stress states under the indenter during the experiments.

According to prior investigation of the mechanical behaviour of CrN-Cr multilayer
systems subjected to indentation, CrN can bear very high stress magnitudes up to
—10 GPa in compression [17,34]. However, in tension, free-standing FIB-fabricated
cantilever beams of magnetron sputtered CrN showed overall brittle fracture upon a
(tensile) stress magnitude of ~5.8 GPa [45]. Consequently, it is reasonable to assume
that high tensile and compressive stresses with CrN toplayers will be accommodated
by the formation of inter- and intragranular cracks within the nanoceramics, respect-
ively. In the case of magnetron sputtered Cr thin films, compressive and tensile stress
magnitudes are limited to ~3 GPa due to the onset of plastic deformation at higher
stress levels [17, 45].

Following, Figs. B.8a and B.9a document that complementary compressive and
tensile in-plane stress build-ups are formed in the regions bordering the CrN-Cr
interface, as a result of curvature relaxation after the scratching indenter tip had
passed. This implicates that during the indenter loading, tensile stresses were formed
at both sides of the CrN-Cr interface as a product of the large curvature (bending-
like), whose formation, however, did not result in catastrophic failure of the bilayer.
Importantly, the nanoscale stress distributions are correlated with morphological
and microstructural changes within the brittle and ductile sublayers (Figs. B.2, B.3,
B.4 and B.5). Therefore, it is possible to associate the above-implicated tensile in-
plane stress formation in the brittle CrN toplayer with the formation of nanoscopic
intergranular cracks (Fig. B.3e) and intragranular defects (Figs. B.6 and B.7) as well
as with the development of bilayer curvature. Similarly, the thickness reduction and
pile-up formation within the ductile Cr (Fig. B.2) is accompanied by a variety of mi-
crostructural changes like columnar grain bending and localized plastic deformation
(Figs.B.3, B.4, B.5, B.6 and B.7).
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Even though the STEM and SEM micrographs in Figs. B.3e and B.5¢ document
the presence of cross-sectional cracks within the CrN toplayer, the underlying ductile
Cr sublayer serves as an effective crack barrier. In other words, even though the
fracture strength of CrN was exceeded in multiple places during the scratch test
(Figs. B.3, B.5), intergranular fracture along CrN columnar grains was arrested at
the ductile Cr sublayer.

Similar to our previous study on the indentation behaviour of multi-layered CrN/Cr
films [17], also in the present case the ductile sublayers serve as an important sta-
bilizing component to the bilayer’smechanical integrity during and after scratching.
Their ability for thickness reduction, massive plastic deformation, crystallite bend-
ing and formation of pile-ups protects the brittle-ductile bilayer from critical failure

at loads that would disintegrate a comparable monolithic CrN layer.

B.5. Conclusions

Cross-sectional X-ray nanodiffraction was used to assess multiaxial stress distri-
butions and microstructural changes within a scratch-tested bilayer thin film at
a resolution of 50 nm. The experimental results, encompassing also small-angle X-
ray scattering micrographs that document nanoscopic microstructural changes, were
correlated with electron microscopy analyses and a 3D finite element model. The
quantitative results uncover the multiaxial residual stress build-up, which was clearly
correlated to the nanoscopic deformation mechanisms within the brittle CrN and
ductile Cr layers. While scratch testing results in intergranular grain sliding and in-
tragranular grain fragmentation within the CrN nanoceramic toplayer, without any
thickness reduction, the thickness reduction/extension of the ductile Cr interlayer is
accompanied by transgranular plastic deformation with unidirectional gliding, form-
ation of piles-up, as well as crystallite bending and rotation. The results confirm
the beneficial influence ofcompressive residual stresses and the concept of ductile
interlayers to stabilize the brittle components of thin films, especially by revealing
the actual stress levels present at different loads in the respective individual layers.
Several shortfalls of existing numerical analyses could thus be identified, in partic-
ular the failure to address the intergranular crack formation that originates from
high tensile stresses in the brittle layer. In short, even though significant damage
could be detected in the upper brittle CrN layer at higher scratch loads, the lower
ductile Cr layer was able to absorb large amounts of deformation and continued to
provide good adhesion, thus maintaining the functionality of the overall structure

as a wear-resistant film.
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Supplementary material

Residual Strain and Stress Data Evaluation

The orientation-dependent lattice strain ey "My, 2) for each phase m (CrN or Cr)

and DS ring hkl was determined as follows

ki ki
kL, ) dsg"" (y, z) — dy'

€50 (B.1)

hkl ’
dm,
0

where 6 is the diffraction angle, 0 the azimuthal angle on the detector (c¢f. Fig. B.1),

ikl ikl all

dgg""" (y, z) is the measured lattice spacing and """ (y, z) = e 8 the stress-

free lattice spacing for a particular hkl reflection. The orientation-dependent lattice
m,hkl

(y, z) measured in the direction of the diffraction vector is a function
m, hkl(

strain €gq
of unknown triaxial residual strain components ¢; ,z) defined in the sample

coordinate system as follows:
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where 4, j=1,2 and 3 correspond to the axes z, y and z in Fig. B.1, respectively.

a 1mn ray e€lastic constants an € Straln components
By applying X-ray elasti tants S and 155" | the strai ponent
m,hkl
&ij’ (y
m,hkl
05 (

y,z) from Eq. B.2 can be substituted by the components of the stress tensor

y, z) defined in the sample coordinate system as follows

e (y, 2) = Sk [am 2) + ogs(y, >+a§“3<y, 2)]

€50
+355" okl [sin 00" (y, 2) + cos? O sin? 5oy (y, 2) + cos? 0 cos? doyy "Ly 2)
— sin 20 cos 602" (y, z) + cos? 0 sin 26052 (y, z) — sin 20 sin do 5" .
(B.3)

X-ray elastic constants of ScrN M — 9923 x 1074 GPa_l, ScrN U — 4446 x
1073 GPa~!, 7™ = 2,99 x 1074 GPa~! | 185 = 2575 x 1073 GPa™! |
SCr 10— 749 x 1074 GPa~! and ISCT 10— 4441 x 1073 GPa~! for CrN and Cr
hkl reflections were adopted from literature [41, 42].

At first residual stress depth gradients o7 (z) within unaffected bilayer regions
were evaluated supposing that the stress state was equibiaxial with non-zero in-
plane principal stress components 077 (z) = 035(2), whereas shear stress 077 (2) and

also out-of-plane o%%(z) components were neglected for simplicity:
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1
5%’hkl(y, 2) = o4s(y, 2) QSIn’hkl + U%’hkl(y, 2) 55’;”’%1 {sin2 6 + cos’ f sin? 5} . (B.4)

In this way, in-plane residual stress gradients ¢43(z) within both as-deposited

sublayers were determined.
m,hkl

In order to evaluate the stress distributions o;;""" (y, 2) within the scratch track
areas, it was supposed that the in-plane stress component o7 (y, z) along the z-axis
did not change significantly during the scratch experiment and therefore of;(y, 2)
can be approximated with o53(z) from Eq.B.4. Moreover, it was supposed that
o15(y, z) and o7%(y, z) can be neglected. Therefore, unknown cross-sectional resid-
ual stress distributions o55(y, z) , 055(y, 2) and o55(y, z) in CrN and Cr sublayers
were evaluated by using experimental diffraction vector orientation-dependent X-ray

elastic strains sﬁ’hkl(y, z) as follows:

,hkl ,hkl
esg (y2) = S [ofi(y, 2) + 0By, 2) + oBy(y, 2)]
—i—%S;n’hkl [sin2 00T (y, 2) + cos? O sin2 oy (y, 2) (B.5)

+ cos? 0 cos? bog ™ (y, 2) + cos? O sin 26055 (y, 2) .

For every sample measurement point, a system of 36 linear equations (corres-
ponding to 36 § orientations in each detector image) based on Eq.B.5 was solved
according to Ref. [34] and the three unknown stress distributions o43(y, z) , 053(y, 2)
and o3%(y, z) were refined for CrN and Cr, whereby o7} (y, z) in Eq.B.5 considered

as parameter.
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S.B.2 Fig. B.1: Data from the sample absorption scans performed at the cross-
sections of the 200mN (a) and 400 mN (b) scratch track areas collected with 250
and 400 nm sample movement steps, respectively. The brighter upper sub-regions
represent X-ray absorption within the less dense CrN toplayers with a thickness of
~1.2 pm.
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Suppl. Fig. B.2: CSnanoXRD phase diagram with CrN and Cr reflections and the
corresponding residual stress gradient o4%(z) across the undeformed CrN-Cr bilayer
film.
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Crack geometry for
crack simulations:
x-direction: ~15 ym
z-direction: 1 ym (CrN)

wr oz

=

Suppl. Fig. B.3: Schematic sketch of FE-model setup. The numbers 2-4 represent
the consecutive steps of applying the indenter load, scratching of the indenter and
withdrawal of the indenter, as described in Sec. B.2.5 of the article. The dashed blue
line represents the plane, where stress values were extracted for comparison with the
experiment.
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Abstract

In order to understand the fracture resistance of nanocrystalline thin films, it is
necessary to assess nanoscopic multiaxial stress fields accompanying crack growth
during irreversible deformation. Here, a clamped cantilever with dimensions of 200 x
23.7 x 40 pm? was machined by focused ion beam milling from a thin film composed

of four alternating CrN and Cr layers. The cantilever was loaded to 460 mN in two
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steps and multiaxial strain distributions were determined by in situ cross-sectional
X-ray nanodiffraction. Characterisation in as-deposited state revealed the depth
variation of fibre texture and residual stress across the layers. The in situ experiment
indicated a strong influence of the residual stresses on the cross-sectional stress
fields evolution and crack arrest capability at the CrN-Cr interface. In detail, an
effective negative stress intensity of —5.9 £ 0.4 MPa m'/? arose as a consequence
of the residual stress state. Crack growth in the notched Cr layer occurred at
a critical stress intensity of 2.8 £ 0.5 MPa m'”?. The results were complemented
by two-dimensional numerical simulation to gain further insight into the elastic-
plastic deformation evolution. The quantitative experimental and modelling results
elucidate the stepwise nature of fracture advancement across the alternating brittle

and ductile layers and their interfaces.

C.1. Introduction

Mechanical integrity of thin films is determined not only by their extraordinary
ultimate compressive and tensile strength, but also to a great extent by their ability
to resist catastrophic failure due to instable crack propagation from pre-existing
defects of various origins [1-3]. The discipline of linear elastic fracture mechanics
(LEFM) was developed to quantify the ability of brittle materials to resist crack
propagation [4, 5|. Its underlying thermodynamic principle is to link the strain
energy release rate due to crack growth with the energy required for the formation
of new fracture surfaces. The elasticity solutions for the displacement, strain, and
stress fields around the crack tip obtained within this framework contain singularities
that violate the assumption of finite material deformability and strength. LEFM
deals with this central contradiction by excluding from consideration the so-called
process zone (PZ), where material decohesion occurs. Instead, attention is focused
on the relevant parameters outside the PZ which are assumed to fully determine the
conditions for crack propagation. Key parameters in this consideration are the stress
intensity factors (SIF) Ki, Ky and Kjpp that define the severity of the equivalent
conceptual elastic crack tip singularity. Hence, the annular zone surrounding the PZ
is sometimes referred to as the K-zone. The sum of squared SIFs with elastic moduli
as coefficients allows the strain energy release rate to be evaluated. LEFM is valid
for brittle or semi-ductile materials, where plastic deformation is restricted to the
relatively small plastic zone surrounding the process zone, itself embedded within
the K-zone. It is important to note that even in these (semi-)brittle cases the stress

singularity in front of a crack tip leads to plastic deformation and the formation of
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a plastic zone.

In mainly ductile materials the crack propagation is significantly affected by dis-
location emission and plastic deformation, so that the size of the PZ is not small
compared to the sample dimensions. Under these conditions of significant ductility,
elastic-plastic fracture mechanics (EPFM) needs to be applied instead of LEFM.
Hutchinson, Rice and Rosengren demonstrated in their model [6, 7] that at stresses
exceeding the yield strength of the elastic-plastic material, hardening controls the
stress increase in front of the crack tip. The stress distribution within the plastic
and process zones remains of high scientific interest, since the strains and stresses
control the plastic deformation and material separation that ultimately leads to
catastrophic failure. The experimental assessment of the strains/stresses within the
confined volume of the plastic zone is of vital importance to understand the mech-
anisms of crack growth and failure.

According to the available literature, stress distributions in front of the crack tip
have been investigated with neutron or synchrotron X-ray diffraction using gauge
volumes of ~ 2mm [8, 9] and down to ~ 25 pm [10-15], respectively. Some of the
reported experimental work has focused on (i) the influence of residual stresses on
crack growth in compact tension (CT) samples fabricated from Al alloys, but most
works were dedicated to resolving (ii) the influence of overload events on fatigue crack
growth in standard sample geometries. In the former case, tensile residual stress in
front of the crack tip led to a significant acceleration of (stable) crack growth during
unidirectional loading of the sample [8, 9]. However, standard fracture mechanics
samples are not suitable for thin film testing due to their restricted thickness. In the
field of micromechanical testing several cantilever-based geometries have therefore
been proposed and developed [16, 17]. In state-of-the-art experimental setup con-
figurations, cantilevers can be tested in situ inside a scanning electron microscope
(SEM) that allows following stable crack growth at the sample surface, and evaluat-
ing the fracture toughness of the material on the basis of load—deflection and crack
length-dependent stiffness data [17]. Digital Image Correlation (DIC) is usually a
method of choice to map strain distributions at the sample surface. However, stress
distributions within the material remain inaccessible to this technique without the
use of additional assumptions (elastic relationship between strains and stresses), or
further destructive testing steps [18]. Recent developments of the FIB-DIC tech-
nique have demonstrated its capability of mapping residual stresses at micron scale
lateral resolution and better than 25 nm in the depth direction [19-21].

On the other hand, cross-sectional X-ray nanodiffraction (CSnanoXRD), described

in detail in Refs. [22-25]) coupled with nano-indentation allows for in situ charac-
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terization of laterally and depth-dependent stress distributions generated in thin
films with a spatial resolution down to 200 x 200 nm?, giving new insights into the
deformation behaviour of exemplary nanoceramic TiN [22] and CrN [23], as well
as the stress relief caused by cracking. These experiments revealed the key effect
of abrupt changes of compressive residual stress parallel to the interfaces between
individual layers of similar materials on the formation and growth of cracks. The
nucleation of cracks in the top sublayer containing low residual stress is followed by
crack re-orientation, extensive crack deflection and crack arrest phenomena observed

at the interfaces of monophase sublayers [22, 23] of different residual stresses.

The present study utilised in situ CSnanoXRD for the first time to investigate
both the residual and loading-induced stresses during stepwise deformation of a
CrN-Cr nano-multilayer clamped cantilever. The evolution of a plastic zone ori-
ginating from a pre-milled notch and crack growth during mechanical loading were
monitored, quantified, and correlated with established theoretical approaches. In
situ experiments revealed the crack arrest effect of the interfaces between brittle
CrN and ductile Cr layers, as well as crack tip blunting that could be seen at the
highest applied load. The results were correlated with 2D numerical simulations

using the eigenstrain-finite element method.

C.2. Experiment and methods

C.2.1. Thin film synthesis

For this study, a multi-layered CrN-Cr film consisting of four layers, each ~ 5 to
5.5 nm thick, was deposited on an electrolytically polished plate made of high speed
steel (HSS) with lateral dimensions of 20 x 20mm? and a thickness of ~ 5mm.
The film was deposited by unbalanced magnetron sputtering using a powder me-
tallurgically produced Cr target. Prior to the deposition process, the chamber was
evacuated to 1074 Pa, the substrate was then heated to 350°C and plasma etched
for 10 min. The deposition was also performed at 350°C and a total pressure of 1 Pa
was applied. The Cr layers were deposited in a pure Ar atmosphere and an applied
bias voltage of —40 V, whereas the CrN layers were grown in an Ar 4+ Ns atmosphere
applying a bias voltage of —80V. The Ny partial pressure was adjusted to 0.25Pa

using a capacitive gauge. The resulting overall thickness of the film was ~ 21.7 pm.
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C.2.2. FIB-preparation and investigation of the cantilever

At first, a cross-sectional lamella for the CSnanoXRD experiment with a thickness of
~ 200 pm in beam direction was prepared from the thin film sample by mechanical
polishing. In the next step, a Tescan FERA3 FIB using Xe™-ions at an accelera-
tion voltage of 30kV and a current of 300nA was used to further cut the lamella
down to a remaining thickness of 45um in a region with a length of 200 pm and
to remove the substrate under the multilayer in this region. Prior to the cutting
operations, a Si-mask was lifted-out using a micromanipulator, which was placed
above the actual sample as a sacrificial protection to protect the sample surface
from the high Xet-ion currents. In order to cut the final geometry L x ¢t x B of
the clamped cantilever to 200 pm x 23.7 pm x 40 pm, FIB machining was employed
in a ZEISS Auriga CrossBeam Workstation by using Ga™ ions with a current of
13.6 nA. Finally, the notch was cut from the side on the bottom of the cantilever
with a current of 500 pA. The cantilever was imaged prior the experiment at an
acceleration voltage of 5kV and an aperture width of 60 pm using the SEM in-lens
detector of the workstation. For post mortem imaging after the CSnanoXRD ex-
periment, a ~ 500nm thick tungsten protection layer was deposited on the surface
of the clamped cantilever using the gas injection system of the FIB workstation to
protect the clamped cantilever surface from the Ga™ ion-damage. Afterwards, the
cross-section was fine ion-polished at continuously reduced ion current from 5nA to
500 pA and imaged with the secondary electron detector using a Ga™-ion current of
10 pA in order to reveal cross-sectional morphological features such as cracks, grain
orientation variations and/or plastic deformation of the clamped cantilever resulting

from the bending experiment.

C.2.3. CSnanoXRD experiment

The CSnanoXRD experiments was performed at beamline ID13 of the European
Synchrotron (ESRF) in Grenoble, France [24] using the indenter setup developed
for in situ indentation experiments and described in [23]. The nano-focussing lens
(NFL) [25] setup was used to focus the X-ray beam with a photon energy of 14.9keV
to a spot of 150nm in diameter and a focal depth of ~ 50 pm [24]. Prior to the
CSnanoXRD experiment, at first the interfaces between the CrN and Cr layers were
aligned parallel to the incident X-ray beam direction at two sample z positions
by performing a set of absorption line-scans along the z-axis at various sample
orientations around the y-axis (Fig. C.1a) using a point X-ray detector [24, 26]. The

optimal sample orientation was determined by maximizing the X-ray absorption
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contrast between the CrN- and the Cr-layers. Subsequently, two-dimensional (2D)
absorption scans (presented in Suppl. Fig.S.C.1) were performed to locate the
centre of the clamped cantilever and to determine the centres of the CSnanoXRD
mesh scans. The clamped cantilever was incrementally loaded to 150 and 460 mN
(¢f Fig.C.1b), and four areas of 40 x 30 pm? were characterized in detail by mesh
scanning the sample along the y- and z- direction in 200 nm steps (i) before applying
the load, (ii) at 150 mN load, (iii) at 460 mN load and (iv) after unloading. In total,
30351 2D diffractograms were recorded for each step. The 2D diffraction signal was
recorded by a Dectris Eiger X 4M detector at each measurement position using an

acquisition time of 50 ms. The exact detector geometry with respect to the sample

was calibrated using a NIST LaBg powder, yielding a sample-to-detector distance
of 152.60 mm. The evaluation of the 2D patterns containing CrN 111 and 200 or Cr
110 Debye-Scherrer rings (Fig. C.1) was performed using the pyFAI software package
27, 28].
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Figure C.1.: (a) Schematic sketch of the in situ CSnanoXRD setup. A clamped can-
tilever cut from the sample lamella with dimensions of L x t x B =
200 pm x 23.7 pm x 40 pm, where L, B and t are the length, width and thick-
ness of the clamped cantilever, respectively, was scanned with an X-ray beam
of ~ 150 nm in diameter along y and z axes in steps of 200 nm. During the
in situ CSnanoXRD experiment 30351 2D diffraction patterns were recorded
on an Eiger X 4 M CCD detector from 40 x 30 pm? large areas at each of
the 4 load steps in the centre of the clamped cantilever. A detailed descrip-
tion of the in situ CSnanoXRD indentation setup is given in Ref. [23]. (b)
Load-deflection curve of the clamped cantilever recorded during the in situ
synchrotron experiment. The arrow indicates the load of 150 mN. 2D dif-
fraction patterns for structural and stress analysis were recorded during the
experiment (i) before loading (0 mN), (ii) at 150 mN, (iii) at 460 mN and (iv)
after unloading (0 mN).
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C.2.4. CSnanoXRD data analysis

Qualitative texture analysis was carried out by a radial () integration of the CrN
200 and Cr 110 Debye-Scherrer rings providing azimuthal intensity distributions
I™R(§, 2) and the data were plotted as a function of the azimuthal angle &, which
is the angle between the film normal and the projection of the diffraction vector onto
the detector (Fig. C.1). The diffuse scattering at relatively small diffraction angles,
i.e. small-angle X-ray scattering (SAXS), around the beam stop (Fig. C.1) originates
primarily from electron density variations, such as alternation of materials, presence
of grain boundaries, interfaces, cracks, precipitates and pores with sizes of A/¢ where
A represents the X-ray wavelength and € is a half of the Bragg angle [29, 30]. In the
present case, the signal scattered onto the 2D detector at the diffraction angles of
~ 0.05 to ~ 0.5 degrees was integrated radially (#) and azimuthally () in order to
obtain a qualitative information primarily on the occurrence of the growing crack
within the clamped cantilever.

In order to evaluate the stress tensor distributions Uf;(y, z) with i, = z,vy, 2,
an integration of the diffraction patterns was performed over the azimuthal angle
0 in Ad segments of 10deg. Thus, 36 radial intensity distributions I(6, Ad) were
obtained for each exposure. The positions of CrN 111 and 200 and Cr 110 dif-
fraction peaks ™! (Ad,),g = [1,36] and, subsequently, the orientation-dependent
lattice parameterd%’hkl(y, z), were determined by fitting the X-ray diffraction pat-
terns using a Pseudo-Voigt function in each cake g. The orientation-dependent
lattice strain Egré’hkl(y, z) for each phase m and corresponding Debye-Scherrer ring

hkl was determined as follows

m,hkl m,hkl
d59 (% z) — dy
m,hkl )
dy

ikl
s (y,2) =

€50 (C.1)

where 6 is the diffraction angle, ¢ the azimuthal orientation on the detector (cf.
Fig.C.1), dgé’hkl(y, z) is the lattice parameter obtained at the respective diffraction
angle # and azimuthal orientation ¢ and dgb’hkl(y, z) = % is the stress-free
lattice spacing for a particular hkl reflection.

The unstressed lattice constant of CrN was determined from diffraction data near
the surface of an undeformed region of the film, considering the stress-free out-of-
plane orientation [31] and found to be a§™ = 0.41607nm. In the case of Cr, the
stress-free lattice parameter a§"™ = 0.288839 was adopted from literature [32]. Since
the Cr layers are never at a free surface, they are always exposed to inherent stress

and hence no location with a stress-free orientation exists for this phase.
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The measured orientation-dependent lattice strain z-:gz Tkt

m, hkl

(y,z) is a function of

unknown dependent strain components €, with ¢, j = x,y, z defined in the sample

coordinate system as follows

el (y, z) = sin? 9T (y, 2) + cos? O sin? SeTHMH (y, 2) + cos? O cos? SR (y, 2)

— sin 260 cos 6™ (y, 2) + cos? O sin 20y hkl(y, z) — sin 20 sin 0&7% hkl,
(C.2)
m,hkl

o of

Eq. C.2 can be replaced by the components of the stress tensor o M defined in the

m,hkl

Using X-ray elastic constants Sy and S’m MK the strain components e

sample coordinate system as follows

er "™y, 2) = ST (o (3, 2) + o (9, 2) + 0Ty, 2)]
+355" oIkl [sm2 OomhkL (y, 2) + cos? O sin? 60£’hkl(y, 2) + cos? 0 cos? 5o (y, 2)
— sin 26 cos 5ok (y, 2) + cos?  sin 250$’hkl(y, z) — sin 20 sin doyy; hkt],

(C.3)
X-ray elastic constants of ScrN M — 993 x 1074 GPa™!, 3 ScrN M — 4,446 x
1073 GPa~!, 7™ = 299 x 1074 GPa~! | 1552 = 2575 x 1073 GPa™! |
S0 = 749 x 1074 GPa~! and 15570 = 4.441 x 1073 GPa~! for CrN and Cr,
respectively, were adopted from literature [33, 34]. Concerning the evaluation of the
as-deposited stress gradients within the thin film, the sin? ¢-method can be adopted

as follows

ey MRy, 2) = oy, 2) 257" ohkl Z;’hkl( ) Sm Bkl [Sin2 0 + cos? 0 sin” 5} , (C.4)

where the shear stresses along the planes parallel to the primary X-ray beam where
neglected for simplicity and the in-plane stress state was estimated as equibiaxial
oy, z) = oy, (y, z). Across the loaded cross-section of the clamped cantilever, the
stress state was evaluated by least-squares fitting an overdetermined system of 36

linear equations

hkl ,hkl
er "™y, 2) = ST (o (3, 2) + o (9, 2) + 0Ty, 2)]
+355" okl [51112 OGPk (y, 2) + cos? O sin? 50%}‘“(3/, z) (C.5)

+ cos? 0 cos? 6o (3, 2) 4 cos? O sin 260$7hkl(y, 2)].

based on the measured lattice strain eg';’hkl(y, z) evaluated for each cake g. It



C.2. Experiment and methods

was assumed that the stress components o7 (y,z) with j = z,y,2z did not change
significantly during the cantilever loading due to the particular experiment geometry
and therefore 0% (y, z) values from the as-deposited state were considered in Eq. C.5.

whereby o7 (y, z) and 07} (y, 2) values were neglected for simplicity.

C.2.5. 2D-Simulation

In order to gain additional insight into stress and strain accommodation mechanisms
within the CrN-Cr multilayer system before and during loading, a finite element
(FE) model was created using the COMSOL Multiphysics® package. The cantilever
dimensions were selected according to the SEM measurements shown in Fig. C.2.

The material properties employed are summarised in Table C.1.

Table C.1.: Material properties of Cr and CrN layers and HSS substrate employed for the
FE simulation.

Material ~Young’s Modulus £ [GPa] Poisson’s ratio v

Cr [32] 279 0.21
CrN [35] 220 0.20
HSS 210 0.29

For all loading steps, the stress distribution within individual layers is a super-
position of two main stress sources: (i) residual stress originating from processing,
i.e. incident particles and thermal mismatch between coating and substrate o,es (cf.
Sec. C.3.1) and (ii) bending/indentation stresses o, arising from the external load
applied by the indenter tip (Fj,q). The residual stress 0,5 at each point of the mul-
tilayer was modelled by prescribing the eigenstrain tensors % o, and €p o, within
the Cr and CrN layers, respectively. These tensors were obtained by iteratively solv-
ing the inverse problem of the eigenstrain reconstruction method (ERM) assuming
that both the ductile behaviour of Cr interlayers as well as the more rigid behaviour
of CrN layers contained either quadratic or constant eigenstrain distribution with
respect to the film thickness direction. The eigenstrain component for Cr layers in
horizontal direction £7; o, was assumed to follow a quadratic function distribution.
In contrast, the vertical component €35 ¢, and the out-of-plane component £3, ¢,
were modelled as constant. For the CrN layers, all eigenstrain components were
chosen to be constant. These assumptions and resulting eigenstrain distributions
were validated by comparing the residual stress resulting from the FE modelling

with the experimental data from Fig.C.3c. As a result, the following eigenstrain
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tensors were used for the simulation:

* 2 *
a (511’Cr> + b511,Cr +c 0 0
€BCr = 0 Eoce O (C.6)
0 0 8?3:3,01"
ETLCrN 0 0
EB,CrN = 0 €39.CxN 0 (C.7)
0 0 €33 CrN

For the pre-loaded reference state, a small notch through the HSS substrate was
added to the model of the clamped cantilever, as shown in Fig. C.4. Finally, linear
elastic material properties and symmetry along the vertical centreline of the can-
tilever were assumed. Subsequently, the indentation loads Fj,q= 150 and 460 mN
were applied at the centre of the clamped cantilever, keeping the found eigenstrain
distribution unchanged to ensure that the residual stress was accounted for dur-
ing the simulation of the indentation. As the experimental SAXS map data (cf.
Fig. C.4) clearly indicates the formation of a crack through the Cr layer opposite of
the indenter tip after the initial loading, the same crack was considered in the FE
model at 460 mN to account for this effect. The simulation results will be discussed
in Sec. C.3.3.

C.3. Results

C.3.1. Ex situ thin film analysis
C.3.1.1 Ex situ microstructural investigations

The as-fabricated clamped cantilever is shown in Fig. C.2a at an inclination of 45 deg.
The length and width of the cantilever were ~ 200 and 40 um, respectively. The
cross-section of the clamped cantilever prepared by FIB at the centre of the sample
after the in situ CSnanoXRD experiment revealed a dense, columnar-grained micro-
structure in all 4 layers of the film (Fig. C.2b). The SEM inspection of the sample
revealed a remaining portion of the substrate with a thickness of ~ 2 pm (Fig. C.2b),
which was not fully removed by FIB. The notch milled by FIB with a total depth
of ~ 2.7pnm thus resulted in a notch in the Cr sublayer with a depth of ~ 700 nm.
The total thickness of the cantilever was ~ 23.7pm. The thickness of individual
Cr and CrN layers ranged between 5.2 and 5.5 pm. Furthermore, a quasi-epitaxial

relationship between CrN and Cr was revealed by a constant channelling contrast
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of the individual Cr and CrN grains across the CrN-Cr interface in the FIB-image
(Figs. C.2c-e), along with the absence of fine-grained nucleation layers, as observed
also elsewhere [32]. No such structural relation was found for the Cr sublayer grown
on the HSS substrate (Fig. C.2f). Although a relatively coarse-grained microstruc-
ture of the CrN layers would be expected throughout the multilayer [32], the CrN
layers were rather fine-grained, which is related to the intense ion bombardment
assisting the layer growth. This is in contrast to the coarse-grained Cr layers grown
at moderate bias voltage (Fig. C.2b) [32, 36].

Figure C.2.: (a) SEM micrograph of the as-fabricated clamped cantilever at an inclination
of 45deg and (b) its cross-section prepared after the in situ CSnanoXRD
synchrotron experiment. SEM cross-sectional micrographs showing in detail
individual interfaces marked with the dashed rectangles in (b) from top to
bottom between (c) CrN and Cr, (d) Cr and CrN, (e) CrN and Cr and (f) Cr
and HSS substrate. The arrows indicate the position of the notch.

C.3.1.2 Ex situ CSnanoXRD analysis

Results of the CSnanoXRD analysis performed ex situ on an undeformed region of
the sample are shown in Fig. C.3. Fig. C.3a shows averaged diffraction data including
Cr 110, CrN 111 and 200 reflections and reflections emanating from the substrate. In

addition, weak CryN reflections were detected in the transition zones in the vicinity
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of the CrN-Cr interfaces (Fig. C.3a). The sharp transition between the individual
Cr and CrN sample regions confirms the excellent sample alignment with respect to
the incident X-ray beam, also documented by Suppl. Fig.S.C.1. Diffraction data
from the non-deformed region were furthermore used for qualitative texture analysis.
In the lower Cr sublayer, a (102) fibre texture was detected across the whole layer
thickness, as evident by the azimuthal maxima of the 110 Debye-Scherrer ring at
azimuthal angles of +15, 445 and +75 deg in Fig. C.3b. The following CrN sublayer
is characterized by a (311) fibre texture near the CrN-Cr interface, which gradually
changes into a (111) fibre texture. This texture cross-over is evident by a change of
the position of the azimuthal maxima of the 200 Debye-Scherrer ring from +25 and
+72deg to ~ £55deg. The pronounced (110) texture of the top Cr layer completely
differs to that of the Cr layer grown on the substrate surface. While the growth of the
Cr layer on the HSS substrate is controlled only by fundamental growth mechanisms
associated with the minimization of the strain energy at the initial growth stages
and kinetic restrictions at greater layer thicknesses resulting in the (102) texture, the
growth of the 110-oriented Cr grains on the top of the CrN layer with (111) texture
was stimulated by the mutual epitaxial relationship between Cr and CrN grains. It
can be expressed as {111}, [[{110}, . Epitaxial alignment of the top CrN sublayer
along the 110-oriented Cr grains resulted in a subsequent development of the (311)
fibre texture of the topmost CrN layer. The gradual texture cross-over from a rather
weak (311) fibre texture into a strong (111) fibre texture was driven by the kinetic
restrictions associated with a high bias voltage assisting growth of the CrN layer.
Moreover, the alignment of (311)~,y grains of the lower CrN layer on(102), grains
of the lower Cr layer is consistent with the epitaxial relationship {100}, {100}, ,
reflected by the intensity maxima at £25.3 and +26.6 deg off the out-of-plane axis,
respectively, which is commonly observed and extensively discussed in literature [32,
37, 38].

Fig. C.3c shows the as-deposited stress state across the undeformed film. Com-
pressive stress in Cr layers ranges between —0.15 and ~ —1.60 GPa and between
—2.45 and —3.40 GPa in CrN layers. The compressive stress state in all layers is a
result of (i) a dominant high-energy ion bombardment-assisted growth of the film
and (ii) compressive stress build-up associated with the mismatch of the coefficients
of thermal expansion between the layers and substrate (apss > acy > acn) and the
subsequent development of compressive thermal stress during cooling of the coated
sample from the deposition temperature down to room temperature. The variation
of the compressive stress between individual layers is given by different energetic

growth conditions (Cr layers were deposited at lower bias voltages than the CrN
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Figure C.3.: Phase plot displaying azimuthally averaged intensities of CrIN 111 and 200, as
well as Cr 110 Debye-Scherrer rings (a), the azimuthal intensity distributions
of CrN 200 and Cr 110 Debye-Scherrer rings (b) and in-plane distribution of
average residual stress o7 (z) in individual CrN and Cr layers (c). z =0 pm
corresponds to the film surface, z = 22.5 pm corresponds to the film/substrate
interface.

layers), the variation of the stress state within individual layers, however, has a dif-
ferent origin. It is predominantly given by the variation of the crystallite size and
associated defect density gradients within individual layers [32, 38, 39]. Much higher
compressive stress was thus observed in the nucleation layer of the lower Cr sublayer
(cf. Fig. C.3c), which decreases as the Cr grains increase in size (¢f. Fig. C.2b). On
the other hand, the stress state in the top Cr layer varies to much a lower extent,
due to fairly constant Cr grain size throughout the layer, promoted by the local
epitaxial growth of Cr on the coarse-grained CrN sublayer [26]. In both CrN layers,
residual stress gradually increases over the film thickness, which is associated with
multiple re-nucleation events during growth, resulting in repeated reduction of the
grain size and increased contribution of the compressive intrinsic stress to the overall
stress state (Figs. C.3c). Although the ion bombardment conditions did not change
between the two CrN layers, the stress gradient in the top CrN sublayer is more pro-
nounced compared to the lower CrN layer. This can be attributed to microstructural
effects, such as crystallite realignment, deformation and splitting, originating form
incoming accelerated particles from the plasma discharge [2, 15]. Residual stress
gradients emerging from deposition of thin films (Fig. C.3c) have been investigated

thoroughly in our earlier reports [32, 39] and are out of the scope of this work.
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C.3.2. In situ experiment
C.3.2.1 Load-displacement data

Fig. C.1b shows the load-displacement curve recorded during the in situ CSnan-
0XRD experiment. During loading to ~ 450 mN, only a linear-elastic response was
observed, while plastic deformation is not visible. The periodic load drops are re-
lated to the stepwise movement of the piezo actuator that is used to load the sample.
At loads higher than 450 mN, the change in the slope of the curve indicates a change
in stiffness of the cantilever, which is attributed to formation and growth of cracks
(Fig. C.1b). The unloading is fully elastic without indications of inelastic changes in

the material.

C.3.2.2 Small-angle X-ray scattering microscopy

Fig. C.4 presents small-angle X-ray scattering microscopy (SAXSMs) micrographs
compiled from the integrated intensities close to the direct beam, collected at 4
selected load steps (cf. Sec.C.2.3) during the in situ experiment (before loading,
at 150 and 460 mN and after unloading). In the as-fabricated state, the individual
Cr and CrN layers can be clearly distinguished due to their different scattering
intensity (Fig.C.4a). Furthermore, the CrN-Cr interfaces, the remaining part of
the substrate with a thickness of ~2-4.5pum and the notch, penetrating ~700nm
into the first Cr layer, are clearly visible. At a load of 150 mN, bending of the
cantilever was initiated by the indenter, as indicated by translation of the CrN-Cr
interfaces from their original positions (Fig. C.4b). An excellent lateral alignment
of the indenter and notch indicates symmetrical loading conditions, with a lateral
misalignment between indenter tip and notch of only f =~ 0.8 pm, which allows for a
precise data interpretation. This alignment is critical for the experiment, because the
ratio between mode II stress intensity Kjy (in-plane shear mode) and mode I stress
intensity K7 (crack-opening mode) is proportional to the misalignment between the
indenter tip and notch over the length of the beam % and inversely proportional to
the aspect ratio of the cantilever £ [40, 41].

Consequently, during evaluation of stresses and stress intensities applied to the
clamped cantilever, K can be neglected [40]. The SAXS micrograph recorded at
the maximum load of 460 mN (Fig. C.4c) reveals the formation of a crack at the tip of
the notch, which is responsible for the change of the slope of the load-displacement
curve in Fig. C.1b. After the release of the indenter tip, the interfaces realigned,

leaving only slight residual curvature in the region located directly underneath the
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Figure C.4.: SAXSM micrographs of the clamped cantilever (a) in the as-fabricated state,
(b) during loading at 150 mN, (c) at a 460 mN load and (d) after unloading.

contact area with the indenter tip (Fig. C.4d).

C.3.2.3 Experimental stress results

The stresses evaluated from the in situ experiment according to Sec. C.2.4 are presen-
ted here, in the context of linear-elastic (LEFM) and elastic-plastic (EPFM) fracture

mechanics.

C.3.2.3.1 Experimental in-plane stresses The in-plane stress distributions oy, (y, 2)

at different stages of the in situ experiment on the CrN-Cr clamped cantilever are
presented over the entire measurement area in Fig. C.5 and in the form of a vertical
section at position y = —20pm in Fig. C.6. The stress state in the as-fabricated
cantilever far away from the notch (y outside +15pm, Figs. C.5a,C.6a) is almost
identical to that determined in the film in its as-deposited state (Fig. C.3c). Slightly
increased compressive stress (add. —500 MPa) in the upper three layers is mainly
related to compressive stress introduced by milling the notch and substrate removal
(not quantified here).

According to LEFM, the stress azlyasm that develops in front of a crack tip intro-
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Figure C.5.: In-plane/horizontal stresses o, (y, 2) in the CrN and Cr layers of the clamped

cantilever (a) in the as-fabricated state, (b) during loading at 150 mN, (c) at
a 460 mN load and (d) after unloading. The isostress-line in (a) and (d) at
-2 GPa shows the different stress concentrations in front of the initial notch
before and after loading, respectively. The data at each individual load step
were evaluated from 30351 2D diffraction patterns. Note the different stress
levels in the colour code for CrN and Cr.

duced in an ideal linear-elastic material is given by the equation

K
il B Ccos (tp> {1 + sin <90> sin (3('0”
27r 2 2 2

where K7 is the effective stress intensity and r and ¢ are cylindrical coordinates

elastic __
vy -

(C.8)

with the origin located at the crack tip [42]. In the cases of ¢ = 0deg, the equation

can be simplified to

O_elastlc _ C.9
yy ( 7") m ( )
and at the centre of the plastic zone,
oelastic(y 2 = 0.4pm, ¢ = arctan 22— ) =
vy KIT T 0.4111’113 (C]_O)

V2r (2 (04 m)2)
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where 2, and y, are in a relative orthogonal coordinate system with the same
origin as r and ¢. o0y, in the directions parallel and perpendicular to the crack is
shown in Fig. C.7a and C.7b, respectively. Since the residual stress is compressive in
all layers, the stress concentration around the notch is also compressive. By applying
the experimentally determined stress state to Egs. C.9 and C.10, an effective stress
intensity of Kyeg ~ —5.9 + 0.4MPam'/? (¢f. Fig.C.7a) was calculated [42, 43].
Although the change of the stress state brought on by introducing the notch is
noticeable in all 4 layers (Fig. C.5a), it is most pronounced within a radius of ~4.5-
5 pm around the notch, as shown in Fig. C.7b. This can be attributed to the presence
of the CrN-Cr interface, which possibly hinders the expansion of the elastic field

originating at the crack tip.

Within a distance z, <

~

< +1.4pm from the crack tip, the stress

~

800 nm and y,
distributions derived from Eqgs.C.8, C.9 and C.10 are no longer corresponding to
the experimental data (Fig. C.7a,b). This is a consequence of the stress state at the
crack tip exceeding the elastic limit of the Cr layer and resulting in the formation of a
plastic zone around the crack tip [42]. An in-plane stress of —2.6 GPa was measured
at the intersection between elastic and plastic areas, which exceeds the yield stress
for nanocrystalline Cr of ~ 2GPa [44, 45] and can be related to the significant
hydrostatic portion of the stress tensor (cf. Sec.C.3.2). The data within the plastic
zone have thus to be treated considering the crack-tip-singularity and its effect on
a power-law hardening of the material as described by Ramberg and Osgood [46],
according to the equation derived by Hutchinson [7] and Rice and Rosengren [6, 7]
(HRR) for the stress state within the plastic zone originated at the crack tip

1 1

Orr (’I”, 90) =0 (na SO)T Hn, 0wy (’l“, 90) =0 (n7 QO)’I“ 4n, (C'll)

where r and ¢ are cylindrical coordinates as described above, C'1,C5 are orientation-
dependent variables and n is the power law hardening coefficient ranging from 1 to
oo, where n = 1 and n = oo represent a linear-elastic material and an elastic-ideal
plastic material, respectively [46]. Restricting Eq.C.11 to our relative orthogonal

coordinate system leads to

ORI (2,) = pp(r, ¢ = 0°) = Ci(n, = 0°)z 777, (C.12)
and
. 1
D (2,) = 0pp(rip = 0°) = Ci(n,p = 0°)z 7, (C.13)

C-17



C. Evolution of stress fields during crack growth . ..

The power law hardening coefficient for Cr in front of the crack tip can be roughly
estimated from the observed slope 0.15 = 14%1 in Fig. C.7a,b and subsequently yields
n = 5.7, which fits well to literature values for Fe deformed by equal-channel angular
pressing, for which n =~ 4 — 9 was determined after considering saturation of the
grain size in the nanocrystalline regime [47].

Under elastic loading, the stress state developing inside the cantilever can be
described as a sum of stress components originating from (i) the bending of the
cantilever beam at a given load, (ii) the stress introduced by the contact with the
indenter tip, (iii) the stress developed at the tip of the notch during loading and
(iv) the stress associated with the film growth (residual stress) [8, 43], and may
thus be very high. In order to better understand axial stress changes due to load-
ing, the stress relative to the residual stress in as-fabricated state at y = —20pum
is displayed in Fig. C.6¢, together with the ideal-elastic loading calculated using the
ERM (dashed lines in Fig. C.6c, ¢f. Sec.C.3.3 and Figs. C.6b,C.10). The experi-
mentally assessed relative axial stress magnitudes at the load of 150 mN in the 4
layers correspond very well to magnitudes theoretically calculated ERM (Fig. C.6c¢).
The noticeable deviation between experiment and model in the top CrN layer is
highly correlated to the stress introduced by the indenter tip (Fig.C.5b) and in
agreement to long-range stress profiles measured during indentation [22, 23]. The
axial compressive stress in this layer reached values of ~ —4.5 GPa already at a
deflection force of 150 mN (Fig. C.6a). The stress field was rather symmetric and
the maximum stress was accumulated at an inclination of 30deg to the surface
normal (Fig. C.5b). This stress distribution is determined by the geometry of the
indenter tip and the cantilever [22, 23]. On the other hand, the stress near the
notch tip, exhibiting values of ~ —2.5 GPa in the as-fabricated state, was reduced
to ~ —1.6 GPa at 150 mN load (Fig. C.7a,d). According to Eq. C.9, this corresponds
to an effective stress intensity of ~ —3.0+0.5 MPam”. Furthermore, the size of the
zone dominated by the elastic field of the crack tip was reduced to ~ 3 pm, which is
associated with the bending stress counteracting the initial state. Corresponding to
the findings above, the size of the plastic zone and the slope of the stresses within
did not change after loading to 150 mN, supporting the conclusion that the stress
state accumulated through loading to 150 mN (Figs. C.5b,C.6¢,C.7) was elastically
superimposed onto the initial stress state before bending (Figs. C.5a,C.6a,c,C.7).

The onset of plastic deformation that is detectable by the change of the slope of
the load-displacement curve at a load of 450 mN (Fig. C.1b) was used to calculate
fracture toughness of the lower Cr layer, in which initiation and growth of a crack

took place (Fig. C.4c). By applying linear-elastic fracture mechanics for the critical
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Figure C.6.: In-plane/axial stress magnitudes oy () far off the notch (y = —20pm) for
(a) CrN and Cr inside the clamped cantilever at selected loads during the
in situ experiment, (b) in-plane/axial stress magnitudes oy (z) far off the
notch (y = —20pum) for CrN and Cr of the clamped cantilever calculated
using the ERM, and (c) the difference between the stress at the selected
loads and the residual stress in as-fabricated state Ao = 0yy s — Oy as—cut for
the experiment and simulation. The dashed vertical lines show the interfaces
between Cr and CrN. z = Opm corresponds to the indented film surface,
z = 22.5 pm corresponds to the film/substrate interface and the position of
the notch.

load, a value of 2.840.5 MPam” was obtained, which is in a good agreement with

Kie ~2.5-2.7MPam” determined by bending of microcantilever beams fabricated
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from Cr thin films having comparable microstructure and residual stress state [3, 45,
48]. The axial stress state at a load of 460 mN is shown in Fig. C.5¢ and Fig. C.6a.
Magnitudes as high as —9 GPa were revealed underneath the indenter tip directly
in the contact area (Fig. 5¢). Similar values for axial stress have been reported also
for other in situ and er situ experiments performed on comparable CrN films [23,
26]. The stress field in the CrN top-layer underneath the indenter developed at the
load of 460 mN (Fig. C.5¢) is similarly shaped to the stress field observed at 150 mN
(Fig. C.5b), only the stress values are correspondingly higher. The in-plane stress in
the lower Cr interlayer almost fully relaxed due to propagation of the crack through
almost the entire Cr layer (Fig.C.4c) and induced extensive stress relief in a large
volume including also a part of the CrN layer close to the Cr-CrN interface. The
relative stress accumulated after loading to 460 mN is shown in Fig. C.6¢ together
with the elastic stress profile calculated from ERM. Significant differences from ideal
elastic loading are revealed by the experimental data, which can be attributed to
(i) a loss of stiffness due to crack growth and stress relaxation in the lower Cr
sublayer, (ii) high stress concentrations in the top CrN layer as a consequence of
indentation and (iii) plastic flow in the top Cr layer as a consequence of compressive
stress accumulated through both indentation and bending. Remarkably, directly
at the surface of the top CrN layer at y = 4+20pm, the increase in compressive
stress magnitude is in very good agreement with the results from ERM (Fig. C.6¢),
which leads us to conclude that the axial stress originated from the indentation
are restricted to sub-surface regions [23]. The change of the stress state in both
Cr layers from compressive to tensile (~ 700 MPa in the upper and 200 MPa in the
lower Cr sublayer) after unloading (Figs. C.5d,C.6a,c) is associated with the inelastic
deformation of the cantilever. For the same reason, the axial stress in the top CrN
layer after unloading is more compressive compared to the stress state in its as-
fabricated state. Additional compressive residual stress in the centre of the CrN
layer is due to plastic deformation near the indenter contact area and also further
away in the top Cr sublayer (Fig. C.5d). On the contrary, no inelastic stress changes
were observed in the lower CrN layer (Fig. C.5d), which is due to its position close
to the neutral fibre of the clamped cantilever. The compressive stress introduced
by milling the notch in the lower Cr layer, which was suppressed during bending
of the cantilever, re-emerged after loading and exhibits almost the same value of
~ —2.5 GPa (Fig. C.5d). This is related to nearly ideal crack closing and restoration

of the material’s integrity under compressive load.
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Figure C.7.: In-plane/axial stress 05;(%2) developed in front of the notch tip in the

Cr/HSS sublayer. Experimental data corresponding to the Cr layer at co-
ordinates (a) z, = [0.2,4.6] pm (b) and y, = [—20, 20] pm in the as-fabricated
state and at a load of 150 mN. For comparison, power-law-fits for the HRR-
dominated plastically deformed zone in front of the notch (red) and the stress-
intensity-factor-dominated elastically stressed zone (blue) are also given. The
dotted lines at z, = 0.8 pm andy, = +1.5um in (a) and (b), respectively, in-
dicate the border between elastic and plastc zone. 2D colour plots presented
in Fig. C.5 are shown here in detail for the area around the notch tip (c) in
the as-fabricated state of the cantilever and (d) at a load of 150 mN. The
dotted line in (c) and (d) at z, = 0.4 pm represent the positions, where the
data for (b) were obtained.
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C.3.2.3.2 Experimental out-of-plane stresses Concerning the out-of-plane stresses
o’ in the as-fabricated state displayed in Fig. C.8a, it is evident that the stress dis-
tribution is mainly governed by the notch. The out-of-plane stress introduced by a

crack tip is given by the equation

. K 3
elastic __ I f _oal f 3 7(‘0
Oz = 5008 (2> {1 sin (2> sin ( 5 )} (C.14)

which is only valid as long as r < a. In the present case, where r =~ a, the solution
for the crack tip singularity derived by Sneddon [49] has to be used, which takes
the non-singular part, i.e. far-field oy ~, also into account. This equation can be

simplified for the direction parallel to the crack as

K
—L oy (C.15)
2mr

elastic

zZz

o elastic( )_
) =

(rp=0°) =0g;

In as-fabricated state, a maximum compressive stress of ~ —1.4 GPa was found
at a distance of ~1ypum from the crack tip (cf. Fig. C.8a, Suppl. Fig.S.C.3a,b). By
comparing this value to oy, (%) shown in Fig.C.7, it can be seen that the stress
profiles differ by approximately the amount of in-plane residual stress far off the
crack tip, which confirms the applicability of Eq.C.15. Comparable deviations of
the experimental results from Eq. C.14 were found in [13], where the stress in front
of the crack in crack opening (y) and crack-growth (z) direction deviated by a factor
of ~ 2.5. Additionally, in contrast to the in-plane/axial stresses, the out-of-plane
stress in the cantilever has to fulfil the equilibrium condition at the crack tip, i.e.
at free surfaces, stress magnitudes parallel to the surface normal have to be 0,
which leads to a reduction of the elastic out-of-plane stress magnitudes within the
plastic zone. As a load of 150mN is applied to the clamped cantilever, the stress
field originated from the notch is reduced as a consequence of the reduced applied
stress intensity (Figs.C.8b, C.7a). Furthermore, the notch-induced stress field is
superimposed by the compression field beneath the indenter tip (Fig. C.8b), which
resulted in two compressive maxima of ~ —0.75 GPa and ~ —1.25 GPa, induced by
the notch and impinging indenter tip, respectively. Corresponding to the in-plane
stress magnitudes presented in Fig. C.8a, the size of the elastic zone in front of the
crack tip is reduced to ~ 3pm (Suppl. Fig.S.C.3a,b). Additionally, at the surface
of the topmost CrN sublayer, tensile stress of ~ 0.25 GPa form as a consequence of
pile-up formation in the indenter imprint region, which is in agreement with results
by Zeilinger et al. [22] and Ecker et al. [23].
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Figure C.8.: Out-of-plane/vertical stresses o7%(y,z) in the CrN and Cr layers of the
clamped cantilever (a) in the as-fabricated state, (b) during loading at
150mN, (c) at a 460mN load and (d) after unloading. The data at each
individual load step were evaluated from 30351 2D diffraction patterns.

At the maximum load of 460 mN, the stress field induced by the notch mostly dis-
appeared, whereas the out-of-plane compressive indentation-induced stress reached a
maximum in excess of —5 GPa (Fig. C.8c), which is associated with classical Hertzian
contact mechanics [22, 23]. At this load, the out-of-plane compressive contact stress
penetrated through all layers, and was separated laterally by the stress-free cracked
zone in the lowest Cr sublayer as a consequence of crack growth. Furthermore, the
tensile stressed zones aside the contact area with the indenter in the topmost CrN
layer reached magnitudes of ~ 1 GPa (Fig. C.8¢c). After unloading, residual out-of-
plane compressive and tensile stress remained around the indentation imprint and
additionally, the notch-induced stress field reappeared, which is related to plastic
deformation and crack tip blunting in the lower Cr sublayer, as already discussed
above (Fig. C.8d).

C.3.2.3.3 Experimental shear stresses The shear stress az’f;(y,z) evolution dur-

ing the in situ experiment is shown in Fig. C.9. In the as-fabricated state, notch-

induced shear stresses are dominant within all layers (Fig. C.9a), reaching a max-
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C. Evolution of stress fields during crack growth . ..

imum of +1 GPa symmetrically next to the notch. Furthermore, the formation of
shear stresses appears to be independent of the elastic response of the individual
layers and is not interrupted by the interfaces (Fig.C.9a). Shear stresses in the

crack-tip-area can be described by linear-elastic fracture mechanics as follows

. K
Uzlzasm = 727; cos (g) sin (g) coS <32<,0) . (C.16)

From Eq.C.16 and Fig. C.9, it can be seen that the crack-tip shear stresses are
0 along the z, axis. Perpendicular to the crack tip (along y,), Eq.C.16 can be
simplified to

: 1 K

elastic I
o = - . C.17
yz 4 ‘\/ 27y, (G17)

The shear stresses in as-fabricated state perpendicular to the crack tip are shown
in Suppl. Fig.S.C.4a and b, from which follows that the observed shear stresses
corresponds to an effective stress intensity of Kicg ~ —5.9 £0.4 MPa m'/ ? whereas

inside the plastic zone, the magnitude decreases.

After loading to 150 mN (Fig. C.9b), an indenter-induced shear stress field is in-
troduced in the topmost CrN sublayer according to Hertzian contact mechanics [22,
23]. This shear stress field reaches a magnitude of ~ £0.5 GPa symmetrically off-axis
beneath the indenter and appears to be restricted to the topmost CrN sublayer, al-
though a superposition of the shear stress induced by the notch and the shear stress
induced by the indenter cannot be excluded. Furthermore, the maximum magnitude
of the shear field in front of the crack tip is apparently reduced to ~ +0.5 GPa, while
its extension is restricted to the lower Cr and CrN layers (Fig. C.9b). In contrast,
the magnitude of the shear fields to the sides of the crack tip is increased, having
the same sign as the indenter-induced shear stresses (c¢f. Suppl. Fig.S.C.4a,c). Ad-
ditionally, a shear stress 7. is induced by the bending load acting as a shear force

Q= $§, according to

w=v (2= (3)) (.19

where P is the applied load and ¢ and b are the thickness and width of the can-
tilever, respectively. Hence, a maximum additional shear stress of ~110 MPa was
introduced along the neutral fibre axis at a load of 150 mN, whereas this addi-
tional shear stress reached ~340 MPa at 460 mN. It is obvious that the shear-force

induced shear stress counteracted the shear stresses introduced by the notch and
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the indenter, leading to lower apparent shear stresses in the centre of the clamped
cantilever (Fig.C.9b,c). This is especially visible at the transition from the lower
Cr to the lower CrN sublayer at 150 mN load (Fig. C.9b), where the change from
positive to negative shear stresses is drawn closer to the symmetry axis, compared
to the as-fabricated state (FigC.9a). After loading to 460 mN, the notch-induced
shear stresses disappeared as a consequence of crack growth, whereas the shear stress
induced by the indenter tip perpetrated in this case through all layers, reaching max-
ima of about +2 GPa, symmetrically in the topmost CrN sublayer (Fig. C.9¢c). After
unloading, again a superposition of indenter tip- and notch-related stress distribu-
tions were observed, indicating inelastic deformation in the topmost CrN sublayer

and crack tip blunting in the lowest CrN sublayer, respectively (FigC.9d).
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Figure C.9.: Shear stresses Jg;(y, z) in the CrN and Cr layers of the clamped cantilever

(a) in the as-fabricated state, (b) during loading at 150 mN, (c) at a 460 mN
load and (d) after unloading. The data at each individual load step were
evaluated from 30351 2D diffraction patterns.

C.3.2.3.4 Experimental equivalent von-Mises stresses and experimentally found
plastic zone Equivalent von-Mises stresses were calculated from the experimental
data in the area surrounding the notch for plane stress and plane strain state, re-

spectively, using the following equations
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OvM,planestress — \/O-Zy + 02, - OyyOzz + 3052 (C.19)

and

OvM,planestress = \/(Ugy + ng) (V2 —v+1)

—Oyy02z + 30§Z

(C.20)

where v is the Poisson ratio defined for Cr in Table C.1. The von-Mises stress
state is shown for plane stress and plane strain conditions in Suppl. Fig.S.C.5 and
S.C.6, respectively. It can be seen from both Suppl. Figs. that the experimentally
determined von-Mises yield stress ranges from 2.0 to 2.3 GPa. Additionally, per-
pendicular to the crack tip, the plastic zone is apparently elongated to ~ 3.5num
and is larger compared to that shown in Fig. C.7, where the size of the plastic zone
was determined to be 1.4 pm along the axial (y,) direction. By replacing o, 0.,
and oy, in Eqs.C.19 and C.20 with their counterparts from Eqgs. C.8, C.14 and C.15
under the assumption of a linear-elastic/ideal plastic material, quadratic equations

1

in were constructed as follows

NG
0= ()" (Bal) (st )+
(\/%) Tyy,00 (3 sin (£) sin (%‘") — 1) (C.21)
—i—agyw 0]20

Vo T Ve
(\/17,7) Tyy,00 (3 sin (£) sin (37‘”) -(1- 2y2)2) (C.22)
000 (1+V2—v) — 0}

for plane strain condition, respectively, where o, « is the stress far off the notch
(assumed as constant) and oy is the flow stress of Cr. The solutions for plane stress
and plane strain conditions are shown in Suppl. Figs.S.C.5¢ and S.C.6¢ for values
of oyy 00 = —1.2GPa and oy = 2.15GPa. While the former was obtained from
Fig. C.3, the latter is a value from literature [44]. The calculated plastic zone in
Suppl. Figs.S.C.5¢ and S.C.6¢ shows that (i) the size of the plastic zone is less
dependent on plane stress and plane strain condition and (ii) that the extension
of the plastic zone is significantly larger along the y-axis, contrary to the solutions

presented in Ref. [4]. Both results are a consequence of the comparatively higher
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deviatoric component of the stress tensor in front of the crack tip, caused mostly by

the far-field induced reduction of o, at distances of r =~ a.

C.3.3. Simulated stress results

After solving the eigenstrain problem using FEM, the in-plane/axial stress oy (v, 2)

components were obtained (Figs. C.6b and C.10). A comparison between Figs. C.5
and C.10 shows excellent agreement between the experimental and simulated exper-
iment for the as-fabricated state (Fj,4 = 0mN) and the first loading step (Fjq =
150mN). Before loading, the stress distribution is governed by the residual stress
induced by the deposition process and the presence of the notch that acts as a
stress raiser (Fig.C.10a). Additional contributions of compressive residual stress
were evaluated at the edges of clamping positions, which originate from the bound-
ary conditions. The excellent agreement with experimental data at the edge of the
experimentally investigated volume can be seen in Fig. C.6. After applying the first
loading step, stress concentrations around corners are reduced and intensified at
the top surface and the bottom of the clamped cantilever, respectively. Overall,
the bending deformation results in additional stress contributions, which are (i) in-
plane tensile stress at the clamping positions and compressive in-plane stress in the
centre in the top half of the clamped cantilever and (ii) in similar stress distribu-
tions of opposite signs formed at the lower half of the clamped cantilever. As a
consequence, the stress at the notch tip is significantly reduced, while the stress
magnitudes within the experimentally observed regions of the Cr layers still vary
between —1.5 GPa and —0.4 GPa and the compressive stress within the CrN layers
varies between —4.5GPa and —2.5 GPa. The calculated stress magnitudes agree
particularly well with experimental in-plane stresses oy, (y, 2) (cf. Fig. C.5b), which
validates the correct assumption of elastic deformation during loading up to 150 mN.

While the experimentally determined stress distributions (Fig. C.5 well agree with
the calculated data (Fig. C.10) for 150 mN load, they differ for the load of 460 mN.
This is likely caused by a combination of two effects: (i) the onset of plastic deform-
ation within both Cr and CrN was not taken into account by the linear-elastic FEM
model and (ii) the crack growth through the bottom Cr layer led to a relief and
consequent re-distribution of the axial component of stress. High stress concentra-
tions around the crack tip, as well as at the penetration point of indenter and at the
corner joining the cantilever with the rest of the multilayer become apparent during
this final loading steps, ranging from 5 GPa tension up to —10 GPa in compression.

These values exceed the elastic limits of nanocrystalline Cr and it is therefore not
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surprising to see lower stress values in the experimental data. In summary, the high
accuracy of the FE model confirms the experimental data in the elastic load range
and further highlights highly stressed regions at even higher loads, which makes
it very easy to identify, by considering the elastic limits of both layer components
and the substrate, inelastically deformed and potentially damaged material regions,

when comparing simulation and experiment.
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Figure C.10.: In-plane/axial stress o7, (y, z) magnitudes calculated using the ERM for CrN
and Cr inside the clamped cantilever in its (a) as-fabricated state, and at
loads of (b) 150mN and (c¢) 460 mN. The dashed line indicates the edge of
the stress fields assessed by the experiment. Note the different stress values
in the colour code for CrN and Cr.
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C.4. Discussion

C.4.1. In situ synchrotron setup and measurement conditions

In previous ez situ and in situ X-ray diffraction studies, focussed on the determ-
ination of stresses in front of a crack tip during fatigue experiments and overload
fatigue events, beam sizes (gauge volumes) between 25 and 60 pm have been applied
to compact tension samples [11, 13-15]. In these studies, normal stresses in the
sample volume and total strain at the surface in front of the crack tip have been
investigated using synchrotron X-ray diffraction and DIC, respectively, while the
actual crack tip has been tracked at the sample surface using optical microscopy. In
only one other study, residual strain and crack closure have been measured ex situ
after an overload event by a combination of X-ray diffraction and X-ray tomography
in the sample volume [10], allowing for separation of plasticity-induced closure and
residual stress contributions to fatigue crack retardation following an overload [50].
In contrast, the in situ CSnanoXRD setup at the nanofocus beamline (ID13, ESRF)
presented in [23] and utilized in this study allowed, for the first time, to determine
the stress distributions in the crack-tip area and within the plastic zone with nano-
scale resolution for a thin film material (¢f. Figs. C.5, C.6, C.7, C.8, C.9). Our work
thus represents the first successful attempt to map the full 2D stress tensor perpen-
dicular to the incident X-ray beam including also shear stresses (c¢f. Figs. C.5, C.6,
C.7, C.8, C.9) and simultaneously visualizing the crack and its growth within the
investigated volume (cf. Fig. C.4). In a first step, validity of the fracture experiment

is asserted by the condition

K. ’
a,(t —a),B>25 ( o ) ,(22) (C.23)

where the cantilever width B, the ligament size ¢t — a and the notch depth a
have to be large compared to the process (plastic) zone, which is fulfilled in the
present case. Additionally, concerning the formation of a plastic zone in front of
the crack tip/notch, the influence of Ga™-ions from FIB preparation of the sample
can be neglected, since the ions penetrate into a depth of only ~ 50nm below
the specimen surface, and influence only an insignificant fraction of the measured
plastic zone [51, 52]. However, as seen in Eqs.C.2 and C.3, a drawback of the
transmission geometry used in the CSnanoXRD setup is that for low-angle hkl-Debye
Scherrer rings, there is only a very low sensitivity for the normal stress parallel

to the beam direction. The stresses retrieved from the experimental diffraction
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data can, however, be well compared to theoretical considerations of the Griffith
model [5] or the HRR stress field [5-7] (¢f Eq.C.11). Furthermore, the direct
evaluation of K7 using the stresses in front of the crack tip is independent of geometry
factors that are otherwise necessary to evaluate the stress intensity and the fracture
toughness. The stress distribution perpendicular to the X-ray beam around the
crack tip in mode I loading is independent of the presence of plane stress or plane
strain conditions, 7.e. only the stress component parallel to the beam would differ.
On the one hand, the inability to distinguish between these two stress states means
that the measurement is exact, but on the other hand, the material properties,
especially the plastic behaviour of ductile phases, have to be guessed to a certain
degree (cf. Sec.C.3.2.3.4). In the following sections, the effects observed during the
in situ synchrotron experiment will be discussed with regards to the experimental

limitations.

C.4.2. Stress state around the crack tip in as-fabricated state

Since most studies interested in the residual stress in front of the crack tip have
encountered crack propagation during cyclic loading after an overload event[11, 13—
15], a comparison to our findings can be made especially regarding the stress fields
found directly after unloading from an overload event. The overload induces plastic
deformation, which relieves (tensile) stresses and in turn generates a compressive
residual stress field after unloading. This compressive residual stress field can be
assumed to be similar to a residual stress originating from the physical vapor depos-
ition (PVD) process used for the synthesis of thin films. In fact, the oy, distribution
found after unloading from an overload event in Ref. [13] is similar to the one ob-
served in Fig. C.5. However, the residual stresses introduced by an overload event are
highly localized and non-uniform compared to the laterally uniform residual stresses
induced by the PVD process. Secondly, the stress distribution is closely related to
the LEFM and EPFM models [4], as shown in Sec. C.3.2, despite the opposite sign of
the stress distributions. Additionally, significant differences between the magnitudes
of applied stresses in crack-opening (y) and crack-growth (z) directions were also
found in [13, 14, 53], which is comparable to our findings in Figs. C.5a and C.8a.
In as-fabricated state, the lower Cr sublayer is highly compressively stressed as a
consequence of the deposition process. Therefore also the effective stress intensity
Kieomn is negative. Furthermore, the magnitude of the stress intensity due to
the residual stresses in as-fabricated state Kies (= Kpef,0mn) €xceeds the fracture
toughness of Cr Ki. ¢y ~2.5-2.7 MPa m” [3, 45] by a factor of 2, which is only possible
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due to its negative sign. The opposite example can be seen in Ref. [8], where a tensile
residual stress present in the material before loading leads to a localized (tensile)
stress increase at the crack tip and subsequently significant acceleration of (stable)
crack growth.

In our case, a pronounced plastic zone is formed in front of the crack tip, which
demonstrates the potential of a crack retardation by compressive residual stress.
Consequently, a natural defect, such as droplets, formed within the thin film during
processing, would have been enclosed by a plastic zone immediately during thin
film growth, due to compressive residual stress as present here for the Cr layer.
Furthermore, the evaluation of oy, in front of the crack tip shows that the approach
of LEFM accompanied by small-scale yielding is appropriate, since the stresses at
zr > 0.8pnm are characterized by Ki and at smaller distances z, =0.2-0.8 pm by
the HRR solution [4]. The von-Mises yield stress, presented in Suppl. Figs.S.C.5
and S.C.6 at the intersection between elastic and plastic zone, is in good agreement
with the results obtained from micro-pillar compression of ultra-fine grained Cr [44].
Additionally, the shift of the experimentally determined plastic zone in the positive
z-direction (compared to the one calculated in Sec.C.3.2) can be related to the
hardening parameter n, as shown in Ref. [4]. In general, the stress state across the
clamped cantilever complies very well with theoretical considerations [4, 6, 7, 49|
and experimental results [13], and is also supported, regarding the elastic response,
by the 2D FE model (Fig. C.10).

C.4.3. Loading, crack growth, crack tip blunting and crack closing

The comparison of the experimental and calculated results validated that LEFM
can be applied to study deformation of the clamped cantilever consisted of Cr and
CrN layers. Based on that finding, the applied stress intensity can be added linearly
to the effective stress intensity Kiegomn evaluated from the data in as-fabricated
state, c¢f. Ref. [43]. Additionally, according to LEFM, the applied stress intens-
ity is proportional to the applied stress, which is furthermore proportional to the
applied indenter load [4]. However, attributing the stresses to their origin during
and after loading is rather difficult due to the overlap of (i) crack tip, (ii) indenter,
(iii) bending and (iv) residual stress contributions to the overall stress state (cf.
Figs. C.5, C.6, C.7, C.8, C.9). In the case of elastic loading, these contributions to
the overall measured stress state are accumulated linearly [43], as can be seen when
the clamped cantilever is loaded to 150 mN (Fig. C.6). During loading to 150 mN, an
additional stress intensity K, of 2.9 MPa m” thus applied to the crack tip, which
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resulted in an effective stress intensity of Kief150mn = —3.0 MPa m”. As already
discussed above, the effective stress intensity in front of the crack tip in Cr can be
quantified to be negative at 0 and 150 mN load, while the loading can be considered
as purely elastic. The reasonability of applying LEFM (and small scale yielding)
to analyse fracture behaviour of magnetron sputtered Cr even on a microscale has
been validated also in previous studies [3, 45].

Unfortunately, no 2D stress pattern was recorded at loads between ~ 300 and
400 mN, which could have resolved the influence of the plastic zone formed in com-
pression on the stresses in tension. However, the influence of the plastic zone formed
in front of the crack tip may be minor, since cracks in thin films are supposed to
propagate along grain boundaries of low cohesive energy, as seen for example also
in Ref. [48], where intergranular fracture of ultra-fine-grained Cr has been observed
during microbending tests. This is furthermore supported by the fact that the frac-
ture toughness calculated from the load-displacement curve and the experimental
stress data (under the assumption of LEFM) is comparable to literature values [3,
45, 48].

When the stress intensity overcomes the fracture toughness of the Cr sublayer,
unstable crack starts to grow, which is stopped at the adjacent Cr-CrN interface
(Fig. C.4c). It results in a loss of geometric stiffness and hence in a rise of applied
stresses (while keeping the load constant). Presumably, the applied load then sur-
passes the elastic limit of the top Cr layer and plastic deformation again reduces the
magnitudes of applied stress (Fig. C.5¢), while the CrN layers still remain loaded
elastically (except for the regions surrounding the indenter contact area, Figs. C.5c,
C.8¢, C.9¢). Additionally, no influence of the crack is visible in the lower CrN layer,
indicating that the crack tip has blunted while approaching the still compressively
stressed CrN, which is a major difference between the experiment and the linear-
elastic 2D FE model (c¢f. Figs. C.5, C.10). During further loading, the clamped can-
tilever would then behave like an unnotched specimen with a discontinuous bottom
layer. After unloading, stress fields from the notch reappear (Fig.C.5d), uninflu-
enced by the presence of the crack, which also can be seen in the SAXS micrograph
(Fig. C.4d). This indicates nearly ideal closing of the crack and restoration of the

materials integrity under compressive load.

C.5. Conclusions

CSnanoXRD was utilized to investigate in situ the nanoscale stress fields in a notched

clamped cantilever with a lateral resolution of 200 nm x 200 nm. The experimentally
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determined stresses were correlated with small-angle X-ray scattering and electron
microscopy and interpreted in light of a 2D elastic finite element model. The com-
pressive stress distribution originating from the deposition process influenced the
fracture behaviour tremendously, resulting in the immediate formation of a (com-
pressive) plastic zone of considerable size in front of the crack tip in Cr layer. During
loading, fracture in the lower Cr layer was retarded by a factor of 3, since the initial
(unloaded) stress intensity was double the negative critical value. This demon-
strates the beneficial influence of the compressive residual stress and the concept
of structural heterogeneity to mechanically stabilize thin films, as demonstrated by
the crack stopping ability of heterogeneous interfaces. In summary, it was possible
for the first time, to retrieve quantitative information on the nanoscale stress state
within the plastic zone during a fracture experiment in nanocrystalline thin films
and to manifest the potential of the microstructural design in toughening of hard

yet brittle nanostructured materials.
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Supplementary material

Suppl. Fig. C.1. X-ray absorption micrographs of the clamped cantilever in as-
fabricated (a), during loading at 150 mN (b) at 460 mN (c) and after unloading (d).
Note that pixel size for (a) is 500 nm x 500 nm, whereas for the others the resolution

is 1pm x 1 pm.
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Suppl. Fig. C.2. Top-view SEM micrograph of the clamped cantilever. L and B
were measured as 200 and 40 pm, respectively.
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Suppl. Fig. C.3. Out-of-plane stress in the lowest Cr sublayer in front of the
notch. Experimental stress values in Cr in the as-fabricated state and at a load
of 150 mN are shown for coordinates of z, = [0.2,4.6] pm, along with the fit for a
stress-intensity-factor-dominated elastically stressed zone (blue) (a). Details of the
area around the notch are presented in the 2D colour plots for the as-fabricated
state (b) and at a load of 150mN (c).
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Suppl. Fig. C.4. Shear stress in the lowest Cr sublayer perpendicular to the
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stress-intensity-factor-dominated elastically stressed zone (blue) (a). Details of the
area around the notch are presented in the 2D colour plots for the as-fabricated
state (b) and at a load of 150mN (c).
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Suppl. Fig. C.5. Von-Mises equivalent stress concerning the plane stress con-
dition in the lowest Cr sublayer in front of the notch. Experimental stress values
in Cr in the as-fabricated state and at a load of 150 mN are shown for coordinates
of zz = [0.2,4.6]pm (a) and y, = [—20,20] pm (b), along with power-law-fits for
the HRR-dominated plastically deformed zone in front of the notch (red) and the
stress-intensity-factor-dominated elastically stressed zone (blue). Details of the area
around the notch are presented in the 2D colour plots for the as-fabricated state (c)
and at a load of 150mN (d). In (c), the theoretical extent of the plastic zone under
plain stress (red) and plane strain (blue) is also indicated.
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around the notch are presented in the 2D colour plots for the as-fabricated state (c)
and at a load of 150 mN (d). In (c), the theoretical extent of the plastic zone under
plain stress (red) and plane strain (blue) is also indicated.
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Abstract

The dependence of decomposition routes on intrinsic microstructure and stress in
nanocrystalline transition metal nitrides is not yet fully understood. In this contri-
bution, three Alg7CrgsN thin films with residual stress magnitudes of -3510, -4660
and -5930 MPa in the as-deposited state were in-situ characterized in the range of 25-
1100°C using in-situ synchrotron high-temperature high-energy grazing-incidence-
transmission X-ray diffraction and temperature evolutions of phases, coefficients of
thermal expansion, structural defects, texture as well as residual, thermal and in-
trinsic stresses were evaluated. The multi-parameter experimental data indicate a
complex intrinsic stress and phase changes governed by a microstructure recovery
and phase transformations taking place above the deposition temperature. Though
the decomposition temperatures of metastable cubic Aly7Crg 3N phase in the range
of 698-914°C are inversely proportional to the magnitudes of deposition temperat-

ures, the decomposition process itself starts at the same stress level of ~ —4300 MPa
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in all three films. This phenomenon indicates that the particular compressive stress
level functions as an energy threshold at which the diffusion driven formation of
hexagonal Al(Cr)N phase is initiated, provided sufficient temperature is applied. In
summary, the unique synchrotron experimental setup indicated that residual stresses
play a decisive role in the decomposition routes of nanocrystalline transition metal

nitrides.

D.1. Introduction

Protective nanocrystalline thin films prepared by physical vapour deposition are
characterized by complex temperature-dependent microstructure/strain evolution
and multistage decomposition routes, which control their physical and functional
properties. Typical materials are transition metal nitride hard films based on
TixAl;«N and CryAl;_«N, which have been extensively studied in the past due to
their beneficial functional properties [1]. A special interest has been devoted, in
particular, to AICrN because of its ability to form a metastable solid solution by
replacing Cr over a wide concentration range with Al in the cubic (¢) B1 structure,
resulting in enhancement of mechanical properties, wear and especially oxidation
resistance compared to TiAIN [2]. However, when the solubility limit of AIN in CrN
is exceeded, stable wurtzite (w) B4 Al(Cr)N is formed [3, 4]. w-Al(Cr)N forms in
several steps also when c-AlCrN solid solution is annealed at temperatures above
~800°C. Firstly, w-Al(Cr)N precipitates are formed at the grain boundaries (GBs),
followed by the formation of h-Cr(Al)Ny 5-phase as a consequence of nitrogen loss
with a subsequent two-step decomposition of CrN into CreN and Cr [5-8]. The de-
termination of the onset temperature of the phase decomposition (7 q) over a wide
Al composition range, as well as its correlation to the film microstructure and stress,
is crucial because the formation of the stable w-Al(Cr)N phase results in a reduction
of hardness, wear and oxidation resistance [9-13]. In the case of AlCrN-based thin
films, however, the complex interplay between temperature-dependent characterist-
ics and properties such as the onset of phase transformation, coefficients of thermal
expansion (CTEs), gradients of residual stresses, defect density, hardness, toughness
and elastic modulus in different atmospheres is however not yet fully understood [5,
6, 8, 14-16]. Here, especially the role of microstructure and residual stresses has not
been evaluated thoroughly.

In the case of transition metal nitride hard thin films, in-situ synchrotron XRD
has been used to study temperature-dependent phenomena and physical parameters

like phase evolution, lattice parameters and/or in-plane strains (i) in powders of
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TiAIN and TiCrAIN films and (ii) in thin slices of TiAIN and TiZrAIN films in
transmission diffraction geometry [17-21]. The former experiments concentrated
mostly on the understanding of complex decomposition routes and related lattice
parameter/strain changes.

The motivation of this work is to further extend the possibilities of in-situ XRD
characterization, which will be used to obtain a complex picture of the multistage
decomposition routes and also microstructure/strain changes in AlCrN-based thin
films during thermal cycling. We use a newly developed in-situ high-temperature
high-energy grazing incidence transmission synchrotron X-ray diffraction (HT-HE-
GIT-XRD) [22] to simultaneously characterize temperature evolution of (i) phases,
(ii) residual stresses, (iii) thermal strains, (iv) CTEs, (v) domain sizes and (vi)
texture up to 1100°C. Primarily, the onset temperature of the decomposition of
metastable c-AlCrN into stable c-Cr(Al)N and w-Al(Cr)N phases has been invest-
igated as a function of the as-deposited residual stress state and microstructure,
intentionally predefined by the applied deposition conditions. The multi-parameter
temperature-dependent structure-property correlations indicate a decisive role of

residual stress magnitude in the decomposition routes of metastable c-AlCrN.

Figure D.1.: Schematic representation of the in-situ high-temperature high-energy grazing
incidence transmission X-ray diffraction method.
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D.2. Results

D.2.1. In-Situ Phase Analysis

Thermal stability of the metastable AICrN thin films was investigated in the tem-
perature range between room temperature (RT) and 1100°C by analysing Debye-
Scherrer rings for the detector azimuthal angles J in the range of 0 to -180deg
by a sectoral integration of the patterns, as the rest of the data, corresponding to
the 6 complementary angles, comprised mostly diffraction signal from the WC-Co
substrate (¢f. FigD.1).

Along the text, mainly experimental data from the film B are presented and in-
terpreted in Figs.D.2 and D.3, whereby the results from other two films can be
found in the supplementary data. The phase plots displayed in Fig.D.2b and in
Suppl. Figs.S.D.1b and S.D.3b represent temperature-dependent evolutions of dif-
fraction intensities in the 260 range of 2.9 to 5.4deg. For every Bragg’s angle 6
(and annealing temperature T'), the particular intensity was obtained by integrating
the diffraction signal from the detector in the azimuthal angle range § from -180
to Odeg. The temperature and phase evolution during one temperature cycle are
presented in Figs. D.2a,b together with the tabulated reflection positions of w-AlIN,
c-CrN, CryN and substrate WC and c-Co phases adapted from the JCPDF database
[23]. The featured 111 and 200 reflections indicate that the Aly7CrpsN thin film
deposited at Ts g = 400°C was at RT in metastable state and possessed the face-
centred cubic Bl (c¢) structure. In addition to the reflections emanating from the
film, also WC 100 and 101, as well as c-Co 111 and 200 reflections corresponding
to the cemented carbide substrate are visible (Fig.D.2b). With the temperature
increase, all diffraction peaks shift to smaller diffraction angles, as a consequence of
thermal expansion of the film and substrate phases and changes in thin film stress
state. At temperatures above ~830°C, the metastable c-Alg 7Cr 3N phase started to
decompose into c-Cr(Al)N and w-AlCrN phases, as indicated by the presence of the
100 diffraction peak (at 20 = 3.026 deg) from the w-AlCrN phase detected above
that critical temperature. This process corresponds to the formation of Al(Cr)N
precipitates at the GBs with wurtzite crystallographic structure, as extensively dis-
cussed elsewhere [5, 6]. For the films A, B and C, the different onset temperatures of
the phase decomposition were determined as 698-748°C, 834-851°C and 880-914°C
(Fig. D.5c), respectively. The uncertainty of ~20-50°C originates from the nonzero

detector exposure time and the relatively large heating rate.
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Figure D.2.: The applied temperature cycle (a) and the experimental data of the AICrN
film B, phase plot with indicated diffraction angles for tabulated particular
phases, where the white crosses indicate additional diffraction peaks repres-
enting 2" order diffraction due to the presence of the second harmonic’s
wavelength in the primary beam (b), evolution of intensity (c) and the 15
derivative of the intensity (d) of w-Al(Cr)N 100 (green) and h-CroN 100 (vi-
olet) reflections, the texture plot for c-Cr(Al)N 111 reflection indicating (111)
fibre texture (e), texture plot for w-Al(Cr)N 100 reflection indicating over-
lapping (100) and (110) fibre texture (f), evolution of FWHM of ¢-Cr(Al)N
111 (red) and w-Al(Cr)N 100 (green) reflections (g), thermal expansion of
c-Cr(ADN (red, evaluated from the 200 reflection), w-Al(Cr)N (green, 100
reflection) and WC substrate (blue) (h) and residual stress evaluated from
the ¢-Cr(Al)N 200 (red), w-Al(Cr)N 100 (green) and h-Cr2N 100 (violet)
reflections (i). D-5
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The w-Al(Cr)N 100 diffraction peak was selected to semi-quantitatively assess the
progress of the decomposition process of the metastable cubic AICrN phase and the
formation of the w-AlCrN polytype. The variation in the intensity of the w-Al(Cr)N
100 reflection and its first derivative are depicted in Figs. D.2c and d, respectively.
Since the decomposition of the metastable c-AlCrN is a diffusion-controlled process,
its end can be identified by the decrease in the first derivative of the w-Al(Cr)N 100
reflection intensity to zero (01w —aicrn100(7")/0T — 0) (Fig. D.2d).

After the onset of the decomposition of ¢-AlCrN to ¢-Cr(Al)N and w-Al(Cr)N,
non-stoichiometric (Cr, Al);O, is formed as a consequence of residual oxygen pres-
ence in the dilatometer chamber. The (Cr, Al),O, stoichiometry changes through-
out further heating and the holding segment are indicated by the changes of the
26-positions of the respective reflections in Fig. D.2b. The formation of (Cr, Al),O,
is a in agreement with the literature data, where previous results stated reduced
oxidation resistance of c¢-Cr(Al)N and w-Al(Cr)N phases after decomposition [9,
10].

In Fig. D.2b, the onset of the decomposition of CrN into CraN can be also identified
by the appearance of the CroN reflections from several CroN crystalline polytypes
at the temperature of ~1080°C, in agreement with literature values [6, 7, 24]. No

further crystallographic changes were found during cooling down to RT.

D.2.2. In-Situ Qualitative Texture Analysis

Qualitative texture analysis was carried out by a radial () integration of Debye-
Scherrer rings providing azimuthal intensity distributions Iy (5, 7) and the data
were plotted as a function of the v angle as Ipx(¢),T), where 1 represents the
angle between the film normal and the diffraction vector. Due to the high energy of
photons resulting in negligibly diffraction angles (¢f. Fig. D.2b), the transformation

between the azimuthal angle § and the tilt angle ¢ can be generally expressed as

cos 1) = sind cos § = sin § (D.1)

and further

Wb =6+ 90 (D.2)

as shown by Keckes et al. [25].
A qualitative texture analysis was carried out for the c-AICrN 111 and w-AICrN
100 reflections. Therefore, the azimuthal intensity distributions Iy (¢, T) are dis-
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D.2. Results

Experimental assessment for film B deposited at 400°C: the development of
the unstrained lattice parameter do(7") of ¢-Cr(Al)N and w-Al(Cr)N phase
over the temperature (a), the thermal expansion coefficient calculated for the
individual reflections (b) and the evolution of thermal, intrinsic and residual
strain over the temperature cycle for ¢-Cr(Al)N (red) and w-Al(Cr)N (green),
respectively (c). The vertical red dashed line represents the deposition tem-
perature, the green dashed line the onset of the phase decomposition and
the vertical black segmented lines the beginning and the end of the holding
segment.
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played in Figs. D.2e,f for c-Cr(Al)N 111 and w-Al(Cr)N 100 Debye-Scherrer rings,
respectively. The diffraction intensities recorded at v = 0 and 490 degrees cor-
respond to the out-of-plane and in-plane orientations of the diffraction vectors, re-
spectively. The plots in Figs. D.2e,f allow to draw conclusions about the preferred
orientation of the fibre-textured phases. It revealed the (111) fibre texture of the
cubic c-Cr(AI)N phase, as the maximum intensity of the c-Cr(Al)N 111 reflection
was found approximately at the diffraction vector orientation which is parallel to
the film normal and corresponds to ¢ = 0deg (c¢f. exemplary data for the film B
in Fig. D.2e and Supplementary Figs.S.D.le,S.D.1e). Texture analysis carried out
for the w-Al(Cr)N 100 reflection revealed azimuthal maxima at ¢ = 0, £60 deg and
1 = £30 deg corresponding to (100) and (110) fibre textures, respectively (Fig. D.2f,
and Supplementary Figs. S.D.1f, S.D.3f for A and C samples). This indicates that
the densely packed {002} planes of the wurtzite phase were oriented actually parallel
to the columnar GBs of the c-Cr(Al)N phase [26]. The temperature dependencies
of (¢, T) for the ¢-Cr(Al)N 111 and w-Al(Cr)N 100 reflections in Figs. D.2e,f in-
dicate that the textures of the particular phases did not change significantly during

the thermal cycles.
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Figure D.4.: Residual stress evolutions over the heating cycles for films A, B and C de-

posited at 475°C, 400°C and 325°C, respectively (a).

Full vertical lines in-

dicate the end of the thermoelastic regime, dashed lines indicate the onset
of phase decomposition and horizontal lines show the mean values of stress
magnitude for the three onsets of phase decomposition in the individual coat-
ings. FWHM of ¢-AICrN evolution up to 1100°C for coatings A, B and C
deposited at 475°C, 400°C and 325°C, respectively (b).
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D.2.3. Full Width at Half Maximum Analysis
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Figure D.5.: Correlations between applied deposition temperature Ts and (i) the intrinsic
stress ojc—cyN, (i) the thermal stress o, c—cyn, (iil) the resulting residual
stress 0, c—cyN in the as-deposited state (a), (iv) the decomposition onset
stress 0q,c—crn (b) and (v) the onset temperature of phase decomposition (c)
To,q for films A (Tg = 475°C), B (Ts = 400°C) and C (Ts = 325°C).

Generally, the full width at half maximum (FWHM) of X-ray diffraction peaks cor-
relates with the size of coherently diffracting domains as well as with the density of
structural defects such as dislocations and lattice distortions, represented by strains
of 2" and 3" order. Since the AICrN crystallites of all thin films exhibited colum-
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nar grain morphology, which overall did not change during the thermal treatment,
it can be assumed that the FWHM changes over the temperature cycle are sensitive
primarily to the variation of structural defect density in the nanocrystals [25, 27-29].
In order to evaluate FWHM, c-Cr(Al)N 111 and w-Al(Cr)N 100 diffraction peaks
were fitted using the Pseudo-Voigt function for the diffraction vector out-of-plane
orientation. The results in Fig.D.2g indicate that the defect density in ¢-CrAIN
remains constant up to the deposition temperature of 400°C, below which no relax-
ation processes took place. Above ~400°C, a relaxation of structural defects [30] is
reflected by a continuous decrease in the FWHM. A further decrease of the FWHM
of c-CrAIN above the onset temperature of the phase decomposition between ~850
and ~1100°C (Fig. D.2g) indicates a gradual defect recovery accompanied by micro-
strain development as the w-Al(Cr)N phase is formed in the film. On the contrary,
a slight increase in the FWHM was detected during the subsequent temperature
holding segment, which is attributed to the ongoing phase decomposition and a pos-
sible reduction of the size of the coherently diffracting domains due to the emerging
of the w-Al(Cr)N and h-Cr(Al)Ng 5 phase fractions. The corresponding FWHM of
w-Al(Cr)N 100 reflection was relatively large at the beginning of the phase decom-
position (Fig.D.2g). In the next heating steps and during the holding segment,
the FWHM continuously decreases, which reflects the ongoing phase transforma-
tion accompanied by the w-Al(Cr)N phase crystallite growth. On the contrary, no
significant change in the FWHM was detected during the cooling segment of the
temperature cycle.

The temperature dependent behaviour of FWHM was similar for all films, as
shown in Fig. D.4b. The differences in the magnitudes and temperature dependencies
of the FWHM, which correlate with the phase microstructural evolution during
thermal cycling, can be attributed to the specific as-deposited states in terms of

microstructure and residual stress.

D.2.4. Unstrained Lattice Parameter Analysis

The changes in the temperature-dependent unstressed lattice parameters dgkl(T) of

the particular phases were evaluated using Bragg’s law according to

N A
a5 =

 2sin OhKL(5*)’ (D-3)

where \ is the X-ray wavelength and 6(6*) is the diffraction angle of the selected
Debye-Scherrer ring at the ring azimuthal orientation §*. The diffraction signal

collected at the ring position ¢* represents the diffraction on {hkl} crystallographic
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planes, which are, due to the equibiaxial in-plane stress state, not strained. This

azimuthal angle 0* can be determined as follows [29, 31|

) . [1 — thl
Sll’l(s = W (D4)

Here, " is the Poisson’s ratio of the investigated Debye-Scherrer ring hkl of
the phase of interest. Poisson’s ratios 2% and 1'% of 0.132 and 0.253, calculated
from the X-ray elastic constants using the Hill-type grain interaction model [32],
were used to determine the stress-free lattice parameters di*'(5*) of the c-AICTN
and w-Al(Cr)N phases, respectively [33, 34]. The unstrained sample orientations of
0 =~ —61 and d}, =~ —51 deg were found for c-Cr(Al)N 200 and w-Al(Cr)N 100
rings, respectively. The WC 101 Debye-Scherrer rings were found to be unaffected
by the presence of residual stress in the film. Using Egs. (D.3) and (D.4), lattice
spacing of WC at RT was evaluated from the WC 101 reflection as 1.88126 A, which
is ~0.1% smaller than the tabulated lattice parameter [23] of 1.88266 A, which can
be attributed to the limits in the detector calibration accuracy. For the cubic AICrN
phase, two different lattice parameters d3%° of 2.05838 A for the as-deposited state
and 2.04584 A for the annealed state were obtained. In the case of the w-Al(Cr)N
phase, a lattice parameter d(l]oo of 2.68915 A after the thermal cycle was determined,
which is close to the tabulated lattice parameter [23] of 2.69542 A. Temperature
dependencies of unstressed lattice parameter d3"(T) of the ¢-Cr(Al)N phase and
d?(T) of the w-Al(Cr)N are presented in Fig.D.3a. The scattering of the lattice
parameter d}’°(T) was caused by the small measurable volume of the w-Al(Cr)N
crystallites at early stages of the decomposition. The relative changes in the lattice
dhFL(T)

hkl
JRE were used
0,RT

parameters dj* (T') of the particular (j) phases with respect to RT

to quantify the thermal expansion 5;-”“(T) as follows

hkl hkl
_ dg™(T) — dg gy
- hkl

dg R

R (T)

(D.5)

In Fig.D.2h, the different slopes of the E;-Lkl (T') dependencies for c-Cr(AI)N, w-
Al(Cr)N and WC phases indicate differences in the CTEs. In the case of WC the
thermal expansion of g, (T) ~ 0.6% at 1100°C is in good agreement to values of
0.2% after heating to 400°C reported by Hidnert [35]. The variation of the lattice
parameter during heat treatment is a consequence of (i) thermal expansion of the
particular crystal lattices, (ii) defect annihilation and lattice recovery, (iii) phase

decomposition and diffusion of Al out of the cubic Cr(Al)N phase and (iv) nitrogen
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loss and subsequent formation of CraN at elevated temperatures, both accompanied

by the massive formation of point defects within the cubic phase.

D.2.5. Experimental Thermal Expansion Coefficients and Thermal
Strains

The evaluated di* (T) dependencies were used to determine (i) the CTEs ayy of the
film and substrate phases and, subsequently, (ii) the experimental in-plane thermal
strain E{h formed within individual phases (j) during temperature changes (Egs.
(D.5), (D.6)). CTEs were determined as follows

B 1 8d8kl(T) N a€?kl(T)
ATy or  — oT

apt(T) (D.6)

where the di*!(T') is the unstrained lattice parameter. The hkl subscript was used
in apg to denote the Debye-Scherer ring, which was used to evaluate the particular
CTE for the individual phase. The CTEs determined for the c-Cr(Al)N and w-
Al(Cr)N phases of the film B over both the heating and cooling segments are shown
in Fig. D.3b and represent actually the first derivation of the d(7") dependencies from
Fig. D.3a with respect to the temperature T. The relatively large scattering of the
CTEs experimental data is caused by the small intensity of the diffraction signal
as well as small lattice parameter changes in the range of ~1%. The microstruc-
tural processes responsible for the non-linear temperature evolution of CTEs will be
extensively discussed in Sec. D.3. Quantitatively, both phases showed a typical de-
velopment of their CTEs within the investigated temperature region, as Bartosik et
al. showed for powdered AICrN films [36]. For the WC substrate, values of the CTE
in the range of ~ 4 x 107K~ at RT to ~ 6 x 107K~! at 1100°C were determined,
in agreement with Hidnert [35]. Subsequently, experimental values of app(T') from
the substrate and the film were used to quantify changes in experimental in-plane
thermal strains Aezh(T ) developed in the film during the particular heating and

cooling segments [37] as follows

A (T) = [(as(T) ~ anu(T)dT. (D.7)

where apr; and ag are the experimental CTEs of the film and the substrate,
respectively. Since the thermal strain €€h(T) in the ¢-Cr(Al)N phase is assumed to
be zero at the deposition temperature Ty (see the arguments in Sec.D.2.6 In-situ

Residual Strain and Stress Evolution), i.e.
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ein(Ts) =0 (D.8)

the determination of the accumulated in-plane thermal strain up to ~800°C is
rather straightforward and the results are shown in Fig. D.3c. In order to evaluate
the strain development during cooling down, an assumption was considered that
in-plane residual strain is negligible during the holding segment at 1100°C in both
phases (Fig.D.2i, D.4a), which implies that in-plane thermal and intrinsic strains

could also be neglected:

el (1100°C) = elF(1100°C) 2 0 (D.9)

The formalism from Eq. (D.7) could thus be used to evaluate the temperature de-
pendencies of Asgh(T) from the data of Fig. D.3b for both ¢-Cr(Al)N and w-Al(Cr)N

phases, which are presented together with in-plane residual strains in Fig. D.3c.

D.2.6. In-situ Residual Strain and Stress Evolution

hkl

¥ and stress oy, an azimuthal integ-

In order to evaluate residual in-plane strain e
ration of the diffraction patterns was performed over the azimuthal angle § range
from 0 to -180deg in Ad segments of 5deg. Thus, 36 radial intensity distributions
I1(0, A6, T) were obtained for each exposure. The positions of ¢-Cr(Al)N 200, w-
Al(Cr)N 100 and WC 101 diffraction peaks 0"*'(Aé;, T') were determined by fitting
the XRD patterns using a Pseudo-Voigt function. The equibiaxial in-plane stress oy

can be determined according to

9d"™ (A8, T) L hk
W = O'T(T) X 552 X d(]7 (DlO)
where d"™!(A§,T) is the lattice parameter evaluated for a particular Ad; seg-

ment, %sgkl is the X-ray elastic constant and dy is the unstrained lattice parameter.

hkl
2

Since the temperature dependence of %s was neglected due to the missing high-

1  hkl
252

in-plane residual strains in Fig.D.4a. The residual biaxial in-plane X-ray elastic

hkl
r

temperature values, in-plane stresses are presented together with the evaluated

strain €% can be calculated using the same approach as follows

Od" (NG, T)  hklgm Lt .

= T)———— D.11
Osin 26 e )1 R do, ( )

but with the advantage, that all parameters are known except of the Poisson’s

ratio " of the thin film, which was adopted from literature.
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The elastic constants [33] $53% of 0.2575x 10-°MPa~! and 2% of 0.132 were used
for the c-AlCrN 200 reflection. The elastic strain in the wurtzite Al(Cr)N phase was
determined by analysing the w-Al(Cr)N 100 reflection and by taking into account
elastic constants [34] $s3% of 0.4052 x 107°MPa~! and 1% of 0.253. For h-CroN
elastic constants [24] 5s3%° of 0.3713x10~°MPa~! and v'% of 0.293 were used. All X-

ray elastic constants were calculated using the Hill-type grain interaction model [32].
hkl

Since e}

(T') values are hkl dependent, equibiaxial reflection-independent elastic

strains €/(T) can be calculated for the individual phases (j) using

Ehkl
el(T) = 14 (T), (D.12)
1—v

where F is the Young’s modulus and v is the Poisson’s ratio of the phase.

Fig. D.2i presents the evolution of the residual stress in the c-AlCrN and w-AICrN
phases. In Fig. D.4a, the experimental data are shown as a function of the applied
temperature for all films A, B and C, deposited at temperatures 475, 400 and 325°C,
respectively. By heating the sample from RT to the deposition temperature Tg, the
contribution of the thermal stress to o, decreases and o, at Ty thus corresponds
exclusively to the intrinsic stress. The compressive stress state in the film B at RT
(Figs. D.2i, D.4a) was —4660 MPa and increased with the annealing temperature to
—5790 MPa at 400°C (corresponding to the deposition temperature).

Table D.1.: onset temperatures and onset stresses of phase decomposition for the films A,

B and C.
onset temperature of onset stress of phase
phase decomposition T, 4 [°C] decomposition 0,4 [MPa]
A B C A B C
lower limit 697 834 880 —4500 —4450 —4560
upper limit 748 851 914 —4130 —4300 —3850

Magnitudes of residual stresses at RT, intrinsic and thermal stresses for all films
are summarized in Fig. 5a. Remarkably, the mean onset residual stress of the phase
decomposition in all three films was found between -4090 and -4500 MPa, as shown
in Figs.D.4a, D.5b and TableD.1, irrespective of the onset temperature of phase
decomposition derived from Fig.D.5¢ (¢f. also Sec.D.3). Furthermore, although
all three films were prepared with significantly different residual stresses, after the
temperature cycle, the RT stresses in A, B and C films are with values of 1030, 970
and 740 MPa, respectively, comparable. This behaviour can be interpreted by the
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full stress relaxation at 1100°C.

D.2.7. Experimental In-Plane Intrinsic Strains

The residual equibiaxial in-plane stress o, in thin films prepared by physical vapour
deposition originates from two dominant stress contributions, namely from intrinsic
stress o, developed during ion-assisted film growth, and thermal stress oy, de-
veloped during the cooling of the coated sample from the deposition temperature to
RT as a consequence of the CTEs mismatch of the film and substrate [28]. Therefore,

oy can be generally expressed as the sum of both of these stress components:

Oy = 0j + Oth- (D.13)

Usually, only o, values can be determined using XRD and wafer curvature ex-
periments. Here, we want to demonstrate that using our new multi-parameter ap-
proach, experimental temperature dependences of all three stress components from
Eq. (D.13) can be evaluated. Due to the unique diffraction setup used in this study,
the diffraction data from film and substrate could be simultaneously detected as a
function of temperature and then used to evaluate equibiaxial residual strains in
the film &/ (Sec. In-situ Residual Strain and Stress Evolution). Furthermore, by
comparing the experimental CTEs of the thin film and the substrate, also equibi-
axial experimental thermal strains E{h(T) could be determined (Sec. Experimental
Thermal Expansion Coefficients and Thermal Strains). Having both &/ and 5zh

components, €/ can be generally expressed as

s{ = sij + szh, (D.14)

where 6{ represents the unknown intrinsic strain. The intrinsic strain values can
thus be calculated using Egs. (D.7), (D.8), (D.11), (D.12) and (D.14). The tem-

perature evolution of experimental residual, thermal and intrinsic strain gij (T) for
the c-Cr(Al)N and w-Al(Cr)N phases are shown in Fig. D.3c. The &/ (T) data indic-
ate that intrinsic strains start to change above the deposition temperature due the

microstructure recovery and the subsequent phase transformation.

D.2.8. Complementary Analyses

Structural and chemical analysis performed by SEM on the film cross sections

shows that the films possess (i) similar columnar grain-like microstructure in the
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Figure D.6.: SEM micrographs of cross-sections of films A, B and C in as-deposited (a—c)
and annealed (d—f) states, respectively.

as-deposited state irrespective of the deposition temperature (see Figs. D.6a-c) and

(ii) the same elemental composition within the detection limits of EDS (Table D.2).

Table D.2.: Al and Cr content and Al/Cr ratio measured by EDS for thin films A, B and
C.

A B C

Al [%] 63.5£10 635+1.0 63.3%+1.0
Cr[%)] 36.5+£10 365+1.0 36.7+1.0
Al/Cr ratio 1.74 1.74 1.72

After annealing, the cross-sectional microstructure changed to globular-like with
many subgrains formed as a consequence of the decomposition of metastable c-

AlICrN phase (Sec.D.3). TableD.3 summarizes indentation hardness and modulus
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of all three AICrN films investigated in this study.

Table D.3.: hardness and indentation modulus for films A, B and C, in as-deposited and
annealed state.

as-deposited annealed
A B C A B C
H [GPa] 32.9+3.5 32.9+3.8 35.6+2.7 28.842.7 26.5+2.0 28.7+2.3
E; [GPa] 449428 470432  484+41 411428 425430  316+19

It can be seen that both hardness and elastic modulus of the films in their as-
deposited state increased with decreasing substrate temperature but are well com-
parable and much lower after annealing, which is associated with the changes of
the crystal structure, morphology and residual stress state, as demonstrated by the
results in Figs.D.2, D.3, D.4, D.5 and D.6.

D.3. Discussion

The methodological novelty of this work resides in introducing the HT-HE-GIT
XRD method, which was used to study the temperature dependent behaviour of
Alp.7Crg 3N films and WC-Co substrates and revealed the remarkable dependence of
the film phase transformation temperature on the magnitude of the residual stress.
Compared to other laboratory and synchrotron approaches reported in the literat-
ure, there is a twofold methodological advantage of the HT-HE-GIT XRD approach,
namely (i) the collected 2D diffraction data provides a variety of experimental char-
acteristics on phase composition, microstructure and strain evolution in film and
substrate crystalline phases and (ii) the temperature-dependent values of CTEs from
all film and substrate phases are evaluated experimentally and compared in order
to quantify in-plane residual, thermal and intrinsic strains/stresses, which can be
correlated with the actual film microstructure and phase evolution. Up to now,
thin film lamellas of TiAIN [19], ZrAIN [20] and TiZrAIN [21] were investigated in
terms of phase and/or residual stress evolution at high temperatures. But, due to
the reduced thickness of thin film lamellas, the residual stress state of the film on
the lamella is expected to be different compared to the residual stress state of the
film on a bulk substrate [29]. On the contrary, in the present approach, all thin
film properties were measured on the bulk substrate, with little sample preparation
effort. Furthermore, a minor disadvantage of the presented method is, that the film

has to be positioned carefully with respect to the primary beam to optimize the
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film/substrate intensity ratio (¢f. Methods’ section) compared to probing a thin
film lamella, where shading due to the substrate represents a minor complication.
Additionally, (semi-)quantitative phase analysis during decomposition [17, 18] and
the evaluation of thin film CTEs [36] was in the past exclusively performed on thin

film powders.

Therefore, the robust approach of HT-HE-GIT XRD available currently at the
HEMS beamline of the Petra III light source in Hamburg provides temperature-
dependent multi-parameter results and insights on the processes in the substrate
and in the film simultaneously and allows to follow the evolution of phases, texture,
CTEs, FWHMs (reflecting defects densities and grain sizes) and stresses variations,
both in films and substrates, in real time. Till now, the decomposition paths of the
metastable CrAIN system has been mostly studied in-situ by differential scanning
calorimetry combined with ez-situ structural analysis such as XRD or TEM or ex-
situ by X-ray diffraction analysis of powders [5-7].

In contrast, the HT-HE-GIT XRD method is well suitable to study the HT beha-
viour of metastable systems such as AICrN, undergoing multiple-step phase decom-
position. Although there are numerous reports on the decomposition paths of the
AICrN system [5-7], the application of the HT-HE-GIT XRD method allows to get
new insights especially into the stress development of individual phases, crystallo-
graphic relations between the precipitates and decomposed matrix and furthermore
into the variation of thermal strains and thermal expansion of individual phases, all

as a function of temperature by using a single setup in reasonable time.

The decomposition of the ¢c-CrAIN system as a consequence of segregation of Al
towards the GBs and subsequent formation of more thermodynamically stable Al-
rich w-Al(Cr)N phases coexisting with Cr-rich ¢-Cr(Al)N proceeds in several steps,

which can be described as follows:

¢—CrAlIN—c— Cr(Al)N +w — AICrN—c — CrN
+c—Cr(A)N + w — Al(Cr)N—h — CraN
+c— Cr(Al)N + wAl(Cr)N (lately CroN—Cr)

This complete decomposition pathway observed during in-situ HT-HE-GIT XRD
confirms in principal what is known from literature [5, 6] but is furthermore com-

plemented by new important findings summarized hereafter.

During heating to Tg, the lattice parameter d*continuously increases, which re-
flects the expansion of the crystal lattice. Since the CTE is a temperature-dependent

physical quantity (see its non-linear increase with temperature in Fig. D.3b), also
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the variation of the lattice parameter is not linear (Fig.D.3a). On the contrary, as
lattice defects generated during ion-assisted film growth and contributing to lattice
distortion become mobile at temperatures higher than 7g, the lattice parameter is
reduced above ~500 °C and thus partially compensated for the increase of the lattice
as a consequence of the lattice thermal expansion (visible as a decreased slope of the
d(T) curve between 500 and 900°C in Fig. D.3a). The complementary FWHM ana-
lysis, which reflects the contribution of both the finite size of coherently diffracting
domains and defect density, allows to identify the diffusion-induced defect recov-
ery processes and crystallite size variations occurring during heating and cooling
(Figs. D.2g and D.4b). No defect recovery of the c-CrAIN lattice or grain growth
taking place at temperatures below Ty corresponds to insufficient energy delivered
to the system below Tg to activate diffusion-driven relaxation and growth processes
[28]. The analysis of lattice strain and its individual components revealed a con-
tinuous linear change of thermal strain ef} from tension to compression between RT
and 900°C as a consequence of a CTE mismatch of the film and substrate depicted
in Fig. D.3b, while the compressive intrinsic strain component £{was constant to Tg
followed by a gradual relaxation between Tg and the onset temperature of phase de-
composition (Fig. D.2c). The defect recovery above Ty is in good agreement with the
development of the FWHM in this temperature range shown in Fig. D.4b and is also
reflected by the variation of the compressive residual strain e in Fig. 3¢ and resid-
ual stress evaluated in Figs. D.2i and D.4a, consisting of both intrinsic and thermal
components.

Above ~ 700-900°C, the ongoing relaxation of defects results in the formation of
the w-Al(Cr)N phase at the GBs in all three investigated Aly7Crg 3N films, which is
revealed in the phase plot in Fig. D.2b by the appearance of the w-Al(Cr)N reflection
and by a decrease of the lattice parameter d* (Fig.D.3a), corresponding to the
detriment of Al in the crystal lattice in the initial stage of the decomposition of
c-AlCrN.

The segregated Al acts at the GBs as a nucleation site for the formation of w-
Al(Cr)N crystalline nuclei, serving for further growth of the high Al-containing
wurtzite phase. This interpretation was suggested by large FWHMs of the w-
Al(Cr)N reflections with small intensity (Fig.D.2c,d). Moreover, the c-Cr(Al)N
crystallites obviously grew in the temperature range of 900-1100°C, as indicated
by a fast decrease of the FWHM shown in Figs. D.2g and D.4b. The strength of
the HT-HE-GIT XRD approach is also in the ability to reveal the nucleation and
growth rate of the w-Al(Cr)N precipitates, which reached their maximum between

1000 and 1100°C, as demonstrated by an increase of the first derivative of the peak
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intensity (Fig.D.2d) and a decrease of the FWHM of the w-Al(Cr)N 100 reflection
(Fig. D.2g). Further decrease in the compressive strain above 1000°C is associated
with an interplay of several strain-reducing mechanisms associated with the ongoing
decomposition of ¢-Cr(Al)N and CrN and phase softening. Moreover, the nitrogen
loss and formation of the CroN phase associated with an increase of number of N
vacancies results in a shrinkage of the crystal lattices (Figs.D.2b and D.3a), also
accompanied by a reduction of the compressive strain. The capability of the HT-
HE-GIT XRD method to detect the variations in Eij , egh and &/ nearly in the entire
temperature range of the annealing experiment makes the method unique, especially
because other parameters simultaneously detected during the experiment allow for
interpretation of the origin of these variations and to reveal the ongoing processes.
The onset temperature of decomposition of CraN at ~1080°C (Fig. D.2b-d and Sup-
plementary Figs. D.4b—d and D.4b—d) is in good agreement with literature values [5,
6, 38] of 10151140 °C.

During the holding segment at 1100°C, the intensity increase of the w-Al(Cr)N
and h-CryN reflections indicates further development of both phases (Fig.D.2c),
their volume increases at continuously decreasing rate (Fig.D.1d). This indicates
slowed-down diffusion of Al towards GBs of c-Cr(Al)N and nitrogen loss during
the holding segment, which is furthermore corroborated by the almost constant
lattice parameter d* of c-Cr(Al)N (Fig.D.3a). A decrease in the FWHM of the w-
Al(Cr)N crystallites indicates their continuous growth during the holding segment
(Fig.D.2g). The orientation of the c-Cr(Al)N and w-Al(Cr)N crystallites remains,
however, unchanged (Fig. D.2e,f).

During cooling from 1100 to 900°C, the energy delivered to the system is obviously
still sufficient for diffusion-driven structural variations, which are indicated by a
further increase of the intensity of the w-Al(Cr)N and h-CraN reflections (Fig. D.2c),
even though at lower rates (Fig.D.2d), revealing a decaying development of both
phases. Since the film microstructure consists of three phases at this stage of the
annealing experiment (c-Cr(Al) N, w-Al(Cr)N and h-CryN), which all differ in their
CTEs, the thermal tensile strain continuously increase during cooling (note also
different CTE of the WC-Co substrate). Remarkably, the residual stress of all
phases exhibited rather the same values (Fig. D.2i).

The HT-HE-XRD method allows identifying the role of deposition temperature on
the development of film microstructure, individual stress components and stability
of the c-CrAIN phase, which obviously differ with the increasing energy delivered to
the system during the deposition process. While the microstructural changes with

Ts were almost negligible, as demonstrated by almost identical SEM micrographs

D-21



D. Stress-controlled decomposition routes in cubic AICrN films . ..

(Fig. D.6) and FWHM values (Fig. D.4b) of the films in the as-deposited state, their
residual compressive stress state decreased with increasing temperature (Fig. D.4a).
Also the onset of defect recovery, indicating their thermal stability, is obviously
proportional to the deposition temperature. This is evident from Fig. D.4a by a de-
viation of o, from its thermo-elastic behaviour slightly above the varied Tg. While
the tensile thermal stress oy, in the deposited state of the films increases with, and
as a consequence of the deposition temperature, the compressive intrinsic stress oj
decreased due to enhanced adatom mobility resulting in subsequent defect recovery
occurring already during film growth (Fig. D.5a). The development of the compress-
ive residual stress to a different extent at various Ty results also in an increasing
magnitude of the total stress recovery after the annealing experiment (Fig.D.4a)
indicating an obvious correlation between the residual stress state and the driving
force for stress recovery during annealing. The deposition temperature also affects
the thermal stability of intrinsic defects in the film microstructure. In agreement
with other studies [30], defect recovery was in all three cases detected above Tg,
which has to be exceeded to promote the diffusion processes and thus determines
the defect stability. The residual stress state after the annealing was almost identical
for all films (Fig. D.4a). The difference of the FWHM of the films after the anneal-
ing experiment clearly showed that the c-Cr(Al)N crystallites grew much more than
those of the films deposited at lower Ty (see smaller FWHM of the film A than that
of B and C in Fig. D.4Db).

Since the elemental and phase composition of the films A, B and C (Table D.2),
their microstructure in terms of the crystallite size and texture (Fig. D.2e and Sup-
plementary Figs. D.4e and D.4e) as well as the FWHM were almost identical (the
film texture moreover did not change during annealing), another effect controlling
the thermal stability of the c-CrAIN phase needs to be considered. Whereas the
onset temperature of phase decomposition was ranging between 698 and 914°C from
films A to C, respectively, the onset stress of phase decomposition was relatively con-
stant between the magnitudes of —4560 and —3850 MPa (Table D.1). Remarkably,
the onset temperature of the phase decomposition lies within this range of about
600 MPa regardless of the thermomechanical history of the thin films.

The important role of the compressive residual stress magnitude on the decom-
position of the metastable c-CrAIN solid solution may be related to the suppressed
Al diffusion towards GBs. Also theoretical calculations are supporting the stabiliz-
ation of the cubic structure at high compressive stresses estimated to —11.5 GPa to
—16 GPa to stabilize the unstable c-AIN phase [39]. An analogy to this effect may be

found in the stabilization of the cubic ¢-Cr;_,Al.N with respect to its composition.
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Theoretical calculations found that without compressive stresses, the cubic phase
can be at 0K stabilized up to = = 0.69, whereas in the presence of a hydrostatic
compressive stress state of 4 GPa, the cubic phase can be stabilized up to x = 0.80
[40].

D.4. Conclusions

In-situ high-temperature high-energy grazing incidence X-ray diffraction was used
to analyse the (i) phases, (ii) texture, (iii) domain size, (iv) coefficients of thermal
expansion and subsequently thermal strains, (v) residual and (vi) intrinsic stresses
of three Aly7Crg 3N thin films on a cemented carbide bulk substrate. By using this
novel approach, it was possible to comprehensively characterize the thermal stability
of these thin films. The results revealed (i) a strain/stress controlled phase decom-
position, where the decomposition onset temperature is predominantly dependent on
the as-deposited in-plane residual stress magnitude, (ii) similar (111) fibre texture in
the cubic phase and a combination of (100) and (110) in the hexagonal phase for all
three investigated thin films and (iii) the measurement of CTE during heating and
cooling for the substrate as well as the cubic and the hexagonal phase. The results
demonstrate that the residual stress state plays a dominant role in enhancing the
thermal stability of the metastable solid solution of c-AlCrN. Finally, it was shown,
that the newly developed in-situ approach leads to a better understanding of the
structural changes in metastable thin films at high thermal loads and can be applied

as an powerful tool for further thin film design.

Methods

Thin film synthesis

The Alg7CrpsN thin films were prepared by cathodic arc evaporation in a voes-
talpine eifeler-Vacotec alpha400P deposition system equipped with six Al7qCrsg
cathodes operated at a cathode current of 100 A, substrate bias voltage Ug = —100 V
and nitrogen pressure pn2 = 4 Pa. The deposition temperature varied from 75 A =
475°C, Ts g = 400°C to Ts ¢ = 325°C for films denoted as A, B and C, respectively.
The mirror-polished cemented carbide (WC, 6 wt.% Co) substrates of a dimension

of 10 x 5 x 5mm?

were mounted on the sample holder in one-fold-rotation at a
cathode-to-substrate distance of ~ 100mm and plasma cleaned prior deposition.

Films A and B had a thickness of ~ 11 pm, while the film C had a reduced thickness
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of ~ 61m, as only 3 cathodes were used at the same deposition time in order to

reduce the deposition temperature to 325°C.

Laboratory characterization

Cross-sectional characterization of the films was performed in a Zeiss LEO 1525
scanning electron microscope (SEM) with 3kV accelerating voltage and an aperture
of 20 pm. In order to reveal the elemental composition of the films, energy-dispersive
X-ray spectroscopy analysis (EDS) was performed in SEM and quantified by built-in
standards (Zeiss LEO 1525, Bruker Quantax, with 20kV accelerating voltage and
60 pm aperture). Indentation modulus and hardness of the films were determined

by means of nanoindentation (UMIS, Fischer-Cripps Laboratory Ltd.).

In-Situ high-temperature synchrotron characterization

The in-situ HE-HT-GIT-XRD experiments were performed at the PO7B beamline
of the PETRA III synchrotron source in Hamburg (D) in transmission geometry,
using a pencil X-ray beam with a size of 400 x 100 pm? and an energy of 87.1keV.
The samples were mounted into a DIL 805 dilatometer (TA Instruments) with the
surface aligned with respect to the primary beam at an incidence angle 3 of ~ 2 deg
(Fig.D.1). The incidence angle of ~ 2deg was set to probe as much film volume as
possible in transmission, whilst maintaining the intensity of substrate reflections at
a minimum. The exact incidence angle and the position of the sample surface with
respect to the primary beam are dependent on the individual sample and have to
be repeatedly adjusted to an optimum before starting the in-situ HT-HE-GIT XRD
experiment.

The thermal cycle included heating to 1100°C at a rate of 1K/s followed by a
holding segment of 300s at the maximum temperature (both in vacuum at piotar <
10~2 mbar) and subsequent cooling to RT at a rate of ~1 K/s, controlled by the
Ar flow through the dilatometer chamber. Two dimensional (2D) X-ray diffrac-
tion patterns were recorded continuously using a Perkin-Elmer detector with a pixel
size of 200 x 200pum? and an exposure time of ~ 25s per frame (Fig.D.1). The
temperature for each diffraction pattern exposure was recorded with a Type S ther-
mocouple welded to the sample surface with a resolution of ~ 0.5°C. The detector
calibration was performed using a LaBg-powder and the Fit2D software package
[41]. The sample-to-detector distance, the detector tilt and the rotation angle of
the tilt plane of 1949.4 mm, 0.0895 deg and 69.453 deg were evaluated, respectively.

The beam centre on the detector was evaluated from the lower left corner 1031.246
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and 978.412 pixels in horizontal and vertical direction. The 2D data evaluation was

performed using the pyFAI software package [42].
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Suppl. Fig. D.1: the applied temperature cycle (a) and the experimental data of
the AICrN film A, phase plot with indicated diffraction angles for tabulated particu-
lar phases, where the white crosses indicate additional diffraction peaks representing
27d order diffraction due to the presence of the second harmonic’s wavelength in the
primary beam (b), evolution of intensity (c) and the 15* derivative of the intensity (d)
of w-Al(Cr)N 100 (green) and h-CraN 100 (violet) reflections, the texture plot for c-
Cr(AI)N 111 reflection indicating (111) fibre texture (e), texture plot for w-Al(Cr)N
100 reflection indicating overlapping (100) and (110) fibre texture (f), evolution of
FWHM of ¢-Cr(AI)N 111 (red) and w-Al(Cr)N 100 (green) reflections (g), thermal
expansion of ¢-Cr(Al)N (red, evaluated from the 200 reflection), w-Al(Cr)N (green,
100 reflection) and WC substrate (blue) (h) and residual stress evaluated from the
c-Cr(AI)N 200 (red), w-Al(Cr)N 100 (green) and h-CraN 100 (violet) reflections (i).
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Suppl. Fig. D.2: Experimental assessment for film A deposited at 475°C: the
development of the unstrained lattice parameter do(T") of c-Cr(Al)N and w-Al(Cr)N
phase over the temperature (a), the thermal expansion coefficient calculated for the
individual reflections (b) and the evolution of thermal, intrinsic and residual strain
over the temperature cycle for c-Cr(Al)N (red) and w-Al(Cr)N (green), respectively
(¢). The vertical red dashed line represents the deposition temperature, the green
dashed line the onset of the phase decomposition and the vertical black segmented
lines the beginning and the end of the holding segment.
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Suppl. Fig. D.3: the applied temperature cycle (a) and the experimental data of
the AICrN film C, phase plot with indicated diffraction angles for tabulated particu-
lar phases, where the white crosses indicate additional diffraction peaks representing
27d order diffraction due to the presence of the second harmonic’s wavelength in the
primary beam (b), evolution of intensity (c) and the 15¢ derivative of the intensity (d)
of w-Al(Cr)N 100 (green) and h-CraN 100 (violet) reflections, the texture plot for c-
Cr(Al)N 111 reflection indicating (111) fibre texture (e), texture plot for w-Al(Cr)N
100 reflection indicating overlapping (100) and (110) fibre texture (f), evolution of
FWHM of ¢-Cr(Al)N 111 (red) and w-Al(Cr)N 100 (green) reflections (g), thermal
expansion of ¢-Cr(Al)N (red, evaluated from the 200 reflection), w-Al(Cr)N (green,
100 reflection) and WC substrate (blue) (h) and residual stress evaluated from the
c-Cr(Al)N 200 (red), w-Al(Cr)N 100 (green) and h-CraN 100 (violet) reflections (i).
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Fig. D.4: Experimental assessment for film C deposited at 475°C: the
development of the unstrained lattice parameter do(T") of c-Cr(Al)N and w-Al(Cr)N
phase over the temperature (a), the thermal expansion coefficient calculated for the
individual reflections (b) and the evolution of thermal, intrinsic and residual strain
over the temperature cycle for c-Cr(Al)N (red) and w-Al(Cr)N (green), respectively
(¢). The vertical red dashed line represents the deposition temperature, the green
dashed line the onset of the phase decomposition and the vertical black segmented
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Abstract

Nature uses self-assembly of a fairly limited selection of components to build
hard and tough protective tissues like nacre and enamel. The resulting hierarch-
ical micro/nanostructures provide decisive toughening mechanisms while preserving
strength. However, to mimic microstructural and mechanical characteristics of nat-
ural materials in application-relevant synthetic nanostructures has proven to be dif-
ficult. Here, we demonstrate a biomimetic synthesis strategy, based on chemical
vapour deposition technology, employed to fabricate a protective high-temperature
resistant nanostructured ceramic TiAIN thin film with six levels of hierarchy. By
using just two variants of gaseous precursors and through bottom-up self-assembly,
an irregularly arranged hard and tough multilayer stack was formed, consisting of

hard sublayers with herringbone micrograins, separated by tough interlayers with
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spherical nanograins, respectively composed of lamellar nanostructures of alternat-
ing coherent/incoherent, hard/tough, single-/poly-crystalline platelets. Micro- and
nanomechanical testing, performed in situ in scanning and transmission electron
microscopes, manifests intrinsic toughening mechanisms mediated by five types of
interfaces resulting in intergranular, transgranular and cleavage fracture modes with
zigzag-like crack patterns at multiple length-scales. The hierarchical 2.7 pm thick
film self-assembled during ~ 15 minutes of deposition time shows hardness, fracture
stress and toughness of ~ 31 GPa, ~ 7.9 GPa and ~ 4.7 MPam"®, respectively, as
well as phase/microstructural thermal stability up to ~ 950/900°C. The film’s mi-
crostructural and mechanical characteristics represent a milestone in the production

of protective and wear-resistant thin films.

E.1. Introduction

In order to increase resistance to fracture and preserve strength, nature has de-
veloped unique strategies to synthesize hard and tough tissues like nacre, bone and
enamel [1, 2]. These lightweight biomaterials are formed at ambient temperatures
through bottom-up self-assembly strategies from a fairly limited selection of chemical
components [3—-6]. A unique aspect of practically all protective and wear-resistant
biological tissues is a hierarchical architecture [7-9] and the adoption of multiscale
interfaces between alternating phases, which are responsible for an entire set of ex-
trinsic and intrinsic toughening mechanisms [10-15], each of which is acting on a
particular length scale. Even though the common biomimetic motifs for the design
of lightweight, strong and tough materials have been derived [13-17], the fabrication
of synthetic nanostructures that mimic the structural and mechanical characteristics
of their natural counterparts, is a very challenging task and has succeeded only in a
limited number of cases [18-23], mainly at the laboratory scale [24, 25]. Also in the
field of protective and high-temperature resistant thin films, large-scale manufac-
turing technology has been practically unable to provide application-relevant hard
and tough protective nanomaterials with a large number of hierarchical levels and
multiscale interfaces, despite decades of research [24, 26].

Here we demonstrate that, by means of a common industrial-scale chemical vapour
deposition (CVD) [27] process, it is possible to produce a truly biomimetic protect-
ive TiAIN thin film with six-level hierarchy, which is simultaneously hard, tough
and high-temperature resistant. Most importantly, the thin film’s nanostructure is
the result of fast bottom-up self-assembly from two sets of gaseous precursors at

well-selected process parameters of temperature and pressure. We characterize the
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correlation between the thin film’s hierarchical nanostructure and crack propagation
behaviour at the micro- and nanoscale as well as the thermal stability of its cubic

phase and nanostructure and discuss the obtained quantitative results.

E.2. Results

E.2.1. Self-assembly of hierarchical microstructure

As an assembly approach, we used CVD [27]. The fabrication of various monolithic
protective thin films with columnar and/or nanocomposite grain microstructures
using this approach has already been reported [28-32]. Our aim was to further
explore the self-assembly reactions taking place under intentionally varied process
conditions and to synthesize a novel thin film with maximal levels of hierarchy and
a number of multi-scale interfaces. We were inspired by biological microstructures,
especially by nacre, and wanted to implement various micro- and nanostructural
obstacles for potential cracks to overcome, as well as alternating hard and tough
phases at various hierarchical levels to explore toughening mechanisms [2, 11, 16,
32]. The critical factors during the self-assembly process were the partial pressures of
precursor gases, the deposition temperature and the total pressure in the chamber.
The variation of the first parameter controlled the local thin film composition and
the two others predefined the shapes and sizes of the polycrystalline grains, as well
as their internal nanostructure. By the interplay of all three parameters during the
~ 15-minute deposition process applying just two sets of gaseous precursors, we
created a novel hierarchical thin film with six levels of hierarchy (c¢f. Sec. Methods).

We used scanning and transmission electron microscopy (SEM and TEM) to ana-
lyse the thin film’s cross-sectional architecture (Fig.E.1), which is schematically
described in Fig. E.2. In Fig. S.E.1, S.E.2 and S.E.3 of the supplementary material,
microscopy images are shown in full resolution. The 2.7 pm thick film’s cross-section
comprises 9 thick hard sublayers and 9 thin tough interlayers, exhibiting a thick-
ness ratio of ~ 10/1, and a soft oxidation resistant hexagonal (h) AIN top layer
(Fig. E.1a). To achieve the formation of the observed nacre-like cross-sectional mor-
phology, the respective partial pressures of AlCl3 and TiCly precursor gases were op-
timized to 0.368 and 0.022 kPa for the thin tough interlayers and 0.404 and 0.09 kPa
for the thick hard sublayers (c¢f. Sec. Methods). The hierarchical film was grown
onto a WC-Co cemented carbide substrate coated with a TiN adhesion layer, at a
deposition temperature of ~ 810°C (Fig. E.1a). Since the thin film was formed in
a process of kinetically controlled oscillating reactions [30, 33], the topology of the
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interfaces between sublayers is irregular (Fig. E.1a and b) and possesses many kinks,
lowering the probability of interface failure by crack propagation in the thin film’s

in-plane direction.

400nm

Figure E.1.: SEM and TEM micrographs of the hierarchical TiAIN film’s cross-sectional
nanostructure. (a) 2.7 pm thick film self-assembled on WC-Co substrates with
a TiN bonding layer, consisting of nine hard (dark) and soft/tough (bright)
sublayers. (b) The (bright) hard sublayers are composed of herringbone and
cube micrograins, whose in-plane orientation is random. (c—e) These mi-
crograins consist of nanolamellar packets based on alternating coherent c-
Ti(Al)N and c-Al(Ti)N platelets. (f) Nanograins within tough interlayers
are composed of incoherent c-Ti(Al)N and h-Al(Ti)N platelets, which them-
selves consist of globular nanocrystals with hexagonal structure. The dashed
lines indicate approximately the location of the thin ¢-Ti(Al)N platelets and
a grain boundary of a globular h-Al(Ti)N nanocrystal satisfying diffraction
conditions (¢f. Supplementary material).

The individual hard and tough sublayers exhibit a complex internal nanostruc-
ture with four and five hierarchical sublevels, respectively (Fig.E.2). Within each
hard sublayer, there is a ~ 100 nm thin nucleation region with randomly oriented
nanocrystals, which further develops into a region of herringbone or cube-shaped
micrograins of ~ 250 nm in size (cf. Fig. E.1c,d and E.2). The thickness of the hard
sublayers was set to ~ 250nm in order to avoid the formation of fully columnar
grain morphology involving grain boundaries of low cohesive energy, which would
develop at larger thicknesses due to competitive grain growth [34]. The micrograins
possess a lamellar nanostructure whose period is however not regular and varies
slightly across the individual grains (Fig.E.1d). The nanolamellae consist of al-

ternating cubic (c) TiN and AIN platelets including some traces of the respective
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Figure E.2.: A schematic description of the six levels of hierarchy — from microscopic film
to nano-crystal. The film consists of alternating hard and tough sublayers
with thicknesses of ~ 500 and ~ 50 nm. The hard sublayers are composed of
herringbone columnar micrograins. The internal nanostructure of the micro-
grains is composed of ¢-Ti(Al)N/c-Al(Ti)N nanolamellar stacks with coherent
interfaces between platelets. The soft/tough nanocomposite interlayers con-
sist of spherical nanograins composed of ¢-Ti(Al)N/h-Al(Ti)N nanolamellae
with incoherent interfaces between the individual platelets. The h-Al(Ti)N
platelets further consist of globular nanocrystals.

other metal species, which we will therefore term ¢-Ti(Al)N and c-Al(Ti)N platelets
(Fig. E.1e), respectively. The spontaneous formation of a nanolamellar structure
is a result of alternating growth of the individual platelets, whose cubic crystal
structures and lattice parameters are mutually stabilized into perfectly coherent
heteroepitaxial superlattices by self-adjusting the respective thickness and compos-
ition of each platelet. Similar planar cubic AIN/TiN superlattices have also been
prepared by magnetron sputtering, using a tedious process of alternating deposition
from Al and Ti targets [35]. In our process, the precise control of the nitrogen con-
tent during the kinetically controlled oscillating reactions at the growing thin film
surface plays apparently the key role in the lamellae self-assembly process, as sug-
gested in our previous report on a monolithic epitaxial TiAIN thin film deposited
onto Al,Og (0001) [30]. The polycrystalline tough interlayers consist of globular
nanograins with sizes of ~ 50 nm, possessing an incoherent lamellar nanostructure
consisting of ¢-Ti(Al)N and h-Al(Ti)N platelets (Fig. E.1f and E.2), which are also
formed as a result of oscillating surface reactions. The individual h-Al(Ti)N platelets
are polycrystalline, composed of ~ 5nm large single crystals with random in-plane
orientation. In fact, both hard and tough sublayers significantly differ in terms of

their phase composition, microstructure and mechanical properties. In descending
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order of hierarchy, the tough interlayers consist of nanometer-sized globular grains,
nanolamellae, platelets and nanocrystals, whereas all platelets in the hard sublayer
are composed of single crystals, which, in contrast to the tough sublayer, results in
only five hierarchical levels of this particular constituent (Fig. E.2). This difference
stems from the pressure ratio of the applied precursor gases, which influences the
crystallographic structure of the nanocrystals organized in the platelets, and thereby
also their ability to stabilize the respective cubic polytype of the TiAIN solid solution
in neighbouring platelets during the self-assembly process. Crystallographically, the
hard sublayers consist of only cubic phases which are significantly harder and more
brittle compared to the ductile and soft hexagonal phase present in thin tough in-
terlayers. Energy-dispersive X-ray and electron energy loss spectroscopies revealed
a very complex non-stochiometric composition of the self-assembled nanostructure,
which fluctuates at the sub-nm scale. Within the thin ¢-Ti(Al)N platelets of the
hard sublayers (Fig. E.le), the Al metallic fraction is ~ 0.4-0.7 and, in the thick
c-Al(Ti)N platelets, the metallic fraction of Ti is below ~ 0.05. Within the glob-
ular nanograins of tough interlayers (Fig. E.1), the thin c-Ti(Al)N platelets possess
a metallic fraction of Ti in range of ~ 0.95-1.0 and the thick h-Al(Ti)N platelets

exhibit a composition close to pure AIN [30].

E.2.2. Micro- and nanomechanics

In order to evaluate mechanical properties of the hierarchical thin film, we performed
nanoindentation tests and in situ micro- and nanocantilever bending experiments in
SEM and TEM [36]. The cantilevers were fabricated using focused ion beam (FIB)
milling. In addition to the hierarchical thin film, we synthesized also two reference
monolithic thin films using constant AlCl3 and TiCly precursor partial gas pressures
of 0.404 and 0.0909 kPa as well as 0.368 and 0.022 kPa, which we further term hard
and soft thin films, respectively (cf. Suppl. Fig. S.E.4).

All three thin films were mechanically tested in order to evaluate the role of the
hierarchical architecture on overall mechanical properties and crack propagation be-
haviour. The hardness of the hierarchical thin film lies between that of the soft and
hard monolithic thin films, as this property is mainly given by the intrinsic strength
and stiffness of individual con- stituents (c¢f. TableE.1). Bending experiments on
unnotched and notched (Fig. 3a) microcantilevers in SEM (¢f. Video S1 of sup-
plementary material) were used to determine the respective Young’s modulus F,
fracture stress op and fracture toughness Kic of each thin film (Table E.1) [37, 38].
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Table E.1.: Mechanical properties of the reference soft and hard films and of the hierarch-
ical film

Young’s modulus Hardness Fracture stress Fracture toughness

Thin film type E [GPa] [GPa] op|GPa] Kic [MPam®9)
Soft film 9294 + 4 2 + 1 49405 31402
Hard film 383 + 19 36+ 1 57405 47410

Hlergfincal 355 + 7 3144 7.940.2 47404

T T
hard thin fim
soft thin fim
® hierachical thin fim

. . . L .
300 400 500 800 700
Displacement [nm]

Figure E.3.: Results from mechanical tests on micro-cantilevers in SEM. (a) An example
of a notched cantilever used for toughness characterization. (b) Experimental
load-deflection curves from two cantilevers each, fabricated from the hierarch-
ical thin film and from two reference soft and hard thin films. (c—e) Fracture
surfaces of reference soft (c), hard (d) films and of the hierarchical films (e).

Representative load-deflection curves recorded for six unnotched microcantilevers
(two for each thin film type) presented in Fig. E.3b indicate dominant linear-elastic
response without plastic deformation, as expected for brittle ceramic materials.
The evaluated elastic moduli, which are proportional to the slope of the stress-
displacement curves in Fig. E.3b, approximately follow the rule of mixture and are,
similar to hardness, determined by the volume fraction of either elastic or stiff con-
stituents. The evaluated fracture stress and fracture toughness values clearly demon-

strate the importance of thin film architecture for the fracture behaviour. Although
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the fracture toughness of the hierarchical and hard thin films is comparable and
significantly higher than that of the soft thin film (Table E.1), there is a significant
difference in fracture stress. The resistance of the thin films to fracture evidently de-
pends on their architecture, as the fracture stress is by far highest for the hierarchical
thin film, reaching a value of 7.9 GPa.

In order to understand this effect, fracture surface (FS) morphologies of the tested
microcantilevers were analysed in the SEM. FSs obtained from the soft thin film
(Fig. E.3c) indicate relatively smooth brittle fracture with a significant fraction of
cleaved grains (transgranular fracture, TGF), whereas FSs from the hard thin film
(Fig. E.3d) show mainly intergranular fracture (IGF) along the boundaries of the
large columnar herringbone grains (Fig. E.1c). The specific arrangement of the her-
ringbone grains resulted in an increased FS area due to multiple crack deflection
events, resulting in a high fracture toughness value (Table E.1). Remarkably, FSs
of the hierarchical thin film (Fig. E.3e) again show relatively smooth brittle fracture
with only few micro- and nanoscopic protruding features, very similar to the F'Ss of
the soft thin film, albeit with less TGF.

At the microscopic scale, there are two dominant competing effects which lead
to excellent fracture toughness in our films, namely, (i) crack growth and deflection
at the grain boundaries of the herringbone crystallites (Fig. E.3d) and (ii) crack
arrest and deflection at the microscopic interfaces between hard and tough sublayers
(Fig.1la). The fracture stress enhancement in the hierarchical film is caused by
the presence of the multi-layered morphology (Fig. E.la), which limits the size of
herringbone crystallites (Fig. E.3¢c) and restrains the crack length (Fig.E.3e). The
equal fracture toughness of the hierarchical film, compared to the hard film, is
however a result of the balance between the less pronounced crack deflection at
morphologically smaller herringbone crystallites and multiple crack arrests as well
as deflections at the interfaces between tough and hard sublayers, which also results
in significantly different fracture surface morphologies (¢f. Fig. E.3d and e).

In order to obtain more insights into the fracture behaviour of our hierarchical
thin film at the nanoscale, we fabricated nanocantilevers from various regions of the
hierarchical thin film (Fig. E.4a, inset), loaded them in TEM using a pico-indentation
device and observed the crack propagation in situ, while load-deflection data were
simultaneously recorded (c¢f. Suppl. Fig.S.E.5). In Fig. E.4a, load-deflection curves
from three representative nanocantilevers are shown. Depending on their internal
nanostructure, the cantilevers exhibited distinctly different fracture behaviour. The
load-deflection curve of a cantilever fabricated (mainly) from a tough interlayer

indicates relatively low elastic modulus and fracture stress values, which is in line
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with the behaviour of the monolithic soft thin film (c¢f. Fig. E.3Db).
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Figure E.4.: Nanomechanical behaviour of the hierarchical thin film. (a) Load-deflection
curves from nanocantilevers machined using FIB from soft, hard and soft—
hard hierarchical film regions, respectively, and the corresponding cantilever
geometry (inset). (b—d) Representative zigzag-like crack patterns showing
cleavage (b), transgranular (c¢) and intergranular/mixed (d) fracture.

On the other hand, the cantilever fabricated from the thin film region consisting of
both hard and tough sublayers (containing a significant portion of herringbone crys-
tallites) broke in a stepwise fashion, which is reflected in the jagged load-deflection
curve (Fig. E.4a). This behaviour is caused by intermittent crack extension, as there
are multiple crack deflection and crack arrest events during the cantilever’s fracture.
A similar behaviour can be observed in the case of the hard sublayer, however, to
a lower extent, which can be explained by the lower level of hierarchy with respect
to the specimen containing both hard and soft sublayers. Different fracture mech-
anisms, occurring during bending of the individual pre-selected regions of the thin
films, were revealed by a detailed analysis of the FSs and by studying in situ frac-
ture processes in TEM (c¢f. Videos S2-S6 of the supplementary material). Besides
protruding herringbone nano- and micrograins, also mixed IGF, TGF and cleavage
fracture (CF) modes occur at various levels of the thin film’s hierarchical architec-

ture. IGF takes place along the grain boundaries of the herringbone micrograins
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and between globular nanograins (Fig. E.4d) in hard and tough sublayers, respect-
ively. TGF is found in soft globular nanograins and is equivalent to a combination
of IGF between h-Al(Ti)N nanocrystals, CF along the nanolamellar interfaces and
CF across ¢-Ti(Al)N lamellae (Fig. E.4c). Additionally, we observed that IGF along
the grain boundaries of herringbone crystallites was drawn into and interrupted at
the tough interlayers, an effect which is known as the shielding/anti-shielding effect
and which is typical for nacre-like microstructures [14, 38]. CF was further observed
mainly along {100} planes of the cubic phases, coinciding with the interfaces of
c-Ti(Al)N/c-Al(Ti)N nanolamellae inside the herringbone micrograins (Fig. E.4b).
Finally, CF infrequently also progressed perpendicular to these interfaces (Fig. E.4c),
similar to TGF in soft globular nanograins. These latter modes of CF are associated
with a high energy release rate, due to the necessity of breaking the strong chemical
bonds along coherent interfaces or across single-crystalline cubic platelets, which
significantly contribute to an increase of the overall macroscopic fracture tough-
ness. A TEM micrograph in Supplementary Fig.S.E.5 and in situ TEM videos of
supplementary material further document the crack propagation behaviour through
different regions of the hierarchical thin film, as discussed above.

Based on the SEM and TEM observations, we suggest that the remarkably high
fracture stress of the hierarchical nanostructured ceramic thin film (TableE.1) ori-
ginates mainly from (i) the high volume fraction of hard cubic phases and (ii)
the shielding/anti-shielding effects across multiple length scales associated with the
multiscale alternation of hard/soft phases within the hard/tough thin film sublay-
ers, within micrograins and nanograins as well as hard/tough c-Ti(Al)N/h-Al(Ti)N
nano- lamellae (¢f. Fig.E.2) [14, 38]. On the other hand, the high fracture tough-
ness of the complex hierarchical structure is evidently given by a combination of all
the described toughening mechanisms and most decisively supported by the latter
one [11, 14, 39]. In general, the extraordinary fracture resistance originates from an
interplay of various intrinsic toughening mechanisms at multiple length scales and
multiple crack deflection events associated with the complex hierarchical nanostruc-
ture, despite the brittle nature of the individual ceramic platelets [10, 11, 40]. The
importance of the hierarchical nanostructure in the fracture toughness behaviour
is also indirectly supported by the quantitative Kic data recently reported from
a conventional monolithic TiAIN thin film, which was prepared using magnetron

sputtering and which exhibited smaller Kjc values even after age hardening [41].
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E.2.3. High-temperature stability

In addition to mechanical properties, we also investigated thermal stability of our
hierarchical nanostructures. Thermal stability up to peak temperatures of ~ 1000°C,
reached within ms, is a general requirement in the contact region between coated
cutting tool and work piece in the metal cutting industry. Grazing incidence labor-
atory and cross-sectional synchrotron X-ray diffraction (XRD) analyses validated
the phase compositions of the soft, hard and hierarchical thin films as summarized
in Fig. E.2 (¢f. also Suppl. Fig.S.E.6). XRD analysis of the hard film with the
prevailing c-TiAIN phase was performed in order to investigate the thermal stability
of the metastable cubic TiAIN phase and the corresponding nanolamellar micro-
structure. The film was exposed to temperatures up to ~ 1100°C at a heating rate
of 1Ks~! during in situ high-energy high-temperature grazing-incidence transmis-
sion synchrotron XRD with photon energy of 87.1keV. As shown in Fig. E.5 and
Suppl. Fig.S.E.7, the heating results in the shift of ¢-TiAIN 111 and 200 reflections
(along with a substrate 200 reflection) to smaller diffraction angles due to the crystal
lattice expansion up to ~ 950°C. Above this temperature, an onset of cubic phase
decomposition and accompanying thin film softening is manifested by an increase in
the intensity of the h-TiAIN 100 reflection (Fig. E.5e). Additionally, the small-angle

ond order reflec-

X-ray scattering (SAXS) signal (Fig. E.5) from the nanolamellae’s
tion indicates that the cubic nanolamellae start to lose their ordered microstructure
above a critical temperature of ~ 900°C as indicated by the SAXS reflection shift
to small diffraction angles in Fig. E.5f. In comparable conventional TiAIN thin films
prepared by magnetron sputtering, the phase decomposition starts usually already
at temperatures above ~ 800°C [41-44]. In Suppl. Fig.S.E.7, corresponding two
dimensional X-ray diffraction patterns are presented. We suggest that the high
temperature stability of our hierarchical nanostructure in terms of both phase com-
position and microstructure can be understood in light of their mutually stabilizing
interplay. It is supposed that the interfaces between the nanolamellae lower the
diffusion rates needed for the formation of the stable soft hexagonal phase, which
is observed in polycrystalline TiAIN thin films prepared by magnetron sputtering
already from ~ 800°C [41].
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Figure E.5.: Thermal stability of the monolithic hard film studied by XRD. (a, b) Debye—
Scherrer rings from the film show the presence of hexagonal phase at 1080°C,
as indicated by the arrow. (c, d) Four small-angle X-ray scattering (SAXS)
maxima from the herringbone crystallites in (c) disappear at high temperat-
ures. (e) The evolution of 111 and 200 reflections during heating indicates
thermal stability of the c-TiAIN phase up to ~ 950°C and (f) SAXS data
show the evolution of the nanolamellae’s 2"d order peak (cf. (a), (c)) and
the stability of the nanolamellar nanostructure up to ~ 900°C (¢f. Suppl.
Fig.SE.3)

E.3. Discussion and Conclusions

In the field of hard thin films, and especially of transition metal nitrides, during
the last decades research focused primarily on the understanding of the impact of
deposition conditions, multi-layered microstructures, structural defects and various
alloying constituents on the thin films’ overall functional behaviour [26, 45-47].
First-principle calculations were extensively used to predict improved mechanical
properties like hardness and toughness in alloyed thin films, but failed to yield
significantly improved functionality [26, 47]. The biomimetic self-assembly approach
presented here demonstrates that the application of a hierarchically nanostructured
thin film architecture can serve as a very effective concept for the enhancement of
toughness, while preserving hardness and thermal stability [11]. By using only a
simple time-dependent variation of the composition of reactant gases, it is possible
to deposit protective bionic thin films with a sequence of nanostructured hierarchical
hard/tough sublayers, whereupon synergistic properties can be realized, which are
not found in the monolithic structures.

The self-assembly mechanism responsible for the formation of the nanolamellar
microstructure in CVD TiAIN films is still in dispute [29, 31, 48]. Recent reports
suggested that the nanolamellae formation could be a result of a phase separation at

the deposition temperature via surface diffusion or kinetically-controlled oscillating
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reactions at the film surface [30, 49, 50]. The regular morphology of the herringbone
crystallites with well-developed {100} interfaces between platelets (Fig. E.2) as well
as the geometrical and compositional matching at nanolamellar boundaries reported
by Zalesak et al. [30] in monolithic epitaxial TiAIN films suggest, however, that the
nanolamellae’s self-assembly is most likely a consequence of kinetically controlled
oscillatory reactions at the growing film’s surface described already by Bartsch et
al. [33] In other words, the nanolamellae are formed as a result of a sequential
epitaxial overgrowth of {100} facets by individual Al- and Ti-rich sublayers [30].
Depending on the ratio of AlCIl3 and TiCly precursor gases, however, hard and
tough nanostructures are formed with respective coherent c-Ti(Al)N/c-Al(Ti)N and
incoherent ¢-Ti(Al)N/h-Al(Ti)N nanolamellae.

Our six-hierarchy level film self-assembled during ~ 15 minutes of deposition time
shows simultaneously high hardness, fracture stress and toughness of ~ 31 and ~
7.9 GPa and ~ 4.7 MPam®?, respectively, as well as excellent phase/microstructural
stability at high temperatures up to ~ 950/900°C. The experimental jagged load-
deflection curves [10, 11, 40] from Fig. E.4a clearly demonstrate that the thin film’s
six-level structural hierarchy induces multiscale crack deflections events (Fig. E.4b—
d), which result in fracture stress enhancement. The additional level of hierarchy
obtained by combining the hard and soft sublayers significantly increases the fracture
stress to values 40 and 60% beyond that of the individual constituents, respectively,
while fracture toughness remains at least as good as that of the better-performing
constituent sublayer. Additional strengthening and toughening mechanisms, in-
duced by this structural enhancement, are responsible for this superior functional
performance [11].

Biomineralized materials like nacre, bone and enamel represent a typical example
of many-level hierarchical materials with a remarkable combination of high fracture
toughness and strength up to ~ 7 MPam®® and several hundred MPa, respectively
[32, 51-54]. Similarly, biomimetic artificial nacres, bones and teeth were repor-
ted with amazing microstructures and mechanical properties[18-25] like fracture
toughness of 30 MPam®® and yield strengths of 200 MPa in the case of nacre-like
poly(methyl methacrylate)-alumina materials [39, 55]. Since all biomineralized and
also most of the biomimetic microstructures include proteins or polymers, however,
their application is usually limited to a restricted temperature range [24]. Moreover,
most of the reported nacre-like microstructures were produced only at the laboratory
scale and/or during laborious long-term assembly [18-20, 55]. In comparison, our
hierarchical film can be used at temperatures up to ~ 900°C and the self-assembly

process takes just several minutes.
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Also in the field of protective thin films, there have been numerous reports on
synthetic microstructures with alternating phases and relatively high toughness,
which were produced mainly by magnetron sputtering from two or more targets
[56-60]. Our biomimetic film (Fig. E.1) introduces however a novel approach based
on multiple hierarchy levels and fast and economic self-assembly in an industrial
scale deposition system.

In order to synthesize the hierarchical film with the remark- able hierarchical
microstructure from Fig. E.1, however, the relatively high deposition temperature of
~ 810°C is needed, which may restrict or limit the use of some substrates (like high
speed steel). Therefore, further effort is needed to decrease the temperature of the
self-assembly process.

Finally, the employed CVD recipe attracts especially by its high deposition rate
of ~ 10 pm per hour, simplicity and the ability to produce an applicable industrial
material. Therefore, we suggest that further exploration of CVD processes featuring
self-assembly reactions holds much promise for incorporation of truly hierarchical

biomimetic design into novel application-relevant materials.

Methods

Thin film synthesis

Hierarchical as well as hard and soft monolithic thin films studied in this work were
grown with a thickness of ~ 2.7, ~ 4 and ~ 3.8 um in a commercial Bernex MT-
CVD-300 medium temperature reactor at a temperature of ~ 810°C, resulting in
a deposition rate of ~ 10pum per hour. The partial pressures of precursors AlCls,
TiCly, NHs, HCI, No as process gases and Ho as the carrier gas were 0.404, 0.09,
0.331, 0.110, 1.653, 22.413 kPa for the thick hard sublayers and 0.368, 0.022, 0.332,
0.113, 1.66, 22.505 kPa for thin tough interlayers, respectively, at a total pressure of
25 kPa. These two sets of parameters were used to prepare also the respective hard

and soft monolithic films.

Electron microscopy characterization

Zeiss AURIGA CrossBeam and Tescan GAIA3 workstations were used to collect
scanning electron microscopy (SEM) micrographs from thin film cross-sections pre-
pared using focused ion beam (FIB) milling. The micro- and nanocantilever fab-
rication was performed by FIB using an acceleration voltage of 30kV and currents

in the range from 20nA to 50 pA. Special care was taken to avoid sample dam-
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age by Ga ions by using low FIB cutting currents as well as Pt protective layers.
High-resolution transmission electron microscopy (TEM) analysis, energy-dispersive
X-ray and electron energy loss spectroscopies were performed using a Cs-corrected
JEOL JEM-2100F system operated at 200kV. Conventional TEM was performed
using a Philips CM12 system operated at 120kV.

Bending experiments on microcantilevers of 2 x 2 x 10 m? in size were performed
in a SEM (LEO 982, Zeiss) equipped with an indentation system (Picolndenter 85,
Hysitron). Bending tests on nanocantilevers with a cross-section of ~ 1 x 0.3 um?/~
1 x 0.5pm? and a length of ~ 3.5 um were performed using a Hysitron PI-95 TEM
Pico-indenter in a JEOL JEM-2100F microscope operated in conventional (CTEM)

mode.

Hardness characterization

Nanoindentation measurements were carried out using a UMIS II (UltraMicro In-
dentation System) Nanoindenter from Fischer-Cripps Laboratories, equipped with
a Berkovich tip and data were evaluated using the Oliver—Pharr method. This par-
ticular setup was chosen due to the samples’ high surface roughness, necessitating

higher indentation forces and indentation depths.

Synchrotron analysis

In situ high-energy high-temperature grazing incidence trans- mission X-ray diffrac-
tion HE-HT-GIT-XRD in the temperature range of 25-1100°C was performed at
the German Synchrotron (DESY) at PETRA III, (beamline PO7B side hutch) in
transmission geometry with a pencil beam with a size of 400 pm x 100 pm, an incid-
ence angle of 1degree and a photon energy of 87.1keV. The samples were mounted
on the sample stage of a dilatometer Béhr DIL 805 and heated with a heating rate
of 1Ks™! in high vacuum. Cross-sectional X-ray nanodiffraction experiments were
performed at the ID13 beamline of ESRF in Grenoble (F) using an X-ray beam of
100 nm in diameter and an energy of 12.7 keV.
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For supplementary videos see DOI: 10.1039/c8nr10339a.

Suppl. Fig. E.1 | Cross-sectional microstructure of the hierarchical film.
(a), SEM micrographs of the film’s cross-section with 9 hard sublayers and 9 tough
interlayers deposited onto a WC-Co substrate coated with a TiN bonding layer
and finalized by an AIN top oxidation resistant layer. (b-f), TEM cross-sectional
micrographs showing cube and herringbone crystallites in the thick hard sublayers.
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Suppl. Fig. E.2 | Atomistic microstructure of micro- and nanocrystals in
hard and tough sublayers of the hierarchical film. (a) HR-TEM micrograph
showing coherent nanolamellae with thin ¢-Ti(Al)N and thick c-Al(Ti)N platelets in
the hard sublayers. (b) HR-TEM micrograph showing incoherent and partly irregu-
lar nanolamellar microstructure of a tough interlayer with thin ¢-Ti(Al)N platelets
(indicated approximately by dotted lines) and thick h-Al(Ti)N platelets of random
orientation along with a globular h-Al(Ti)N nanocrystal with its (1210) lattice planes
satisfying diffraction condition.
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|

Suppl. Fig. E.3 | Cross-sectional microstructure of a microcantilever
machined from the hierarchical film. The SEM micrograph shows an irregularly
arranged multilayer stack consisting of hard sublayers separated by thin (bright)
tough interlayers. The wavy cross-sectional morphology is a result of complex self-
organization phenomena and is favorable for the film’s fracture properties.

A = , -

Suppl. Fig. E.4 | Cross-sectional microstructure of the reference films.
SEM micrographs indicate nanocrystalline (a) and coarse-grained (b) microstruc-
tures of the soft and hard reference films, respectively.
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Suppl. Fig. E.5 | Loading experiments on nanocantilevers in TEM. (a) A
diamond tip approaching the nanocantilevers. (b) A detailed view of a nanocanti-
lever. (c) Zigzag-like crack propagation across a nanocantilever machined from the
hierarchical film.
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Suppl. Fig. E.6 | Results from cross-sectional X-ray nanodiffraction ana-
lysis (CSnanoXRD) performed on hard, soft and hierarchical films using
a synchrotron X-ray beam with a diameter of 100nm and a photon energy
of 12.7keV. (a) Monolithic hard film consists of cubic TiAIN phases (and also some
traces of hexagonal TiAIN phase with concentration <~ 5%). (b) Monolithic soft
film consists of hexagonal and cubic TiAIN phases. (¢) Hierarchical film consists of
hard and tough sublayers with cubic and hexagonal TiAIN phases. Due to the wavy
morphology of the hierarchical film (¢f. Supplementary Figure S.E.3), it was not
possible to resolve the individual sublayers of the film using CSnanoXRD.
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Suppl. Fig. E.7 | Results from high-energy high-temperature transmis-
sion X-ray diffraction experiment on the hard film on WC-Co substrate
demonstrate the film’s thermal stability. (a) Wide angle X-ray diffraction
patterns collected at temperatures of 25, 800, 900, 1000 and 1080°C. In patterns
(a-c) only the presence of WC and c-TiAIN diffraction peaks is observed, whereas
in (b) the occurrence of h-TiAIN 100 reflection is visible. The arrow in (a) indic-
ates the small-angle scattering signal from the film’s lamellar nanostructure, which
disappears in (d) and (e).
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