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ARTICLE INFO ABSTRACT

Keywords: The presence of interfaces with nanoscale spacing significantly enhances the strength of materials, but also the
Interface structure rate controlling processes of plastic flow are subject to change. Due to the confined grain volumes, intragranular
B"undar’y character dislocation-dislocation interactions, the predominant processes at the micrometer scale, are replaced by emission
Nanotwinned X of dislocations from and their subsequent accommodation at the interfaces. Both processes not only depend on
Intergranular stress relaxation . . . . . .
Nanoindentation the interfacial spacing, but also on the atomistic structure of the interface. Hence, a thorough understanding
Nickel how these processes are affected by the interface structure is required to predict and improve the behavior

of nanomaterials. The present study attempts to rationalize this effect by investigating the thermomechanical
behavior of samples consisting of three different interfaces. Pure nickel samples with predominant fractions of
low- and high-angle as well as twin boundaries with a similar average spacing around 150 nm are investigated
using high temperature nanoindentation strain rate jump tests. Depending on the interface structure, hardness,
strain rate sensitivity and apparent activation volumes evolve distinctively different with testing temperature.
While in case of high-angle boundaries for all quantities a pronounced thermal dependence is found, the other
two interface types behave almost athermal in the same temperature range. These differences can be rationalized

Rate controlling process

based on the different interfacial diffusivity, affecting the predominant process of interfacial stress relaxation.

1. Introduction

The enhanced fractions of grain boundaries (GBs) and interfaces
making up nanocrystalline (NC) materials or nanocomposites signifi-
cantly alter their property spectrum. The tremendous decrease of the
mean obstacle spacing for dislocations enhances strength to unprece-
dented levels [1-4]. Besides that, the rate-controlling processes of
plastic flow are altered compared to the coarse grained reference state,
as the probability for storage or interaction of defects within the grains
or phases diminishes when their volume is reduced to the nanoscale.
For FCC metals, this implies a shift from forest cutting (i.e. dislocation-
dislocation interactions) to dislocation emission from and interaction
with GBs or interfaces [5]. Accordingly, the measured strain rate
sensitivity (SRS), m, of plastic flow is significantly enhanced for NC FCC
metals, accompanied by a reduction of the (apparent) activation volume,
V*, being only on the order of several 10 b [6-9]. It is evident that the
interaction of defects with interfaces strongly depends on their atomistic
structure, consequently affecting the resulting properties. Nanotwinned
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(NT) metals are one of the most prominent examples demonstrating this
effect. The introduction of nanoscaled twins into micrometer-sized cop-
per grains allows to unite high strength with excellent tensile ductility
[10,11]. This superior property combination is in clear contrast to con-
ventional NC or ultra-fine grained (UFG) copper, offering comparable
strength but extremely limited tensile ductility [12,13]. The synergy of
strength and ductility in case of NT copper is associated with the simul-
taneous possibility of easy slip transfer and generation of sessile disloca-
tions at the twin boundaries (TBs). This ensures work hardening capa-
bility, not accessible for random high-angle grain boundaries (HAGBs),
where dislocations easily annihilate at the opposite GBs [14,15]. Sim-
ilarly, molecular dynamics (MD) simulations comparing samples with
HAGBs and low-angle grain boundaries (LAGBs) suggest a stronger work
hardening ability in the latter case [16], in line with experimental obser-
vations on aluminum [17,18]. Apart from mechanical properties, also
the thermal stability is significantly affected by a change of the interface
structure. Nanomaterials with large fractions of LAGBs or TBs showed
significantly improved thermal stability compared to structures consist-
ing mainly of HAGBSs, rationalized by their reduced interfacial energies
and diffusivities [19-22]. This emphasizes that not only the mechan-
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ical behavior, but also other properties such as the thermal stability
are strongly determined by the interface type. Hence, also the thermo-
mechanical response will be readily affected, but has remained widely
unexplored so far, especially the case for nanostructures built of LAGBs.

Focusing on the mechanical behavior, the influence of the interface
character should be readily reflected in the rate-controlling processes
of plastic flow. However, studies unraveling the effect of the interface
character and taking a potential size dependence (i.e. effects resulting
from the interfacial spacing) into account, remain, except for those on
NT copper [14], scarce and are currently mostly limited to ambient tem-
perature. Unexpectedly, a comparison of NT copper with conventional
NC copper suggested that the SRS and activation volume V* of plastic
flow do not differ for a given interfacial spacing and follow the same
scaling laws [14,23]. Based on their fundamentally different properties
discussed above and recent results emphasizing the importance of inter-
granular stress relaxation [9], this agreement is astonishing. In fact, the
measurements obtained on various UFG and NC FCC materials showed
that the SRS remained constant at low levels until above a certain tem-
perature a pronounced increase occurred [9]. Above this transition tem-
perature also the apparent activation volumes started to decrease, ap-
proaching single digit values, indicative of diffusion-based processes.
This is supported by activation energies at elevated testing temperatures
being comparable to those reported for GB diffusion [9]. Moreover, the
transition temperatures were found to be only 50 — 70 K below the av-
erage ones measured for thermally-induced dislocation annihilation at
random HAGBSs in these particular materials, cf. Refs. [9,24]. Above the
mentioned transition point, the temperature seems sufficient to allow
for thermally facilitated stress relaxation, reflected in a pronounced tem-
perature and time dependence of plastic flow. As a whole, these results
point to intergranular stress relaxation as the controlling process. How-
ever, models describing the kinetics of purely thermally-induced stress
relaxation (Eq. (1)) [25,26], indicate that apart from material constants
such as the shear modulus, G, the atomic volume Q, the boundary width
6, and fundamental constants such as the Boltzman constant, kg, and a
pre-factor A (reported to be about 1/200 for severely deformed nanoma-
terials [25,271]), the relaxation time 7,4, only depends on the boundary
diffusivity Dgp and the spreading distance s, which is natively restricted
to the grain size as an upper limit.

kpTs?
Trelax = A =5 M

GQDgps

Based on Eq. (1), it is evident that for a given material and inter-
facial spacing, the relaxation time mainly depends on the interfacial
diffusivity. Accordingly, different relaxation times and hence deforma-
tion behavior are expected for different interface types. In other words,
different values of the SRS or work hardening rates would be expected,
contrasting the mentioned agreement in previous studies [14]. Although
the reported similarities between HAGBs and TBs could result from the
restriction to ambient testing temperatures, the obvious controversies
motivated a detailed study unraveling the effect of the interface type on
the deformation behavior of nanostructured metals. Due to its higher
melting point we used nickel as a model material to allow for measure-
ments in a wider temperature range without the occurrence of signif-
icant microstructural modifications. In addition, NC nickel and nickel
alloys have been widely studied at room temperature (e.g. Refs. [8,28-
31]) what allows for a comparison with the gathered data. High tem-
perature nanoindentation strain rate jump tests performed on samples
with LAGBs, HAGBs and TBs of similar spacing allowed to assess the ef-
fect of the interface type on the deformation response and to prove the
raised hypothesis that interfacial stress relaxation is the predominant
rate-controlling process.

2. Experimental

To understand how the interface type affects the deformation be-
havior, nanostructured nickel samples with different boundary types
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but similar interfacial spacing were synthesized. The samples considered
in this work consist predominately of HAGBs, LAGBs and TBs, labelled
HAGB, LAGB and NT sample hereafter. The HAGB and LAGB samples
were processed by high pressure torsion (HPT) and cyclic high pressure
torsion (CHPT) at ambient temperature. Nickel (99.99%, from Goodfel-
low) samples with 10 mm diameter and 1 mm height were deformed
by quasi-constrained monotonic HPT [32] at ambient temperature for
10 rotations at a rotational speed of 0.2 rot min~! under an applied
nominal pressure of 5.1 GPa. Such severe monotonic strains result in an
UFG structure consisting of random HAGBs which make up to 75-80%
of the total boundary length [33,34]. To create a nanoscaled structure
of similar dimensions but consisting mainly of LAGBS, recrystallized Ni
samples (773 K/1 h) having the same dimensions (10 mm diameter and
1 mm height) were cyclically HPT deformed (5° twist angle) for five
cycles using a setup introduced earlier [35,36]. The large plastic strain
amplitudes applied allowed to create a distinct fraction of dislocation
cells having approximately the same spacing as obtained in case of the
monotonically deformed samples. The NT nickel samples were synthe-
sized using pulsed electrodeposition. Sheets of several millimeter thick-
ness consisting of NT nickel structures were grown on copper substrates.
Butindiol (0.02 g 1-1) and sodiumsaccharin (3 g 1-1) were added to the
electrolyte as grain refiners. A detailed chemical composition of the elec-
trolyte can be found elsewhere [37,38]. Deposition was performed us-
ing square pulses with a cathodic current density of 45 mA cm~2 and
an anodic current density of 65 mA cm~2 with a pulse duration of 5 ms,
respectively.

Boundary spacings and fractions of boundary characters of the HAGB
and LAGB samples were analyzed using an electron backscatter diffrac-
tion (EBSD) detector attached to a LEO 1525 field emission gun scanning
electron microscope (SEM, Carl Zeiss Microscopy, Germany), while for
the NT nickel samples transmission Kikuchi diffraction (TKD) in an on-
axis configuration [39] with a setup from Bruker, Germany was used.
The step size in case of the TKD scans was set to 10 nm, while 25 nm
were used for the conventional EBSD scans. For conventional EBSD, a
final electrolytical polishing step (Struers electrolyte A2) was used to
remove any deformation layer present from mechanical grinding and
polishing. For TKD, an electron transparent NT sample was prepared
following standard TEM preparation routines of mechanical grinding,
polishing and dimpling, followed by gentle ion polishing. The obtained
data was analyzed using a standard software package (OIM analysis 5.3,
EDAX). For the HAGB and LAGB samples the microstructures were an-
alyzed in radial (RAD) direction of the HPT disk at a radius of 4 mm,
while the NT structure was observed perpendicular to the growth direc-
tion. To examine the thermal stability of the samples and to determine
the meaningful temperature range for the high temperature nanoinden-
tation protocol used to assess the deformation behavior, the samples
were isochronally annealed (30 min) at various temperatures. Vickers
microhardness measurements (0.5 gf load, 15 s) at ambient temperature
accompanied by microstructural analysis as described before enabled to
determine the thermal stability range. Please note that in case of Vick-
ers hardness, not the projected area, but the contact area is considered
for evaluating the hardness. Hence, for the same test temperature and
material condition, these values are slightly reduced compared to the
nanoindentation data. Minor effects could further arise from differences
in applied strain rate.

To obtain insights into the deformation behavior, nanoindentation
strain rate jump tests at room temperature and elevated deformation
temperatures were performed [40]. In case of the HPT disks (HAGB and
LAGB samples) the indentation direction was chosen along the axial di-
rection, while the nanotwinned samples were indented along the growth
direction, i.e. perpendicular to the TBs. Prior to the tests the sample sur-
faces were mechanically ground and polished followed by a final elec-
trolytical polishing step (Struers electrolyte A2) to remove any deforma-
tion layers. In case of the HPT disks (LAGB and HAGB structures), the
indents were performed at a radius of about 4 mm, i.e. where all mi-
crostructural investigations were performed. From the nanoindentation
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strain rate jump tests hardness, H, strain rate sensitivity, m, and ap-
parent activation volumes, V*, as a function of the testing temperature
can be extracted. Hence, insights into the rate-controlling deformation
processes of the different nanostructures and interfaces can be gained.
All tests were performed on a platform Nanoindenter G200 (KLA, CA,
USA) equipped with a continuous stiffness measurement (CSM) unit.
The CSM unit superimposes a sinusoidal load signal (2 nm amplitude
and 45 Hz frequency used here) that allows to deduce contact stiffness
and thus modulus and hardness continuously throughout the test. For
elevated testing temperatures, a laser heating stage (SurfaceTec, Hiick-
elhoven, Germany) was used. Both, the tip and the sample are heated
independently, allowing to adjust and stabilize the contact temperature
carefully, minimizing thermal drift [41]. Due to the laser heating, the
selected temperatures and subsequent stabilization are reached within a
few minutes, reducing the exposure prior to the indent. This also guaran-
teed a well-defined and homogenous temperature distribution through-
out the indentation sequence. The whole system including sample tray
and the copper cooling shield surrounding the indentation tip was wa-
ter cooled and the chamber temperature was close to 291 K. An inert
gas atmosphere (forming gas — N, containing 5% H,) was obtained by
two individual valves that controlled the gas flow around the sample
tray and the heated tip. This created an oven-like atmosphere and en-
sured that oxidation of the samples could be prevented. After the high
temperature tests, all samples were inspected visually and, although not
quantified, no obvious oxidation was recognized. For all measurements
Berkovich tips were used. In case of the elevated testing temperatures
sapphire tips (Synton-MDP, Nidau, Switzerland together with Surface
Tec, Hiickelhoven, Germany) were used to minimize chemical interac-
tions between tip and sample [42], while at ambient temperature di-
amond tips (Synton-MDP, Nidau, Switzerland) were used. Frame stiff-
ness as well as tip shape calibrations were made on fused silica regularly
between the individual samples according to the Oliver-Pharr method
[43]. A thermal drift of less than 0.1 nm/s was allowed prior to any test
and was determined at each testing temperature before as well as after
each array of indents.

At every chosen test temperature at least four indentations, separated
by 50 um, were performed within the heating cycle, ranging between
room temperature (RT) and 573 K, depending on the thermal stabil-
ity of the individual samples, respectively (Ni HAGBs: 298, 373, 398,
425, 448, 473 and 498 K; Ni LAGBs: 298, 373, 423, 473, 498, 523, 548
and 573 K; Ni NT: 298, 373, 398, 423, 448, 473, 498, 523, 548 and
573 K). The nanoindentation tests were performed in constant strain
rate-controlled mode [44]. The applied strain rate was altered abruptly
after every 500 nm indentation depth, starting with 0.05 s~!, reduc-
ing it further to 0.01 s~!, increasing it back to 0.05 s~!, dropping to
0.005 s~! before jumping back to the initial strain rate of 0.05 s~1. All
hardness and modulus data reported in the following are averaged val-
ues obtained at a strain rate of 0.05 s~ between 1050 and 1450 nm
indentation depth. Based on the strain rate jump tests, the strain rate
sensitivity, m, and the apparent activation volumes, V*, can be calcu-
lated according to Egs. (2) and (3) [30], respectively, where H denotes
the hardness, ¢ the strain rate, C* a constraint factor being 2.8, kg the
Boltzman constant, and T the absolute temperature.

_ 0(n(H) @
o(In (¢))

C* %

p 3ukgxT

m+ H @

It should be noted that the values calculated according to Egs. (2)
and (3) could depend on the applied strain (i.e. indenter geometry) and
strain rate, with the latter chosen rather high within this study. Notably,
for high strain rate tests constant hardness (flow stresses) prior to an-
other strain rate jump may not always evolve, complicating this analysis.
This was, however, not the case here, as for the majority of the applied
rate jumps rather constant hardness levels evolved, compare Fig. 6b.
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Furthermore, while the dislocation density can affect the calculated SRS
or V* values for metals subjected to comparably low strains [45], this
issue is not pronounced for nanostructured materials tested here. Previ-
ous results indicate that Berkovich tips imposing a strain of ~7% strain
already necessitate a large number of dislocations. Thus, no significant
difference of the SRS or V* at a given temperature was evidenced, inde-
pendent if measured during the heating or cooling sequence (i.e. testing
already a relaxed state) [9].

As the test protocol includes two strain rate jumps back to a pre-
vious strain rate (¢ = 0.05 s1), the hardness-contact depth curves can
be used as a first indicator for structural modifications due to the ther-
momechanical exposure of the nanostructures. As will be detailed later,
for HAGB samples tested at specific temperatures, these curves already
suggested grain growth beneath the indenter tip. Therefore, the cross-
sections of particular indents were extracted and inspected as well. After
depositing a protective platinum layer on top of the indent using a gas
injection system in a focused ion beam (FIB) workstation (Zeiss Auriga,
Zeiss, Germany), a slice through the residual impression with a thickness
of about 2 pm was extracted from the sample using an Omniprobe 200
micromanipulator (Oxford Instruments, UK). Subsequently, the samples
were attached to a copper grid by platinum deposition and analyzed
using conventional EBSD as specified before.

All residual imprints were further imaged using a Keyence laser scan-
ning confocal microscope to determine the height of the pile-ups and
their evolution with temperature. The recorded data was analyzed us-
ing the software package Gwyddion 2.56. Linear profiles were applied
to the imaged indents to measure the pile-up heights. The reported val-
ues are averages with the standard deviation as the error bar. It should
be noted that for some conditions (test temperature, interface type) the
error bar seems rather large, which is not a result of pronounced scatter
between the indents taken at a given temperature, but rather due to dis-
tinct deformation differences between the three faces of the Berkovich

tip.
3. Results

3.1. Microstructural characteristics and thermal stability of the three
different types of nickel samples

Fig. 1 shows representative micrographs of the three different types
of nickel samples under investigation. The HAGB samples (monotoni-
cally HPT deformed, Fig. 1a) exhibit a typical UFG microstructure with
slightly elongated grains along the tangential (TAN) direction, consist-
ing predominantly of HAGBs with fractions of up to 75% of the total
boundary length. It should be mentioned that after severe straining no
preferred misorientation angle or axis pair can be determined, as re-
ported earlier [33,34,46,47]. Thus, the generated HAGBs can be con-
sidered as random. This is also evident from the misorientation dis-
tribution, Fig. 2a. Average boundary spacings were determined using
the line intercept method and setting a critical misorientation angle of
more than 15°, yielding average minimum dimensions (along the axial
direction) of about 190 nm. The LAGB samples (Fig. 1b) appear similar
to conventional cold-worked structures. Inside the still distinguishable
coarse grains, well-defined dislocation boundaries with low misorienta-
tion angles developed. The fraction of boundaries with a misorientation
angle below 15° in these samples makes up 75% of the total boundary
length. Because the average spacing of the LAGBs was determined by
conventional EBSD, the threshold angle to identify a grain was set to
2°, although dislocation boundaries with an even lower misorientation
angle may exist. Accordingly, the average spacing along the axial di-
rection (minimum dimensions) determined for this condition (265 nm)
can only be considered as an upper bound for the actual spacing. For
both, the HAGB samples and the LAGB samples, dislocation-based plas-
ticity is evident from the ODF sections, which show a good agreement
with the ideal texture components [48] in Fig. 2c. The NT nickel sam-
ples consist of columnar grains in growth direction, having an average
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Fig. 1. Representative microstructures of the tested nickel samples having three distinct interface types. (a) HPT deformed nickel consisting predominantly of HAGBs;
(b) Recrystallized and cyclically cold-worked nickel with a majority of LAGBs (boundaries in the inset image in black denote HAGBs), and (c) electrodeposited NT
nickel. For all specimen types the average interfacial spacing is with 150-250 nm rather similar.
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Fig. 2. (a) Uncorrelated misorientation distribution of the HAGB and LAGB samples synthesized by HPT and cyclic HPT, respectively, with the random distribution
(open circles) given for comparison; (b) distribution of the line intercepts for the different interface types; (c) Representative ODF sections of the HAGB and LAGB
samples with the black dots indicating the position of ideal texture components expected for dislocation-based plasticity [48].

thickness of about 2.5 um, with the largest ones being up to 10 um
thick. Inside the columnar grains high densities of twin boundaries can
be found, see Fig. 1c. This results in a {111} fibre texture in growth di-
rection. The majority of the twin boundaries are coherent twin bound-
aries (fraction ~ 85%) and their average spacing based on line inter-
cepts is about 120 nm. Thus, samples with relatively similar boundary
spacings could be synthesized and assessed with respect to their me-

chanical properties and thermal stability. It should be noted that the
purity of the NT nickel samples is lower compared to the other two in-
terface types, with sulphur being known as main impurity in ED nickel
samples. However, as the preferred segregation sites are the columnar
HAGBEs, rather than the closely spaced TBs which determine the me-
chanical properties, this is not expected to cause an effect, compare
Ref. [49].
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Fig. 3. Thermal stability of the three different nickel microstructures as revealed from room temperature Vickers microhardness (0.5 gf load) tests performed after
isochronal (30 min) annealing and complementary microstructural investigations. Circles correspond to the images in b). Data of the HAGB specimens is taken from
Ref. [50]. Please note that the difference of the RT hardness compared to Fig. 6 originates from the use of the contact area instead of the projected area to determine
the Vickers hardness.

Fig. 4. Representative SEM images of the indents;
samples containing HAGBs (upper row), LAGBs
(middle row) and TBs (bottom row) at indicated
testing temperatures.

A similar boundary spacing for all three types of specimens is also ev-
ident from the hardness measurements taken at room temperature. For
all different types of specimens a comparable hardness of 2.5-3.2 GPa
was measured, see Fig. 3. To test their thermal stability, the samples
were subjected to isochronal (30 min) annealing treatments at different
temperatures. Vickers microhardness measurements at room tempera-
ture accompanied with structural characterization allowed to determine
any structural changes. These thermal stability limits were used to set
the testing temperature range for the nanoindentation experiments. It
can be noticed that the HAGB samples have a significantly lower thermal
stability compared to the LAGB and TB samples. Already above temper-
atures of 423 K massive grain growth occurred for the HAGB specimens,
while at this temperature pronounced changes still remain absent for the
LAGB and TB specimens. At annealing temperatures of 523 K also in the
LAGB samples first recrystallization nuclei can be observed (Fig. 3b),
explaining the rather large standard deviation of hardness for this par-
ticular annealing condition. At this annealing temperature the hardness
slightly drops also in case of the NT samples, but changes of the TB

spacing remain small. Even after annealing at 773 K, the TB spacing re-
mains well below a micron, indicating a superior thermal stability. The
improved thermal stability in case of the LAGB and TB specimens com-
pared to the HAGB samples is in line with investigations on NT copper
[20,21] and nanolaminated nickel consisting of nanoscaled LAGBs [19].
It can be rationalized by their lower interfacial energy and diffusivity
compared to general HAGBs, consequently reducing the driving forces
for growth and the atomic mobility within the interfaces [19,22]. Apart
from thermal stability, pronounced differences between the three dif-
ferent types of nickel samples are also evident when considering their
mechanical behavior, as will be outlined in the following section.

3.2. Deformation behavior at ambient and elevated temperatures

Already from the shapes of the remanent impressions after room and
elevated testing temperatures, a distinctively different deformation be-
havior for the three interface types is evidenced. Representative SEM im-
ages of the indents from the three different types of samples at different
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Fig. 5. Analysis of the pile-up height of the different nickel samples as a function
of temperature. The large error bars for the LAGB and TB samples are just a
consequence of the difference of the pile-up height along the three sides of the
Berkovich tip.

testing temperatures are presented in Fig. 4. It should be noted that the
micron-sized grain structure visible in some images is just a consequence
of recrystallization occurring in the sample, which was continuously
heated during the indentation sequences and certainly does not affect
any interpretation. For all three interface types, distinct pile-up forma-
tion (i.e. a convex deviation from the ideal indent shape) occurs during
indentation at room temperature. This is expected for materials having
already high strength and, accordingly, limited work-hardening capa-
bility [51,52]. Quantitative analysis of the indents (Fig. 5) revealed that
for all testing temperatures pile-up formation is more pronounced when
LAGBs and TBs are involved. The large error bar for these two samples
is not caused by scatter between multiple indents taken at a given tem-
perature, but by the pronounced difference of the pile-up height along
the three sides of the Berkovich tip. Up to temperatures of 475 K, the
pile-up height of the LAGB and TB specimens is more or less constant,
before reducing to lower levels. In contrast, the pile-up height measured
on the HAGB specimens already decreased at much lower temperatures,
Fig. 5. At testing temperatures of 423 K, still below the thermal stability
limit, the indents resemble already an almost perfect and straight shape,
with the pile-up height being similar to the ones taken at 473 K where
grain growth already occurred.

Apart from the clear differences of the indent shapes for the three
sample types and their evolution with temperature, also the tempera-
ture dependence of the measured hardness values exhibits quite differ-
ent trends. While for the samples containing LAGBs and TBs the hardness
does not change significantly with an increase of the testing tempera-
ture, the HAGB sample shows a distinct temperature dependence, see
Fig. 6a. Data taken from Ref. [9] obtained on a UFG Ni4.5Al alloy con-
sisting predominantly of HAGBs is added for comparison. As for the pure
nickel sample with HAGBs also for the alloyed variant the hardness is
extremely temperature sensitive. The alloying content only shifts the
testing temperatures that cause a substantial drop in hardness towards
higher values. Although measuring well below the thermal stability limit
(~ 0.25 T,), the hardness of the HAGB samples decreases already re-
markably. Because both, the LAGB and NT samples do not show a dis-
tinct temperature dependence, above ~ 0.22 T,, the hardness of these
two specimens exceeds those of the HAGB samples. However, it is well-
established that nanostructures consisting predominantly of HAGBs are
prone to grain growth during deformation, even under cryogenic con-
ditions, as evidenced for a variety of testing temperatures and deforma-
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tion modes, see for instance Refs. [36,53-58]. Therefore, grain growth
in case of the HAGB samples may already occur below the thermal sta-
bility limit due to the deformation (7% equivalent strain) imposed by
the Berkovich indenter, explaining the reduced hardness values with in-
creasing testing temperature. As the indentation protocol consisted of a
series of strain rate jumps, including two jumps back to a previous strain
rate, the recorded hardness-contact depth curves (Fig. 6b) already allow
to deduce microstructural instabilities. Nevertheless, from the hardness-
contact depth data, this is not expected up to testing temperatures of
398 K, since for testing temperatures below 398 K, a strain rate jump
back to a previous strain rate (i.e. 0.05 s~1) always leads to identical
hardness levels, indicating microstructural stability. This is different for
higher testing temperatures. Already at 423 K, the hardness for the last
strain rate segment remains below the ones obtained in the previous two
segments, presumably already a consequence of measuring close to the
thermal stability limit.

However, already for testing temperatures of 398 K, where the
hardness-contact depth signal suggests a stable microstructure, the hard-
ness differs already more than 30% compared to room temperature. To
elucidate the reasons for this hardness reduction, another HAGB sam-
ple was prepared and indented at 398 K. A lift-out of a thin lamella
through the indent performed at 398 K was taken and the volume be-
neath the indent subsequently analyzed. The obtained backscattered
electron images and detailed color IPF maps of the microstructures are
shown in Fig. 7. Obviously, the grain size beneath the indent is signifi-
cantly larger than in unaffected regions further away. On a closer look
the region where noticeable grain growth occurred is limited to a circu-
lar shape around the indent. Estimating the plastic zone size according
to Refs. [59,60] indicates that grain growth is confined to this volume,
highlighted by the dashed line. Despite the indentation-induced growth
is significant, it is not reflected in the hardness-contact depth curves,
showing identical hardness levels for a jump back to the same strain
rate (i.e. 0.05 s~1). This could be related to the fact that for the self-
similar Berkovich indent the realized equivalent strain and, hence, the
amount of growth is independent of the penetration depth, but just the
size of the plastic zone increases.

3.2.1. Strain rate jump tests

From the high temperature nanoindentation tests, strain rate sensi-
tivity, m and apparent activation volumes, V*, were determined as a
function of temperature according to Egs. (2) and (3). The values re-
ported in the following are averages, with the standard deviation as
the error bar. Fig. 8 summarizes these quantities for the three different
specimen types as a function of the test temperature. In addition, data
obtained on a NC Ni4.5Al alloy consisting of a majority of HAGBs (Ref.
[9]) is plotted for comparison. As for hardness and indent morphology,
also the temperature dependent trends of strain rate sensitivity and ap-
parent activation volume differ remarkably for the three interface types
investigated. Again, these trends are comparable for the LAGB and NT
specimens but differ substantially for the HAGB samples, Fig. 8a. At
ambient temperature, SRS is low (0.01 — 0.02) and rather similar for all
three interface types, although slightly higher values were measured for
the HAGB nickel and Ni4.5Al samples. Already for slightly elevated test-
ing temperatures, the differences between the samples become apparent.
While for the pure nickel samples with HAGBs the SRS quickly increases
with temperature, the LAGB and NT specimens behave rather athermal.
This also holds true for the alloyed nickel sample consisting predomi-
nantly of HAGBs. However, similar to the pure nickel HAGB samples,
above ~ 0.25 T, the SRS of the Ni4.5Al alloy quickly increases. In case
of the pure nickel HAGB samples, the SRS reaches values of about 0.05
at 423 K, before decreasing again. This drop of the SRS can be attributed
to the occurrence of significant grain growth, as the testing temperature
exceeded the thermal stability of the samples, Fig. 3. Even higher values
of 0.1 can be measured in case of the Ni4.5A1 HAGB samples, although
for a given temperature the SRS of the pure nickel samples is always
higher. In contrast, for the LAGB and NT samples, no change of the SRS
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Fig. 6. (a) Hardness as a function of testing temperature for nickel samples with different types of interfaces. Data obtained on a NC Ni4.5Al alloy (Ref. [9]) with a
predominant fraction of HAGBs is added for comparison. Circled data points in (a) refer to the hardness-contact depth curves of the HAGB samples displayed in (b).

could be measured up to temperatures of 473 K (~ 0.25 T,,). Even for
higher testing temperatures, the increase remains rather small and for
both types of samples within the whole temperature range tested, the
SRS exceeds only slightly that measured in case of HAGBs already at am-
bient temperature (m ~ 0.02). Nevertheless, also for these two interface
types a similar trend as measured for the HAGB samples can be expected,
given that the structures remain stable up to way larger temperatures
than tested here. This is supported by data obtained during large strain
deformation of pure coarse-grained nickel (i.e. in compression and tor-
sion), suggesting that at least temperatures of 873 K would be required
to measure a distinct rate dependence of flow stress [61,62]. While this
would be possible for the NT samples (compare Fig. 3), in case of the
LAGB samples recrystallization occurred already at about 0.32 T,, and
caused a drop of the SRS to even lower values.

As can be expected for nanostructures, the apparent activation vol-
umes V* are on the order of several tens of b> for all specimens tested

Fig. 7. Backscattered electron image
showing microstructural changes beneath
an indent of a HAGB sample indented at
398 K. The dashed line corresponds to
the maximum depth of the plastic zone,
estimated according to Refs. [59,60].
Please note the different scale bars of the
images.

at room temperature, see Fig. 8b. With ~ 40 b3 the apparent activation
volumes in case of the LAGB and NT specimens are slightly larger than
the ones calculated for the HAGB samples. For the pure and alloyed
HAGB samples, values of about 20 b> were measured. As the SRS of the
LAGB and NT samples does not change significantly with temperature
according to Eq. (3), the apparent activation volumes of these samples
increase moderately up to about 60 b> with testing temperature. Sig-
nificantly larger values of almost 400 b* are measured for the LAGB
specimen after recrystallization, as expected for a coarse-grained FCC
metal at moderate testing temperatures, with forest cutting being the
rate controlling process. In contrast, V* of both, the pure and alloyed
HAGB specimens, remains rather constant before starting to decrease
once reaching the temperatures where the SRS quickly increases. This
trend of decreasing V* is restricted to a narrow temperature range in
case of the pure nickel HAGB samples as grain growth occurs, reflected
in a distinct increase of the activation volume. However, in case of the
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Fig. 8. (a) Strain rate sensitivity, m, and (b) apparent activation volume, V*, of the nickel samples having different interfaces as a function of testing temperature.
Data for a NC Ni4.5Al alloy (Ref. [9]) consisting predominantly of HAGBs and ED NC Ni (Refs. [28,31]) are added for comparison. Trend lines are added as guide

for the eye.

more stable Ni4.5A1 HAGB samples, the decrease is clearly visible and
single digit activation volumes, indicative for diffusive processes, are
approached, Fig. 8b.

Based on the measured hardness and activation volumes, the appar-
ent activation energies of the rate limiting processes can be estimated
according to Eq. (4) [63]. This approach describes the activation barrier,
Q, as stress-dependent Gibbs free energy, AG, to activate plastic flow.
Since it is generally assumed that contributions from the entropy term
are negligible [29,64], AG is closely related to the activation enthalpy
AH,, expressed as:

0 ~ AH. - HV* dnH) @

“\Ber o(%)

with H and V* being the hardness and apparent activation volume, re-
spectively, T, the absolute temperature and C a constraint factor of 2.8.
As can be seen from Fig. 9a, for all three interface types the logarithm
of the hardness as a function of the inverse temperature can be reason-
ably described by a linear fit within two distinct temperature ranges. In
case of the HAGB samples, only the one at lower temperatures was con-
sidered further, as that at higher temperatures already corresponds to
a (partially) coarsened microstructure, compare Figs. 6 and 8. The cal-
culated activation enthalpies and their change with testing temperature
are displayed in Fig. 9b. For the HAGB specimens at RT an activation
enthalpy of about 2 eV can be determined, which immediately decreases
to about 1 eV with an increase of the test temperature. For the LAGB and
NT samples, activation enthalpies of about 3 eV are derived at elevated
testing temperatures, where properties become slightly temperature de-
pendent. These values are comparable to those expected for GB diffusion
(~ 1 eV) and bulk diffusion in nickel (~ 3 eV), respectively, compare
Refs. [65,66].

4. Discussion

4.1. Effect of the interface type and the deformation temperature on the
indent shape

Distinct differences are not only observed for the mechanical prop-
erties, but already for the indent shapes, Fig. 4. While pile-up forma-
tion for high strength materials with low work-hardening capacity is

expected [51,52], the differences between the three types of samples
(Fig. 5) need to be briefly discussed in the remainder. Although LAGBs
and TBs are known to have higher work-hardening rates compared to
HAGBs [10,13], larger pile-ups are formed for these two samples. More-
over, pile-up formation in case of the HAGB samples continuously dimin-
ishes with increasing testing temperature, which is unexpected given
the reduction of hardness and work-hardening rate with temperature
[51].

Independent of the sample type, due to fixed geometry and indenta-
tion depth a consistent volume of material needs to be displaced by the
indenter tip. However, this occurs more localized in case of the LAGB
and NT samples, presumably because these interfaces are more rigid
compared to the HAGBs. While more detailed studies are required to
assess this issue in detail, investigations on NT copper support this no-
tion [67]. As detailed in the next chapter, detwinning and local collapse
of the twin structure was reported, favoring local plastic flow, hence
larger pile-up heights. As the mechanical properties in case of the LAGBs
and TBs are largely unaffected by the test temperature, a pronounced
change of the pile-up height is thus not expected. In contrast, thermo-
mechanically induced migration of the HAGBs can easily occur (Fig. 7).
This is in line with detailed observations showing that at low homolo-
gous temperatures under an applied stress field, for a given GB crystal-
lography, HAGBs migrate much faster than LAGBs do [68]. As any mov-
ing interface realizes plastic strain, the easier migration of HAGBs could
facilitate a more homogenous plastic flow over larger volumes, leading
to smaller pile-ups heights. The large affected zone beneath the indent
at moderate testing temperatures together with the enhanced rate sen-
sitivity in case of the HAGB specimens (Fig. 7 and Fig. 8) support this
picture and also explains the further diminishing pile-up height with
increasing test temperature.

Apart from a larger average pile-up height in case of the LAGB and
NT specimens, also the height difference between the three faces of the
Berkovich tip, giving rise to the large error bars in Fig. 5, is more pro-
nounced. This can be rationalized by two factors. First, for these two
specimens, only a single crystallographic orientation is probed (i.e. the
size of the grain containing the rigid interfaces is much larger than the
volume affected by the indent). Indentation studies on single crystals in-
dicate that the orientation of the facets of the indenter tip with respect
to the available slip systems determines the anisotropy of the pile-up
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Fig. 9. (a) Plot of In H (hardness) as a function of the inverse temperature, with slope of the linear fits in the respective temperature intervals displayed. (b) Calculated
activation enthalpies, AH,, as a function of test temperature for the three interface types.

height [69-71]. This anisotropy might be enhanced if additionally in-
terfaces restricting plastic flow are introduced [71], especially if they
are perfectly aligned and hardly mobile as the LAGBs and TBs inves-
tigated here (i.e. parallel to the shear direction or perpendicular to the
growth direction, respectively). However, as the pronounced anisotropy
diminishes somewhat at elevated testing temperatures, the effect of the
interface seems more important.

4.2. Pronounced temperature dependence of mechanical properties in case
of HAGBs

Beside the different appearance of the indent shape, the presented
results also reveal, depending on the interface type, a distinctively dif-
ferent thermomechanical response, cf. Figs. 6 and 8. Already the hard-
ness values measured at RT indicate that not solely the interfacial spac-
ing, but also the interface type plays a predominant role in determining
the mechanical response. Although the average spacing of the TBs was
smaller than that of the HAGBs, the RT hardness of the HAGB speci-
mens was the highest, see Fig. 6a. Based on previous research, this can
be explained by (partial) collapse of the NT structure. Strain induced
detwinning was clearly observed beneath nanoindents performed on NT
copper, with detwinning becoming more pronounced for higher equiva-
lent strains applied [67]. Further, for NT structures a huge anisotropy of
the flow stress can be measured, differing by a factor of three between
the hard and soft testing modes for NT copper [72]. Although less pro-
nounced, such anisotropic flow behavior was also reported for metallic
nanolaminates [73,74]. Beneath the indents bending or realignment of
the layers and/or shear band formation was frequently observed [75-
77]. Alignment of the layers with respect to the faces of the indenter cor-
responds to the weakest testing direction, thus facilitates plastic flow.
Converted hardness values (using a conversion factor of three) yielding
results close to the uniaxial flow stress of the weakest testing orientation,
further support this picture. Hence, the slightly lower hardness values
measured in case of the NT nickel are most likely a consequence of such
instabilities occurring during indentation.

With increasing testing temperature, the differences between the in-
dividual sample types become even more pronounced. While the LAGB
and NT samples behave quite similar and their properties are only
weakly temperature-dependent, the same properties vary strongly with
temperature in case of the HAGB samples. As can be noticed from the

Ni4.5A1 HAGB sample, this pronounced temperature dependence can-
not be avoided by alloying, but just the temperatures where pronounced
changes occur are shifted towards higher values with alloying content,
cf. Figs. 6a and 8. This emphasizes that already at comparably low tem-
peratures of ~ 0.2 T,,, mechanical properties are not solely determined
by the average interfacial spacing, but the interface type plays a deci-
sive role. This strong temperature dependence of hardness in case of the
HAGB samples is unexpected for FCC metals that conventionally have
a temperature-independent yield stress [78-80]. Although due to the
temperature dependence of the work hardening rate the flow stresses
determined at larger strains can differ substantially also for FCC metals
[801, this is not expected for severely deformed materials having already
a negligible work-hardening capacity. Moreover, considering the limited
equivalent strains realized with the Berkovich tip (i.e. ~ 7%), a decrease
of hardness by more than 30% while marginally increasing the testing
temperature from 0.17 T, to 0.23 T, would not even be expected for a
FCC material with a pronounced work-hardening rate [80].

The pronounced temperature dependence of hardness is also evident
for the alloyed Ni4.5A1 HAGB samples (Fig. 6), in perfect agreement
with literature findings on various nanostructured materials, but also
for nanocomposites or nanolaminates [28,31,81-85]. The same holds
true for metallic thin films, usually composed of NC grain structures.
Early nanoindentation studies already reported a reduction of hardness
by more than 50% when the testing temperature for gold or copper
thin films was increased from RT to 400 K, although the microstruc-
tures were claimed to be thermally stable up to this point [86], similar
to what was found in the present study. Contrary, the hardness of the
LAGB or TB samples remains almost unaffected (i.e. reduction by 8%)
in the same testing temperature interval. This suggests that the distinct
temperature dependence of the flow stress has its origin in the presence
of large fractions of random HAGBs or interfaces. A strong tempera-
ture dependence in case of the HAGB samples is, however, also evi-
dent for the other properties determined. SRS of the HAGB specimens
shows independent of purity a pronounced increase with temperature,
accompanied by a drop in the apparent activation volume, V*, as long as
the microstructure remains stable, Fig. 8. In contrast, the SRS values of
the LAGB and NT specimens are almost athermal (Fig. 8a), causing to-
gether with the almost constant hardness slightly increasing activation
volumes with increasing temperature. Focusing on the HAGB specimens,
it appears that pronounced property changes of H, m and V* with tem-
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perature occur at similar testing temperatures, suggesting a common
origin, cf. Figs. 6 and 8. From the deformation textures (Fig. 2) of the
LAGB and HAGB samples and detailed results on NT metals (e.g. Refs.
[72,87,88]), it is evident that for all samples dislocation-based plasticity
prevails. Hence, as the deformation mechanism remains the same for all
three types of samples, the differences in the mechanical behavior need
to originate from a change of the interaction of dislocations with the
respective interfaces. The strong temperature dependence of properties
in case of HAGBs seems to be a peculiarity of the interaction of dislo-
cations with them, occurring only at much higher temperatures in case
of interfaces consisting of dislocation arrangements (LAGBs) or almost
atomically sharp interfaces such as TBs.

Interactions of dislocations with different interfaces have been stud-
ied previously, and given the necessary temperature and/or applied
stress, lattice dislocations can enter a GB, forming an extrinsic grain
boundary dislocation (EGBD), i.e. a dislocation being not part of the GB
structure but coming from outside the GB [26]. Various processes can
be coupled to the absorption of an EGBD, such as dislocation emission,
GB migration or grain rotation, just to name a few [26]. Although the
actual processes can differ depending on boundary crystallography and
the Burgers vector of the incoming dislocation [26,87,89,90], this aspect
is not considered in the remainder because individual interaction events
are not accessible with the experiments used in this work. Nevertheless,
probing multiple boundaries of a given type at the same time allows to
draw conclusions about their average behavior and respective distinc-
tions. In any case, after the injection or absorption of a lattice disloca-
tion, the GB will be in a state of higher energy. Even in the case of direct
transmission, a residual Burgers vector could be left at the interface, if
those of the in- and outbound dislocations differ. Consequently, the in-
terface aims at reducing its energy again by intergranular stress release,
involving thermally activated processes. These processes determine the
behavior of polycrystals to a great extent, as dislocation emission, GB
migration or grain rotation are closely related to them [26]. Indeed, our
recent study focusing on UFG/NC FCC metals reported good agreement
between the average temperatures for thermally-induced dislocation an-
nihilation in random HAGBs with those where SRS increased to remark-
ably high values [9]. The same holds true for the nickel samples tested
here. Average annihilation temperatures for dislocations in HAGBs of
pure nickel of about 490 K were reported [24], agreeing reasonably
well with the temperatures where maximum rate sensitivity and initia-
tion of grain growth occurred, compare Fig. 8. It should be noted that
the increasing temperature dependence of properties in the HAGB sam-
ples already below 490 K is not contradicting this idea. As the accom-
modation of dislocations at GBs and the associated relaxation of their
stress fields involve thermally activated processes, the thermal energy
required can be reduced by the presence of mechanical stresses, com-
pare Eq. (5). There, G denotes the Gibbs free energy, F the Helmholtz
energy, 7 the resolved shear stress and V the (physical or real) activation
volume of the process [91].

G=F- 1V (5)

Accordingly, part of the energy can be provided by the mechanical
work done by the applied shear stress, while models describing the ki-
netics of intergranular stress relaxation (i.e. Eq. (1)) or the mentioned
temperatures for dislocation annihilation [24] just consider the pure
thermally driven case. Hence, the applied stresses during indentation
can significantly reduce the required thermal contributions to overcome
the activation barrier. This was indeed observed in in-situ TEM straining
experiments on UFG aluminum, where the dislocation contrast at the
GBs decreased more rapidly when small dislocation pile-ups, i.e. locally
higher resolved shear stresses, were present [92]. This is in line with the
development of a pronounced temperature dependence already below
the average annihilation temperatures reported.

However, despite considering the thermal part only, the mentioned
models describing the kinetics of interfacial stress relaxation can still
be used to qualitatively rationalize the obvious differences between the
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HAGB and the LAGB/NT samples, as the applied stress is roughly the
same for all three interface types. As stated previously, the required re-
laxation time depends mainly on material properties (i.e. shear modulus,
atomic volume, interfacial spacing and width) and interfacial diffusivity
[25,26], cf. Eq. (1). Considering that the nickel samples tested here have
a quite similar boundary spacing and assuming a rather constant bound-
ary width, the only parameter that fundamentally differs is the interfa-
cial diffusivity. For the LAGB and NT samples, the activation energies
for boundary diffusion are expected to be similar to bulk diffusion, i.e.
a difference by a factor of about two compared to the HAGB specimens
[93]. Available interfacial diffusion data for nickel along deformation-
induced LAGBs [22] and HAGBs [27] at temperatures close to the high-
est ones tested here yield values of Dysgp (458 k) = 5.14x1071° m? 571
and Dyagp (440 k) = 5.03x107Y7 m? s71, respectively. For comparison,
the bulk diffusivity at this temperature would be only on the order of
Dy (4s0 k) = 5%107%7 m? s71 [65]. With all other parameters being ap-
proximately the same for the nickel samples studied here (Eq. (1)), the
expected relaxation times differ by at least two orders of magnitude be-
tween these two sample types. The accordingly reduced relaxation time-
scales in case of the HAGB specimens are reflected in their pronounced
temperature dependence of mechanical properties, while the low dif-
fusive, ‘dense’ TBs or LAGBs require higher temperatures to thermally
activate such processes. This is reflected in their almost temperature-
independent properties in the investigated temperature range, but also
in activation enthalpies being comparable to bulk diffusion, compare
Fig. 9b and Ref. [65]. The similar activation enthalpies calculated for
the TBs and LAGBs is supported by simulation work, emphasizing that
both, TBs and LAGBs, can provide easy slip transfer across the bound-
ary, but can also resist dislocation slip. Except for the case of a screw
dislocation impinging a TB, or a dislocation with proper Burgers vector
impinging at the right position of the LAGB, locks or junctions are eas-
ily created. These sessile residuals of the interaction process may only
be removed or overcome from subsequent dislocations by climb, neces-
sitating in both cases a scenario close to bulk self-diffusion [89,94,95].
Similarly, although not as pronounced, the reduced diffusivity of HAGBs
caused by alloying or impurities induces a shift towards higher testing
temperatures until relaxation processes can be thermally activated. The
reduction of V* towards single digit values, found for the HAGB speci-
mens once a pronounced temperature dependence of properties is mea-
sured (Fig. 8b), and the activation enthalpies being close to expectations
for GB diffusion (compare Fig. 9b and Ref. [66]), further highlights the
importance of diffusive processes at the GBs at these testing tempera-
tures.

Thermally-induced stress relaxation at the boundaries thus not only
explains the observed property differences between the three interface
types, but also allows to rationalize the pronounced temperature depen-
dent properties in case of the HAGB sample. In case of HAGBs, relaxation
can occur at much smaller time scales, thus enhanced testing tempera-
tures or prolonged testing times (i.e. reduction of the strain rate) already
allow for diminishing stress fields. Their interaction with subsequent
lattice dislocations is hence reduced and lower flow stresses are mea-
sured. Contrary the retarded relaxation at LAGBs or TBs, which occurs
by dislocation climb [96], explains not only the reported higher work-
hardening rates in this case [14-18], but also the rather temperature-
invariant properties measured in Figs. 6 and 8. This interpretation is in
line with recent investigations on NT copper suggesting that the rate
limiting process is dislocation climb along the TBs, causing also an in-
crease of the rate sensitivity at sufficiently high temperatures [88]. Since
stress relaxation at GBs can also result in their migration, the observed
grain growth beneath the indent of the HAGB samples well-below the
thermal stability limit may not be too surprising (Fig. 7). Although fre-
quently observed for nanostructures subjected to various loading situ-
ations (e.g. Refs. [36,53-55,971), initiation of distinct grain growth by
applying just 7% additional strain may appear intriguing at first view
for a severely deformed sample. However, the equilibrium grain size
was adjusted at RT, while HPT deformation at 418 K already yields an
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increase of the minimum grain dimensions by 60% [98]. In addition to
the increase of the testing temperature, the change of the loading sit-
uation itself could accelerate the migration rates [99]. Disconnections,
GB line defects responsible for their migration [100-102], can also be
generated by impinging lattice dislocations [100,103]. The step height
and Burgers vector of the disconnection will, however, not only depend
on boundary crystallography, but also on the interacting dislocation.
Hence, a strain path change, activating different slip systems, could al-
ter the active disconnection modes and accordingly the GB migration
rates. The thermal and mechanical stability of a nanomaterial can thus
largely differ, compare Figs. 3 and 6.

5. Summary and conclusions

The present results reveal a pronounced influence of the interface
type on the deformation behavior of nanostructured nickel. Despite
having a similar interfacial spacing, the presence of twin or low-angle
boundaries results in an almost athermal behavior of hardness, rate sen-
sitivity and activation volume. In contrast, the properties of HAGBs be-
come strongly temperature-sensitive already at low homologous tem-
peratures (> 0.2 Tp,,), while alloying only induces a shift towards higher
onset temperatures. These differences can be rationalized based on the
important role of interfacial stress relaxation for the deformation be-
havior of nanomaterials and its dependence on boundary diffusivity. As
observed for the HAGB specimens, interfacial stress release can distinc-
tively modify the nanostructures tested. Noticeable grain growth below
the thermal stability limit is reflected in a pronounced temperature de-
pendence of hardness. These obvious differences induced by the inter-
face type cannot be captured in predictions using models solely based
on the interfacial spacing (i.e. modified Hall-Petch concepts). Hence,
concepts including kinetics of accommodation and stress relaxation pro-
cesses of dislocations at interfaces need to be targeted and developed to
ensure more reliable property descriptions. While their kinetics are rea-
sonably described for the pure thermally activated case, its stress depen-
dence yet needs to be assessed. However, with future work in this field,
a major step towards a generalized model capturing effects of chemistry,
interface type or loading situation and, hence, a general prediction of
mechanical properties of nanomaterials, seems accessible.
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