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1 Introduction

Ever since the beginning of human civilization, improvements in materials were �rst achieved

by modifying materials available in the living environment (stones, woods, bones, etc.).

However, due to the inconsistent characteristics of organic materials, some of the tooling

materials were replaced by metals soon after their discovery. Signi�cant enhancements in

material properties were enabled by alloying a base element with promising mechanical

properties with fractions of other elements. Bronze, e.g., was a result of alloying elemental

Cu with a small amount of Sn. This progress in material processing marked the beginning of

the bronze age allowing the �rst ancient civilizations to experience massive achievements in

culture and technology. During the bronze age, a demand for protective and decorative thin

�lms for the expensive base material arose and, hence, copper or bronze statues and religious

artefacts were gilded for the �rst time [1]. Followed by the progress in carbon control to make

steel (iron alloys), the frontiers of materials science were pushed further during the iron age

and re�ned until the middle age. During the medieval period, cultural, political and economic

exchanges between ancient China, the Byzantine Empire, the Islamic world and Western

Europe contributed to the foundation for modern science and the steady development in

metallurgy and materials science allowed the discovery of new elements and enhancement of

material properties. Even though the strive for better materials forced humanity to advance

in material design and production, development of new materials nowadays has become

challenging [2]. Conventional alloy concepts are based on one major base element, which

is diluted with alloying elements to improve the material properties of the alloy family.

However, the demand for alloys with outstanding high temperature, mechanical, di�usion

and corrosion properties is di�cult to meet with the currently available stable alloy families,

e.g., Fe, Al, Mg or Ni based alloys. Therefore, new alloying strategies should be considered

to discover materials with advanced properties.

In recent years, a novel class of alloys derived from the multi-principal element design

concept has attracted increasing attention. High entropy alloys (HEAs) are a new class of

materials, �rst introduced independently by Yeh and Cantor in 2004, featuring outstanding

physical and chemical properties [3, 4]. The initial goal of HEAs was to enhance the material

properties by avoiding the formation of complicated and brittle intermetallic phases. Instead

of alloying a base element with minor fractions of di�erent elements, the alloying strategy
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of HEAs is based on the intermixing of 5 or more elements in near equiatomic ratios. It is

believed that the increase in entropy of mixing can explain the stabilization of single-phase,

solid solution metallic alloys rather than the formation of intermetallic or other complex

phases. HEAs are reported to exhibit high hardness, good wear resistance, good corrosion

properties, limited di�usion kinetics, high temperature strength and high thermal stability [3,

5�8]. The obtained material properties show potential for a wide range of future applications.

While there is already extensive literature available for bulk HEAs, thin �lm HEAs are still

relatively unexplored.

Thin �lms greatly enhance the properties of a material by combining a coating with

the respective substrate material. This enables surface properties of materials technically

and economically unreachable by traditional bulk materials. By controlling the deposition

process, e.g. hard coatings deposited on bulk materials are engineered to the desired re-

quirements such as strength, hardness, thermal di�usion, oxidation resistance and fracture

toughness [9]. Traditionally, coatings are applied to optical, electronic and magnetic, tooling

and machining applications as well as to decorative purposes. The �rst applied hard coatings

for cutting applications were binary nitrides and carbides, e.g. TiN, TiC and CrN followed

by diamond or diamond-like carbon coatings. Further improvements in mechanical proper-

ties and oxidation resistance have been achieved by, e.g., ternary nitrides such as TiAlN and

CrAlN [10].

The aim of the present work is to contribute to the understanding of HEA thin �lms by

collecting fundamental experimental work focused on the relations between synthesis, struc-

ture and properties of these �lms. Therefore, MoNbTaVW HEA thin �lms were synthesized

on various substrates utilizing di�erent physical vapor deposition (PVD) methodes, namely

direct current (dc) magnetron sputter deposition (MSD), high power impulse magnetron

sputtering (HiPIMS) and cathodic arc deposition (CAD) . The in�uence of di�erent growth

conditions such as the deposition angle on structure and properties of the thin �lms was

studied. Further, vacuum annealing of MoNbTaVW thin �lms was conducted to evaluate

their thermal stability as well as their mechanical and electrical properties after annealing.

The e�ect of N on HEA thin �lms was investigated by synthesizing MoNbTaVW thin �lms

in N containing atmosphere using CAD and MSD. In-situ tensile straining tests were con-

ducted to investigate the electromechanical properties of metallic and nitride MoNbTaVW

HEA thin �lms deposited on �exible polymimide (PI) substrates.

The outline of the thesis starts with a general overview of HEAs regarding de�nition,

characterization, design strategy and possible applications by reviewing recently published

literature. In the next chapter, selected PVD methods for the synthesis of HEA thin �lms are
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described. The obtained experimental results are disclosed in Chapter 5 and discussed based

on the current state of the art available in literature. Finally, a summary of the obtained

results is given in order to point out the interrelationship between synthesis, structure and

properties of HEAs.
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2 High entropy alloys

In the late eighteenth century, German scientist Franz Karl Achard �rst studied multi-

principal element alloys (MPEAs) with �ve to seven elements in equimass composition [11].

He mixed together the most common elements at his time, including Fe, Cu, Pb, Sn, Zn, Bi,

Sb and As. The properties of the alloys di�ered from the base elements but were not alluring.

This was the reason why MPEAs were not further investigated at the time. However, it is

therefore believed that Franz Karl Achard was the �rst metallurgist to study this new alloying

concept and, hence, he was the predecessor for the works of Jien-Wei Yeh and Brian Cantor

on HEAs and multi-component alloys, respectively.

2.1 Terminology

According to Miracle and Senkov, di�erent approaches accompanied by new names for this

new class of materials cause controversy and confusion in the community, which distracts

from the major objective of exploring the vast number of alloys proposed by this alloying

strategy [12]. Alternative terms including MPEA, complex concentrated alloys (CCA) and

baseless alloys were introduced by Miracle and depicted in Figure 2.1 to describe the vast

area of multi-element alloys. MPEA is the umbrella term for all multi-component alloys

including concentrated ternary and quaternary alloys as well as CCAs and other alloys that

may not �t the HEA de�nitions but nevertheless contribute to the study or development of

MPEAs. HEAs are referred to as alloys when the con�gurational entropy or the intend to

produce single-phase solid solution microstructures are of importance, whereas multi-phase

microstructures are included in the CCA concept.

The entropy-based de�nition only focuses on the con�gurational entropy. While vibra-

tional, electronic and magnetic terms are acknowledged, the con�gurational term is claimed

to dominate in earlier studies [13]. However, more recent studies show that the impact of

vibrational entropy is much larger, but the thermodynamic competition between solid so-

lution and intermetallic phases is rather complicated and much of the vibrational entropy

cancels in parent and product phases [12].
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Figure 2.1: Di�erent terminologies for multi-principle element alloys.

2.2 Motivations and de�nitions

At the turn of the millennium, independent investigations led by Brian Cantor and Jien-Wei

Yeh abandoned traditional alloying concepts focusing on one base element and adopted the

equiatomic multi-component alloying strategy. The motivation for multi-component alloys

proposed by Cantor is to investigate the unexplored central region of multi-component alloy

phase space [14]. However, in contrast to multi-component alloys, the HEA de�nition by Yeh

intends to �nd single-phase solid solution alloys containing at least �ve principal elements,

each with a fraction between 5 and 35 at.% [3].

The Gibbs free energy of mixing is the established criterion to predict thermodynami-

cally stable phases by minimizing the ∆Gmix:

∆Gmix = ∆Hmix − T∆Smix (2.1)

where ∆Hmix is the mixing enthalpy, T the temperature and ∆Smix the mixing en-

tropy. The total mixing entropy consists of the dominant con�gurational entropy, and less

contributing vibrational entropy, magnetic dipole and electronic randomness. For simpli�ca-

tion, the latter three contributions are neglected and, hence, the mixing entropy equals the

con�gurational entropy. The Gibbs free energy for all competing phases must be estimated

and the phase or the phases with the lowest G predict the stable microstructure of that

alloy. Although existing physical metallurgy knowledge suggests that such multi-component

alloys may develop intermetallic compounds and, therefore, give rise to complex and brittle

microstructures, HEAs tend to form solid solution phases with simple structures, such as

body-centered cubic (bcc) or face-centered cubic (fcc) structures. According to Yeh et al.

[3], this is attributed to their high ∆Smix. This implies that a high mixing entropy enhances

the mutual solubility among elements and prevents phase separation into terminal solution
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phases or intermetallic compounds. Correspondingly, solid solution phases become highly

competitive for the equilibrium state and more stable especially at high temperatures [15].

The results were single-phase solid solutions with improved mechanical properties of these

bulk alloys. Therefore, two de�nitions of HEAs are given in the following sections.

2.2.1 Composition-based de�nition

In the earliest paper [3], HEAs are de�ned as an alloy with a composition containing 5 to

13 principal elements with the concentration of each element being between 5 and 35 at.%.

However, HEAs may not be equiatomic and even contain minor fractions of elements to

modify the properties of the base HEA which further increases the number of HEAs [15].

This composition-based de�nition places no boundaries on the magnitude of entropy and the

presence of a single-phase solid solution [5].

2.2.2 Entropy-based de�nition

HEA studies fueled by the entropy-based de�nition appear to be motivated by the concept of

high con�gurational entropy favoring the formation of single-phase solid solution phases over

alloys with intermetallic phases [3, 12]. The Boltzmann equation gives a simple approach to

calculate the relationship between the con�gurational entropy change per mole ∆Sconf in an

ideal solid solution and the complexity of a system:

∆Sconf = −k ln w = R(
1

n
ln

1

n
+

1

n
ln

1

n
+ ...+

1

n
ln

1

n
) = −R ln

1

n
= R ln n (2.2)

There, k is Boltzmann's constant, w is the number of ways of mixing, R is the gas

constant (8.314 J/K mol) and n is the number of elements. Table 2.1 lists the con�gurational

entropies, calculated using Equation 2.2, of equiatomic alloys as a function of n. If the

number of elements in equiatomic ratios is su�ciently high, the ∆Sconf, mainly in�uencing

the ∆Smix, increases, which means that the mixing entropy of the solid solution phases

prevail over the mixing enthalpy of the intermetallic compounds [5]. Based on this view, the

alloy world can be categorized according to the con�gurational entropies, as schematically

shown in Figure 2.2. Steels are examples for low (∆Sconf < 0.69R), while bulk metallic

glasses, Ni and Co-base superalloys are medium (0.69R < ∆Sconf < 1.61R) and for ∆Sconf

> 1.61R a new alloy class called HEAs may be established. Although the con�gurational

entropy is dominant over the other three contributions, it requires that atoms occupy random

lattice positions which rarely occurs in metallic solutions. This de�nition also implies that
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Table 2.1: Con�gurational entropies of equiatomic alloys with up to 13 constituent elements
(after [5]).

n 1 2 3 4 5 6 7 8 9 10 11 12 13
∆Sconf/R 0 0.69 1.1 1.39 1.61 1.79 1.95 2.08 2.2 2.3 2.4 2.49 2.57

Figure 2.2: Alloy world based on the con�gurational entropy (after [5]).

an alloy's entropy is una�ected by temperature. The temperature e�ect can be mild, by

causing small changes in short-range atomic ordering, or it can be dramatic, by chemical

partitioning between parent and product phases at a �rst order transformation. To address

these issues, the entropy-based de�nition assumes the alloy can be represented by the liquid

solution and high-temperature solid solution states, where the thermal energy is su�ciently

high to cause di�erent elements to have random positions in the structure. This characterizes

an alloy by the maximum entropy possible, and implies that such a state is achieved at high

temperature or in the liquid state. However, even binary metallic liquids typically do not

have random atomic positions at the melting temperature [12].

2.2.3 Four HEA core e�ects

In early publications four core e�ects are often used to describe HEAs: the high entropy

e�ect for thermodynamics, the sluggish di�usion e�ect for kinetics, the lattice distortion

e�ect for structure and properties and the cocktail e�ect. The �rst three are hypotheses

and the cocktail e�ect is a separate characterization of HEAs. These core e�ects have been

debated since they were published. However, they illustrate some fundamental aspects of

HEAs in a comprehensible way.
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The high entropy e�ect

As the name implies, the high entropy e�ect is the signature concept of HEAs and pro-

poses that with increasing con�gurational entropy in near-equiatomic alloys with 5 or more

elements the formation of solid solution phases is favored over competing intermetallic com-

pounds. Three possible categories of competing states are known for the solid state of an

alloy, i.e. elemental phases, solid solution phases and intermetallic compounds. Elemental

phases are de�ned as a solid solution, based on one pure metal element. Solid solutions are

phases with the complete mixing of all elements in the structure of typically hexagonal close-

packed (hcp), bcc or fcc structure, as depicted in Figure 2.3. Intermetallic compounds are

stoichiometric compounds composed of speci�c superlattices such as NiAl with B2 structure

or Ni3Ti with D024 structure [5]. Although non-stoichiometric intermetallic phases are in a

broader sense another type of solid solution, they should not be considered as HEAs [12]. To

support the high entropy e�ect, the idealized con�gurational entropy is compared with the

entropy of fusion for pure metals or with the formation enthalpies of selected intermetallic

compounds. Comparisons are generally qualitative (characterizing enthalpies and entropies

as "high" or "low"), and are applied broadly by comparing all solid solution phases to all

intermetallic compounds, without considering speci�c systems and without acknowledging

that a wide range of stabilities exists in solid solution and intermetallic phases. According to

the second law of thermodynamics, the state having the lowest Gibbs free energy of mixing,

∆Gmix, among all possible states would be the equilibrium state. To elucidate a high entropy

e�ect in enhancing the formation of solid solution phases and inhibiting the formation of

intermetallic compounds, HEAs composed of constituting elements with stronger bonding

energies between each other are considered. Elemental phases based on one major element

have small ∆Hmix and ∆Smix, compound phases have large ∆Hmix but small ∆Smix, while,

solid solution phases containing multiple elements have medium ∆Hmix and high ∆Smix. As

a result of the increasing contribution of the −T∆Smix term, solid solution phases become

highly competitive for equilibrium state and more stable especially at high temperatures.

This implies that the high mixing entropy enhances the mutual solubility among elements

and prevents phase separation into terminal solid solution phases or intermetallic compounds

[15].

The lattice distortion e�ect

Severe lattice distortion comes from the di�erent atom sizes of the multi-element matrix [15].

The lattice strain and stress are mainly caused by atomic size mismatches of random element
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Figure 2.3: Disordered arrangement of A, B, C, D and E atoms in the a) fcc, b) bcc and c)
hcp crystall lattice [12].

occupation in the crystal as shown in Figure 2.4 [16]. These distortions are claimed to be

more severe than in conventional alloys based on one major element due to di�erent bonding

energy and crystal structure tendency among constituting elements. In conventional alloys,

most matrix atoms have repeating neighboring atoms. Uncertainty in atom positions from

these distortions contributes to the excess con�gurational entropy, and is claimed to decrease

the intensity of X-ray di�raction (XRD) peaks, to increase hardness, to reduce electrical

and thermal conductivity and to reduce the temperature dependence of these properties.

These claims seem physically sensible, but systematic attempts to quantify most of these

e�ects and to separate them from other contributions are still missing. For example, the

shear modulus mismatch between constituting atoms may also contribute to hardening, and

electrical and thermal conductivities can be in�uenced by the electronic structures associated

with variations in local bond states [12].

The sluggish di�usion e�ect

The formation of new phases is explained by cooperative di�usion of many di�erent kinds

of atoms. In HEAs, di�usion is dominated by substitutional di�usion characterized by

signi�cant higher activation energies. This claim is based on secondary observations that

include formation of nanocrystals and amorphous phases upon solidi�cation and on qualita-

tive interpretations of microstructural stability upon cooling. Appearance of nanocrystals in

as-cast AlxCoCrCuFeNi and retention of nanocrystals in AlCrMoSiTi after annealing were

interpreted to signify slow di�usion [12]. Furnace cooling of Al0.5CoCrCuFeNi avoids the for-

mation of low-temperature phases, and AlMoNbSiTaTiVZr is a better di�usion barrier than

TaN/TiN or Ru/TaN - both of these results have been used to support the sluggish di�usion

hypothesis [12]. Tsai stated that the higher activation energies in HEAs are attributed to

the larger lattice potential energy (LPE) �uctuations [17]. Since atoms tend to minimize
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Figure 2.4: Severe lattice distortion in a multi-element crystal structure [5].

their energies, lattice sites with lower LPE for an element would become atomic traps and

increase the energy barrier and the activation energy for di�usion. As shown in Figure 2.5,

two adjacent sites L and M of pure metals would be the same, since con�gurations around

any atom are identical. Thus, the energy barrier (Eb) for a migration from L to M equals

that from M to L [17]. However, for alloys, the LPE of the two sites will di�er by the

mean di�erence (MD). MD describes the average LPE change during atomic migration in a

matrix. Thus, the energy barriers for the two opposite atomic jumps are di�erent, and the

transition frequencies between L and M are asymmetric. This means, atoms will prefer to

stay at lattice sites with lower LPE. Even if an atom jumps into a high-LPE site, the atom

will tend to hop back to its previous site. Therefore, the low-LPE sites serve as atomic traps

that hinder di�usion. However, data are still limited and wider datasets are needed to better

explore the hypothesis that di�usion may be unusually slow in HEAs as a class of materials.

The cocktail e�ect

The metaphoric term cocktail e�ect was initially used by Ranganathan to describe "a pleas-

ant, enjoyable mixture" where the end result is unpredicted but greater than the basic

ingredients [18]. For example, the addition of light elements, such as Al, can decrease the

density of HEAs while the addition of refractory elements such as Nb, can increase the high

temperature properties [16]. Di�erently to the other "core e�ects", the "cocktail e�ect" is not
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Figure 2.5: Schematic diagram of the variation of LPE and MD during the migration of a
Ni atom in di�erent matrices. The MD for pure metals is zero, whereas that for
HEAs is the largest [17].

a hypothesis, hence requires no proof. Similar to the name giving mixed drink, the "cocktail

e�ect" rather describes the unexpected exceptional material properties given by the syner-

gies of 5 or more constituting elements. Material properties derived from the unpredictable

synergetic e�ects include physical properties such as a low thermal expansion coe�cient,

functional properties such as the thermo-electric response or photo-voltaic conversion, and

combining mechanical properties such as ultra-high strength with good fracture toughness,

fatigue resistance or ductility. However, these properties depend on the material's compo-

sition, microstructure, electronic structure and other features in complicated and sensitive

ways. Therefore, suitable composition and processing should already be considered in the

early materials selection stage to satisfy the desired material properties [19, 20]. For exam-

ple, bulk refractory MoNbTaW and MoNbTaVW HEAs developed by Senkov et al. have

achieved higher melting points with much higher yield strength at elevated temperature than

conventional Ni-base and C-base superalloys [21, 22].

2.3 Taxonomy

This section describes the extent of compositions which thus far has been explored and

categorized by Miracle and Senkov [12]. The combination of di�erent compositions allows

HEAs to form a vast number of new alloy systems with unique combination of elements.

12
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The number of possible HEA systems is:

C

(
n

r

)
=

n!

r!(n− r)!
(2.3)

There, r is the amount of principal alloy elements selected from the total number of

possible alloying elements n=75. Elements to be considered include stable elements which

are not toxic, radioactive or noble gases. This gives over 219 million new HEA systems

with 3 ≤ r ≤ 6 principal elements. HEAs are summarized in common groups according

to the frequency of the elements. Seven distinct HEA families have been identi�ed from a

wide range of compositions and are listed in the following subsection 2.3.1. Throughout the

thesis, elements within a single alloy are listed in alphabetic order rather than according to

their atomic mass. This simple approach for data reporting was proposed by Miracle and

Senkov [12]. Thus, MoNbTaVW is reported rather than VNbMoTaW.

2.3.1 Major alloy families

HEAs can be classi�ed into seven alloy families depicted in Figures 2.6 a) and b), which

are: 3d transition metal HEAs, refractory metal HEAs, light metal HEAs, lanthanide (4f)

transistion metal HEAs, HEA brasses and bronzes, precious metal HEAs and interstitial

compound (boride, carbide and nitride) HEAs [12].

3d transition metal HEAs

The oldest and by far most widely studied alloy family contains at least 4 of the 9 following

elements: Al, Co, Cr, Cu, Fe, Mn, Ni, Ti and V. 5 of these 9 elements are reported in the

alloy CoCrFeMnNi, the so-called "Cantor alloy", �rst reported in 2004 [14]. Despite being

one of the �rst HEAs reported, this is also a single-phase disordered solid solution alloy.

Alloys in the 3d transition metal family are described as extensions of stainless steels and

superalloys. About 96% of the 3d transition metal HEAs use Fe, while about 29% of the

HEAs in this family contain Mn and only 15% use V as principal elements. Austenitic (fcc),

duplex (fcc + bcc) and precipitation hardening stainless steels all have Fe-Cr-Ni as principal

elements. Mn is a principal element in some austenitic stainless steels, while compound

forming elements such as Al, Cu, Nb and Ti are added in small amounts to precipitation

hardened stainless steels. Austenitic nickel alloys have Ni-Cr-Fe or Ni-Cr-Mo as principal

elements, with additions of Co, Fe or Mo and smaller additions of Al, Ni or Ti. Nickel

superalloys are HEAs based on Ni-Cr-Co-Fe-Mo with su�cient Al, Nb or Ti to form a

signi�cant volume fraction of the Ni3(Al,Nb,Ti) intermetallic phase. Other elements can also
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Figure 2.6: Six of the seven HEA families illustrated by element groupings. a) 3d transition
metal HEAs, refractory metal HEAs and lanthanide (4f) transition metal HEAs.
b) light metal (low density) HEAs, as well as precious metal HEAs and HEA
brasses and bronzes. The heights of the boxes in a) are proportional to the
number of alloys reported in the two major families [12].
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be added to this group as principal elements or as minor additions. The element groupings

AlCrFeNi, CoCrFeNi, AlCoFeNi, AlCoCrNi and AlCoCrFe are the most common, and each

of these occur in over half of the transition metal HEAs [12].

Refractory metal HEAs

The refractory metal HEA family consists of alloys containing at least 1 of the 5 refractory

metals, i.e., Nb, Mo, Ta, W and Re. However, the latter elements are often combined with

elements of the wider de�nition of refractory metals including: Cr, Hf, Ti, V and Zr [12]. This

family is much younger and therefore studied much less frequently than the 3d transition

metal family of alloys. They are often based on MoNbTaW, HfNbTaZr, CrMoNbTa or

CrNbVZr as element groups. The alloys are also mixed with non-refractory elements such

as Al or Si to decrease the alloy density and improve the properties. No studies on other

refractory elements (Ir, Os, Re, Rh, Ru) have been conducted to date in refractory metal

HEAs although they o�er new possibilities [12]. Refractory metal HEAs were motivated by

the objective to develop new high temperature structural metals. The refractory palette

o�ers very wide ranges in elemental properties such as melting temperature, Tm, (2128-

3695 K), density (4.5-19.4 g/cm3) and elastic moduli (68-411 GPa for Young's modulus).

This enhances the �exibility in tuning alloys to achieve a particular property. For example,

refractory metal HEAs with low density may favor Cr, Nb, V and Zr, while alloys with Mo,

Nb, Ta and W may give the highest Tm. Both, the high Tm and the di�erence in Tm between

elements give unique challenges in producing refractory metal HEAs.

Other alloy families

The idea to create entirely new alloy families came with the introduction of refractory metal

HEAs in 2010. The light alloy HEA family is motivated by the development of light structural

materials with low density for aerospace and transportation applications. This alloy family

is based on elements such as Al, Be, Li, Mg, Sc, Si, Sn, Ti and Zn. However, the broad range

of elemental melting and boiling points in this family increases the processing di�culty [12].

The fourth family of alloys contains elements of the lanthanide (4f) elements Dy, Gd,

Lu, Tb and Tm, plus the element Y and seeks to discover single-phase solid solution HEAs

with a hcp crystal structure. The two alloys in this family reported are DyGdLuTbY and

DyGdLuTbTm.

The motivation behind brass and bronze HEAs is to expand the already broad range of

brasses and bronzes to achieve higher levels of strength via solid solutions. The alloys use

the equi-atomic alloy substitution method based on Al, Cu, Mn, Sn and Zn.
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Precious metal HEAs are studied for catalysis applications. These alloys contain at

least 4 elements out of Ag, Au, Co, Cr, Cu, Ni, Pd, Pt, Rh and Ru. One example is the

single phase hcp MoPdRhRu alloy.

HEAs containing interstitial B, C, N or O are mainly based on alloys from the 3d

transition metal or refractory metal HEA families. Most of the alloys contain N with only

limited reports on alloys containing C or B. These thin �lm HEAs are mainly synthesized

by reactive gas thin �lm deposition containing N or O.

2.3.2 HEA thin �lms: Applications and potential

Surface coatings are widely applied to improve the performance, durability and functionality

for cutting, forming and casting applications and components. Similarly, superior chemical

resistance is a requirement for coatings used in corrosive environments. Since the 1970s, bi-

nary transition metal nitrides, such as TiN, have been widely used to provide wear protection

to component surfaces in many industrial applications because of their excellent mechanical

properties and corrosion resistance [23]. It has been demonstrated that alloying appropriate

elements into a binary nitride coating is an e�ective way to modify the coating properties.

The addition of Cr or Zr to form ternary systems such as Ti1-xCrxN or Ti1-xZrxN was found

to enhance its performance and capability [23]. However, most studies on coatings are still

limited to ternary or quaternary systems.

Modern requirements for surface coatings also include better di�usion barrier, biomedi-

cal, antibacterial, electromagnetic interference shielding, anti-�ngerprint, non-stickiness, and

hydrophilic/hydrophobic properties. The excellent properties of HEA thin �lms such as high

strength, ductility, hardness, thermal di�usion, low friction coe�cient, good adhesion to the

substrate, and high oxidation and wear resistance as well as fracture toughness are promis-

ing for high temperature applications such as protective coatings for cutting tools, e�ective

di�usion barriers in microelectronics or thermal barrier coatings for gas turbines [3, 6�8].

Shortly after the discovery of the �rst HEAs, the �rst HEA and HEA nitride thin �lms

were fabricated by PVD. HEA nitride coatings can be deposited by allowing the atoms or

ions from a HEA target to react with N2 gas during deposition. Yeh and co-workers inves-

tigated the di�usion kinetics of transition HEA thin �lms fabricated by MSD in di�erent

gas atmospheres as potential candidates for di�usion barriers [7, 24�29]. Dolique et al. de-

posited and characterized magnetron sputtered AlCoCrCuFeNi HEA thin �lms by tailoring

the composition of mosaic targets [30, 31]. Subsequently, more and more studies on HEA

and HEA-based coatings have been performed and reported because of their high potential

for achieving promising properties. Depla and co-workers conducted studies on magnetron-
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sputtered HEA thin �lms in di�erent gas atmospheres and by engineering the composition

of the constituting elements in the pressed powder targets [32�35]. Yalamanchili et al. in-

vestigated the thermal stability of (AlCrNbTiV)N synthesized by reactive CAD [36].

Refractory HEAs are promising for ultra high temperature applications due to the high

melting temperatures of up to 3500 °C and high temperature strengths of the constituting

elements [28, 37]. Malinovskis et al. and Johansson et al. characterized (CrNbTaTiW)C

and refractory (HfNbTiVZr)N coatings, respectively, synthesized by MSD [38, 39]. Lee et

al. conducted studies on thermal, high temperature electrical and oxidation properties of

MoNbTaVW thin �lms [40].

PVD techniques including CAD and MSD are feasible for the fabrication of HEA and

HEA based coatings with desired properties [41]. Other thin �lm fabrication techniques

include thermal spraying, gas tungsten arc welding, ion plating and laser cladding. This

thesis will mainly focus on HEA thin �lms synthesized by selected PVD techniques which

will be described in detail in Chapter 3.
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3 Coating synthesis

Nowadays, the majority of the industrially produced coatings are fabricated either by chem-

ical or physical vapor deposition. Within this work, beside HiPIMS, the most common

PVD techniques such as MSD and CAD were applied. Depending on the target material,

MSD and HiPIMS exhibit smoother coatings as compared to CAD, while the latter achieves

higher deposition rates. As all three deposition methods were used within this work to syn-

thesize HEA thin �lms, some aspects and characteristics of the methods are described in

this chapter.

3.1 Electrical discharges

PVD techniques utilize electrical discharges passing as an electrical current through a nor-

mally insulating medium creating a plasma. Plasma can be envisioned as a kind of �uid

conductor between the electrodes, which by de�nition is quasi-neutral (i.e., the amount of

positive and negative charge is equal in a given volume of consideration) [42]. Low pressure

electric discharges are created by electric current �ows in an insulating gas between two

electrodes, due to the presence of charge carriers, e.g. thermal electrons or gas atoms ionized

by cosmic radiation, creating a current of nA or less. The resulting electrical �eld between

the electrodes is not high enough to accelerate free electrons up to kinetic energies su�cient

to ionize gas atoms by collision. The latter is the �rst regime in the voltage�current char-

acteristic shown in Figure 3.1. The Townsend discharge is a non-luminous, self-sustaining

discharge, characterized by low electron densities and low currents up to 10−6 A [43, 44]. A

further increase in current results in a drop of voltage and more e�cient ionization processes

forming the glow discharge regime. In this region, the current steadily increases until the

whole cathode surface is a�ected by ion bombardment and shows a uniform current den-

sity. Sputter deposition using magnetically enhanced glow discharges normally operate in

the abnormal glow region [45]. Arc discharges are characterized by high discharge currents

(starting from a few A) and low voltage (typically 20 to 30 V). An arc can also be directly

ignited by other means, e.g. by the separation of connected (short-circuited) electrodes. It

does not require a background gas and can be operated in vacuum, but also at atmospheric

pressure and beyond [44].
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Figure 3.1: An overview of the voltage�current characteristic of di�erent gas discharges
shown by Druyvesteyn and Penning [46]. The corresponding discharge types
and the breakdown voltage are indicated and adapted from [43].

3.2 Sputter deposition

3.2.1 Physical basics

Sputtering is described as non-thermal vaporization of atoms caused by the bombardment of

energetic particles as schematically shown in Figure 3.2 [47]. Sputter deposition refers to the

transport of the vapor from the target towards a substrate and �nally the condensation of

the vapor on the substrate. The bombarding particles are ions typically originating from a

gas discharge hitting the target surface region. Depending on the energy of the incident ions,

their mass, the mass of the target atoms as well as the surface binding energy of the target

atoms, several processes may occur. Ions bombarding the surface are neutralized, re�ected,

implanted into the near surface region or create a collision cascade, where some of the

momentum is transferred to a surface atom leading to the emission of a target atom. These

"sputtered" atoms may condense on a substrate placed in the stream of ejected atoms to form

a thin �lm. Sputtered atoms are in�uenced by several parameters including ion energy, ion

to atom mass ratio,background (working) gas pressure, incoming angle and surface energy.

The most common form of sputtering is the plasma-assisted sputtering, where positive ions,

like Ar+, are accelerated towards the negatively biased target with respect to the plasma,

typically between 300 to 700 V [44, 48]. The sputtered particles typically have energies
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Figure 3.2: Interaction of energetic particles bombarding a target surface [50].

ranging from 5 to 40 eV [49]. The ionization of the Ar atoms takes place by inelastic

collisions with electrons. Secondary electrons, generated by the Ar+ bombardment of the

target surface, are able to further increase the ionization of the Ar atoms. The plasma

created due to the excitation of the gas atoms by the electrons is luminous in the visible

and, hence, it is called a glow discharge. The term sputter yield is used to describe the

e�ciency of the sputtering process, which correlates to the number of ejected atoms per

incident ion [47, 49, 50].

3.2.2 Magnetron sputter deposition

Magnetron sputter deposition represents a typical plasma-assisted thin �lm deposition tech-

nique within the group of PVD methods. Despite high �lm quality, the strengths of MSD

are its �exibility and the ability of depositing coatings under strongly non-equilibrium con-

ditions. This allows the deposition of even immiscible elements and almost any coating

material can be synthesized with properties that are not frequently achievable in bulk mate-

rials. Magnetron sputtering is based on dc diode sputtering using the principle of sputtering,

as described in Section 3.2.1. Diode sputtering is nowadays very rarely employed due to sev-

eral limitations like the low ion current density and, thus, low plasma density and deposition

rate plus the large substrate heating e�ects [49�52]. In order to compensate the above men-

tioned shortcomings, magnetrons were developed to achieve su�ciently high plasma densities

in front of the target and, hence, high erosion. The term "magnetron" derives from the in-

stalled magnets behind the targets which generate a magnetic �eld in the vicinity of the

target, increasing the ionization rate in this region by trapping secondary electrons emitted
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Figure 3.3: Schematic illustration of an unbalanced magnetron sputter deposition system,
modi�ed after [53].

from the target surface due to the ion bombardment. For an optimized electron con�nement,

the magnetic �eld B needs to be parallel to the substrate surface. Hence, there are two mag-

netic rings installed in a typical planar circular target, one outer and one inner pole ring of

opposite polarization to generate a magnetic �eld con�guration as depicted in Figure 3.3.

This set-up signi�cantly enhances the electron �ux, increases the ionization e�ciency of Ar

atoms and leads to a high density plasma. The region of the most intense plasma is named

"racetrack", where the electric �eld E and the magnetic �eld B are perpendicular to each

other and thus form a maximum of the Lorentz force, providing an e�ective con�nement for

electrons [47, 49, 50, 52, 53]. MSD, with the exception of radio frequency sputtering, is a

PVD process that allows the sputtering of electric conductive materials with a reasonable

combination of coating surface quality and deposition rate. Therefore, it has been estab-

lished for decades as a reliable process of choice in many di�erent applications in research

and industry. Thin �lms fabricated using the above mentioned techniques are, e.g., optical

coatings used for mirrors or architectural glass, wear-, erosion-resistant or tribological coat-

ings for cutting tools, corrosion-resistant coatings and functional thin �lms used in �at panel

displays and microelectronics [49, 50, 54].
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High power impulse magnetron sputtering

Developed by the Russian scientist Vladimir Kouznetsov, the novelity of the HiPIMS tech-

nique is the production of high density plasmas with a high degree of sputtered atom ion-

ization [55]. HiPIMS, also known as HPPMS (high power pulse magnetron sputtering) is a

PVD technique in which the power applied to the target is in pulses of low duty cycle (<

10%) and frequency (<10 kHz) leading to very high target peak power densities of several

kWcm-2. The word “impulse” is used to imply very high power and very low duty cycle.

The percentage of time that the processing power (negative potential on a target or sub-

strate) is above zero is called the duty cycle. The o� time is the percentage of time in which

the voltage is zero or positive [50]. Generally, the HiPIMS discharge operates with a pulsed

target voltage of 500-2000 V and target currents two orders of magnitude higher than the

average target current in conventional sputtering techniques (1.5 - 2 A), such as MSD. This

results in the generation of ultra-dense plasmas with electron densities in the order of 1019

m-3, which are much higher than the values of 1014 - 1016 m-3 commonly obtained for MSD

in the vicinity of the target [54, 56]. Thus, the probability for electron-impact ionization

of sputter-ejected atoms is increased and ionization levels can be up to 90% [56]. However,

due to overheating, the average HiPIMS power should not exceed the level of conventional

MSD in which the plasma is dominated by gas ions [57]. Figure 3.4 depicts typical voltage

and current waveforms measured during a HiPIMS pulse within this work at 600 V and at

a peak target current of 70 A. The average power applied for HiPIMS was 500 W with a

pulse length of 200 µs and a pulse repetition frequency of 100 Hz resulting in a peak power

density around 930 Wcm-2 on a total target diameter of 7.6 cm. These features enable the

deposition of dense and smooth coatings on complex-shaped substrates, and provide new and

added parameters to control the deposition process, tailor the properties and optimize the

performance of elemental and compound �lms [48, 54]. Due to the high degree of ionization

of the sputtered species, particularly adhesive and dense �lms can be obtained when a bias

voltage is applied to the substrates. However, the major drawback of this technology is the

considerably lower deposition rate as compared to MSD, which is mainly due to the fact that

a considerable fraction of the newly formed ions returns to the target and not contributes to

the �lm growth [58].

3.3 Cathodic arc deposition

CAD is a PVD method that utilizes arc discharges to vaporize material from the surface of

an electrode (cathode). Nowadays, CAD is a common industrial PVD process to produce
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Figure 3.4: Voltage and current waveforms recorded during HiPIMS operation using a 200 µs
long pulse. The data were recorded by the author of this thesis during HiPIMS
deposition of a MoNbTaVW HEA thin �lm in Ar atmosphere.

decorative and corrosion-resistant thin �lms as well as hard coatings on cutting tools as more

favorable deposition characteristics can be achieved as compared to, e.g., MSD and HiPIMS.

Among the reasons for the interest in CAD are: the high deposition rates achievable for

metal and compound �lms; generally good to very good adhesion of coatings; the relative

ease of forming hard and decorative coatings and the relatively wide range of usable partial

pressures of reactive gases to form stoichiometric �lms. Since CAD was used in dc mode to

synthesize HEA thin �lms, some aspects and characteristics of the deposition method are

described within this section.

3.3.1 Plasma generation: Cathode spot

Cathode processes are the source of cathodic arc plasma production. According to Anders

[42], plasma formation in the case of arc discharges is closely related to the electron emission

mechanism, which is thermally unstable thermo-�eld emission, i.e., a locally concentrated,

non-linear superposition of �eld emission and thermionic emission. This is also known as

explosive emission, and the apparent motion of the cathode or arc spot over the surface is

in fact a sequence of rapid microscopic explosions.

Cathode spots are centers of electron emission and plasma production where ions of
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the cathode material are produced. The ion contribution is crucial for the arc evaporation

process as well as for establishing the plasma. These spots are small areas (∼10−14 - 10−10

m2) of very high current density (∼1010 � 1012 A/m2) and relative high power density (∼1011

� 1014 W/m2), where the cathode surface material is extremely rapidly transformed from

solid to plasma due to the combined action of ion bombardment and Joule (Ohmic) heating

[59]. The plasma formed at small, mobile cathode spots consists of cathode material while

a process gas does not need to be present. However, Ar gas has been found to promote

discharge stability, and a reactive gas is needed when the goal is to deposit compound �lms.

In the absence of any gas one speaks of vacuum arcs [59].

Depending on the surface conditions, metallic-clean versus covered with a non-metallic

layer or contamination, one can �nd two di�erent types of arc spots and erosion traces

[59]. Cathodes with a non-metallic overlayer (spot type 1) generate spots that move fast

(1000 m/s), with small, shallow, disconnected erosion craters. They also produce small

macroparticles. In contrast, arc spots on a clean metal surface (spot type 2) are relatively

bright, move relatively slow (10-100 m/s), leave large erosion craters, and produce large

macroparticles. As the action of the arc removes cathode material, thereby cleaning the

cathode, spot types can change during the discharge. An arc could start on a non-treated,

contaminated surface with spot type 1, and continues to operate on a cleaned cathode with

spot type 2. For many practical applications, where compound �lms are needed, one adds a

reactive gas into the deposition chamber to intentionally "poison" the cathode, i.e. to form

a compound layer and thereby letting the arc burn with type 1 cathode spots. While the

deposition rate is reduced in the "poisoned" mode, it is still high enough to be economically

relevant. Furthermore, by "poisoning" the cathodes, large macroparticles can be avoided.

3.3.2 Macroparticles

During conventional CAD, thin �lm synthesis is typically accompanied by the incorporation

of numerous macroparticles, also known as droplets. Macroparticles are named this way to

emphasize their very massive nature compared to electrons and ions and they are typically

associated with the reduction of the coating quality. As schematically shown in Figure 3.5,

macroparticles are liquid or solid debris particles that are produced at cathode spots along

with the plasma. Macroparticles form when the layer of liquid cathode material (in black)

yields to the plasma pressure and they are preferentially ejected under 5�30° parallel to the

cathode surface. Just-ejected macroparticles may rapidly cool down and freeze at the crater

rim, forming microprotrusions that can serve as �eld-enhancing objects for the ignition of the

next emission site. Macroparticles sticking to the substrate usually form a round or donut-
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Figure 3.5: An illustration of macroparticle generation as a result of plasma pressure on the
liquid cathode material [42]

.

Figure 3.6: Macroparticles formed on Si substrates during CAD of MoNbTaVW HEA thin
�lms are observed to be a) spherical and b) donut-shaped [42] (Photo courtesy
of Giovanni Bolelli, University of Modena and Reggio Emilia, Italy)

like shape depending on the impact energy as shown in Figure 3.6 [42]. As a rule, materials

with low melting point produce more and larger macroparticles and it is therefore more likely

that they form thin �lm surfaces with matt appearance in comparison to elements with higher

cohesive energy or melting temperature. Even though coatings fabricated by CAD contain

droplets, which weaken the �lm homogeneity. As the incorporation of droplets leads to the

formation of growth defects that extent through the remainder of the coating, they still

show good �lm properties [60]. Depending on the cathode material, macroparticles may not

e�ectively stick but rather "bounce" o� the substrate's surface. Typical examples for such

an e�ect are carbon and refractory metals. In fact, macroparticles may be re�ected several

times before they ultimately rest on the substrate surface. These attached macroparticles

may be coated by the growing thin �lm causing a defect by forming a severely underdense

microstructure near the lower part of the droplet [60], as shown in Figure 3.7. Similarly,

detached macroparticles also cause a defect in the growing �lm by leaving holes in the thin

�lm [47]. The resulting defects corrupt the mechanical, tribological, optical and other thin

�lm properties. Although the amount of macroparticles can be reduced by using arc �lters,

the addition of �lters is technically di�cult and it is usually associated with a reduction in

deposition rate and increase in �lm stress [42].
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Figure 3.7: Incorporation of a large macroparticle in an AlCuCrTaTi HEA thin �lm. (Photo
courtesy of Giovanni Bolelli, University of Modena and Reggio Emilia, Italy)

3.3.3 Arc source design and magnetic �elds

Arc discharges can be continuous or pulsed and are characterized by a high electrical current,

low voltage passing through a gas or vapor of the electrode material. Most of the ejected

material is thermally evaporated atoms but some is ejected as molten droplets or solid

particles from the cathode. The applied high current density heats the electrodes. A high

percentage of the evaporated atoms are ionized in the arc evaporation process because of

the high electron density. Continuous arc plasmas contain a great amount of neutrals from

evaporating macroparticles and cooling spot craters. Therefore, dc arcs have generally lower

mean ion charge states and ion energies, which may have consequences for the �lm properties.

Figure 3.8 depicts the basic arrangement of a typical arc source. In such devices, the

source serves as cathode, while the chamber wall normally acts as anode. A mechanical

trigger is attached to the cathode to start the deposition process by igniting the arc dis-

charge. The arc spot moves along the cathode surface and consumes cathode material by

transforming it into charged or neutral species in vapor form or particles. Normally, the

cathode is enclosed by a ceramic insulator. This contains the formation of arc spots to

the cathode surface and avoids contamination by evaporating other machine parts or even

complete destruction of the device. Should the arc spot move into the narrow gap between

cathode and electric insulator, the impedance goes up and the operation of another spot on

the front face is re-established. The anode, on the other hand, solely acts as an electron and

particle collector [42, 50].
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There are a few important requirements for an arc source design, which are dissipation of the

heat generated by the arc spot, con�nement of the arc to the appropriate cathode surface

and the anode must carry the arc current.

According to Anders [42], typical arc currents are between 40 and 150 A. By increasing the

arc current higher than 150 A, proportionally higher plasma production and deposition rate

can be achieved. However, the biggest issues appearing with high current is the cooling

problem of the plasma source and the substrate, increased costs for the power supply, and

higher macroparticle contents of the coatings.

According to literature [42, 50], ∼1/3 of the total arc supply power is converted into heat

and, therefore, it is common to use water cooling systems mounted on the back of the cathode

in industrial deposition devices.

In the absence of a magnetic �eld, the cathode spot moves randomly over the cathode

surface. Most sources, however, apply some means of spot steering, either by magnetic or

by electric means to better control the spot motion. In the presence of a magnetic �eld,

the spot motion can be described by the retrograde motion rule −(j × B) with the vector

of current density j normal to the surface and the vector of magnetic induction B, given

by the presence of permanent magnets or magnetic �eld coils. Other factors that in�uence

the spot motion are the background gas pressure, the cathode temperature and, to a limited

extent, the cathode material [42]. According to the steered arc source classi�cation by

Karpov [61], two basic magnetic �eld con�gurations are distinguished: "through-�eld" and

"arched �eld" con�gurations, as shown in Figure 3.9. Similar to ordinary magnetrons for

sputter deposition, the �elds are generated by coils or permanent magnets placed behind the

cathode and optimizations are adapted with regard to the cathode material. However, one

should consider the material utilization factor and not erode through the cathodes, as the

arc spots tend to erode the same racetrack area that is preferably evaporated [42, 61].
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Figure 3.8: Schematic outline of a cathodic arc source and the plasma that is produced by
the cathode spot [49].

Figure 3.9: Illustration of possible internal magnetic �eld con�gurations used for steering of
the cathode spot: a) through-�eld and b) arched �eld con�guration [42].

29





4 Methods

The methods presented in the following section have partly been published by the author in

[62�64].

Thin �lm deposition by MSD, HiPIMS and CAD was performed in the same lab-scale

deposition system. Equiatomic Mo0.20Nb0.20Ta0.20V0.20W0.20 targets for MSD and HiPIMS

(∅ 76 mm × 6 mm) as well as cathodes for CAD (∅ 65 mm × 12 mm ) were powder

metallurgically produced by Plansee Composite Materials GmbH, Germany. 325 µm thick

B doped (100) Si, 50 µm thick PI (UBE UPILEX-S 50 S) and Al2O3 (0001) single-crystal

substrates were �xed on a grounded substrate holder at a distance of up to 25 cm to the

cathode surface. Prior to deposition, the substrates were ultrasonically cleaned in an ethanol

bath for 7 min and afterwards air dried. No external heating or plasma etching of the

substrates prior to deposition was applied.

Before deposition by CAD, MSD and HiPIMS, the chamber was evacuated to a base

pressure of about 8 × 10−4 Pa. In the case of CAD, a constant Ar �ow was introduced

through a mass �ow controller (Brooks Instrument) into the vacuum chamber to ensure a

stable plasma during the deposition process. N2 was added to synthesize MoNbTaVW nitride

thin �lms. The total gas �ow rate was kept constant at 100 standard cubic centimeters per

minute (sccm) resulting in a total gas pressure of about 5 Pa. The N2 �ow ratio, RN2

=N2/(Ar+N2), was varied from 0 to 50%. For CAD, an applied current of 120 A during

deposition resulted in a voltage of 26 V. In the case of MSD and HiPIMS, the same average

power of 500 W was applied. For MSD, the measured voltage was 330 V resulting in a

current of 1.2 A. For HiPIMS, an applied voltage of 600 V resulted in an average current of

0.7 A. The pulse length and pulse repetition frequency in the case of HiPIMS were 200 µs

and 100 Hz, respectively.

The �lm morphology and the �lm thickness were analyzed from images taken with a

scanning electron microscope (SEM) Zeiss Evo-50 as well as with a �eld emission gun scan-

ning electron microscope (FEG-SEM) Quanta-200 and Nova NanoSEM 450 (FEI - Ther-

moFisher Scienti�c). The chemical composition of the �lms was obtained by energy disper-

sive X-ray spectroscopy (EDX) and by wavelength dispersive X-ray spectroscopy (WDX)

using an Oxford Instrument INCA detector attached to the Tescan Clara SEM.

The microstructure of the as-deposited �lms was measured by XRD in Bragg-Bretano
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geometry using a Bruker-AXS D8 Advance di�ractometer equipped with Cu-Kα radiation

and parallel beam optics. The samples were scanned in the range from 20 to 80° with a

resolution of 0.02° per step at a step time of 1 s/step.

The biaxial �lm stress was determined by the wafer-curvature method using a custom-

built device with two parallel laser beams [65]. The modi�ed Stoney's equation was applied

to calculate the residual stresses of the �lms [66, 67]. Hardness and Young's modulus of the

�lms were measured by means of nanoindentation using a UMIS II nanoindenter by Fischer-

Cripps Laboratories with a Berkovich diamond tip. Overall 15-25 load-displacement curves

per sample were measured and evaluated according to the Oliver and Pharr method [68].

Changes in the electrical resistivity of the as-deposited thin �lms were measured with a

four point probe (Jandel resistivity test unit). Details about the electromechanical behaviour

of the �lms were obtained via in-situ uniaxial tensile straining tests using an MTS Tytron

250, which was equipped with a four point probe to record the electrical resistance during

straining. Samples with a size of 35 mm × 7 mm of the as-deposited �lms on PI were

strained with a displacement rate of 5 µm/s up to a maximum of 12% engineering strain.

Further information about the crack formation was revealed from images taken during in-

situ straining using an Olympus LEXT OLS 4100 Confocal Laser Scanning Microscope and

Anton Paar TS 600 mobile straining device. The samples with the size of 40 mm × 8 mm

were tested with the same parameters as in the previous tests.
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5 Results and discussion

The results presented in the following sections have partly been published by the author in

[62�64].

5.1 Angular-dependent deposition

This section analyses the same HEA thin �lm material, which was deposited angularly

resolved by three di�erent PVD methods, namely MSD, HiPIMS and CAD [63]. This set

of frequently used PVD methods allows for comparing two sputtering techniques with low

(MSD) and high (HiPIMS) degree of ionization, whereas HiPIMS and CAD both enable high

energetic �lm growth conditions, but vary signi�cantly in the typically achieved deposition

rate. For all three di�erent PVD methods, the respective source was positioned in the center

of a cylindrical vacuum chamber (∅ 50 cm). This geometric set-up allowed to use the entire

chamber wall as substrate holder with a constant source-substrate distance of 25 cm relative

to the center of the source. The deposition time was set to 120 and 180 min for MSD and

HiPIMS, respectively, while applying the same average power of 500 W. The pulse length

and pulse repetition frequency in case of HiPIMS were 200 µs and 100 Hz, respectively. Prior

to CAD, the deposition chamber was evacuated to a base pressure of 1.8 × 10−2 Pa due to

modi�cation of the arc source for these experiments. The Ar pressure and the arc current

were kept constant at 4.85 Pa and 120 A, respectively, during the deposition that lasted for

20 min. The synthesized MoNbTaVW HEA thin �lms were analyzed as to their chemical

composition, morphology, crystallographic structure, residual stress, hardness and elastic

modulus in order to elucidate the correlation between synthesis, structure and properties of

HEA thin �lms.

5.1.1 Deposition rate

Depending on the PVD method and deposition angle, MoNbTaVW thin �lms with thick-

nesses ranging from 264 to 3200 nm were synthesized. The deposition rate of the three

PVD methods as a function of angle is illustrated in Figure 5.1. For the purpose of better

visualization, the actual deposition rate of MSD and HiPIMS is multiplied by a factor of 10.
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Figure 5.1: Deposition rates for MoNbTaVW thin �lms at di�erent deposition angles syn-
thesized by MSD, HiPIMS and CAD.

Even though the deposition rate of HiPIMS is only about 1/3 of the one of MSD,

their angular dependence is similar. The maximum deposition rate is encountered at 0° with

about 16 and 5.5 nm/min for MSD and HiPIMS, respectively. In the case of MSD, this value

remains constant up to 30°, but starts to decrease at higher angles reaching its minimum

of 3.3 nm/min at 90°. The deposition rate in HiPIMS remains constant up to 60° before it

starts to decrease to its minimum of 1.5 nm/min at 90°.

In contrast to both sputtering techniques, the deposition rate of CAD �rst increases

with increasing deposition angle. The maximum was encountered at 30° with 160 nm/min.

At even higher angles the deposition rate decreases to its minimum value of about 32 nm/min

at 90°.

5.1.2 Chemical composition

Figure 5.2 displays the chemical composition of the MoNbTaVW HEA thin �lms. The

elements can be grouped according to their atomic mass, i.e. heavy (Ta,W), medium (Nb,Mo)

and light (V).

The heavy elements in the sputter-deposited �lms generally show an increase in their

ratio with increasing deposition angle up to 75°.

This trend is more pronounced in the �lms deposited by HiPIMS than the ones deposited

by MSD. In contrast, the metal ratio of Ta and W in the �lms deposited by CAD decreases

with increasing deposition angle, most prominently when changing from 0 to 15°. However,
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a strong reduction in the content of the heavy elements was observed at 90° regardless of the

applied deposition technique.

The metal ratio of the elements with medium mass, i.e. Mo and Nb, remains largely

una�ected by changes of the deposition angle in all three techniques showing a value close

to 20 at.%, i.e. re�ecting the target/cathode composition used for the synthesis of the �lms.

Minor exceptions are the slightly elevated Mo contents at low angles for MSD and at 90° for

HiPIMS.

Opposite to the heavy elements, the fraction of V, the lightest element, in the sputter-

deposited �lms decreases with changing the deposition angle from 0 to 75°. Again, this trend

is more pronounced for the �lms deposited by HiPIMS than the ones deposited by MSD.

The V content in the �lms deposited by CAD �rst shows a strong increase when changing

the angle from 0 to 15° and then a gradual increase up to 75°. At 90° a pronounced increase

in V content was observed for all �lms regardless of the applied deposition technique.

5.1.3 Morphology

FEG-SEM cross section and surface images for the MoNbTaVW thin �lms obtained by all

three PVD methods at 0°, 45° and 90° are depicted in Figure 5.3 revealing a columnar grain

structure for all PVD methods. In the case of MSD, the images of the surface feature

a strongly faceted surface at 0° (Figure 5.3a). However, with increasing deposition angle,

a grain re�nement is noticed as exempli�ed for 45° (see Figure 5.3b) where more grain

boundaries are visible. At 90° mainly �ne facets are observed thus indicating a greater

amount of grain boundaries and a less dense �lm (Figure 5.3c). Conversely, HEA thin �lms

deposited by HiPIMS generally show a �ne grained, feather-like morphology and apparent

smoother surface than the MSD �lms (see Figure 5.3d-f). With increase in deposition angle,

similar to MSD, the columns appear to reduce in width. As shown in Figures 5.3g-i, apart

from growth defects caused by the incorporation of macroparticles, the �lms deposited by

CAD show a similar morphology as the �lms deposited by HiPIMS, but the width of the

columns seems to be reduced even further.

5.1.4 Structure

XRD di�ractograms displayed in Figure 5.4 reveal a bcc crystal structure for all three deposi-

tion methods regardless of the deposition angle. In the case of MSD, the XRD di�ractograms

of the �lms reveal a dominant (110) peak next to a less intensive (211) peak at 0° deposition

angle. With increasing deposition angle, the intensity of the (211) peak slightly decreases
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Figure 5.2: Chemical composition obtained by EDX for MoNbTaVW thin �lms synthesized
at di�erent deposition angles by a) MSD, b) HiPIMS and c) CAD.
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Figure 5.3: FEG-SEM cross section (left) and surface images (right) of MoNbTaVW thin
�lms deposited by MSD (a-c), HiPIMS (d-f) and CAD (g-i) at 0°, 45° and 90°
deposition angle.
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up to 45°, before it starts to rise again. At 90° deposition angle, a peak originating from

the Si substrate becomes visible due to the reduced �lm thickness. The XRD di�ractograms

recorded from the MoNbTaVW �lms synthesized by HiPIMS and CAD show a similar evo-

lution with increasing deposition angle. In these cases, the intensity of the (211) peaks is

lower than in the case of MSD. The intensity of the (200) peaks remains low regardless of

deposition angle and PVD method. Due to the generally lower �lm thickness in the case of

HiPIMS, peaks originating from the Si substrate are visible at several deposition angles.

The angularly resolved lattice parameter as derived from the (110) peak positions is de-

picted in Figure 5.5a. A gradual increase in the lattice parameter is observed with increasing

deposition angles up to 75° for all 3 PVD methods. This increase is most pronounced in the

�lms synthesized by HiPIMS. At the maximum deposition angle of 90°, a reduced lattice

parameter for all �lms was noticed. In general, all obtained lattice parameters are within

the range of the lattice parameters of the thermodynamically stable bcc phases of the con-

stituting elements indicating the formation of solid solution phases. Figure 5.5b shows the

theoretical lattice parameter based on the chemical composition, i.e. as a function of the

metal ratio in the �lms. While for MSD and HiPIMS the theoretical lattice parameter

slightly increases with increasing deposition angle from 0 to 75°, it remains basically con-

stant in the case of CAD. A slight reduction is noticed in all cases at a deposition angle of

90°. Further, the theoretical lattice parameter for the �lms deposited by HiPIMS and CAD

is signi�cantly lower than the parameter derived from the XRD measurements. Only in the

case of the �lms deposited by MSD, both values are in good agreement.

5.1.5 Mechanical properties

The residual stresses of the MoNbTaVW HEA thin �lms on Si deposited at di�erent depo-

sition angles are illustrated in Figure 5.6. All �lms deposited by MSD show tensile stresses

regardless of the deposition angle. The stress values decrease from about 600 to about 250

MPa with increase in deposition angle from 0 to 75°. Compressive stresses were observed

in the �lms deposited by HiPIMS and CAD with a general trend of increasing compressive

stress for increasing deposition angle up to about 60°. The maximum values for HiPIMS

and CAD were -1570 and -870 MPa, respectively. In the case of HiPIMS, the formation of

spontaneous buckles (in some cases with cracks at the apex) due to high local stresses was

observed for deposition angles ranging from 30 to 75° causing a release of the compressive

stresses as exempli�ed in Figure 5.6b. When the deposition angle approached 90°, a reduc-

tion in compressive stress was noticed resulting in stress-free �lms or �lms in tensile stress

states for all applied deposition techniques.
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Figure 5.4: XRD di�ractograms obtained in Bragg-Bretano con�guration of MoNbTaVW
thin �lms deposited by a) MSD, b) HiPIMS and c) CAD at deposition angles
ranging from 0° to 90°.
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Figure 5.5: Calculated lattice constant a of MoNbTaVW thin �lms synthesized by MSD,
HiPIMS and CAD, at deposition angles ranging from 0° to 90°: a) from XRD
di�ractograms and b) relative to the metal ratio of the �lm. Reference lattice
parameters are according to [69].
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Figure 5.6: a) Film stress of MoNbTaVW thin �lms at di�erent deposition angles obtained
by CAD, MSD and HiPIMS. b) Spontaneous buckles formed at the surface of
the MoNbTaVW thin �lm obtained by HiPIMS at 75°.
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Values for hardness and Young's modulus for the MoNbTaVW thin �lms as obtained

by nanoindentation are depicted in Figure 5.7 at deposition angles ranging from 0 to 90°.

Overall, the �lms deposited by MSD show the lowest hardness, whereas the maximum values

were observed for the �lms deposited by CAD. In terms of angular dependence, the hardness

values generally increase gradually with increasing deposition angle. The reduction when

exceeding 60 and 75° for the �lms deposited by CAD and HiPIMS, respectively, results

in similar hardness values of all �lms at 90° ranging from 13 to 15 GPa regardless of the

deposition technique. Due to the low �lm thickness of the samples deposited at 90°, an

in�uence of the substrate to the hardness values cannot be completely excluded. Hardness

and elastic modulus of (100) silicon at room temperature were reported to be about 13 GPa

[70] and 180 GPa [71], respectively. The obtained values for the Young's modulus di�er less

than the ones for hardness when changing the deposition technique and are generally in the

range from 200 to 250 GPa. With increasing deposition angle, the Young's modulus of the

�lms remains constant up to 60°. At higher angles a reduction in Young's modulus was

observed, which is most pronounced for the �lms deposited by CAD.

5.1.6 Discussion

By comparing the deposition rates of all 3 PVD methods it is observed that the deposition

rate of CAD is by a factor of 10 larger than that of the two sputtering techniques, i.e. MSD

and HiPIMS, which is in agreement with literature [59]. Further, the deposition rate of

HiPIMS is known to be low when compared to conventional sputtering [57, 72]. The widely

recognized reasons for the low deposition rate in the HiPIMS mode are the return of newly

formed sputtered ions to the target and the energy dependence of the sputter yield [73, 74].

Studies comparing the density of thin �lms grown by MSD and HiPIMS using SEM im-

ages have already been conducted. Lundin et al. observed a densi�cation through transition

from a columnar structure to a globular nanocrystalline microstructure for thin �lms synthe-

sized by MSD and HiPIMS, respectively [75]. Samuelsson et al. demonstrated a higher �lm

density in �lms deposited by HiPIMS with less pronounced columnar miccrostruture and

smooth surface, wherease MSD thin �lms exhibited a porous microstructure and rough sur-

face [72]. Similarly, the FEG-SEM images of the MoNbTaVW HEA thin �lms in Figure 5.3

indicate a lower density of the �lms deposited by MSD than those deposited by HiPIMS. In

the case of CAD, the recorded FEG-SEM images also indicate dense �lms. The high density

of the �lms deposited by HiPIMS and CAD can be understood by the highly energetic �lm

growth conditions present in these methods [59]. However, conclusions regarding the �lm

density derived solely from FEG-SEM images should be handled with care, since apparently
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Figure 5.7: a) Hardness and b) Young's modulus values for MoNbTaVW thin �lms at depo-
sition angles between 0° and 90° deposited by CAD, MSD and HiPIMS.
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dense �lms in FEG-SEM images could contain microvoids or other underdense areas, which

can only be resolved by transmission electron microscopy investigations.

The di�erences in the �lm growth conditions present in the three PVD methods also

a�ect the crystal structure and the mechanical properties which are closely related. The

larger the out-of-plane lattice constant derived from the XRD results, the higher the in-

plane compressive stress. Hence, small lattice constants were noticed for the �lms deposited

by MSD with tensile stresses and large ones for the �lms synthesised by HiPIMS with

compressive stresses up to -1.6 GPa. The in�uence of the stress state on the lattice constant

is more pronounced than the in�uence of varying chemical composition with, e.g., changing

deposition angle. Similar to the residual stress in the �lms, also the hardness shows a

variation with respect to the PVD method. However, the fact that the �lms deposited

by CAD present a higher hardness than the �lms deposited by HiPIMS, even though the

opposite is true for the compressive stress values, indicates that the �lm density in�uences

its hardness. As higher hardness values can be expected for denser �lms, it appears that the

MoNbTaVW �lms deposited by CAD are denser than the ones deposited by HiPIMS. This

notion is in agreement with the cross-sectional analysis by FEG-SEM, where indications for

a higher CAD �lm density were also noticed.

Pronounced variations with respect to the deposition angle are mainly noticed for the

deposition rate and the chemical composition. The gradual decrease in deposition rate for

MSD is in agreement with literature [76�80]. However, in the case of HiPIMS, the deposition

rate remains constant up to 60° deposition angle. This is in contrast to other reports, where a

similar decrease in deposition rate for HiPIMS with increase of deposition angle as for MSD

was observed [81, 82]. A possible explanation might be due to the variation in chemical

composition of the synthesized MoNbTaVW �lms at the di�erent deposition angles. The

elements analyzed in literature (Cu [81] and Ti [82]) have atomic masses similar to Ar and,

in fact, the V metal ratio in the MoNbTaVW �lms shows an angular variation comparable to

the reported angular deposition rates of Cu and Ti. Investigations of the angular distribution

of sputtered particles from multi-element targets like alloys or compounds typically revealed

an enhanced emission of the lighter element close to the target surface normal [76�78, 83].

This e�ect was associated to a depletion in the concentration of light element near the target

surface due to backscattering of the light on the heavy atoms after a single knock-on from the

incident ion. As a result, atoms from the light element are emitted from deeper areas in the

target, which results in a narrower angular distribution [84]. Such an e�ect can explain the

di�erences observed in the angular distribution of the metal ratio in the case of HiPIMS, in

particular the di�erence between the light and the heavy elements (see Figure 2b). It should
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also be present for MSD, but due to the lower discharge voltage (∼350 V for MSD and ∼600
V for HiPIMS), sputtering is generally less energetic in the case of MSD. Further, due to

the rather high pressure-distance product in the current work, e�ects based on di�erences in

sputtering of the individual elements from the target are only observed in a weakened form,

which is particularly true for MSD, where the sputtered particles have less energy than in

the case of HiPIMS [57, 85�87]. However, further studies are necessary to explain why the

deposition rate in the case of HiPIMS remains constant up to 60° and whether or not it is

in�uenced by the change in chemical composition.

The sudden increase in light elements at 90° deposition angle for both sputter meth-

ods can be explained by thermalization (transition from ballistic to thermal �ux). Since

the major emission �ux is directed normal to the target's surface, thermalized ions should

be located at higher deposition angle. The increase in light element metal ratio and the

decrease in heavy element metal ratio at high deposition angle indicate a more pronounced

thermalization, i.e. scattering due to collisions in the plasma cloud of the light element V.

The results are in accordance to earlier studies on the in�uence of thermalized ions on the

distribution of heavy elements at higher deposition angles [83].

The most apparent in�uence of the deposition angle on the �lms synthesized by CAD is

the evolution of the deposition rate with a maximum value at 30°. It is generally accepted in

literature that �lm growth in CAD is proportional to the ion �ux, where the latter shows an

angular distribution that can be described by a cosine function [88, 89]. Other contributions

to �lm growth in CAD are mainly due to incorporated macroparticles or droplets, a well-

known feature of cathodic arc plasmas. However, droplets are typically emitted at angles

close to the cathode surface [90], i.e. at angles exceeding 75° in the current work. Further,

the synthesized MoNbTaVW �lms show a relatively low number of incorporated droplets

[62] and, hence, the variation in deposition rate cannot be explained by droplets.

The majority of the investigations regarding the angular distribution of the ion �ux

in arc plasmas was conducted for random cathode spot motion, i.e. without applying a

magnetic �eld. In the current case, a steered arc was used by applying an arched magnetic

�eld in the vicinity of the cathode surface [42]. Meunier and Drouet showed that the ion

�ux is diverted along the �eld lines in the presence of a magnetic �eld [91]. Apparently, the

magnetic �eld component parallel to the cathode surface causes a de�ection of the main ion

�ux from 0 to about 30° deposition angle. Another contribution might be due to the circular

erosion zone with a radius of 2-3 cm, where the arc plasma is concentrated in the applied

steered arc con�guration. However, due to the large distance between cathode and substrate

of 25 cm, this in�uence is of minor importance.
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In contrast to the chemical composition of the sputter-deposited �lms, there is an en-

hanced concentration of the heavy elements Ta and W along the cathode surface normal,

while the fraction of the lightest element V is reduced. Similar results have been reported for

the angular distribution of ion �uxes from metal alloy and boride cathodes [92, 93]. In these

cases, the ion �ux of the heavier elements was more concentrated near the cathode surface

normal, i.e. at 0° deposition angle. At intermediate angles the chemical composition is close

to the cathode composition, only when approaching 90°, e�ects based on thermalization as

described above for the sputter-deposited �lms are dominating.

5.2 Thermal stability

This section elucidates the thermal in�uence on the structure and properties of MoNbTaVW

refractory HEA thin �lms synthesized by CAD. The �lms were deposited onto Si and Al2O3

(0001) single-crystal substrates. Annealing of the as-deposited MoNbTaVW �lms was per-

formed in a vacuum furnace (HTM Reetz, Germany) from 1000 to 1600 °C in steps of 100

°C and a holding time of 60 min. The pressure of the vacuum furnace rose from 5 × 10−6

Pa to above 6 × 10−2 Pa during annealing between 1000 and 1600 °C.

To assess the �lm morphology, SEM images of the as-deposited and annealed thin

�lms were taken as depicted in Fig 5.8. These images reveal a smooth thin �lm surface

for the as-deposited �lm, which remained without signi�cant changes up to an annealing

temperature of 1300 °C. While visual observations of the cathodic arc plasma from the

MoNbTaVW cathode revealed the emission of droplets due to the high plasma pressure in

the cathode spot interacting with molten cathode material, only a limited number of droplets

was incorporated into the deposited �lms. This is similar to previous works [62, 63]. Most

likely the vast majority of these droplets reached the growth front of the �lm in solid state

strongly reducing their sticking probability. Starting at 1400 °C, a roughening of the thin �lm

surfaces with the formation of a granular morphology becomes noticeable and increases with

increasing annealing temperature. At 1500 °C, partial �lm delamination occurs and becomes

more evident at 1600 °C. A reference annealing at 1500 °C in Ar atmosphere (atmospheric

pressure) revealed the same roughening of the �lm surface but without signs of delamination.

The chemical composition of the �lms depicted in Figure 5.9 was obtained by EDX.

Similarly to the �lm morphology, the chemical composition of the annealed thin �lms up

to 1300 °C resembled the as-deposited thin �lm composition. The concentration of the

constituting elements in as-deposited state was measured between 18 and 22 at.%, which

represents the cathode composition. The concentration of V, the lightest element in the
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Figure 5.8: SEM top-view images of MoNbTaVW thin �lms on Al2O3 substrates in as-
deposited state and after annealing in vacuum and in Ar atmosphere.
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Figure 5.9: Chemical composition of MoNbTaVW thin �lms on Al2O3 substrates in as-
deposited state and after annealing in vacuum and in Ar atmosphere. Reference
samples annealed at 1500 °C in Ar atmosphere are also shown.

alloy, was measured between 18 and 19 at.% up to 1300 °C. As shown in Figure 5.2, such

a reduction in V occurs at an deposition angle of 0 °C for CAD which was the case here

[63]. With further increase in annealing temperature at 1400 and 1500 °C, the V content

decreases to 10 at.% which is compensated by higher concentrations of Mo, Nb and W. Only

the concentration of Ta remains constant at about 21 at.%. The composition of the �lm

annealed at 1600 °C was not measured due to severe �lm spalling as shown in Figure 5.8.

However, the reduction in V content seems to be associated to the vacuum conditions during

annealing. The reference annealing in Ar atmosphere revealed a �lm composition similar to

the one in as-deposited state. There are only minor reductions in the V and Ta contents.

To further investigate the reduction of V during vacuum annealing, the vapor pressure

for all constituting elements was calculated according to [94, 95] and is shown in Figure 5.10.

Sublimation of an element or compound occurs when its vapor pressure is higher than the

surrounding pressure at a given temperature. According to the calculations in Figure 5.10,

the vapor pressure of V is in the range of the chamber pressure at 1400 °C and above. Hence,

the observed reduction in V concentration can be understood by the sublimation of V out

of the �lms during vacuum annealing. It is further comprehensible that the sublimation

of V causes the formation of defects in the �lms, which weakens their adhesion and causes

the observed delamination. The latter is con�rmed by the SEM images taken from the �lm
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Figure 5.10: Calculated vapor pressure of the constituting elements are depicted according
to their respective annealing temperature [94, 95].

annealed at 1500 °C in Ar atmosphere, which showed a roughening of the surface but no

delamination (see Figure 5.8).

The �lm microstructure of the as-deposited and annealed �lms, as shown in Figure 5.11,

was obtained by XRD. The peaks for the as-deposited MoNbTaVW thin �lm suggest the

formation of a single-phase bcc solid solution. The lattice constant a=0.324 nm was calcu-

lated from the corresponding (110) peak and is in the range of the thermodynamically stable

bcc structures of the di�erent elements present in the �lm, i.e. aMo=0.315 nm, aNb=0.330

nm, aTa=0.330 nm, aV=0.303 nm and aW=0.316 nm [69]. This is in accordance to the lattice

constants calculated in Figure 5.5 [63] and prior publications [40, 62]. However, the calcu-

lated lattice constants for the thin �lms are larger when compared to bulk MoNbTaVW HEA

alloys (a=0.318 nm) reported by Senkov et al. [19]. This is most likely due to the formation

of defects during �lm growth and the presence of in-plane compressive stresses of 0.6 GPa in

the �lm (see Figure 5.6) as it is frequently observed for �lms synthesized by CAD [42]. With

increasing annealing temperature �rst a peak shift towards higher di�raction angles relative

to the as-deposited peak position was noticed at 1100 and 1200 °C. At temperatures above,

a gradual shift to lower angles can be observed. These peak shifts are most likely related to

defect recovery and grain coarsening as frequently observed for �lms deposited by physical

vapor deposition when annealed at temperatures above deposition temperature as it was

the case here [96]. The grain coarsening due to annealing is also visible by the increase in

intensity and decrease in width of the peaks, in particular the (110) peak. After annealing
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Figure 5.11: XRD di�ractograms of MoNbTaVW thin �lms on Al2O3 substrates in as-
deposited state and after annealing in vacuum and in Ar atmosphere. Ref-
erence peak positions of the thermodynamical stable constituting elements are
included [69].

at 1500 °C in vacuum and Ar atmosphere, peaks become visible that could be assigned to

elementary bcc phases of Nb and Ta as well as Mo and W. This would indicate the onset of

the decomposition of the solid solution, but higher annealing temperatures are necessary to

clarify this e�ect. However, the main peaks recorded at 1500 °C are still clearly associated

to the solid solution phase of bcc-MoNbTaVW.

Changes in the electrical resistivity of the as-deposited and annealed thin �lms were

evaluated by four-point probe measurements. Figure 5.12a) shows that the value of the re-

sistivity stays rather constant regardless of the annealing temperature. The minor variations

noticeable with increasing temperature are most likely related to defect recovery and grain

coarsening [97, 98] as well as to changes in the �lm morphology due to the sublimation of V.

However, the resistivity of the MoNbTaVW HEA thin �lms is generally by a factor of 2-3

larger than the resistivity of the constituting bulk elements as reported in literature. It is

known that defect-rich thin �lms show a higher resistivity than the respective bulk [99�102].

In the current case, the formation of the solid solution phase comprising all elements might

also contribute to the increase in resistivity.

Hardness and Young's modulus of the as-deposited and annealed thin �lms are depicted

in Figure 5.12b). While the Young's modulus remained between 300-350 GPa independent of
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Figure 5.12: Electrical and mechanical properties of MoNbTaVW thin �lms on Al2O3 sub-
strates in as-deposited state and after annealing in vacuum and in Ar atmo-
sphere: a) Electrical resistivity with reference values for bulk metals [103�106]
and b) hardness and Young's modulus values.
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Table 5.1: Atomic ratio of the metals (mean value and standard deviation) as obtained by
WDX averaged over all as-deposited �lms.

Method Mo [%] Nb [%] Ta [%] V [%] W [%]
CAD 21.0±0.3 20.4±0.4 19.5±0.5 18.6±0.6 20.5±0.3
MSD 18.7±0.2 16.5±0.6 19.6±0.3 20.3 ±0.8 24.9±0.6

the annealing temperature in vacuum (the value after annealing in Ar atmosphere is slightly

lower), the hardness value decreased with temperature. The value for the as-deposited

�lm is in agreement with the hardness of MoNbTaVW �lms measured in previous works

[62, 63, 107]. However with increasing annealing temperature the hardness value contin-

uously reduced to around 9 GPa after annealing up to 1500 °C. The continuous hardness

decrease with increasing annealing temperature is most probably attributed to thermally ac-

tivated defect annihilation and recrystallization, i.e., decreasing of defect density and stress

relaxation [96, 108].

5.3 E�ect of N incorporation

This section investigates the e�ect of N on the microstructure, mechanical and electrome-

chanical properties of refractory (MoNbTaVW)1-xNx HEA coatings synthesized by CAD and

MSD [64].

5.3.1 Chemical composition and structure

As shown in Figure 5.13, with increasing gas �ow ratio, the N content in the �lms increased

steadily up to 35 at.% for the CAD �lms and up to 45 at.% for the ones deposited by

MSD. At low gas �ow ratios RN2
of up to 5%, the N content in the CAD �lms was below

the detection limit of about 2-3 at.%. However, regardless of RN2
, the atomic ratio of the

metals in the (MoNbTaVW)1-xNx �lms deposited by CAD was close to equiatomic ratio in

the cathode as displayed in Table 5.1. There is only a slight de�ciency of V at low values of

the gas �ow ratio RN2
. A minor deviation from the equiatomic ratio was observed for the

�lms deposited by MSD with a slightly higher W content, mainly compensated by a lower

Nb content. Under the given conditions, the metal ratio in the �lms is not in�uenced by the

nitrogen addition, and seems to originate from a minor deviation in the target composition.

XRD di�ractograms obtained from the CAD and MSD thin �lms are displayed in Figure

5.14. Without the addition of N, �lms deposited by CAD show a (110) di�raction peak

resembling the bcc structures of the constituting metal elements. For slightly increasing RN2
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Figure 5.13: N content as measured by WDX for thin �lms deposited by CAD (red) and
MSD (blue) at di�erent gas �ow ratio RN2

.

gas �ow ratios, up to 5%, a peak shift to lower di�raction angles is noticed. For these �lms

the N content was below the detection limit of the used WDX system. At a N content of 4

at.%, peak broadening is observed.

This trend continues up to 21 at.% of N. In conjunction with the peak broadening also

the peak shift starts to reverse. Most pronounced is the peak shift to higher di�raction

angles for the �lm with 21 at.% of N, most likely due to a change in structure. A further

increase in the gas �ow ratio RN2
resulted in the formation of a fcc phase that can be clearly

observed for the �lm with 35 at.% of N. Similar to the CAD thin �lms, a bcc crystal structure

was also observed for thin �lms with low N content deposited by MSD. With increasing N

content in the �lms, peak broadening and peak shift towards lower di�raction angles were

also present in this case. At N concentrations ranging from 15 to 19 at.% nearly X-ray

amorphous �lms were obtained. With the further increase of the gas �ow ratio RN2
, the

formation of a fcc phase was observed starting at about 25 at.% of N. At a N content of 34

at.%, the fcc phase can clearly be observed, while at even higher N contents, a change in the

preferred out-of-plane orientation can be noticed. Films deposited at the highest nitrogen

�ows exhibit a random texture, as indicated by the XRD di�ractograms.

Further information about the phase transition from bcc to fcc can be obtained from

pole �gures as demonstrated in previous works [34, 109]. The pole �gures depicted in Figure

5.15 were recorded from MSD �lms and show a similar distinction as the CAD �lms. For
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a �lm deposited in the low gas �ow ratio regime (Figure 5.15a) a clear ring at Ψ=60° was

recorded beside the expected central pole. This ring corresponds to the {110} di�raction of

the bcc phase, which means that this phase must be present in the sample. It is, however,

not visible in the pole �gure of the sample deposited in the high gas �ow ratio regime (Figure

5.15b) and, hence, a bcc phase is absent in this �lm.

5.3.2 Electrical and mechanical properties

The electrical resistivity of the deposited �lms is displayed in Figure 5.16. It rises gradually

from about 7×10-7 Ωm up to around 4×10-6 Ωm with increasing N content in the �lms regard-

less of the deposition method. The obtained values for the deposited (MoNbTaVW)1-xNx

�lms are similar to the resistivity values of the according binary nitride thin �lms in literature

[103�106, 110�114].

Regardless of the N content, the residual stress of the �lms deposited on silicon was

determined between -0.5 and -1.5 GPa for the �lms synthesized by MSD and between -1 and

-2.5 GPa for the arc-deposited �lms. The hardness is depicted in Figure 5.17. In the case

of CAD thin �lms, a hardness value of 17 GPa was measured for the �lm without N. With

increasing N content up to 4 at.% N an increase in hardness of up to 28 GPa was measured.

The hardness remained constant with further incorporation of N up to 35 at.%. At higher

N contents, the hardness of the MSD thin �lms reached values of around 30 GPa, but the

increase in hardness was slightly shifted to higher N contents in the thin �lm as compared

to the hardness evolution in the CAD �lms.

5.3.3 Discussion

Composition and structure

Despite the usage of two di�erent deposition techniques, i.e. CAD with a sintered cathode

and MSD with a powder target, the structural properties of the deposited �lms show no-

ticeable resemblances. Generally, the metal ratio was not in�uenced by the incorporated N

in the thin �lm, as it remained constant at all gas �ow ratios. Hence, the observed changes

in structure are solely induced by the incorporation of N and not by variations in the metal

ratio as the latter are absent.

With respect to the evolution of the crystallographic structure, a similar trend with

increasing N content was indicated in the recorded XRD di�ractograms. With the addition

of N into the thin �lm, both deposition methods �rst yielded bcc metallic MoNbTaVW thin

�lms, which at higher N contents transformed into an X-ray amorphous and eventually a
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Figure 5.15: a) Typical pole �gures for the low gas �ow ratio regime (0-6 at.% N) and b) the
high �ow gas ratio regime (35-40 at.% N).
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Figure 5.16: Electrical resistivity of synthesized (MoNbTaVW)1-xNx thin �lms by CAD and
MSD as a function of the N content.
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Figure 5.17: Hardness of (MoNbTaVW)1-xNx thin �lms synthesized by CAD and MSD.

fcc phase. The phase transition from bcc to fcc with increasing N content was corroborated

by the recorded pole �gures. At low N content, N atoms are preferentially incorporated at

interstitials in the (111) planes, in the case of TiN, HfN, and ZrN [115]. As more N atoms are

dissolved into the crystal lattice, lattice distortion either caused by N incorporation induced

microstrains or by atomic size mismatch caused by the respective metal atom occurred as

evident in the XRD peak shift. The degree of disorder and, hence, the formation of smaller

grains is illustrated in the XRD di�ractograms, as the peak width increases with increasing

N content. Earlier studies conducted by Pelleg et al. found that the expansion of the lattice

parameter and hence peak shift is associated with the entrapment of the N or Ar ions during

�lm growth, which is favored at low deposition rates and low temperatures [116]. For MSD

in the current work, most likely the peak shift is solely related to N, since lattice expansion

is observed with increasing reactive N2 gas �ow and simultaneous decrease in Ar gas �ow.

Further addition of N in the thin �lms ultimately leads to the formation of a fcc nitride

solid solution regardless of the deposition method. In the case of CAD, this transition as

indicated by the presence of peaks at 41.7° in the di�ractogram, which is associated with the

fcc phase, appears at a higher gas �ow ratio RN2
=30% than for the thin �lms synthesized

by MSD, RN2
=16%. At �rst sight, the much higher deposition rate, as indicated by the

deposition rate in the non-reactive case, during CAD seems an obvious reason. Indeed, the

5 times higher metal �ux during CAD as compared to MSD will require more reactive gas

to obtain the same stoichiometry. As the higher N2 partial pressure in CAD yields a higher
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N to metal �ux ratio as compared to the ratio in MSD, an argumentation based on the

deposition rate seems to fail. On the other hand, one needs to account for the enhanced

collision probability in the extended plasma as a result of the higher deposition pressure

for CAD. Assuming that mainly N atoms or ions originating from the cathode (or target)

surface are contributing to the �lm growth, these N atoms or ions are scattered more severely

during the used CAD process and only a reduced �ux could be available to be incorporated

into the growing �lm. But as the energies of ions leaving the cathode in CAD are typically

higher than the energies of sputtered atoms in MSD [59, 117], it becomes less obvious to use

these arguments to explain the higher �ow gas ratio needed to form the fcc phase by CAD.

A better explanation is based on the interaction of the reactive gas at the cathode or target

surface. Poisoning e�ects are di�erent for both deposition methods [50]. As sputtering is a

surface process, the number of sputtered N atoms continuously increases with increasing gas

�ow ratio RN2
as more and more N atoms and molecules react at the target. E�ects of target

poisoning during reactive sputtering are well documented [80], and have been demonstrated

in the case of HEA [118, 119]. In contrast, material erosion in CAD is a volume process

caused by microexplosions in the cathode spots [42]. Even though it is known that the crater

size decreases in the presence of a reactive gas like N2, there is still a signi�cant amount of

material that originates from deeper regions in the cathode, not only from the reacted top

surface. In addition, nitride (or oxide) layers formed on arc cathodes are typically attractive

sites for the ignition of cathode spots preferentially removing such layers, which in turn

hinders the incorporation of reactive gases in the modi�ed layer near the cathode surface

where all elements present in the cathode are intermixed [120]. In summary, the reason for

the necessary higher gas �ow ratio RN2
=30% to form the fcc phase by CAD is most likely

due to target/cathode poisoning e�ects.

Properties

The thin �lm resistivity varied only slightly with the changes in chemical composition and

structure and all �lms exhibited resistivity values resembling metallic conductors (10-10 - 10-5

Ωm) [105]. A major reason for the apparent higher resistivity values of the metallic �lms as

compared to the resistivity of the elemental bulk metals is due to the scattering size e�ect

at surfaces of the thin �lm and the grain boundary scattering size e�ect, predicted by the

Fuchs-Sondheimer model [99, 121, 122] and the Mayadas-Shatzkes model [123], respectively.

These theories are con�rmed by recent publications [124, 125]. Another reason is due to

the typically higher defect density in thin �lms, hindering the charge transport and, hence,

resulting in a higher resistivity [50].
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The general increase in hardness with increasing N content is due to the phase change

from bcc (metallic) to fcc (nitride). Binary nitride phases from transition metals are known

to exhibit a high level of hardness, which is one of the reasons for their use as protective and

wear-resistant coatings [23]. In the case of CAD, already the incorporation of interstitial N

(before the formation of the nitride phase) causes a substantial increase in hardness. This

is most likely related to the formation of a crystalline structure. In the case of MSD, there

is also an initial increase in hardness (N content of 6 at.%), but with further incorporation

of N an amorphous or nearly-amorphous phase forms resulting in a decrease in hardness.

Similar hardness values as for the CAD �lms were obtained for the �lms with fcc structure

or close to the transition point. All these in�uences lead to a steady hardness increase with

increasing N content similar to [126]. Further factors in�uencing the hardness that need

to be considered are the change in crystallite size and the stress state of the �lms. Apart

from the reduction in hardness of the MSD �lms with N contents between 15 and 20 at.%

caused by the formation of an amorphous (or very nanocrystalline) phase, the change in

grain size in the �lms seems to have only a minor impact on the hardness [127, 128]. The

change in the width of the recorded XRD peaks in Figure 5.14 indicates a variation in grain

size, but �lms with di�erent crystallite size still show similar hardness values. Furthermore,

peak broadening may also be caused by microstrains originating from lattice distortions due

to the incorporation of N atoms. However, the in�uence of the residual stress state in the

�lms seems to be of minor importance as the �lm stress remained rather constant without a

correlation to the changes in chemical composition and structure.

5.4 Electromechanical properties

This section describes the electromechanical behavior of (MoNbTaVW)1-xNx thin �lms,

which were deposited on PI by CAD and MSD [63, 64]. The results of metallic MoNbTaVW

�lms are compared to AlCuCrTaTi �lms synthesized by CAD [63].

5.4.1 Metallic thin �lms

Figure 5.18 shows the electromechanical behaviour of the �lms during in-situ uniaxial tensile

straining tests. In these experiments the resistance R of each �lm was recorded during

straining and normalized by the resistance of the unstrained �lm R0. The critical failure

strain was de�ned as the strain at which the normalized resistance was 10% higher than the

theoretical resistance [129]. The MoNbTaVW and AlCuCrTaTi thin �lms remain intact up
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Figure 5.18: Normalized resistance R/R0 of MoNbTaVW and AlCuCrTaTi thin �lms as
a function of the engineering strain. The dashed line refers to the theoretical
prediction [130] and the dotted line indicates the failure criterion.

to 2.3% and 2.9% engineering strain, respectively, with the AlCuCrTaTi curve showing a

reduced slope compared to the MoNbTaVW curve.

Images taken during in-situ straining as shown in Figure 5.19 reveal information about

crack formation. At a low strain of 0.5% (see Figure 5.19a and d), no defects induced by

straining are noticed. The �rst cracks appear at around 1.8% engineering strain perpen-

dicular to the straining direction. Once the �rst cracks are formed, their number increases

rapidly upon further straining (see Figures 5.19b and e) until it saturates and only widening

of the present cracks is observed (see Figures 5.19c and f). The laser intensity images reveal

that cracks on both �lms start to form around growth defects, in particularly at growth

defects caused by the incorporation of droplets. As mentioned above, the AlCuCrTaTi �lm

contains more droplets than the MoNbTaVW �lm due to the di�erences in the interaction

with the arc plasma among the elements present in the cathodes [42]. Furthermore, the im-

ages also show that cracks on the MoNbTaVW �lm are thinner and propagate nearly straight

through the entire sample width, while cracks grown on the not uniform AlCuCrTaTi �lm

are shorter, crooked, and more isolated.

Another consequence of the straining is the formation of buckles as a result of the elastic

mismatch between �lm and substrate. On the AlCuCrTaTi �lm, triangular shaped buckles
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form with their basis parallel to the initial crack. The growth of the buckles is limited by

their direct neighbouring cracks or when a crack at the apex of the buckle is formed (see

Figure 5.22f). In contrast, straight buckles between two neighbouring cracks and parallel to

the straining direction are formed on the MoNbTaVW �lm. On the vast majority of these

buckles cracks are formed at the apex causing spalling of the �lm. This is a result of the

brittle nature of the refractory elements present in this HEA thin �lm [130, 131].

The obtained optical failure strain information was then compared to those values from

the electrical measurements in Figure 5.20, where both in-situ crack density and in-situ

electrical conductivity values are obtained at speci�c engineering strains. The average crack

density and crack length values were calculated using a line intercept method by counting the

number of cracks intersecting three lines across the entire surface image using the software

Gwyddion [132]. Crack density saturation for both coatings was identi�ed at around 6%

engineering strain with an average crack density of 0.12 cracks/µm (MoNbTaVW) and 0.05

cracks/µm (AlCuCrTaTi). Figure 5.20 also reveals that the increase in �lm resistance, i.e.

deviating from the theoretical line, coincides with the �rst rise in crack density for both

�lms. Further, the higher saturated crack density of MoNbTaVW than that of AlCuCrTaTi

seems to correlate with the more pronounced increase in resistance of MoNbTaVW. However,

additional factors need to be considered in understanding the di�erent rises in resistance

between both �lms. In particular, the crack propagation and length of the cracks play

a major role. As shown in Figure 5.19c, the MoNbTaVW �lm mainly revealed straight,

elongated and through thickness cracks, which hinder the transport of electrical current in

straining direction profoundly and cause a strong rise in resistance. The minimum crack

saturation spacing and the initial fracture strain were determined to calculate the interfacial

shear stress (IFSS) [133]. The neighbour ratio was considered to verify the validity of the

shear [134�136]. The calculated IFSS are 371 MPa for the MoNbTaVW and 154 MPa for the

AlCuCrTaTi �lm. The IFSS value for MoNbTaVW is by the factor of 2 larger than the one

for AlCuCrTaTi �lm as well as the e-beam evaporated pure Cr, Ti and sputter-deposited Mo

�lms on PI according to literature [133, 137, 138]. For example, the calculated IFSS value

of a pure Mo �lm of similar thickness as the analyzed MoNbTaVW �lm was 130 MPa [138].

This illustrates that alloying of metal �lms deposited on polymer substrates can increase the

IFSS.

5.4.2 Nitride thin �lms

The representative normalized resistance R/R0 curves of the (MoNbTaVW)1-xNx thin �lms

with varying N content during uniaxial straining tests are shown in Figure 5.21. The critical
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Figure 5.19: Laser scanning micrographs of MoNbTaVW �lm on PI at a) 0.5%, b) 2.5%, c)
8% engineering strain and AlCuCrTaTi �lm on PI at d) 0.5%, e) 2.5%, f) 8%
engineering strain.
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Figure 5.20: Normalized resistance R/R0 (straight lines) and average crack density (dashed
lines) of the MoNbTaVW and AlCuCrTaTi thin �lms as a function of the en-
gineering strain.

failure strain is de�ned as the strain at which the normalized resistance was 10% higher than

the theoretical resistance obtained from the constant volume approximation [129]. With

increasing N content in the CAD deposited �lms, an earlier rise of the normalized resistance

was observed. The �lm with 0 at.% N failed at 2% engineering strain while the �lm with 35

at.% N already failed at 0.2%. In the case of the MSD thin �lms the failure strain for the

�lm without N was reached at 0.8% engineering strain while the �lms containing 30 and 34

at.% N failed below 0.5%. The failure strain for thin �lms containing 6 and 39 at.% N was

observed at 1.5% and 1.1% engineering strain, respectively.

Further information about the electromechanical behavior of the �lms, in particular

about the formation of cracks, was determined by straining tests with in-situ optical ob-

servation using a confocal laser scanning microscope. The in-situ experiments allow the

observation of tensile straining induced cracking rather than the residual stress cracking.

Here, the crack onset strain (COS) is de�ned as the strain when the �rst cracks are observed

[136]. Confocal laser scanning micrographs from crack onset and crack saturated �lms, de-

posited by CAD and MSD, at their respective engineering strains are depicted in Figure 5.22.

Regardless of the deposition method, the micrographs of all �lms show substrate scratches.

These increase the electrical resistance, and thus greatly in�uence the determination of the
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Figure 5.21: Normalized resistance R/R0 of (MoNbTaVW)1-xNx thin �lms deposited on PI
by a) CAD and b) MSD as a function of engineering strain. The dashed black
line refers to the theoretical prediction [139], and the dotted black line indicates
the failure criterion.
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COS by resistance measurements. With increasing N content in the �lms, cracks in the

as-deposited state become evident. After the application of a certain level of engineering

strain, straight cracks are formed perpendicular to the straining direction. As a consequence

of straining, buckles are formed due to the elastic mismatch between the �lm and the sub-

strate. The formation of buckles is more pronounced in the case of the �lms synthesized by

CAD.

From the COS on, the observed cracks are counted to calculate the average crack density

at their respective engineering strains. The average crack density at each straining step of

the thin �lms deposited by CAD and MSD, as shown in Figure 5.23a and b, respectively,

was determined from confocal laser scanning micrographs. Average crack density saturation

for the �lm without N synthesized by CAD was measured at around 6% engineering strain.

The point at which the crack saturation is reached shifts towards lower engineering strain

for N containing thin �lms. Thin �lms containing 26 at.% and 35 at.% N had the highest

amount of N within the series and reached the crack saturation at 2% engineering strain.

The average crack density after saturation was between 0.1 and 0.16 µm-1 for the metallic

and the N containing �lms, which is equal to 10 and 6.3 µm crack spacing (CS). For the thin

�lms with 26 at.% N, the average crack density remained between 0.06 (16.7 µm CS) and

0.08 µm-1(12.5 µm CS). Thin �lms obtained by MSD generally show indications for crack

saturation at around 6% engineering strain for all thin �lms regardless of the N content.

Nonetheless, there is still a slight increase in crack density above 6%. The absolute value of

the crack density of the thin �lms with 0, 29, 34 and 39 at.% N is in the range from 0.11

(9.1 µm CS) to 0.15 µm-1 (6.7 µm CS), while it is at about 0.07 µm-1 (14.3 µm CS) for the

�lm with 6 at.% N.

5.4.3 Discussion

Overall, the sharp resistance increase indicates that both metallic HEA �lms show a brittle

behaviour [140, 141]. In the case of MoNbTaVW a macroscopically bent (curled) sample

caused by large compressive residual stress could be observed, leading to an increase of the

initial fracture strain. Similar experiments by Jörg et al. revealed failure strains between

0.2% and 1.3% for sputter deposited Mo thin �lms with di�erent stress levels [142]. Due

to the addition of Cu or Re, the failure strain could be increased up to 2.2% engineering

strain [141, 143]. Further, the images also show that cracks on the MoNbTaVW �lm are

thinner and propagate nearly straight through the entire sample width, while cracks grown

on the not uniform AlCuCrTaTi �lm are shorter, crooked and more isolated. In addition

to the brittle nature of the MoNbTaVW �lm, the low density of growth defects favors the
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Figure 5.22: Laser scanning micrographs of as deposited, crack onset and crack saturated
(MoNbTaVW)1-xNx �lm on PI deposited by a) CAD and b) MSD at their
respective engineering strains.
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formation of elongated cracks. In contrast, the cracks on AlCuCrTaTi are shorter, propagate

slower and start to form at growth defects caused by the incorporation of droplets. As the

crack length is signi�cantly reduced in the case of AlCuCrTaTi as compared to the crack

length on MoNbTaVW, the movement of electrons is less hindered in the more connected

AlCuCrTaTi �lm.

All (MoNbTaVW)1-xNx thin �lms show a brittle behavior in the performed tensile tests

regardless of N content and deposition method, similar to previous work [62] on metallic

�lms. Failure of the �lms is on the one hand indicated by the sharp increase in resistance

with increasing engineering strain [140] and, on the other hand, by the formation of straight

through thickness cracks as observed in [62]. The incorporation of N and the formation of a

fcc nitride phase generally results in a further embrittlement. This behavior is more evident

for the CAD �lms, where the COS is lower the higher the N content in the �lm. With the

exception of the �lm with 6 at.% N, this behavior is also true for the MSD �lms. In general,

the COS obtained from in-situ testing is used as a parameter to provide interfacial shear

stresses with the shear lag model estimations for thin �lms on compliant substrates. The

higher the COS, the higher is the �lm's resistance to cracking under uniaxial tensile loading.

Once the COS is reached, a rapid rise in crack density until a saturation level is reached,

where no further cracks are formed [140, 141]. Information regarding crack formation during

in-situ straining, as shown in Figure 5.23, reveal similar crack saturation values for both

deposition methods.
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6 Conclusions

Within the current thesis, metallic MoNbTaVW and (MoNbTaVW)1-xNx HEA thin �lms

were successfully synthesized by di�erent PVD techniques using corresponding composite

cathodes. The PVD techniques comprise dc MSD, HiPIMS and CAD. The HEA thin �lms

were synthesized in high vacuum with the addition of Ar and/or N2. The cathodes were

composed of MoNbTaVW in equiatomic ratio. For all HEA thin �lms, related structure and

properties were examined. Following conclusions can be made:

HEA structure

� Regardless of deposition angle and deposition technique, determining the deposition

rate and �lm growth conditions, all MoNbTaVW �lms formed a solid solution with a

bcc structure with only minor changes in the chemical composition.

� The bcc structure of MoNbTaVW HEA thin �lms is thermally stable up to 1500 °C.

� Higher energetic growth conditions present in HiPIMS and CAD favors the formation

of a dense microstructure in the �lms resulting in higher compressive stress states and

hardness values.

In�uence of N2

� The addition of N2 during deposition leads to the formation of (MoNbTaVW)1-xNx

HEA thin �lms and a change in the solid solution phase from a bcc to fcc lattice.

� The phase transition appears to be controlled entirely by the metal to N ratio in the �lm

and is therefore independent of the deposition methods indicating a minor in�uence of

the �lm growth conditions on the structural evolution.

HEA properties

� A hardness value of ∼18 GPa was obtained for the metallic MoNbTaVW HEA thin

�lm. Hardness decreases with increasing temperature during vacuum annealing due to

thermally activated decreasing of defect density and recrystallization.
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� The incorporation of N generally increases the hardness.

� The electrical resistivity of the MoNbTaVW thin �lm is hardly in�uenced by annealing

or the incorporation of N.

� In general, MoNbTaVW HEA thin �lms are brittle and the incorporation of N further

enhances the brittleness as determined in tensile tests of �lms deposited on polyimide

substrates.

The conducted studies demonstrate that MoNbTaVW HEA thin �lms synthesized by

PVD methods exhibit promising mechanical properties and thermal properties. Further-

more, the �ndings can aid the synthesis of HEA thin �lms with optimized structure and

properties for desired applications. Due to the vast HEA compositional space in addition to

a wide variety of PVD process parameters, this alloy class of refractory HEAs, in particular

the studied MoNbTaVW alloy, o�ers great potential for optimization by tuning the �lm

composition and deposition parameters for future applications.
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7 Abbreviations

bcc Body-centered cubic

CAD Cathodic arc deposition

CCA Complex concentrated alloy

COS Crack onset strain

dc Direct current

EDX Energy dispersive X-ray spectroscopy

fcc Face-centered cubic

FEG-SEM Field emission gun scanning electron microscopes

hcp Hexagonal close-packed

HEA High entropy alloy

HiPIMS High power impulse magnetron sputtering

HPPMS High power pulse magnetron sputtering

IFSS Interfacial shear stress

LPE Lattice potential energy

MSD Mangetron sputter deposition

PI Polyimide

PVD Physical vapor deposition

RT Room temperature

SEM Scanning electron microscopy

WDX Wavelength-dispersive X-ray spectroscopy

XRD X-ray di�raction
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