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Abbreviations

Surface energy
... Scattering contrast

Wave length
μ ... Magnetic moment

Density
Shear stress
Heat flow
Scattering angle

3DAP ... 3-dimensional atom probe
A ... Area
b Burgers vector, Nuclear scattering length
bcc Body centered cubic
c Concentration
dmax Separation distance
DSC Differential scanning calorimetry
e Elementary charge
ESA Emission spectral analysis
f Volume fraction
F Electric field
fcc Face centred cubic
G Gibbs free enthalpy, Shear modulus
GeNF Geesthacht Neutron Facility
HV Vickers hardness
JMA Johnson-Mehl-Avrami
K Calibration factor
l Particle spacing
LRO Long range order
m Mass
n Time exponent, Number density, Charge
Nmin Minimum number of atoms
p Magnetic scattering length
PH Precipitation hardened
q Scattering vector
Q Integral intensity, Thermal energy
r, R Radius
Rg Gas constant



S Entropy
SANS Small angle neutron scattering
SLDD Scattering length density difference
SRO Short range order
T Temperature
t Time
TEM Transmission electron microscopy
Tm Melting point
V Volume, Voltage
VEC Valence electron concentration
X Mole fraction
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1 Introduction
Technically relevant structural materials gain their exceptional mechanical properties
from several microstructural features. One of these features is the fine dispersion of
second phase particles such as precipitates which affect the dislocation mobility,
thus, increasing the strength of the material. Their influence on the mechanical
properties of the material is controlled by characteristics, like size distribution, shape,
number density and volume fraction. The control of these characteristics by
performing appropriate mechanical and thermal treatments to gain required
microstructure is of great interest for materials producing and processing industry.
Investigations are preferably performed on model alloys, due to the fact that in
simpler systems it is easier to identify and characterize precipitation reactions as it is
in complex technical materials. The B2 ordered intermetallic NiAl phase has been
identified to be responsible for strengthening effects in several Fe-based materials
[1]. For reasonable simulations of the development of characteristics like
composition, size, distribution or shape of the precipitates the early stages have to be 
understood.
Ab-initio calculations simulate nucleation and growth from nuclei consisting of a few
atoms. The experimental investigations in the present work have been carried out in
order to support such simulations. Due to high sensitivity and resolution especially
the use of atom probe (3DAP) [2] and small-angle neutron scattering (SANS) [3] is
suitable for analyzing the results of precipitation reactions. In order to obtain
information on the transformation kinetics differential scanning calorimetry (DSC)
provides high resolution as well. The advantage of SANS is that quantitative values
like size and number density of the precipitates can be measured within a rather
large volume compared to direct microscopy, such as atom probe. Additionally, the
magnetic and nuclear scattering contrasts between matrix and precipitates provide
information on the chemical composition development of matrix and precipitates.
Implementing in-situ SANS experiments enables observing subsequent development
of precipitation parameters and chemical composition. In combination with 3DAP
measurements the results can be critically compared and the applicability and the
accuracy of the complementary characterization methods can be assessed.
The DSC is a useful tool to investigate the alloys with respect to transformation
kinetics. Information on the starting temperature of the precipitation reaction as well
as transformation kinetic parameters can be gained. Since isothermal experiments
are very time consuming DSC measurements have been accomplished at constant
heating rates. 
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The intention of the present work is the characterization of the precipitation behavior
of a Fe-based model alloy with additions of Al and Ni. Three ferritic alloys with
different additions of Al and Ni have been produced and investigated by the
mentioned characterization methods. 
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2 Theoretical basics

2.1 Second phase precipitation

Many technologically important properties of materials are essentially controlled by
the presence of precipitated particles of a second phase. The classical procedure to
achieve a precipitation reaction is to produce a supersaturated solid solution and to
perform an aging treatment. The alloy is heated up into a region in the phase
diagram where the solubility of the alloying element is high. Figure 2.1(a) exemplarily
shows a phase diagram for a visualization of the described heat treatment. The
temperature is kept for sufficient time to guarantee that all atoms of the alloying
element are dissolved. After this homogenization treatment (temperature 1) the alloy
is quenched and a supersaturated solid solution is present at room temperature.
Subsequently, the precipitates develop during isothermal aging at a temperature that
is situated in the two phase region in the phase diagram, like temperature 2 in Figure
2.1(a). The formation of the precipitates, especially distribution, size and shape are
controlled by the heat treatment parameters like temperature and time. A second but
unusual possibility to generate a precipitation reaction is an adjacent cooling into the
two phase region immediately after homogenization. The procedure of isothermal
aging is preferentially used in industrial processes as well as for scientific
investigations of decomposition processes due to the fact that it is easier to handle
and interpret.
The thermodynamic equilibrium is reached by minimizing Gibbs free enthalpy

TSHG , (2-1)

where H is the enthalpy, T stands for the temperature and S represents the entropy
[4]. In the case of a supersaturated solid solution a lowering of free enthalpy G takes
place by demixing into two phases. As seen in Figure 2.1(a) the miscibility gap in the
phase diagram of the binary compound consists of two regions A and B which
describe different mechanisms of decomposition. The line which separates the two
regions is called spinodal and the trend in the phase diagram is caused by the
inflection points of the free enthalpy curves. This spinodal can only occur for the case 
that the two phases belong to the same G-x curve which requires that these
represent the same state of matter and are solid solutions of the same crystal
structure [5]. The free enthalpy is a function of temperature and therefore the curve in 
Figure 2.1(b) provides only the characteristic points of the phase diagram for
temperature T2 in Figure 2.1(a). The two minima in the free enthalpy curve separate
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the one phase ( ) region from the two phase ( 1 + 2) region in the phase diagram,
whereas the two deflection points of the free enthalpy curve define the position of the
spinodal. Composition X1 and X2 represent the equilibrium compositions of the two
phases.

Figure 2.1: Alloys inside region B are unstable and can decompose into two coherent phases 1 and
2 without overcoming an activation energy barrier. The spinodal in the phase diagram is calculated

from the spinodal points in the free energy curve. Alloys inside region A are metastable and can
decompose only after nucleation of the second phase [6].

2.1.1 Classical Nucleation

In region A of Figure 2.1(a), the metastable region of the miscibility gap, demixing is
initiated via the formation of energetically stable solute rich clusters. These are the
product of thermal composition fluctuations with sufficiently large compositional
amplitudes, lowering the free energy of the system. The change of the free energy

G has several contributions, a gain of energy GV due to building new volume of the 
second phase and an increase in free energy due to generating new surface and to
compensate lattice difference associated strains GS. In case of heterogeneous
nucleation a free energy lowering contribution GD due to defects as for example
vacancies, dislocations, grain boundaries is added [7]. For the assumption of
spherical clusters with a radius r and by ignoring the variation of surface energy

with interface orientation the equation for G is written as

1

2
A B A

spinodal
point

spinodal
point

1+ 2

Chemical
spinodal

a)

b)
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Differentiating equation 2-2 with respect to r allows for the calculation of the
nucleation barrier *G  and a critical radius r* which have to be exceeded for forming 
stable and continuously growing nuclei.

SV GG
r 2* (2-3)

2

3

3
16*

SV GG
G (2-4)

An incubation period for stable nucleation is associated to this barrier, because it
needs time until the formed clusters exceed the critical radius. Temperature is the
most important parameter for the nucleation rate, on the one hand enough
undercooling is necessary to provide sufficient driving force for the nucleation and on
the other hand diffusion controlled processes require high temperatures. Figure 2.2
schematically shows the characteristics of the difference of free enthalpy G with
respect to the radius r. The positive surface related contribution shows a r2

dependence, whereas the negative volume contribution has a r3 dependence. The
sum of these contributions results in the characteristic G curve which yields the
nucleation barrier G* and the critical radius r*.

Figure 2.2: Difference in free enthalpy G as a function of radius r for a homogeneous nucleus.

There is an activation energy barrier *G and a critical radius r* which have to be exceeded for
stable growth of the nucleus [6].
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In Figure 2.3 the schematic composition variation with time in case of an alloy that is
aged in the metastable region of the phase diagram is represented. The
compositions of Figure 2.3 are related to the compositions of Figure 2.1.

Figure 2.3: Schematic composition profiles at increasing aging times of an alloy quenched into the
region outside the spinodal points [6].

It starts with the homogenized composition X0 , but with moving into the metastable
region of the miscibility gap thermal composition fluctuations with high amplitudes
cause clusters with equilibrium composition. B atoms from the matrix move to the
clusters until the matrix reaches equilibrium composition X1 and therefore the clusters 
grow.

2.1.2 Spinodal decomposition

As already mentioned region A in Figure 2.1 has been found to be metastable, region
B represents an unstable state. The unstable solid solution decomposes via the
spontaneous formation and subsequent growth of coherent composition fluctuations
with small amplitudes. A schematic of the decomposition process is shown in Figure
2.4.



7

Figure 2.4: Schematic composition profiles at increasing times in an alloy quenched into the spinodal
region [6].

At the beginning the matrix also has a homogenous composition of X0. After moving
into the two phase region thermal composition fluctuations with small amplitudes
occur, which increase with time until they reach the equilibrium compositions X1 and
X2 of the two phases. The process of approaching the equilibrium composition occurs 
in form of an uphill diffusion. B atoms move to B enriched regions in the alloy and
vice versa. 
In fact, the cluster kinetic models and the spinodal theories can be seen as two
different approaches used to describe phase separation. Classical nucleation shows
an incubation period, whereas spinodal decomposition starts spontaneously. For
classical nucleation the clusters start with the equilibrium composition, whereas for
spinodal decomposition the particles approach the equilibrium composition with time.
The dynamics are controlled by the same mechanisms: diffusion of solute and
solvent atoms, driven by the gradient of chemical potential [7].

2.1.3 Particle Growth

As described above clusters which have exceeded the critical radius r* are stable
and achieve the state of growth. Figure 2.5 represents the characteristic
concentration profile of the particle matrix interface which explains classical particle
growth.
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Figure 2.5: Schematic concentration field in the matrix surrounding a nucleus with radius R and
composition X2.

The profile shows four different concentrations: X2 is the particle concentration, X0

and X1 are the local and the equilibrium matrix concentration, respectively, and XR is
the matrix concentration at the interface. According to the Gibbs-Thomson equation
2-5 the matrix concentration of a curved interface is a function of R

RTR
V

XRX
g

R
12

exp)( 1 , (2-5)

where is the surface energy, V the molar volume of the second phase, Rg the gas

constant and T is the absolute temperature. Due to the concentration gradient in
Figure 2.5 a diffusional flow of second phase atoms from matrix to interface occurs
associated with interface movement which is a synonym for particle growth [8]. The
mobility of the interface depends on the kind of the interface and on the crystal
structures of the two neighbouring phases. Therefore, the shape of the precipitates is
controlled by the specific mobility of the interfaces. Details concerning the growth
behaviour of the different interfaces can be found in [6].
The development of the volume fraction f of the second phase in equation 2-6 follows
a Johnson-Mehl-Avrami law, which is a simple approach to describe several similar
time dependent processes,

nBtf exp1 , (2-6)

R

X1

XR

X0

X2

Distance, r

X(
r)
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where n is a numerical exponent whose value can vary from approximately 1 to 4,
and B is a function of nucleation rate and growth rate, which can be a function of
time,  and therefore B is sensitively dependent on temperature.

2.2 Particle strengthening

The main task of particles concerning strengthening is the decrease of dislocation
mobility, thus it is important to consider the interaction mechanism of precipitate and
dislocation which principally depends on the existing phase boundary and the particle 
radius. The characteristics of the interface that separates the growing clusters and
nuclei from the matrix depend on different parameters e.g. crystal structure,
interatomic distance, orientation and composition. Figure 2.6 schematically illustrates
the different possible phase boundaries. In the early stages coherency (Figure 2.6(a))
is found but increasing particle radius is associated with increasing lattice misfit which
causes so-called coherency strains. The result is an increase of the free energy of
the system. With rising coherency strains the material has to generate misfit
dislocations (Figure 2.6(b)) on the phase boundary to compensate them which leads
to semi-coherent phase boundaries. Due to large misfits it can become energetically
favourable to induce incoherent phase boundaries (Figure 2.6(c)), which are nearly
free of strains.

Figure 2.6: Phase boundaries a) coherent, b) semi coherent, c) incoherent [9].

In the case of coherent phase boundaries the crystallographic planes and directions
in the matrix continue into the precipitate with only a slight distortion, and therefore a
dislocation is able to intersect the particle. This process requires several energy
inputs. The dislocation has to overcome the coherency strains. Cutting through the
precipitate by the magnitude of a burgers vector causes a shift of the top part above
the slip plane with respect to the bottom part. Figure 2.7 schematically depicts this
process. On the one hand the result is an increase of interface, on the other hand an

a) b) c)
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anti phase boundary is generated in the case of ordered phases, consuming energy.
Additionally, differences in shear modulus and in stacking fault energy of matrix and
precipitate have an influence on the dislocation mobility.

Figure 2.7: If a dislocation runs across a coherent particle, the particle is cut and shears off. Schematic
[4].

The only possibility for a dislocation to pass a particle with an incoherent phase
boundary at temperatures lower than 0.4 x Tm, Tm representing the melting point, is to 
circumvent it. This process is known as the Orowan mechanism. Figure 2.8 shows a
schematic of the Orowan mechanism. The incoming dislocation sticks to the particles
causing a bulge forming of the dislocation until antiparallel segments meet behind the 
particle and annihilate. A dislocation loop around the particles and a free dislocation
that can move on are produced. These dislocation loops cause a decrease of
effective particle spacing l and according to equation 2-7 critical shear stress
increases and the material strengthens [4]. The critical shear stress to allow for the
dislocations circumventing the precipitated particles is given by

rl
Gb
2

. (2-7)

Shear modulus G and burgers vector b are material-specific, but particle spacing l
and particle radius r and therefore the critical resolved shear stress, here the so-
called Orowan stress, can be influenced by the precipitation reaction parameters.
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Figure 2.8: Orowan mechanism: A moving dislocation which is constrained by precipitates. Dislocation 
loops are built and the dislocation can move on [4].

The shear stress for circumventing precipitates has a
r
1 dependence whereas

intersection of particles shows a r behaviour. The combination of the two possible
mechanisms leads to an optimum particle size that imparts the maximum strength of
an alloy. The dependence of shear stress on the particle radius r is shown in
Figure 2.9.

Figure 2.9: Schematic dependence of strengthening on particle size. The optimum particle size is
found at the intersection of the two curves [4].

2.3 Intermetallics

Intermetallic phases and compounds result from the combination of two or more
different metals. With respect to a large number of possible combinations, a
tremendously manifold quantity of intermetallics exists. In general, their existence

l
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and the solubility are caused by the characteristics of their free enthalpy. Figure 2.10
shows the relative positions of free enthalpy curves and the resulting phases.

Figure 2.10: The diagram shows that the existence and solubility of the intermetallic phases are
dependent on the relative positions of the free enthalpy curves. At this temperature the phases , ,
and occur [4].

Crystal structure, thermal and mechanical properties of intermetallic phases differ
from that of pure metals and depend on the kind of bonding, which can be a mixture
of different types, and the ratio of the atomic radii. A partially non-stoichiometric
composition, a limited range of existence in the phase diagram as well as the new
crystal structure and properties are special features of these phases. Traditionally,
intermetallic phases and compounds have been grouped with respect to related
characteristics according to various criteria [10].

Ordered phases
Three different types of interatomic bonds are present in the structure of a binary
solid solution consisting of atoms A and B: A-A, B-B and A-B bonds. Each type has a 
certain negative energy (HAA, HBB, HAB). As a characteristic energetic value of
ordering H0 is given as

H0 = HAB-(HAA+HBB)/2. (2-8)

In the case of a negative H0, which means that HAB is more negative than
(HAA+HBB)/2, and therefore A atoms prefer neighbouring B Atoms and vice versa, the
atoms in the solid solution are not randomly distributed [4]. For the special case of
compositions of types e.g. AB or A3B the atoms become periodically arranged. Figure
2.11 shows the most common ordered crystal structures.
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Figure 2.11: The most common and important ordered AB and A3B crystal structures with examples
[11].

The two cubic primitive sub lattices of the ordered B2 structure are arranged in a way 
that the edge atoms of the one lattice occupy the body centred sites of the other
lattice. This formation guarantees that all atoms are surrounded by unlike atoms. The
characteristic arrangement of the atoms of the Cu3Au structure is achieved by
occupying the face centred sites with the Cu atoms and the edge sites with the Au
atoms, respectively. The L10 structure loses its cubic shape due to layer forming and
different atomic radii. Four face centred sites of the AB type CuAu structure are
occupied with Cu atoms like it is shown in Figure 2.11 [4].
The degree of ordering can be quantified by two parameters, SRO (short range
order) and LRO (long range order). LRO parameter s is quoted as

s = (p-x)/(1-x), (2-9)

where p stands for the fraction of A-atoms on the A-lattice and x is the fraction of A-
atoms in the alloy. In the case of a body centred cubic structure and a composition
type AB, parameter s can be simplified to 

s = 2p-1. (2-10)

As seen in equation 2-9 s is in a range between -1 and 1, whereas 1 and -1 mean
perfect order and value 0 represents a random distribution of the atoms. The LRO
parameter becomes absurd if the solid solution consists of domains which are
bordered by so called anti-phase boundaries. An example of such an anti-phase
boundary can be seen in Figure 2.12.

AB A3B

CsCl (B2) CuAu (L10) Cu3Au (L12)
e.g. NiAl, FeAl, CuZn      TiAl   Ni3Al
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Figure 2.12: A long range ordered A3B crystal can be separated into domains which are long range
ordered themselves by anti-phase boundaries [4].

These boundaries can be generated e.g. by a dislocation that runs through an
ordered region by one burgers vector, or directly after nucleation and growth. The
difference of two domains in a long range ordered crystal is that atoms A and B
occupy different sub lattices, so that s changes between -1 and 1. Though the crystal
is perfectly ordered, the mean LRO parameter becomes 0, due to the fact that the
different domains occur with equal frequency [4].
The SRO parameter , which can vary between the values 0 and 1, has been
defined to avoid these complications and can be quoted as

 = (q-qu)/(qm-qu), (2-11)

where q represents the fraction of B-atoms neighbouring A-atoms. Indices u and m
stand for the random distributed state and for the perfectly ordered state, respectively
[4].

Valence phases  Zintl phases
The Zintl phases are characterized by completely filled electronic orbitals, normally
by a full octet shell, and satisfy the familiar chemical valency rules. Therefore, the
range of existence in the phase diagram is extremely small. Thus, they can also be
called line-phases. They are formed by metals and elements of the right side of the
periodic table, especially of the groups IVA, VA and VIA. The dominating bonding
type is heteropolar, fragments of especially the metallic and covalent types are also
involved. The higher the difference in the electronegativity of the anion and the
electropositivity of the cation the stronger is the stability of the phase. This can be
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seen in the value of the melting point. The Zintl phases crystallize in structures which
are characteristic for typical salts, e.g. the NaCl, CaF2 structures.

Size-factor phases
Close packing of the atoms becomes important in case of dominant metallic bond
character. This is possible only if the composition and the ratio of atomic radii have
adequate values. The size-factor compounds form the most numerous group of
intermetallics and the best known representatives are the Laves phases. Very high
packing densities are achieved for an atomic radii ratio of 1.225 (+/- 10%) and a
composition of the type AB2. The three possible crystal structures of the Laves
phases are shown in Figure 2.13. Depending on the valence electron concentration
of the compound either f.c.c. MgCu2, hex. MgNi2 or hex. MgZn2 are incident. MgCu2

achieves the highest packaging density of 71 %.

Figure 2.13: The three different structures of Laves phases. Their incidence depends on the valence
electron concentration [11].

A second kind of size-factor compounds are the Hägg phases, which are formed by
filling the lattice vacancies of the metal with smaller-sized non-metal elements. This
form of close packed phases can only be achieved by a ratio of atomic radii smaller
than 0.59. A sharp solubility limit is a characteristic of these interstitial phases due to
the fact that no more atoms can be solved after filling all capable vacancies. Hägg
phases are generally of high stability, e.g. TaC has the highest melting point of all
known solids with 3983°C.

Electron phases
Hume Rothery has correlated occurring intermetallic phases with the valence
electron concentration (VEC):

cubic hexagonal

       MgCu2 (C15)        MgNi2 (C36)                     MgZn2 (C14)
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VEC = cA*NVA+ (1-cA)*NVB , (2-12)

where cA is the concentration of component A and NVA and NVB are the values of
valence electrons of the components A and B, respectively. Assuming the convention 
that the alloying element is of higher valence, the same sequence of crystal
structures occurs with increasing concentration in some binary alloys. The system
Cu-Zn, shown in Figure 2.14, is a demonstrative example for visualizing such a
sequence of intermetallic phases. Copper has a valency of 1 and zinc has a valency
of 2, therefore, alloying copper with zinc increases the valence electron concentration 
of the compound. At a composition level of about 50% Zn a B2 ordered 0 phase

occurs, followed by a D82 ordered phase at a level of about 65% Zn and a A3

structured  phase at a level of 80% [4].

Figure 2.14: Phase diagram of the binary alloy Cu-Zn. With increasing fraction of Zn phases with

different crystal structures become stable: (B2) (D82) (A3) [4]

For certain values of the VEC corresponding crystal structures have been observed
in different binary alloys: The cubic B2 structure for a VEC = 3/2, e.g. CuZn, Cu3Al,
NiAl; the complex cubic D82 structure for VEC = 21/13, e.g. Cu5Zn8, Fe5Zn21, Cu9Al4;
and the hexagonal A3 structure for VEC = 7/4, e.g. CuZn3, AgCd3, and Ag5Al3 [10].
The stability and instability of different phases at special values of the valence
electron concentration can be explained by Fermi statistics and the energy-band
model. Alloying causes an increase in free valence electrons, which have to occupy
remaining states of high energy. At a critical VEC or composition level it is

0
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energetically favourable to change the lattice structure offering more energy states to
lower energy conditions.
The Hume Rothery phases principally have a metal bond character with ionic
fragments [10] and the B2 structured NiAl phase traditionally is added to this group.
On the basis of recent ab initio calculations NiAl is expected not to be a Hume
Rothery electron compound [12]. It has also been found that the B2 structured NiAl
phase has no ionic bond character. The bonding type is principally covalent with
fragments of the metallic type [13].

2.4 System Fe-Ni-Al

2.4.1 NiAl

Figure 2.15 represents the binary Al-Ni phase diagram and a schematic of the B2
structured NiAl intermetallic compound. 

Figure 2.15: Binary Al-Ni phase diagram [4] (a), schematic illustration of the ordered B2 structured NiAl
intermetallic compound (b).

As it is shown in the phase diagram the intermetallic phase NiAl has an extended
range of existence with a congruent melting point of about 1640°C for the
stoichiometric composition of 50 at% Al and Ni, respectively. The melting point is
higher than those of the constituent elements which indicates that a strong bonding
between Al and Ni atoms exists. This is associated with a high phase stability and a
strong tendency to atomic ordering [10]. Figure 2.15(b) illustrates schematically the
arrangement of the constituent elements of a B2 ordered crystal. The edge sites of
the cubic cell are occupied with Ni atoms, whereas the Al atoms sit on the body

Al

Ni

(B2)

(L12)

b)a)
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centred positions. The structure can be brought to mind by a combination of a Ni and
an Al primitive cubic sub lattice which are arranged in a way that the edge atoms of
the one sub lattice occupy the body centred sites of the other sub lattice.
Stoichiometric NiAl keeps its order even up to the melting point, whereas deviations
of the stoichiometric composition cause constitutional point defects [10]. The physical
and mechanical properties of the B2 structured NiAl intermetallic compound have
been reviewed in a detailed way by Miracle [14]. The properties examined include
electronic structure and bonding, crystal structure and phase stability,
thermodynamic properties, elastic, electrical, magnetic and thermal properties,
fracture toughness, cyclic and creep properties. Additionally, defects in NiAl and
diffusion data are discussed.

2.4.2 Ternary system

In the middle of the 20th century Bradley [15, 16] has carried out microscopical
studies and X-ray powder diffraction measurements on the Fe-Ni-Al system in order
to generate a satisfactory equilibrium diagram. The main purpose was to characterize 
the miscibility gap between the body centred and the face centred cubic phase. Due
to the fact that the knowledge of the phase diagram has been restricted to low
aluminium contents (Al<50 wt %) the system Fe-Ni-Al was further discussed. The
system has been reviewed in detail by Rivlin and Raynor [17] in 1980, Budberg and
Prince [18] have updated the state of knowledge of the system in the early nineties.
Eleno et al. [19] have carried out the most recent critical assessment of the Fe-Ni-Al
phase diagram. Raghavan [20-22] has given an overview of the latest work on the
ternary Fe-Ni-Al system by providing isothermal sections at different temperatures
and different compositions. Chumak et al. [23, 24] investigated the aluminium-rich
corner as well as the region with lower aluminium contents. Several isothermal
sections of the ternary system and phase compositions have been generated by
means of a combination of powder X-ray diffraction, differential thermal analysis and
electron probe micro analysis.
Though a large number of experiments and investigations on the system have been
performed, the information on phase equilibrium is still not complete.
In Figure 2.16 an isothermal section at a temperature of 1200°C of the Fe-Ni-Al
ternary system is presented. The ThermoCalc calculations show that two phases can
occur in the iron rich corner at this temperature, the body centred and the face
centred cubic phase. As it can be seen in the phase diagram, increasing Al content
stabilizes the bcc phase, whereas addition of Ni makes the fcc phase stable. 
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Figure 2.16: Ternary phase diagram of the Fe-Ni-Al system in the iron rich corner at a temperature of
1200°C. Calculated with ThermoCalc, Database: Kaufman Binary Alloys TDB v1. The marked area
shows the alloys investigated in this thesis.

The black encircled region in the ternary system represents the approximate
composition range of the alloys used in the present work. At the denoted temperature 
this area obviously spans three different phase regions, which are important for
interpreting microstructure after solution heat treatment and quenching (see chapter
3.2.1).

2.5 NiAl precipitation strengthened steels

Fe based alloys with additions of Ni and Al are of great interest because of their wide
range of applications and therefore many experimental investigations have been
performed on these alloys.
A special status of interest is given to ferritic Fe-Ni-Al alloys due to their great
potential associated with high-temperature applications. NiAl precipitates are
embedded in a ferritic matrix to generate a tough material with good high-
temperature properties. An overview of properties and application possibilities of NiAl
in the form of precipitate as well as Ni and Al as base elements in metal alloys is
given by Sauthoff [10]. A lot of work has been carried out on ferritic alloys, in the
majority of cases measurements were performed on model alloys, due to the fact that 
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in simpler systems it is easier to identify and characterize precipitation reactions as it
is in technical materials.
Blavette et al. [25] have conducted atom probe measurements on a Fe-20Cr-2Ni-2Al
at% alloy with the intention to observe the composition evolution of the precipitates.
Therefore, the homogenized alloy has been isothermally aged at 550°C for three
different times, 6, 17 and 117 h. They have found the intermetallic phase precipitates
to reach a nearly stoichiometric composition NiAl with only a limited amount of
dissolved iron atoms, which decreases with aging time.
A Fe-19 wt% Cr alloy containing stoichiometric additions of nickel and aluminium has
been studied from the view point of precipitation kinetics and coarsening of the B2
ordered NiAl particles by Taillard et al. [26]. The nucleation is apparently
homogenous and the coherent particles are randomly distributed in the matrix.
During growth they first lose their initially spherical shape and adopt a cuboidal form
followed by a loss in coherency which leads the particles to adopt a roughly spherical 
shape again. The loss of spherical shape occurs at a particle size of about 45 nm,
the following cuboidal shape is preserved up to a size of about 150 to 300 nm, until
the particles lose coherency. Based on the Johnson-Mehl law an exponent n=1 and
an apparent activation energy of 80 kJ/mol has been calculated for the precipitation
reaction. These values of exponent n and activation energy lead to the assumption
that the precipitation is not controlled by a classical nucleation and growth process
[26].
Precipitation of NiAl intermetallic compounds becomes very important in case of so-
called maraging steels. These martensitic low carbon steels achieve high tensile
strength and hardness due to the precipitation of finely distributed intermetallic
compounds. Additionally, a satisfactory fracture toughness, which is caused by the
soft matrix containing martensite and austenite, makes the maraging steels attractive
for specific applications which require materials with ultrahigh strength, reasonable
ductility and good fabricability [27].
Seetharaman et al. [1] have carried out optical microscopy, TEM and X-ray diffraction 
measurements on a PH 13-8 Mo stainless steel with the purpose to observe
precipitation hardening. They have identified fine uniformly distributed spherical NiAl
precipitates to be responsible for an increase in hardness and toughness. This
increase is partially due to coherency strains, the state of order within the precipitates 
and the difference between the shear moduli of the matrix and the precipitates. The
particles have been found to be highly resistant to overaging and even in the
coarsening stage they remain fully coherent with the matrix, due to a very low lattice
mismatch. With a simple geometrical criterion for coherency it has been predicted
that the particles loose coherency at a mean radius of about 150 nm, which agrees
with measurements of Taillard [26].
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On a similar maraging steel Robino et al. [28] have performed an analysis of the
hardening kinetics using the Avrami formalism. The results show low values for time
exponent n and activation energy of the NiAl precipitation. These low values have
been explained by nucleation along or near dislocations and subsequent growth
aided by dislocation pipe diffusion.
Guo et al. [29] have also investigated a PH 13-8 stainless steel with respect to
microstructural evolution during ageing. Because of the high resolution of the atom
probe they have been able to observe characteristics like size, shape and distribution 
in the early stages of precipitation. Ni and Al enriched clusters have been found but
the composition of these clusters is far from that of the stoichiometric NiAl phase. The 
amount of Ni and Al increases with respect to higher aging temperatures and longer
aging times. In the early stages the NiAl precipitates have been found to be spherical
but with proceeding aging they become platelike followed by a needle shape. After
aging for 40 min at a temperature of 510°C the diameter of the spherical particles is
about 1-2 nm. It has been observed that a coarsening stage has already started
though the particles have not reached equilibrium composition. Similar experiments
with agreeing results have been performed by Ping et al. [30].
Cloué et al. [31] have studied the influence of Al content on the mechanical
properties of a PH 13-8 steel at different aging temperatures. Al content on the one
hand affects the NiAl precipitation reaction and on the other hand the transformation
temperature in the phase diagram, which is important for the formation of reverted
austenite. The amount of precipitates is also related to the Al content [31].
Knowledge on the precipitation behaviour of the intermetallic NiAl phase has been
achieved in association with investigations on several Ni and Al alloyed martensitic
tool steels. These steels achieve their mechanical properties from combined
precipitation of secondary hardening carbides and intermetallic phases. Garrison et
al. [32] have studied the influence of separate and combined Al and Ni additions on
the properties of a secondary hardening steel. They identified the B2 ordered NiAl
phase to be responsible for an increase in hardness and toughness.
Erlach et al. [33] have studied the precipitation behaviour of a similar model alloy with 
the nominal composition Fe-0.32C-6.5Ni-2.5Al wt% after isothermal aging at 610°C
for times up to 10000 min. The B2 ordered spherical NiAl precipitates were found to
be homogenously distributed in the materials volume and to show coherency after
aging for 10000 min. The average particle size found for the mentioned aging
parameters was 35 nm. Atom probe measurements showed a particle diameter of 2
nm after 30 min of aging and 5-6 nm after 1000 min of aging. Number density
decreases with aging time as well as the iron content of the precipitates. They
approach a nearly stoichiometric NiAl composition with small fractions of iron [33].
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Subsequently, the same model alloy has been investigated with respect to both the
composition and morphology of the fine precipitates and the matrix present after
short time aging at 610°C [34]. After aging for 60 sec the precipitates` size is about
1.5 nm and their composition shows a Ni to Al ratio of approximately 1, but
additionally a remarkable amount of Fe and carbide forming elements. Ni and Al
contents in the clusters and their radius increase as expected with aging time. The
number density begins to decrease after 30 sec of aging, suggesting that these
precipitates have already reached a coarsening stage. The simultaneous shift of
composition towards the equilibrium stoichiometric NiAl composition indicates that
the precipitation reaction is not controlled by a standard nucleation and growth
process [34, 35] in accordance to [26].
To complement the previous investigations Erlach et al. [36] have tried to explain the
aging kinetics of (Ni,Fe)Al by applying phase transformation theories. Hardness
measurements have been analyzed by applying a modified Avrami formalism. A low
value (59.9 kJ/mol) for the apparent activation energy of the precipitation reaction
indicates that the formation of the intermetallic NiAl particles is controlled by
nucleation along or in the vicinity of dislocations.
Hamano [37] has identified precipitates responsible for secondary hardening in a Fe-
0.14C-5.07Ni-1.94Al wt% steel as M2C alloy carbides and B2 NiAl intermetallic
compounds. It has been shown that the highest plane strain fracture toughness
values are achieved when the material contains coherent as well as incoherent
precipitates.
Calderon et al. [38] have investigated the coarsening behaviour and the morphology
of B2 ordered NiAl particles in Fe-Ni-Al-Mo ferritic alloys. It has been observed that
the coarsening rate of the particles increases with increasing precipitate volume
fraction and that the lattice parameter of the precipitated phase is a function of aging
time. A change in the initially spherical shape of the NiAl particles has also been
found, during coarsening they become cubic or even rectangular parallelepipeds.
Additionally, coarsening kinetics of coherent B2 ordered NiAl precipitates in a Fe-10
at% Ni-15 at% Al have been investigated by Calderon et al. [39]. An alloy with a
similar composition has been studied by Cayetano-Castro et al. [40] with the main
focus on coarsening kinetics. The coarsening is controlled by diffusion and follows
the Lifshitz-Slyozov-Wagner law. The development of the precipitates shape agrees
with the results of the previous papers and additionally an orientation relation
between precipitates and matrix has been found.
The correlation of precipitated NiAl particles with mechanical properties has been
studied in several papers. Investigations on creep behaviour have been carried out
on NiAl hardened austenitic steels [41] and on ferritic Fe-Al-Ni-Cr alloys [42].
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According to precipitation kinetics of NiAl previous papers generally agree with
respect to low values for activation energies and exponent n [26, 28, 36].
Summarily, many experimental investigations have been performed on the
precipitation behaviour of Fe-Ni-Al based alloys. The results of the previous papers
agree among each other with respect to size, shape and partially to composition
development of the NiAl particles, but the precipitation mechanism in the early stages 
is not completely cleared yet.
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3 Experimental
Three Fe-based model alloys with varying Ni and Al contents have been produced.
Samples with suitable dimensions have been cut out from the cast ingots and
solution heat treatment and aging have been conducted accordingly. After grinding
and polishing microscopical studies and X-ray diffraction measurements on the as-
quenched samples have been carried out. Hardness measurements on the as-
quenched as well as on all aged samples lead to characteristic hardness-time
curves, which allow for a determination of the beginning of precipitation and
coarsening. Atom probe (3DAP) and small-angle neutron scattering (SANS)
measurements have been conducted on selected samples to obtain information on
precipitate development. Differential scanning calorimetry (DSC) completes
experimental work by providing information on precipitation kinetics. 

3.1 Alloying

For the present work three different alloys of the nominal compositions Fe-6Al-4Ni
at%, Fe-6Al-6Ni at% and Fe-4Al-6Ni at% have been produced. In the following the
alloys will be written as, e.g. Fe6Al4Ni. The pure starting metals have been balanced
and melted in a furnace under argon atmosphere. After casting the 10 kg ingots have 
been water cooled. The compositions of the three alloys measured by emission
spectral analysis (Spectromaxx by Spectro analytical instruments) and 3DAP are
shown in Table 3-1.

Table 3-1. Composition of the three investigated model alloys measured by emission spectral analysis 
(ESA) and 3DAP for the solution annealed state.

3DAP ESA
alloy element at% wt% at% wt%

Fe6Al4Ni Fe 89.26 92.50 89.40 92.33
Al 6.60 3.30 6.55 3.27
Ni 3.90 4.25 4.05 4.40

Fe6Al6Ni Fe 88.40 90.70 87.69 90.12
Al 5.32 2.64 5.86 2.91
Ni 6.15 6.64 6.45 6.97

Fe4Al6Ni Fe 90.73 92.00 90.71 91.90
Al 2.92 1.43 3.11 1.52
Ni 6.16 6.57 6.18 6.58
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3.2 Heat treatment

3.2.1 Solution annealing

Specimens with a dimension of 10 x 10 x 20 mm3 have been cut from the cast ingots
and have been solution annealed in a Carbolite RHF 16/15 furnace at a temperature
of 1200 °C for 5 h. The high temperature guarantees that the alloying elements are
solved in the iron matrix after acceptable times. Stable phases at the mentioned
conditions are shown in an isothermal section of the ternary phase diagram in Figure
2.16. Subsequent water quenching generates a supersaturated solid solution. Due to
the small specimen dimensions the cooling rate is high enough to prevent an
unmeant precipitation reaction also in the inner regions of the samples.

3.2.2 Aging

The specimens have been aged at a temperature of 500°C for times up to 96 h in a
Carbolite HRF/45 circulating air oven followed by water quenching.
Aging for times below 10 min has been carried out in a type 805A/D dilatometer of
the Bähr Thermoanalyse GmbH, which enables high heating and cooling rates.
Specimens heat treated in the dilatometer have been solution treated in the furnace,
turned to the required diameter of 5 mm, cut to a length of 15 mm and finally aged in
the dilatometer. Thus, reactions in the material during heating and cooling, which can
influence the results, have been avoided.

3.3 Microscopy and X-ray diffraction of the solution annealed
samples

The light microscopic photographs of the as-quenched samples represented in
Figure 3.1 show that the microstructure significantly differs between the three model
alloys. Fe6Al6Ni has a classical ferritic structure whereas the grains of the Fe4Al6Ni
alloy are somehow fringed. The grain size of the Fe6Al4Ni sample is a multiple
higher than that of the others. In order to control the assumption of a ferritic structure
in case of the three model alloys X-ray measurements have been conducted. Figure
3.2(a) represents the X-ray diffraction patterns of all solution annealed samples. The
measured peaks depicted in Figure 3.2(a) belong to iron and no other peaks are
present at all. As seen in Figure 3.2(b) the measured peaks are shifted to smaller
angles with respect to the peak positions of pure iron. The lattice constant increase 
is 0.5% in case of Fe6Al6Ni and Fe6Al4Ni, and 0.4% in case of Fe4Al6Ni.
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a)    b)

c)
Figure 3.1: Light microscopic photographs of the as-quenched samples a) Fe6Al6Ni, b) Fe4Al6Ni, c)
Fe6Al4Ni.

Figure 3.2: X-ray diffraction patterns of the solution annealed states (a); Detail of the Fe4Al6Ni
diffraction pattern with the peak positions of pure iron (b).
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3.4 Hardness measurements

For all aging states hardness measurements have been conducted with an EMCO-
TEST type M4C instrument, using the Vickers method with a weight of 5 kg for a time 
of 15 sec. Each of the presented hardness values is the average of four independent
measurements. Cylindrical dilatometer samples have been measured on the planar
side and cuboidal shaped samples have been measured on a plane parallel and 3
mm away from the head side. 

3.5 SANS

3.5.1 Principle

Attested by the wave-particle dualism a neutron has a wavelength, which allows
implementing diffraction experiments with a neutron beam. The neutron interacts
strongly on the one hand with atomic nuclei and on the other hand with magnetic
moments in the solid due to its magnetic dipole moment. These two interactions lead
to scattering e.g. by measuring a crystalline solid with lattice constants in the range of 
the neutrons wavelength [43]. Basics of the scattering technique can be found in
[44].
Measurements in the present work have been carried out on the beam line SANS-2
at the Geesthacht Neutron Facility (GeNF). As seen in Figure 3.3(a) the incoming
neutron beam has to pass a velocity selector providing a monochromatic beam
followed by a polarizer and a spin-flipper. The collimation depends on the detector
distance to obtain scattering vectors q (q = 4 sin( )/ , where 2 is the scattering
angle and is the wave) in the expected range.

Figure 3.3: Schematic overview of the beam line SANS-2 at the Geesthacht Neutron Facility (GeNF)
[45] (a); Example of a scattering image caught by the detector. H = magnetic field, = angle between
scattering vector and magnetic field (b).

H
= 0°

a) b)
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After passing the collimators the beam reaches the sample environment consisting of 
an electro-magnet and the sample itself. Transmitting the magnetized sample is the
last step before reaching the detector, giving a characteristic scattering image (Figure
3.3(b).

3.5.2 Sample preparation

For the small-angle neutron measurements disc shaped specimen with a thickness of 
2 mm and a diameter of 22 mm have been produced (Figure 3.4).

Figure 3.4: Geometry and characteristic dimensions of the specimen used for the small-angle neutron
measurements of in-situ and static (without thermocouple drill) experiments. (Dimensions in mm)

Additionally, in case of in-situ experiments a hole on the front side of the sample has
been drilled to position a thermocouple providing an accurate temperature regulation.
Static samples have been heat treated before measuring whereas the in-situ
samples have been measured from the initial solution treated state. The
implementation of the different measuring methods will be described in 3.5.4.

3.5.3 Test setup

The sample holder (Figure 3.5(a)) which is at the same time the furnace for the in-situ
experiments consists of a ceramic base and two metal plates which can be bolted
together, thus, clamping the sample. The specimens centre is positioned into the
centre of the round opening of the metal plates in a way, which positions the
thermocouple drill hole like it is shown in Figure 3.5(a). For in-situ measurements the
resistance heated metal plates transfer the heat to the sample by conduction. Figure
3.5(b) shows the sample table surrounded by the magnet, the instrumentation of the
incoming beam and the detector pipe. After positioning the sample holder on the

radius of the neutron
                 beam gate

thermocouple drill
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sample table and installing the thermocouple, a water cooled vacuum chamber is put
over the sample apparatus. 

Figure 3.5: Furnace with a clamped sample (a); Top view of the sample environment (b).

3.5.4 Implementation

In Table 3-2 all conducted measurements are listed. Samples of all three model
alloys have been solution annealed and aged for 5, 10 min and for 3, 24 h. After
positioning the furnace with the clamped sample and fixing the vacuum chamber, the
chamber has been evacuated to a vacuum of 5 x 10-2 mbar and then the chamber
has been filled with helium, providing a small scattering background. The samples
aged for 24 h have been measured statically, without activating the furnace, for 20
min at detector distances of 1 and 3 m, 25 min at 9 m and 30 min at 21 m. All other
samples have been measured for 20 min at a detector distance of 1 meter. Before
starting in-situ measurements a temperature calibration was necessary because of a
temperature gradient towards the sample centre due to the missing heating plate
contact (Figure 3.5(a)). For a singular calibration measurement two thermocouples
have been installed, one in the centre of the dummy sample and one in the 5 mm
deep drill hole. Knowing the temperature difference of the two thermocouples allowed
for adapting the temperature regulation so that the sample volume in the beam line
had an average of the expected temperature. In case of the in-situ experiments
continuous as well as isothermal measurements have been carried out on the three
model alloys. In case of the continuous experiments the solution treated samples
have been heated up to 700°C with heating rates of 15, 23 and 36 °C/min. Intervals
of recording a detector image contain an exposure time of 30 sec and additional 4
seconds according to saving processes, hence, all 34 seconds a data file is
generated. In-situ samples for the isothermal experiments have been heated up with

sample heating plates base

drill hole direction

a) 2T magnet 

beam line detector
pipe

sample table

furnace
+

sample

b)



30

a heating rate of approximately 10°C/sec to the required aging temperature, exposing
to the beam for 30 sec for the first hour of the experiment, 60 sec for the next four
hours and 120 sec for the rest of the measurement time, providing reasonable
statistics. Saving processes increase according measuring intervals as well. 

Table 3-2: List of all sample states and according measuring conditions.

Statically In-situ

Aged at 500°C Isothermally [°C] Continuously [°C/min]

Fe6Al4Ni 5 min, 10 min, 3 h, 24 h 500 15, 23, 36

Fe6Al6Ni 5 min, 10 min, 3 h, 24 h 500, 600 15, 23, 36

Fe4Al6Ni 5 min, 10 min, 3 h, 24 h 500 15, 23, 36

Unpolarized neutrons with a mean wavelength of = 0.57 nm and a wavelength
spread of /  = 10 % have been used. The sample material has been magnetized to 
saturation by a 2 T magnetic field perpendicular to the beam. As depicted in Figure
3.4 the neutron beam impinging on the samples had a diameter of 8 mm. Corrections
have been made for sample transmission, background intensity and detector
efficiency to gain the accurate quality. Quantification of scattering cross sections has
been obtained by calibration with a vanadium standard.

3.5.5 Evaluation

The measured scattering cross sections have been analyzed by means of the so-
called two-phase model, according to [44],

0

222 , dRRqFRVRnq
d
d

. (3-1)

In this equation q
d
d is the macroscopic scattering cross section dependent on the

scattering vector q, represents the scattering length density difference between
matrix and precipitates, n(R)dR and V(R) are the number density and the volume of
the precipitates and F(q, R) is a form factor. According to previous investigations the
precipitates have been assumed to be of spherical shape in the early stages, which
leads, according to [46], to a form factor of
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In case of a magnetic material the overall scattering contrast consists of a nuclear
contribution nuc and an additional magnetic contribution mag. According to the
two-phase model, the homogeneity of a matrix which is magnetized to saturation is
disturbed by particles, which represent magnetic inhomogeneities. The neutron beam 
is scattered due to the magnetic scattering contrast mag between matrix and
precipitates, which can be calculated theoretically (see 3.5.6). The magnetic
scattering cross section depends on the angle between the scattering vector and
the magnetic field. When the chemical size of the precipitates is assumed to be the
same as their magnetic size, is defined by [47]:

2222 sinmagnuc . (3-3)

Therefore, according to equation 3-3 and Figure 3.3(b), the nuclear scattering cross
section has been measured at angles of = 0° and = 180°, the nuclear and
superposed magnetic scattering cross section at = 90° and = 270°. Sectors with
an opening angle of 20° have been used to average measured scattering cross
sections, providing better statistics. The magnetic contribution can be obtained by
subtracting nuclear cross section (sectors parallel to magnetic field) from the sum of
nuclear and magnetic cross section (sectors perpendicular to magnetic field).
Knowledge of magnetic scattering cross section, a chosen form factor and a
calculated mag allows calculating the particle size distribution by fitting appropriate
scattering curves using the indirect method described by Glatter [48, 49]. Total
number density n and total volume fraction f can be calculated by
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R
dRRnn , (3-4)

max

min

R

R
dRRVRnf , (3-5)

respectively [50], where Rmax and Rmin are boundary conditions of the indirect
method. Figure 3.6 shows a section of the evaluation software consisting of a fitted
scattering curve and the according particle size distribution.
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Figure 3.6: Fitting of the scattering curve of the Fe4Al6Ni sample aged for 24 h with the appropriate
software (left); Associated particle size distribution (right).

3.5.6 Determination of the magnetic scattering length density difference
(SLDD)

The calculation of the difference of the magnetic scattering length densities of the
matrix mag,m and precipitates mag,p is necessary to obtain information on radii,
number density and volume fraction from the scattering curves. Equation 3-6
represents the calculation of the magnetic scattering length density difference
(SLDD) mag:
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where p is the magnetic scattering length, p0 = 2.70 x 10-13 cm/μB is a constant [47], μ 
represents the magnetic moment and V is the mean atomic volume. Therefore, the
mean magnetic moments μm,p per atom for matrix and precipitate, respectively, have
been calculated from the Fe, Ni, Al moments according to the compositions
determined by 3DAP. The values of the mean atomic volume were determined by
3DAP data as well. If the precipitates are assumed to be non-magnetic, mag relates
to mag,m. Therefore, it is possible to obtain information on the volume fraction and
number density of the precipitates without knowing their composition. The SLDD
changes with aging time due to the development of the compositions. Magnetic
SLDD s for all aging states have been calculated for magnetic as well as for non-
magnetic particles.
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3.5.7 Determination of the nuclear scattering length density difference (SLDD)

A useful possibility for qualitatively observing the composition development of
precipitated particles is the calculation of the so called R-value. Therefore, the
nuclear scattering length density difference (SLDD) between matrix and precipitates
has to be determined additionally to the magnetic SLDD. Equation 3-7 shows the
calculation of the nuclear SLDD nuc:
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The nuclear scattering length densities of the matrix nuc,m and of the precipitates
nuc,p are obtained by dividing the atomic nuclear scattering lengths bm and bp by the

mean atomic volumes Vm and Vp, respectively. The mean nuclear scattering lengths
per atom of the matrix and precipitates have been calculated from the Fe, Al and Ni
atomic scattering lengths according to the compositions obtained by 3DAP data.
Correlating the measured compositions with the elemental atomic volumes leads to
the mean atomic volumes. 

3.5.8 R-Value

The ratio of the magnetic to the nuclear scattering intensity depends on the chemical
compositions of the precipitates and of the matrix assuming that the matrix is
magnetized to saturation and that the precipitates have the same magnetic size as
their chemical size. Evaluating the measured scattering curves concerning the ratio
of the sum of magnetic and nuclear to the nuclear scattering cross section leads to
the A value
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If the precipitates of all occurring sizes have the same composition the q-dependence
of A disappears, hence, A becomes a constant. Inserting equations 3-1 and 3-3 in
equation 3-8 makes A only dependent on the nuclear and magnetic scattering
contrast:
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The so called R-value is on the one hand theoretically calculated by using the
compositions of the matrix and precipitates obtained by the 3DAP data and on the
other hand by evaluating static as well as in-situ SANS experiments. Therefore, the
ratio of the nuclear and magnetic integral intensity of the scattering cross sections is
calculated. The scattering cross sections have to be summed up over the complete
q-range which complies with the area under the scattering curve to obtain the
according integral intensity Q:

0

232 124 ffdqqq
d
dQ          (3-10)

Equations 3-9 and 3-10 show that the ratio of the magnetic and the nuclear integral
intensity leads to the R-value.

3.6 3DAP measurements

3.6.1 Principle

Imaging at the atomic scale with the 3DAP is based on field evaporation. Therefore,
a sample with a tip radius in the range of 20 to 100 nm has to be produced (see
section 3.6.2). The electric field F0 appearing on the apex can be calculated by
equation 3-11:

0

0
0 rk

V
F

f

. (3-11)

V0 represents the applied voltage, kf is a form factor which considers the geometric
deviation of a spherical shaped apex and r0 is the tip radius [2]. To realize the
required electric fields a high voltage and a radius in the nm-range are necessary.
Additionally, to reduce thermally induced oscillations of the atoms, the sample is
cooled down to a temperature of 20 to 80 K. A vacuum of < 10-10 mbar completes the 
main parameters of the sample environment. The applied high voltage consists of a
direct contribution VDC which lies slightly under the evaporation level and a
superposed pulsed high voltage VPulse. Some of these pulses cause evaporation of
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the atoms which are accelerated to the position sensitive detector. Additionally, the
time of flight of the evaporated atoms is measured. Information on time of flight t,
flight distance d, total applied voltage and elementary charge e leads to the mass to
charge ratio m/n, as expressed in equation 3-12 [2].
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Each element can be identified by its mass to charge ratio. Converting detector data
and corresponding mass to charge ratios and implementing several corrections with
convenient software lead to a three-dimensional image of the evaporated sample
volume.
For the experiments in the present work a 3DAPTM X Oxford Nanoscience has
been used. An energy compensation system provides a reasonable mass resolution.
The 3DAP measurements have been carried out at a sample temperature of 80 K,
vacuum of < 3 x 10-11 mbar and an applied direct voltage between 3.5 kV and 15 kV
with a pulse fraction of 15 %.

3.6.2 Sample preparation

Samples with a dimension of 0.3 x 0.3 x 15 mm3 have been sharpened by using a
two-step electrochemical treatment. As seen in Figure 3.7(a) for step I the sample,
which is the cathode, is dipped into an electrolyte (25% perchloric acid (70%) in
glacial acetic acid), which is layered on an inert fluid (Galden).

Figure 3.7: Schematic view of the 3DAP sample preparation aperture. Step I (a); Step II (b).
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The gold loop in the electrolyte represents the anode. The highest etching effect
occurs at the electrolyte-air interface. Therefore, while applying a voltage of
approximately 15 volts, the sample has to be moved up and down to achieve a neck
like geometry as it is seen in Figure 3.7(b). Step II uses a weaker electrolyte (2%
perchloric acid in 2-butoxyethanol) and a voltage of approximately 10 volts is applied
until the sample is etched into two pieces. The upper part is cleaned and installed
into the 3DAP aperture [2].

3.6.3 Cluster algorithm

The distance between solute atoms in a solute enriched cluster or precipitate is
assumed to be significantly smaller than that in the surrounding matrix. Therefore,
clusters have been determined by the use of a method based on the maximum
separation distance between solute atoms. The parameters dmax and Nmin have to be
defined which is difficult, furthermore, no universal approach exists. Parameter dmax

represents the maximum separation distance between the according atoms and Nmin

is the minimum number of contained atoms to be defined as a cluster. Figure 3.8(a)
shows the change in the number of defined clusters with variation of the two
parameters. In Figure 3.8(b) the change in radius, number density and volume
fraction with variation of dmax at a fixed Nmin is represented. If the chosen value for
dmax is too small the clustering algorithm can not find atoms which belong together
and the number of determined clusters as well as the average radius decrease
rapidly. A too high dmax risks coalescence of the clusters which leads to a decrease in 
number density and an increase in radius. Additionally, influencing radii and number
density leads to a change in volume fraction. Decreasing Nmin certainly causes an
increase of number density and a decrease of radius, but Nmin has to be high enough
to exclude random fluctuations of the solute atoms.
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In the present work dmax has been determined based on Vamousse et al. [51]. As a
demonstration of decreasing atomic distance with ongoing precipitation Figure 3.9
shows the distance distribution of solute Al atoms in the observed volume of the as-
quenched sample and of the 24 h aged sample. The values on the abscissa
represent the distances of an Al atom to its next nearest Al neighbour. This nearest
neighbour distance is calculated for each Al atom and leads to the seen distribution. 
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Figure 3.9: Distance distribution of Al atoms in the as-quenched and the 24 h aged state. The
parameter dmax is determined close to the mean distance of the distribution of the as-quenched state.

The source for determining dmax is the combined distance distribution of Ni and Al
from the as-quenched state which simulates a matrix with randomly distributed solute
atoms. The idea is to determine the maximum separation distance dmax on the left
side close to the mean distance of the Gaussian distribution of the as-quenched
state. Hence, for Nmin a value is chosen so that the cluster algorithm using this dmax

only identifies an insignificant number of clusters for the as-quenched state. The
used software allows calculating the distance distribution for one single element only.
Determining combined mean distance of both elements has been carried out
according to equation 3-13 which has been postulated in the present work. The value 

i x di
3 has been approximated to be a constant, where i is the atomic density and di

represents the mean distance of the solute element according to its distance
distribution assuming a uniform distribution. The solute atoms in the as-quenched
samples have been proved to be uniformely distributed in the matrix (see section
4.3). Combined mean distance dNi+Al has been calculated by averaging the results for 
Ni and Al:
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3

33

2

AlNi

NiNiAlAl

AlNi

dd

d          (3-13)

Table 3-3 shows the elemental densities Al, Ni and the mean nearest neighbour
distances dAl, Ni from the 3DAP data of the as-quenched state and the calculated
values for Ni+Al.

Table 3-3: Determination of search parameter dmax, according to the as-quenched state

As-
quenched

Al

[nm-3]
Ni

[nm-3]
dAl

[nm]
dNi

[nm]
Ni+Al

[nm-3]
dNi+Al

[nm]
dmax

[nm]

Fe6Al4Ni 2.15 1.16 0.367 0.474 3.31 0.326 0.32

Fe6Al6Ni 1.59 1.67 0.408 0.402 3.26 0.321 0.32

Fe4Al6Ni 0.78 1.70 0.531 0.406 2.48 0.360 0.36

Differences in the atomic number density according to different atom probe datasets
lead to the necessity of a density related adaptation of dmax [52]. Therefore, a density
dependent dmax for the datasets of the aged states is calculated with this relation as
well:

3

3
0max,0

max

d
d (3-14)

In this equation 0 and represent the atomic number densities of all atoms in the
data set. Index 0 means the values of the reference, hence, the as-quenched state.
Density variations within a single dataset have been disregarded.
Two additional parameters, surround- and erosion distance have been found to be
suitable when they have the same value as dmax. After defining solute atoms which
belong to a particle, all the atoms within the surround distance L are taken as being
part of the same particle. This procedure leads to a shell of matrix atoms being
included to the particle which can be removed by an erosion process (erosion
distance E). Details can be found in [51].
3DAP measurements have been carried out on similarly heat treated samples as in
the SANS experiments, providing the opportunity to compare the results. A complete
list of investigated samples is given in Table 3-4.
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Table 3-4: List of all 3DAP measurements of the three model alloys.

Aged at 500°C

Fe6Al4Ni As-quenched, 10 min, 3 h, 24 h

Fe6Al6Ni As-quenched, 10 min, 3 h, 24 h

Fe4Al6Ni As-quenched, 10 min, 3 h, 24 h

3.7 DSC

Differential scanning calorimetry (DSC) is an effective tool to observe precipitation
kinetics. While isothermal aging is generally very time-consuming, experiments
performed at constant heating rates are a rapid possibility to study transformation
reactions. Transformed volume fractions according to a precipitation reaction can be
correlated to the area under the peak of the heatflow-time curve according to the
reaction [53]. Measuring at different heating rates enables to calculate activation
energies by applying the Kissinger method. Borrego and González [54] have
implemented a model to fit DSC curves based on the Avrami law. Minimizing the
deviation of the fit allows calculating kinetic parameters.
In the present work differential scanning calorimetry is principally used to obtain
information on the starting point and the activation energy of the NiAl precipitation
reaction. The measurements have been carried out on a DSC instrument LABSYS
EVO provided by the company SETARAM.

3.7.1 Principle

Figure 3.10 shows the used differential scanning calorimeter representing the DSC
rod with two platinum crucibles and the furnace. The installed thermocouples at the
crucible tray and a heat shield surrounding the rod are also depicted.
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Figure 3.10: Differential scanning calorimeter Labsys Evo of the company SETARAM. Overall view of
the aperture (a); Detailed image of the DSC holder tray rod and the crucibles (b).

The two crucibles containing the sample and the reference, respectively, are sited on
the designated device on the top of the rod. The furnace is moved down until the
gasket ring separates the DSC rod from the atmospheric environment. Subsequently,
a vacuum of approximately 15 mbar is applied to the measuring chamber. Activating
the sweeping gas leads to a gas circulation from the bottom to the top, entering by
the sweeping tube and exiting at the top of the furnace. Afterwards the measurement
with its appropriate temperature program is started. Different heat capacities between 
the sample and the reference and reactions in the sample during heating lead to a
temperature difference between the two crucibles. The measuring signal is the
temperature difference and the signal output by the DSC accessible to the user is the
measured heat flow m in μV which is proportional to the temperature difference T
[55]:

Tm ~ (3-15)

3.7.2 Calibration

The electrical output signal m in μV is transformed into thermal energy Q in Joule by 
determining a calibration factor K, which significantly depends on several
measurement conditions as temperature, crucible material, kind and flow rate of the
sweeping gas. The sample form and weight influence K as well, therefore, samples
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with similar dimension and weight have been produced. Measuring pure metallic
standards with a defined melting enthalpy under experimental conditions allows for
determining the calibration factor K. Figure 3.11 shows schematically the
characteristic peak of a melting reaction in the heat flow  temperature curve. 

Figure 3.11: Schematic view of a characteristic peak according to an endothermic reaction.
Determining the peak area A requires the subtraction of the area below the base line from the whole
measured area between Ti and Te.

A zero measurement using two empty crucibles which is subtracted from the proper
curve is conducted to eliminate aperture asymmetries. Setting a base line and
determining the initial and end temperatures Ti and Te of the reaction allow for
defining the peak area A. The experiments have been conducted with a constant
heating rate (in K/min). Hence, the temperature characteristic is given by

tTT 0 (3-16)

with T0 representing the starting temperature and t representing time [55]. According
to Figure 3.11 and equation 3-16 evaluating the heat flow rate temperature curves
leads to the peak area A (in μV s):

e

i

T

T
blm dTA 1

. (3-17)

m, bl represent the total measured heat flow rate and the according value under the
base line. 
With H being the melting enthalpy of the metallic standard (in mJ/g) and m being the
weight (in g) the according calibration factor K is calculated by
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mH
AK . (3-18)

K is preferably expressed in μV/mW [56]. Implementing this procedure with standards 
at different melting points leads to the calibration factors Ki at different temperatures
which are plotted as polynomial K-temperature curves by fitting with the software
Calisto by Setaram. For any peak area A associated with a reaction the
corresponding thermal energy Q (in mJ) equals:

e

i

T

T

blm dT
TKTK

AQ 1
. (3-19)

At the same time the measurement of the metallic standards is used for a
temperature calibration. Since the thermocouples offer the temperatures at the holder 
tray a temperature difference with respect to the sample exists. With the well known
temperatures according to the melting points of the standard materials it is possible
to realize a temperature correction. The used software considers this temperature
differences and provides the true sample temperature.

3.7.3 Implementation

Samples with a dimension of 3 x 3 x 1 mm3 and a mass of approximately 70 mg have 
been produced. Experiments with the heating rates of 6, 10, 15 and 23 K/min have
been implemented for the Fe6Al4Ni model alloy. Each heating rate required the
determination of the calibration coefficient K and its temperature dependence. On the 
reference side an empty platinum crucible has been used and argon has been
chosen as inert gas.
The apparent activation energy of the transformation reaction can be determined by
implementing the Kissinger analysis. The peak temperature Tp, heating rate and
the apparent activation energy E are related as described in equation 3-20

0

2

lnln
RK
E

RT
ET

p

p , (3-20)

where K0 is a pre-exponential factor and R represents the gas constant. Plotting
2

ln pT against
pT
1 allows for the determination of the apparent activation energy E

and K0. In order to determine the effective activation energy Qeff the JMA exponent n
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has to be calculated. The relation of the exponent n, apparent activation energy E
obtained by the Kissinger method and Qeff is given by [54]

effQnE
2
3 . (3-21)

According to Borrego et al. [54] the DSC peaks have been fitted by applying equation 
3-22 to the heat flow vs. temperature curves:

RT
nEK

E
RT

RT
nE

E
RTAnK n

nn
n expexpexp 0

212

0 . (3-22)

The previous correlation (equation 3-22) between the heat flow and the
temperature is based on the Johnson Mehl Avrami theory. A computerized method
optimizes the variables peak area A, exponent n and the pre-exponential factor K0 by 
a minimization of least squares error. 
Since the performed reruns of the measured samples provide no reasonable results
linear base lines have been chosen to be used to define the transformation peaks as
a first approximation in the present work. The curves have been modified to bring
them into a form which allows for a reasonable fitting. After subtracting the according
zero measurement and setting the linear base line the DSC curve has been arranged 
in a way that the base line becomes horizontal. Figure 3.12 depicts this procedure.
Therefore, a slope correction has been implemented which leads to a rotation of the
curve centring the starting point of the transformation reaction (Figure 3.12(a)).
Exporting and analyzing the peak with the fitting software enables the transformation
parameters (Figure 3.12(b)).
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4 Results

4.1 Hardness

The change of hardness with respect to ongoing aging provides an illustration of the
development of particles according to the NiAl precipitation reaction. Figure 4.1
shows the hardness vs. aging time of the three model alloys for aging at 500°C. The
marked aging times depict the sample states which have been investigated
furthermore by 3DAP and SANS. It can be seen that all three curves show similar
characteristics and that the alloy Fe6Al6Ni generally shows higher hardness values
with respect to the two other alloys. The data points at 1 sec represent the hardness
values of the solution annealed samples.

1 10 100 1000 10000 100000 1000000
160

180

200

220

240

260

280

300

320

340

360

380

400

420

86400 sec

10800 sec

600 sec

H
V

5/
15

Time [sec]

 Fe6Al4Ni
 Fe6Al6Ni
 Fe4Al6Ni

10 min

3 h
24 h

Aged at 500°C

Figure 4.1: Dependence of hardness on aging time obtained for the three model alloys after aging at
500°C. The vertical bars represent the standard deviation of each hardness value.

Alloys Fe6Al4Ni and Fe4Al6Ni do not show significant changes in hardness up to 300 
sec of aging. The hardness curves of both alloys are identical up to times of about
100000 sec. A constant increase of hardness with respect to the aging time occurs
with similar slope for both alloys. The hardness of Fe4Al6Ni decreases after 24 h
(86400 sec) of aging, whereas Fe6Al4Ni does not show any decrease up to times of
96 h (345600 sec). In case of the Fe6Al6Ni alloy the hardness increases
continuously with a small slope after beginning of aging. After 300 sec of aging the
hardness evolution is similar to the two other alloys. The peak hardness is reached at 
approximately 48 h (172800 sec) and afterwards a drop in hardness occurs.
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4.2 DSC

In order to obtain information on the transformation kinetics and on the starting point
of the NiAl precipitation reaction DSC measurements have been conducted. The
extremely low heat of reaction makes it impossible to evaluate the NiAl precipitation
reaction in case of the alloys Fe6Al6Ni and Fe4Al6Ni. Therefore, DSC measurements 
have only been performed on the Fe6Al4Ni model alloy. Figure 4.2 shows the heat
flow over temperature curves of the Fe6Al4Ni alloy. Measuring the heat flow at
different heating rates leads to a change of the maximum peak temperature Tp which
represents the point of the maximum transformation rate of the according
precipitation reaction.
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Figure 4.2: Development of the peak temperature Tp with increasing heating rate for the Fe6Al4Ni
model alloy.

Tp shifts to higher temperatures with increasing heating rates. According to equation
3-20 (section 3.7.3) the Kissinger analysis has been performed. Figure 4.3 shows the 
Kissinger plot yielding the transformation parameters which are given in Table 4-1.

1.13 1.14 1.15 1.16 1.17 1.18
14.0

14.5

15.0

15.5

16.0

ln
(T

2 p/
)

1000/T

 Linear Fit

Y = 27.68885 X - 16.79174

Fe6Al4Ni

Figure 4.3: Kissinger plot of the exothermal DSC peak according to the NiAl precipitation reaction of
the Fe6Al4Ni alloy.
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Table 4-1: Results of the Kissinger analysis of the Fe6Al4Ni alloy.

1000R
E

0

ln
RK
E

E [kJ/mol] K0

Fe6Al4Ni 27.68885 -16.79174 230.218 5.430 x 1011

Applying the Kissinger analysis yields the apparent activation energy E of 230 kJ/mol
and a constant factor K0 of 5.43 x 1011 for the NiAl precipitation reaction. The
obtained apparent activation energy is used to fit the DSC curves as described in
chapter 3.7.3. Figure 4.4 shows the DSC peaks of all heating rates and the fits.
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Figure 4.4: Measured transformation peaks according to the NiAl precipitation reaction in the Fe6Al4Ni 
alloy of the four heating rates. The red line belongs to the Avrami based fit.

The function applied to the measured DSC data satisfactorily fits the peaks caused
by the NiAl precipitation reaction. Table 4-2 presents the results of fitting the DSC
curves according to equation 3-22 (section 3.7.3). The effective activation energy Qeff

can be calculated according to equation 3-21 (section 3.7.3).
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Table 4-2: Determined kinetic parameters according to the different heating rates.

[K/min] A [J/g] n K0 Qeff [kJ/mol]

6 2.73 1.8 5.03 x 1011 276.262

10 3.53 1.74 5.00 x 1011 267.053

15 4.38 1.61 5.09 x 1011 247.101

23 4.48 1.58 5.20 x 1011 242.496

Averaging the results of the four heating rates leads to a mean exponent n of 1.68
and a mean effective activation energy Qeff of 258 kJ/mol. Additionally, the evaluated
peaks can be observed with respect to the onset of the precipitation reaction. For the
purpose of clearness Figure 4.5 shows the dependence of the start temperature of
the heating rate by comparing the peaks.
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Figure 4.5: Dependence of the start temperature of the NiAl precipitation reaction in Fe6Al4Ni of
heating rate.

The DSC measurements offer an onset temperature of 530°C at heating rate 6
K/min, 545°C at 10 K/min, 551°C at 15 K/min and 558°C at 23 K/min. 
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4.3 3DAP

Before investigating the aged samples with respect to particle development the as-
quenched samples have to be proved to their homogeneity. Figure 4.6 shows the
nearest neighbour distance distributions for Al and Ni of the three model alloys.
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Figure 4.6: Nearest neighbour distance distributions of solute Al and Ni atoms in the solution annealed 
samples of a) Fe6Al4Ni, b) Fe6Al6Ni, c) Fe4Al6Ni.

The next nearest neighbour distance distribution of Al atoms in the as-quenched
Fe6Al4Ni sample (Figure 4.6(a)) shows that the mean distance between the Al atoms 
and their next nearest Al neighbour is 0.5 nm. The diagrams contain to different
curves. The black curve describes the distribution of solute atoms according to the
3DAP reconstruction and the red curve depicts the randomized distribution of solute
atoms in the observed volume. The two curves are identical regarding the solute Al
as well as the solute Ni atoms in case of all three model alloys.
The samples for the 3DAP measurements have been aged for 10 min, 3 h and 24 h
at 500°C for all three model alloys as depicted in Figure 4.1. Figure 4.8 to Figure 4.15
show extracts of the 3DAP reconstructions of all investigated samples, including a
visualization of the clusters detected by the applied search algorithm. Additionally, Al
and Ni atoms are depicted separately.
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a)  b)  c)  d)
Figure 4.7: 3DAP reconstruction of the Fe6Al4Ni sample aged for 10 min at 500°C. a) all atoms, b) Al
atoms, c) Ni atoms, d) detected clusters. Dimensions in nm, box size 14x17x61 nm3.

a)  b)  c)  d)
Figure 4.8: 3DAP reconstruction of the Fe6Al4Ni sample aged for 3 h at 500°C. a) all atoms, b) Al
atoms, c) Ni atoms, d) detected clusters. Dimensions in nm, box size 10x10x40 nm³.
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a)  b)  c)  d)
Figure 4.9: 3DAP reconstruction of the Fe6Al4Ni sample aged for 24 h at 500°C. a) all atoms, b) Al
atoms, c) Ni atoms, d) detected clusters. Dimensions in nm, box size 10x10x40 nm³.

a)  b)  c)  d)
Figure 4.10: 3DAP reconstruction of the Fe6Al6Ni sample aged for 10 min at 500°C. a) all atoms, b) Al 
atoms, c) Ni atoms, d) detected clusters. Dimensions in nm, box size 10x10x40 nm³.
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a)  b)  c)  d)
Figure 4.11: 3DAP reconstruction of the Fe6Al6Ni sample aged for 3 h at 500°C. a) all atoms, b) Al
atoms, c) Ni atoms, d) detected clusters. Dimensions in nm, box size 10x10x40 nm³.

a)  b)  c)  d)
Figure 4.12: 3DAP reconstruction of the Fe6Al6Ni sample aged for 24h at 500°C. a) all atoms, b) Al
atoms, c) Ni atoms, d) detected clusters. Dimensions in nm, box size 10x10x40 nm³.
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Figure 4.13: 3DAP reconstruction of the Fe4Al6Ni sample aged for 3 h at 500°C. a) all atoms, b) Al
atoms, c) Ni atoms, d) detected clusters. Dimensions in nm, box size 10x19x57 nm³.

a)  b)  c)  d)
Figure 4.14: 3DAP reconstruction of the Fe4Al6Ni sample aged for 3 h at 500°C. a) all atoms, b) Al
atoms, c) Ni atoms, d) detected clusters. Dimensions in nm, box size 10x10x40 nm³.
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a)  b)  c)  d)
Figure 4.15: 3DAP reconstruction of the Fe4Al6Ni sample aged for 24h at 500°C. a) all atoms, b) Al
atoms, c) Ni atoms, d) detected clusters. Dimensions in nm, box size 10x10x40 nm³.

Generally, the cluster development of the three model alloys is similar. For comparing 
the samples aged for 10 min of Fe6Al4Ni and Fe4Al6Ni with the other samples it is
important to consider the different observed box sizes. In case of the samples aged
for 10 min alloys Fe6Al4Ni (Figure 4.7(d)) and Fe4Al6Ni (Figure 4.13(d)) show only a
small number of clusters whereas in the Fe6Al6Ni alloy (Figure 4.10(d)) more
particles are present. Aging for 3 h leads to a strong increase of the number density
in case of all three alloys. The size of the particles changes only a little during this
aging sequence. Comparing the 3 h with the 24 h aged samples indicates a strong
increase of the particle size. The number density does not fulfil a noticeable change
in case of Fe6Al4Ni (Figure 4.8(d)), Figure 4.9(d)), Fe6Al6Ni (Figure 4.11(d)), Figure
4.12(d)) and seems to decrease in case of Fe4Al6Ni (Figure 4.14(d)), Figure 4.15(d)).
The particles detected by the cluster algorithm are visible regarding the local
arrangement of Al and Ni atoms in the observed volumes especially in case of the 3
h and the 24 h aged states.
The 3DAP investigations provide information on the particle development of the NiAl
precipitates with respect to the size, number density, volume fraction and the
composition. The results according to the precipitates determined by the cluster
search algorithm are presented in Table 4-3.

Fe
Al
Ni

Fe4Al6Ni
24 h
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Table 4-3: Radius, number density, volume fraction and composition of the NiAl precipitates and the
surrounding matrix, calculated from the 3DAP data.

Composition precipitates  [at%] Composition
matrix [at%]

Aged
at
500°C

Radius
[nm]

Number
density
[1/cm3]

Volume
[%]

Fe Al Ni Fe Al Ni

10min 0.65 2.43 x 1017 0.03 38.9±1.9 38.2±1.9 22.7±2.1 89.2 6.6 3.9

3h 0.81 9.35 x 1018 2.11 39.3±0.3 37.3±0.3 23.3±0.4 90.3 6.1 3.4

Fe
6A

l4
N

i

24h 1.09 1.30 x 1019 6.94 37.4±0.2 34.3±0.2 28.1±0.3 92.9 3.7 3.1

10min 0.77 3.71 x 1018 0.70 36.6±0.5 34.4±0.6 28.9±0.5 88.8 5.6 5.4

3h 0.80 1.59 x 1019 3.40 36.5±0.2 35.2±0.2 28.2±0.2 90.2 4.7 4.9

Fe
6A

l6
N

i

24h 1.05 1.53 x 1019 7.37 34.5±0.2 34.7±0.2 30.5±0.2 92.2 3.5 4.1

10min 0.65 1.34 x 1017 0.02 43.0±2.3 23.4±2.7 33.5±2.5 90.7 3.1 6.1

3h 1.00 8.36 x 1018 3.43 42.1±0.2 28.5±0.2 29.2±0.2 93.1 2.4 4.4

Fe
4A

l6
N

i

24h 1.37 5.41 x 1018 5.90 41.3±0.1 27.3±0.1 31.2±0.1 94.0 1.6 4.3

The increase of the mean particle size and the precipitated volume with increasing
aging time is obvious for all three alloys. A strong increase in number density occurs
for all three alloys between 10 min and 3 h of aging. The number density does not
show a strong change between 3 h and 24 h aging in case of Fe6Al4Ni and
Fe6Al6Ni. In contrast for Fe4Al6Ni the number density of the 24 h aged state
decreases with respect to the 3 h aged state. After aging for 10 min only alloy
Fe6Al6Ni shows a noticeable precipitated volume of 0.7 percent. Furthermore, the
number density is a magnitude higher than that of the other two alloys. The Fe4Al6Ni
alloy achieves the highest value for the mean radius of the precipitates with 1.37 nm
after aging for 24 h whereas the precipitates of the two other alloys exhibit mean radii 
of approximately 1 nm at this aging time. All three alloys show a distinctive content of
iron in the developing precipitates. The particles of the Fe6Al4Ni alloy show high Al
and a low Ni content after aging for 10 min whereas for Fe4Al6Ni the contributions
are contrary. Hence, the initial contribution of solute elements in the precipitates is
correlated with the overall composition of the alloy. The more Al, Ni atoms are
present in the matrix, the more Al, Ni atoms are found in the precipitates at the
beginning of aging, respectively. Hence, the Al to Ni ratio of the alloy affects the Al to
Ni ratio of the precipitates. While the iron content seems to decrease with aging time,
the Ni and Al contents approach a Ni to Al ratio of 1. The depletion of solute atoms in
the matrix with increasing aging time is also observable in Table 4-3.
Figure 4.16 shows the size distributions of the precipitated particles of all three
investigated alloys.
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Figure 4.16: Particle size distributions of the 10 min, 3 h, and the 24 h aged state of a) Fe6Al4Ni, b)
Fe6Al6Ni, c) Fe4Al6Ni. The vertical lines represent the mean radii of the according distribution.
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The occurrence of particles in a selected radius range normalized to the overall
number of particles in the observed volume is plotted in the diagram. The vertical
lines depict the mean radii of the according distributions. The particle size covers a
narrow range in the distributions of Fe6Al4Ni (Figure 4.16(a)) and of Fe4Al6Ni
(Figure 4.16(c)) with a mean particle size of 0.65 nm after aging for 10 min. Alloy
Fe6Al6Ni (Figure 4.16(b)) shows larger particles in addition to the fine sized majority
after an aging time of 10 min. The fine particles are of the same size as calculated for 
the other two alloys mentioned before. Aging for 3 h leads to a broadening of the
radius distribution to higher particle sizes. A decrease in the number of fine sized
particles and the occurrence of larger particles is obvious for all three alloys. After
aging for 24 h the particle sizes cover a large range. A noticeable peak in the size
distributions according to particles with a size of approximately 0.65 nm can be seen
in case of all aging states of the three alloys.
The composition of the precipitates listed in Table 4-3 are mean values covering the
whole particles. Figure 4.17 represents the mean composition profiles of the particles
found in the Fe6Al4Ni samples aged for 3 h (a) and 24 h (b). On the ordinate the
atomic composition is plotted and the abscissa shows the normalized particle extent.
The concentration profile of the precipitates ranges from the centre to the edge. Each
cluster s maximum extent is normalized to value 1.0.
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Figure 4.17: Cluster concentration profile of the Fe6Al4Ni alloy aged at 500°C for a) 3h, b) 24 h.

The core of the precipitates contains approximately 45 % Fe and shows an Al
content of approximately 35 % and a Ni content of approximately 30 % after aging for 
3 h. Regarding the composition profile of the particles in the 24 h aged sample
indicates a decrease of the Fe content, an increase of the Ni content and the Al
content is nearly the same as mentioned for the 3 h aged state. Figure 4.18 shows
the cluster concentration profiles of the Fe6Al6Ni alloy. 

a) b)
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Figure 4.18: Cluster concentration profile of the Fe6Al6Ni alloy aged at 500°C for a) 3h, b) 24 h.

The Ni content does not fulfil a remarkable change during aging from 3 h (a) to 24 h
(b). The 24 h aged sample contains more Al in the core of the precipitates and a
decrease of the Fe content is obvious with respect to the precipitates of the 3 h aged
sample. A noticeable aspect is that the precipitates contain more Al than Ni atoms
though the alloy contains nearly the same amount of Ni and Al atoms. For the sake of 
completeness the cluster concentration profiles of the Fe4Al6Ni alloy aged at 500°C
for 3h (Figure 4.19(a)) and for 24 h (Figure 4.19(b)) are shown.

0 1 2
0

10

20

30

40

50

60

70

80

90

100
Fe4Al6Ni
T=500°C
aged for 3 h

C
on

ce
nt

ra
tio

n
[a

t%
]

normalized distance

Fe
Al
Ni

core edge

0 1 2
0

10

20

30

40

50

60

70

80

90

100 Fe4Al6Ni
T=500°C
aged for 24 h

Fe
Ni
Al

C
on

ce
nt

ra
tio

n
[a

t%
]

Normalized distance

edgecore

Figure 4.19: Cluster concentration profile of the Fe4Al6Ni alloy aged at 500°C for a) 3 h, b) 24 h. 

The core contains 44 at% Fe, 28 at% Ni and 30 at% Al after 3 h of aging. The Fe
content decreases, Ni increases and Al does not significantly change during further
aging for 24 h.
All presented composition profiles show similar tendencies regarding the composition
development from the core to the edge of the particles: The content of solute atoms

a) b)

a) b)
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decreases and the Fe content increases towards the particle edge. At a normalized
particle distance of approximately 1.7 the overall matrix composition is existent.

4.4 SANS

4.4.1 Static experiments

The scattering curves of the static samples are shown in Figure 4.20. For all three
model alloys the shift of the magnetic scattering cross sections to higher values with
increasing aging time is obvious.
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Figure 4.20: Scattering cross sections vs. scattering vector q for different aging states of a) Fe6Al4Ni,
b) Fe6Al6Ni, c) Fe4Al6Ni.

The samples aged for 3 h and 24 h, which show sufficiently distinctive peaks, can be
used to fit the scattering curves to obtain information on the developing precipitates.
The 24 h aged samples have been measured at detector distances up to 21 m,
therefore, the datasets range to lower scattering vectors q (see chapter 3.5.4).
However, alloy Fe6Al4Ni (Figure 4.20(a)) shows a strong distinctive peak in case of

a) b)

c)
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the samples aged for 3 h and 24 h. The peak moves to lower scattering vectors with
increasing aging time. At lower scattering vectors the curvature of the 24 h aged
sample shows a linear dependence. The statistic is insufficient for low scattering
vectors in case of Fe6Al6Ni (Figure 4.20(b)) and Fe4Al6Ni (Figure 4.20(c)). Alloys
Fe6Al6Ni and Fe4Al6Ni show different scattering characteristics compared to the
Fe6Al4Ni alloy. The curvatures of the 24 h aged samples present two peaks. One
peak is in the q-range like in the curvature of the Fe6Al4Ni alloy and a considerable
second peak with a maximum at approximately 0.2 nm-1 is existent. This peak seems
also to be present at shorter aging times but these samples have only been
measured at 1 m detector distance which restricts the q-range.
In order to provide quantitative values for the radius, number density and volume
fraction of the precipitated NiAl particles, the magnetic SLDD s have to be calculated.
Therefore, the compositions obtained by 3DAP are used as input. Details concerning
assumptions and the calculation of the magnetic SLDD s according to the magnetic
as well as to the non-magnetic assumption are given in section 3.5.6. The results
obtained by fitting static magnetic scattering curves are shown in Table 4-4. The
magnetic SLDD s calculated according to each sample state have been used.

Table 4-4: Determined values for radius, number density and precipitated volume from the fitted static
magnetic scattering curves. Calculations have been done for the assumption of magnetic as well as of 
non-magnetic precipitates.

Aged at 
500°C

Magnetic
assumption

Radius [nm]
Number density [1/cm3]

Volume [%]

Fe6Al4Ni 3h mag. 0.86 9.36 x 1019 ± 2.47 x 1018 20.5

non-mag. 0.69 3.25 x 1019 ± 1.50 x 1018 4.0

24h mag. 1.25 2.07 x 1019 ± 7.69 x 1016 14.6

non-mag. 1.07 9.59 x 1018 ± 2.97 x 1016 4.4

Fe6Al6Ni 3h mag. 1.14 2.94 x 1019 ± 1.77 x 1018 17.3

non-mag. 0.86 2.08 x 1019 ± 1.50 x 1018 5.3

24h mag. 1.68 1.40 x 1019 ± 5.12 x 1016 14.4

non-mag. 1.51 2.54 x 1018 ± 3.43 x 1016 3.6

Fe4Al6Ni 3h mag. 1.03 5.85 x 1020 ± 7.69 x 1018 15.0

non-mag. 1.08 7.38 x 1018 ± 2.21 x 1017 2.6

24h mag. 1.78 2.81 x 1019 ± 6.11 x 1016 11.9

non-mag. 1.69 4.89 x 1018 ± 3.30 x 1016 3.0
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The SANS experiments indicate an increase of the particle radius with increasing
aging time whereas the number density shows a decrease from the 3 h to the 24 h
aged state. Assessing results for magnetic and non-magnetic particles indicates
noticeable differences for the two assumptions, especially for the volume fraction and 
the number density. The calculated radii are influenced as well. The volume fraction
covers values from 14 to 20.5 % and decreases with aging time in case of magnetic
calculations. Assuming non-magnetic precipitates, mean particle radii of 1.07 nm for
Fe6Al4Ni, 1.51 nm for Fe6Al6Ni and 1.69 nm for Fe4Al6Ni after 24 h of aging are
obtained. The volume fraction after aging for 24 h ranges from 3 to 5.3 % with the
highest value for the Fe6Al6Ni and the lowest value for the Fe4Al6Ni alloy.

4.4.2 Isothermal in-situ experiments

Measurements during isothermal aging at 500°C have been performed on all three
model alloys. As a visualization of the development of the scattering cross section
with increasing aging time Figure 4.21 presents a series of scattering curves
measured on the Fe6Al4Ni alloy.
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Figure 4.21: Development of the magnetic scattering curve with respect to increasing aging time
yielded by the in-situ experiment. Alloy Fe6Al4Ni, aged at 500°C.

The bottom curve belongs to an aging time of 170 sec and is characterized by poor
statistics. With increasing aging time a general increase of the scattering cross
section and the development of a peak which moves towards lower scattering
vectors q are obvious. The similarity to the shape of the curves of the static
experiments (Figure 4.20(a)) can bee seen. The evaluation of the magnetic
scattering curves is carried out in the same way like it is mentioned for the static
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experiments. Here only non-magnetic precipitates have been assumed. In Figure
4.22 the development of radius, volume fraction and number density with aging time
according to the magnetic scattering curves in Figure 4.21 is presented. Due to poor
statistics at early aging times, the evaluation for this sample begins at an aging time
of 3600 sec. 
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Figure 4.22: Development of the radius, volume fraction and the number density of the Fe6Al4Ni alloy
with increasing aging time. The dashed and dotted lines represent the schematic characteristics. 

The particle radius grows continuously with increasing aging time until the end of the
experiment. The volume fraction increases up to an aging time of approximately 4 h
(14400 sec) and becomes constant. The number density shows a high value after 1 h 
(3600 sec) of aging. The subsequent decrease runs out into a constant number
density after an aging time of approximately 9 h (32400 sec).

4.4.3 R-Value

Figure 4.23 represents the development of the nuclear (Qnuc) and the magnetic
(Qmag) integral intensities and the according R-value with aging time of the three
investigated alloys. Before plotting, the curves have been modified in a way, that the
values of the magnetic and the nuclear integral intensity of the first 5 data points
have been averaged and subtracted from all values. With this correction the
scattering contributions of the initial solution annealed state and the temperature
influence on the nuclear scattering are eliminated. Since the static samples have
been measured at room temperature no temperature correction was necessary but
the scattering signal of the as-quenched state has been subtracted as well.
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For all three alloys the R-value increases rapidly after an aging time of approximately
100 sec. With ongoing aging the curvatures open out into a nearly horizontal plateau.
Table 4-5 presents the theoretically calculated R-values assuming non-magnetic as
well as magnetic particles and the R-values calculated from the experimental SANS
data.

Table 4-5: R-values determined by theoretical calculation and by evaluating scattering experiments.

Theoretical Evaluated curves

non-mag / mag Static in-situ

Fe6Al4Ni 10min 4.7 1.4 3.41 2.5

3h 4.9 1.5 3.71 3.5

24h 5.6 1.8 3.92

Fe6Al6Ni 10min 5.9 1.8 4.54 2.8

3h 5.3 1.7 4.50 3.6

24h 5.4 1.8 4.34

Fe4Al6Ni 10min 13.8 3.0 2.44 2.4

3h 7.8 2.0 5.26 4.2

24h 8.4 2.2 5.45

The theoretically estimated values differ from the experimental data but they show a
general tendency: The experimental R-values are situated between the magnetic and 
the non-magnetic assumption. The curvatures as depicted in Figure 4.23 indicate
that the R-values of the alloys Fe6Al4Ni and Fe6Al6Ni are similar after aging for
approximately 10 h (36000 sec) at 500°C. Alloy Fe4Al6Ni shows a higher R-value
which is confirmed by the theoretical R-values.

4.4.4 Continuous in-situ experiments

The integral intensity of the magnetic and the nuclear scattering curves of the
continuous experiments are an indicator for the start temperature of the precipitation
reaction. Figure 4.24 presents the development of the integral intensities according to 
the Fe6Al4Ni sample heated with a rate of 15 K/min.
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Figure 4.24: Magnetic and nuclear integral intensity according as a function of time. Heating rate 15
K/min performed on the Fe6Al4Ni alloy.

The nuclear integral intensity shows a continuous increase during the heating
process whereas the magnetic integral intensity is constant. At a temperature of
approximately 500°C the magnetic integral intensity strongly increases. The nuclear
integral intensity shows the increase at approximately 560 °C. Figure 4.25 shows the
development of the magnetic integral intensity during heating with 15, 23 and 36
K/min of the Fe6Al4Ni sample.
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Figure 4.25: Magnetic integral intensity according to the continuous in-situ SANS experiments
performed at heating rates 15, 23, 36 K/min on the Fe6Al4Ni alloy.

The increase of the magnetic integral intensity indicates the onset of the precipitation
reaction. A shift of the start temperature of the precipitation reaction with increasing
heating rates to higher temperatures is visible.
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5 Discussion
A quantitative comparison of mechanical properties like hardness is not reasonable
for the three model alloys since the microstructure differs significantly. According to
the phase diagram in Figure 2.16 the Fe6Al4Ni alloy is solution treated in the
region. Therefore, no grain refining during the transformation occurs. This

explains the large grain size of this alloy as seen in Figure 3.1(a). The lattice
parameter misfit with respect to pure -Fe (Figure 3.2(b)) is caused by the lattice
widening due to the substitution of solute nickel and aluminium atoms. Iron and nickel 
have similar atomic radii whereas the radius of aluminium is significantly higher. The
measured lattice widening with respect to the aluminium contents of the alloys
agrees with this fact. The substitution of Ni and Al causes a solid solution
strengthening which influences the vertical position of the hardness over aging time
curves in Figure 4.1. Generally, the curves show three characteristic regions. For
Fe6Al4Ni and Fe4Al6Ni the first 300 sec of aging can be seen as an incubation
period where the nucleation process is unstable. The higher super-saturation of the
Fe6Al6Ni alloy causes a higher driving force for the precipitation reaction. Therefore,
hardness continuously increases from the beginning of aging. The generally higher
super saturation of the Fe6Al6Ni alloy causes the comparatively high precipitated
volume of 0.7% (Table 4-3, Figure 5.2(b)) after 10 min of aging. The time range from
300 sec to approximately 24 h is dominated by particle growth and hardness reaches
a maximum which indicates the beginning of a coarsening stage.
The as-quenched sample is the initial state. Solute Al and Ni atoms are
homogeneously distributed in the matrix since the nearest neighbour distance
distributions of the 3DAP reconstructions are identical with that of a randomized
arrangement of the atoms (Figure 4.6). The 10 min (600 sec) aged sample
approximately marks the point where the hardness curve begins to follow a constant
ascending slope which is assumed to be the initiation of stable nucleation and
growth. Aging for 24 (86400 sec) hours represents a sample state in the range of the
hardness maximum which stands for the starting of coarsening. The state aged for 3
h (10800 sec) is situated between these two characteristic states. Defining strictly
separated stages during the transformation is only a theoretical approach. In reality
the mechanisms of nucleation, growth and coarsening overlap. This can be seen in
the developing particle size distributions in Figure 4.16. Aging does not only lead to a
strict shift of the initial distribution to higher radii, the distribution becomes also
broadened. The noticeable peak at a radius of approximately 0.65 nm can be seen in 
all aging states which leads to the assumption that the creation of new clusters is still
going on. Hence, nucleation, dissolution and growth happen simultaneously.
Furthermore, the classical nucleation and growth theory is not applicable since the
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composition of the precipitates also changes while the particle size increases which
agrees with the results of [29, 30, 34]. The smallest particles in the size distributions
must not necessarily be the smallest particles occurring in the sample. The minimum
value for the radius is restricted by the cluster search algorithm. The alloys
investigated in the present work contain high amounts of solute Ni and Al atoms and
therefore, parameter Nmin has to be chosen in a range which guarantees that no
random fluctuations in the alloy are interpreted as a cluster. Value 15 has been found 
to be suitable for the parameter Nmin. Considering the Fe content of about 40 at% in
the precipitates and the detector efficiency (33 %) of the 3DAP leads to minimally
detectable real particle sizes of approximately 0.6 nm radius. A detected cluster
containing 15 Ni+Al atoms consists of approximately 60 atoms in reality, which leads
to the mentioned minimally detectable real size. No extraordinary large particles have 
been detected in the 3DAP data and therefore, the source of the peak at scattering
vector q 0.2 nm-1 in the scattering curves of Fe6Al6Ni (Figure 4.20(b)) and
Fe4Al6Ni (Figure 4.20(c)) could not be identified. Fitting of the SANS curves
concerns only the peak at scattering vector q  1.5 nm-1 (Figure 4.20(a,b,c)). Fitting is 
not reasonable for curvatures with bad statistics, therefore, the 5 min aged and 10
min aged states in Figure 4.20 can only be seen as an illustration of particle
development with respect to the as-quenched state in case of all three model alloys.
The definitive shape of the peak and its maximum of the Fe6Al4Ni alloy (Figure
4.20(a)) are a result of scattering interferences of the occurring precipitates [57]. Due
to high number densities the distance between the particles is small and therefore,
scattering interferences occur. Table 4-4 provides the calculated characteristics of
the precipitates for all aging states of the three model alloys. The results differ
significantly in case of the magnetic and the non-magnetic assumption, especially in
the volume fraction and the number density. Generally, more particles are
determined in case of magnetic calculations due to the lower scattering contrast
which is generated by magnetic particles. The radius is independent of the chosen
SLDD since the radius is related with the scattering vector according to the peak
maximum of the scattering curve. The radius differences between the two
assumptions can be explained by a marginal shift of the fitting function using different
SLDD s.
The composition development of the precipitates, as listed in Table 4-3, shows that
the precipitates contain a remarkable amount of Fe atoms ranging from 34 to 43 at%
after 24 h of aging at 500°C. Previous investigations performed at different aging
temperatures and aging times show a noticeable amount of remaining Fe as well [25,
34] and reveal Ni to Al ratio of nearly 1 [25, 29, 33, 34]. Although the amounts of Al
and Ni atoms in the as-quenched Fe6Al6Ni sample are approximately identical, more
Al is found in the precipitates after aging. The Fe4Al6Ni alloy, the alloy with the
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lowest Al content, shows the highest amount of Fe in the precipitates. Additionally,
this alloy remarks the smallest fraction of precipitated volume. Generally, the Al
content of the alloy seems to primarily affect the volume fraction, which agrees with
[31], and the remaining Fe content of the precipitates.
The R-value development as shown in Figure 4.23 is a qualitative indicator for the
composition development in the precipitates. Comparing the results for the static and
the in-situ experiments as listed in Table 4-5 illustrates that the determined R-values
differ. Due to the rapid increase of the R-value in the range of 5 (300 sec) to 10 min
(600 sec) of aging, small differences of the experimental parameters like the furnace
temperature influence the results significantly. The differences in case of the longer
aged samples are not clear. One possibility could be a difference in the saturation
magnetization at the two measuring conditions (RT, 500°C). The R-value is
influenced by the compositions of matrix and precipitates as described in sections
3.5.6, 3.5.7, 3.5.8. Since the alloys contain two elements which cause magnetic
moments (Fe, Ni) there are two concurring processes in the matrix and in the
precipitates which lead to a change in the magnetic scattering contrast. On the one
hand the increase of Fe content in the matrix and the according decrease of
remaining Fe in the precipitates and on the other hand the decrease of solved Ni in
the matrix and the change of Ni content in the precipitates. Additionally, the
development of all three elements influences the nuclear scattering contrast. As
depicted in Figure 4.23(b) alloy Fe6Al6Ni reaches the plateau after an aging time of
approximately 2000 sec, Fe6Al4Ni (Figure 4.23(a)) after approximately 6000 sec,
whereas the R-value of alloy Fe4Al6Ni (Figure 4.23(c)) reaches the plateau after
approximately 20000 sec of aging. This order of reaching a nearly constant
composition agrees with the results given by the atom probe experiments (Table
4-3). Since the change of Fe content with aging time in the matrix and in the
precipitates is similar for the three alloys, the development of the Ni, Al contents
explains the R-value characteristics. The ratio of the Al to the Ni content in the
precipitates after aging for 10 min is 1.19 for alloy Fe6Al6Ni, 0.70 for Fe4Al6Ni and
1.68 for Fe6Al4Ni. As mentioned above the composition of the precipitates
approaches an Al to Ni ratio of 1 during aging. Therefore, it is assumed that the
higher the deviation of the Al to Ni ratio of the precipitates composition, the longer is
the time to reach the R-value plateau. Alloy Fe6Al6Ni reaches the plateau at shortest
aging time, agreeing with the lowest deviation of the Al to Ni ratio from value 1.
Although alloy Fe6Al4Ni shows the higher deviation than the Fe4Al6Ni alloy and the
diffusivity of Al and Ni in -Fe is nearly the same, Fe6Al4Ni reaches the R-value
plateau at a shorter aging time. Table 4-3 illustrates that the content of remaining Ni
in the Fe6Al4Ni matrix is higher than the content of remaining Al in the Fe4Al6Ni
matrix. In case of Fe6Al4Ni the matrix offers more required solute atoms, therefore,
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the diffusion paths to the precipitates are shorter and the aspired composition is
achieved earlier.

5.1 Linkage of 3DAP and SANS

SANS curves are evaluated by numerical approaches and by the utilization of
additional analytical methods. In the present work, 3DAP data have been used to
support the SANS evaluations. Figure 5.1 represents the linkage of the different
examination methods with respect to the input parameters and the results. 

Figure 5.1: Flow chart of the connections of the determined 3DAP data and SANS data. 

3DAP data were evaluated via a cluster search algorithm as described in chapter
3.6.3. Information on the compositions, the mean particle radius r, the precipitated
volume fraction f and the number density n is the result. The obtained compositions
of the precipitates as well as of the matrix are used to calculate the magnetic and
nuclear scattering contrasts for the assumption of magnetic as well as of non-
magnetic particles (see chapters 3.5.6 and 3.5.7). Hence, the theoretical R-values

Atom probe: Cluster 
search

Input: dmax, Nmin, L, E

Output: Compositions,
             r, f, n

Theoretical Evaluation

Input: Compositions

Magnetic moments

 Evaluating nuclear and
 magnetic scattering curves

Input: SLDD

Output: r, f, n
             R-valueR-value

SLDD

Compositions r, f, n

Output: SLDD,
             R-Value



69

can be calculated and the magnetic scattering length density difference is used to
quantitatively evaluate the magnetic SANS curves with respect to the radius, volume
fraction and number density. The determined R-values can be compared with the R-
values obtained by evaluating the magnetic and nuclear integral intensities of the
measured SANS curves. This procedure allows for a critical assessment regarding
the assumptions of the magnetic properties of the particles. In the following, the
information on the mean radius, volume fraction and number density of the
precipitates is critically compared with that obtained by the atom probe investigations.

5.2 Particle development investigated by 3DAP and SANS

Figure 5.2 presents the results obtained by 3DAP as well as by SANS for all three
model alloys. The data of the evaluated SANS experiments assume the particles to
be non-magnetic. It has been came to this decision since the obtained 3DAP (Table
4-3) and SANS (Table 4-4) data satisfactorily agree among each other, especially
considering the precipitated volume, in case of the non-magnetic assumption. The
results of the particle development according to the Fe6Al4Ni alloy are shown in
Figure 5.2(a). Regarding the obtained radii of the precipitates provides a satisfactory
correlation between the SANS data and the atom probe data, both techniques
indicate a continuous increase. The development of the volume fraction shows a
good agreement of the in-situ and the static SANS experiments but a discrepancy to
the 3DAP data exists. The 3DAP offers a continuous increase of the volume fraction
with running aging showing a lower value for the state aged for 3 h (10800 sec) and a 
higher value for the state aged for 24 h (86400 sec) as determined by SANS. The
SANS data show an increase of the volume fraction up to 3 h of aging followed by a
nearly constant volume fraction from the state aged for 3 h to that aged for 24 h. The
number density obtained by SANS shows a decrease which opens out into a plateau. 
The 24 h aged static SANS sample lies on the elongation of the in-situ data and also
the atom probe measurement agrees satisfactorily in case of the state aged for 24 h.
Alloys Fe6Al6Ni (Figure 5.2(b)) and Fe4Al6Ni (Figure 5.2(c)) show similar radius
characteristics indicating a continuous increase with ongoing aging. For both alloys
the mean radius of the particles in the 24 h aged sample obtained by SANS is
significantly higher than that obtained by 3DAP. The development of the number
density of Fe4Al6Ni shows the same tendency as mentioned before for the Fe6Al4Ni
alloy and the SANS and atom probe data agree among each other. In case of the
Fe6Al6Ni alloy the number density obtained by the 3DAP is constant from the state
aged for 3 h to that for 24 h whereas the SANS data provide a continuous decrease
of the number density in this stage.
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The developing volume fraction of the Fe4Al6Ni alloy indicates a continuously slow
increase. The precipitated volume of the Fe6Al6Ni alloy shows higher values after
approximately 5000 sec of aging followed by a small decrease until the volume
fraction keeps constant.
In sum the 3DAP data and the SANS data agree among each other qualitatively in
case of the radius and number density development as seen in Figure 5.2. The high
values in number density at the beginning of aging (3600 sec) are not realized by the
atom probe investigations due to the fact that this increase occurs somewhere
between 10 min and 3 h of aging. After 10 min of aging the number density has not
already achieved the maximum and after 3 h of aging the number density measured
by the atom probe probably belongs to the region of number density decrease. The
tendency of the volume fraction differs when the 3DAP data offer a much stronger
continuous increase with aging time than the SANS data. For Fe4Al6Ni and Fe6Al6Ni 
the 3DAP data provide higher volume fractions as well. Although the data according
to the radius, number density and volume fraction obtained by SANS show
discrepancies to those obtained by 3DAP, tendencies of particle development are
obvious. Figure 5.3 schematically illustrates the development of the number density
with ongoing aging which consists of three characteristic regions. 

Figure 5.3: Schematic development of the number density with ongoing aging.

The solid line shows the behaviour of Fe6Al4Ni, Fe4Al6Ni and the dashed line
describes the characteristic of the Fe6Al6Ni alloy. Similarities to Staron [8] are
present who described the precipitation behaviour of a Ni-Al alloy by applying a
cluster dynamic model. This model considers the variation of the matrix super-
saturation and of the critical nucleation radius. Region I shows a rapid increase of
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clusters after a short time of aging which occurs due to the high super-saturation of
the matrix at the beginning of the precipitation reaction. The high super-saturation
leads to an extremely low nucleation barrier correlating with a small critical radius and 
therefore, the number density rises within a short time. This formation of a large
number of small sized particles causes a decrease of the super-saturation of the
matrix and the critical radius increases. When the critical radius achieves a value
which is situated within the present particle distribution the clusters below the critical
size are dissolved, hence, the number density decreases. The dissolution of the
clusters causes a flow of Ni and Al atoms to the matrix which slows down the
increase of the critical radius. The combination of creation, dissolution and growth of
the clusters leads to the characteristics mentioned above and leads to a constant
number density in the case of Fe6Al4Ni and Fe4Al6Ni after approximately 30000 sec.
This can be seen in Figure 5.2(a, c) and is schematically illustrated in region II in
Figure 5.3. Because the described processes occur simultaneously the according
volume fraction shows slight fluctuations as well. According to the hardness
measurements (Figure 4.1) coarsening is expected after an aging time of
approximately 100 h (360000 sec) in case of Fe6Al4Ni and 24 h in case of Fe4Al6Ni.
Since the theory predicts a constant volume fraction during the coarsening process
the number density is expected to decrease at this stage. This is schematically
depicted in region III in Figure 5.3. In case of Fe6Al6Ni the combination of creation,
dissolution and growth leads to a permanent slowly decrease in number density
(Figure 5.3).
The data obtained by SANS offer higher values for the radius than that obtained by
3DAP especially in the case of the 24 h aged state. Regarding the composition
profiles of the precipitates depicted in Figure 4.19 shows that the interface between
the matrix and the precipitate is not sharp. At a normalized particle distance of
approximately 1.7 the overall matrix composition is existent which means that the
range between value 1 and 1.7 can be seen as part of the interface. The precipitates
extent provided by the 3DAP evaluation is restricted to the normalized particle
distance of 1. The radii obtained by the SANS data are generated by evaluating the
magnetic scattering curves. Since the interface provides a magnetic scattering
contrast with respect to the matrix as well the particles seem to be larger.
Quantitative interpretation of the number density and volume fraction obtained by the
SANS data is difficult since the magnetic moments of the particles are not known.
According to the R-value investigations and considering Table 4-5 the precipitates
are expected to be magnetic which is assumed to be caused by the remarkable
content of remaining Fe in the precipitates. This causes a shift of the presented data
for the volume fraction and number density in Figure 5.2 to higher values, hence,
they approach the data obtained by the 3DAP.
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5.3 Precipitation kinetics

The DSC measurements and the continuous in-situ SANS experiments provide the
onset temperatures of the NiAl precipitation reaction. The nuclear and the magnetic
integral intensities Qnuc and Qmag show different characteristics during heating as
depicted in Figure 4.24. The linear increase of Qnuc from the beginning of the
experiment up to the transformation reaction is caused by the temperature
dependence of the nuclear scattering contrast. Qmag keeps obviously constant until
the precipitation reaction starts due to the fact that no magnetic inhomogeneities
disturb the saturation-magnetized matrix. The onset temperature obtained by SANS
(Figure 4.25), which is at approximately 520 °C, shows only a weak dependence on
the heating rate. In contrast the DSC measurements provide onsets in the range of
530°C (6 K/min) to 568°C (23 K/min) as illustrated in Figure 4.5. The onset difference 
between the curves according to heating rates of 15 and 23 K/min is approximately
5°C in case of the DSC measurements (Figure 4.5). An accurate determination of the 
onset in Figure 4.25 is difficult since each data point is generated by a 34 sec taking
measurement and, therefore, statistic is insufficient.
Figure 4.4 shows that the DSC peaks according to the NiAl precipitation reaction are
satisfactorily fitted by equation 3-22. Since the function according to Borrego et al.
[54] is based on the JMA model, the transformation of NiAl precipitates in a ferritic
matrix is well described by this theory. The obtained effective activation energy of
258 kJ/mol leads to the conclusion that the investigated transformation reaction is
diffusion controlled since the diffusion activation energies for Ni and Al in -iron are
245 kJ/mol [58] and 242.5 kJ/mol [59], respectively. Erlach et al. [36] provide 59.9
kJ/mol and Taillard et al. [26] approximately 80 kJ/mol for the apparent activation
energy of the NiAl precipitation reaction, which is not in agreement with the apparent
activation energy of 230 kJ/mol obtained in this work. In literature the transformed
volume fraction data which have been achieved by the correlation either with
dilatometric [26] or with hardness [28, 36] measurements have been the input to
calculate kinetic parameters with respect to the Avrami law. The time exponent n = 1
offered by Taillard et al. [26] is smaller than that obtained in the present work (n =
1.68). According to Christian [5] time exponent n = 1.5 stands for zero nucleation rate 
and 1.5 < n < 2.5 stands for decreasing nucleation rate during particle growth.
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5.4 Résumé

Materials
The three model alloys Fe6Al4Ni, Fe6Al6Ni and Fe4Al6Ni have been investigated
with respect to the precipitation characteristics after aging at 500°C. A remarkable
amount of Fe is still in the precipitates even after aging for 24 h. The initial
composition of the precipitates is correlated with the composition of the alloy. More Al 
or Ni in the alloy leads to higher amounts of Al or Ni in the precipitates, respectively.
The Al to Ni ratio in the precipitates at early aging states is nearly the same than that
in the initial alloy. During aging the Al to Ni ratio approaches a ratio of 1 and
simultaneously the Fe content slowly decreases. Alloy Fe4Al6Ni, the alloy with the
lowest Al content, shows the smallest precipitated volume but the largest particles
after aging for 24 h. Regarding the analysis of the measured R-value of all three
alloys reveals that the occurring precipitates have a magnetic moment.

Techniques
The combination of the complementary characterization methods SANS and 3DAP
provides satisfactory results concerning the investigation of the NiAl precipitation
process in the present work. The great advantage of the indirect method SANS is the 
rather large volume which is observed, providing satisfactory statistics. Particles with
radii of 0.7 nm have been detected. Fitting of the scattering curves becomes difficult
for smaller particles. The cluster algorithm applied to the 3DAP data restricts the
detectable size of particles in the sub-nm range as well. The in-situ SANS
experiments require a compromise between time resolution and statistics. For
sufficient statistics the sample has to be exposed to the beam for adequate times,
which restricts the frequency of measurements. An improvement in time resolution for 
further investigations can be a beam line with a higher flux compared to the beam
line used in the present work. With the gained information on the composition of the
precipitates from 3DAP data the SANS peaks can be identified. Knowledge of the
compositions is also necessary to quantitatively evaluate the SANS curves.
Combining the information on the compositions obtained by 3DAP and magnetic and
nuclear scattering cross sections obtained by SANS allow for an assessment of the
magnetic behaviour of the particles.
Generally, results obtained by SANS and 3DAP satisfactorily agree among each
other. The combination of the two methods offers effective possibilities in order to
investigate the early stages of a precipitation reaction. 
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6 Summary
The aim of the present work was the characterization of the precipitation behaviour of 
Ni and Al containing ferritic alloys of the nominal compositions Fe6Al4Ni, Fe6Al6Ni
and Fe4Al6Ni (in at%). The alloys have been produced by balancing and melting the
pure metals in a furnace under argon atmosphere. Solution annealing has been
carried out at 1200°C for 5 h with subsequent water quenching, providing a super-
saturated solid solution. Isothermal aging at a temperature of 500°C has been
performed in order to enforce the precipitation reaction of B2 structured NiAl.
Measuring the hardness after subsequent aging for different times offers three
characteristic regions. A range of no or low increase in hardness, a second range of
a continuous increase and a third range of a short plateau followed by a decrease in
hardness. Alloys Fe6Al4Ni and Fe4Al6Ni show nearly equal hardness whereas the
hardness of the Fe6Al6Ni alloy is generally higher. The different grain sizes of the
alloys make the interpretation of hardness difficult. Alloys Fe6Al6Ni and Fe4Al6Ni
reach the peak hardness at approximately 24 h of aging whereas alloy Fe6Al4Ni has
not reached the maximum after aging for 96 h. Analogous to these measurements
selected samples have been chosen to be investigated by atom probe (3DAP) and
small angle neutron scattering (SANS) to obtain information on the composition of
the precipitates as well as on the size, number density and volume fraction. In-situ
SANS experiments have been conducted as well. Therefore, measurements have
been conducted during isothermal aging at 500°C. Additionally, in order to obtain
information on the precipitation kinetics DSC measurements have been performed on 
the alloy Fe6Al4Ni.
The precipitates have been found to be homogenously distributed in the matrix. The
spherical shape is kept up to aging times of at least 24 hours. Alloys Fe6Al4Ni and
Fe4Al6Ni show only a very small precipitated volume after aging for 10 min. In
contrast, alloy Fe6Al6Ni presents a remarkable volume and a number density which
is a magnitude higher than that of the other two alloys. Regarding the 24 h aged
samples shows that the precipitates detected in Fe4Al6Ni are larger than in the other
alloys but the volume fraction and the number density are smaller. The
characteristics of the number density and volume fraction and the development of the 
particle size distribution with aging time lead to the assumption that the mechanisms
of nucleation, dissolution, growth and coarsening occur simultaneously. The classical
nucleation and growth theory is not applicable since the composition of the
precipitates is developing while the particles are growing. The 3DAP investigations
show that the initial composition of the particles depends on the overall composition
of the alloy, i. g. the particles of the Fe6Al4Ni alloy contain more Al than Ni at the
beginning of the precipitation reaction and contrary for the Fe4Al6Ni alloy. With
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subsequent aging the Ni to Al ratio approaches 1 as proposed in literature but is not
reached after 24 h of aging. Even after 24 h of aging a remarkable amount of Fe
atoms is present in the precipitates containing approximately 40 at%. Observing the
R-value indicates that the main composition development occurs in the first 10000
sec of aging. Further aging leads to an extremely slow change in the composition
caused by the decrease of Fe content in the precipitates. The R-value investigations
lead to the conclusion that the investigated precipitates are in fact magnetic, which is
possibly caused by the remarkable containing amount of Fe. The 3DAP
measurements show a concentration gradient of Ni and Al atoms across the particles
containing the highest amounts in the core and decreasing to the edge. This gradient
also ranges into the matrix since the overall matrix composition is present. Hence, in
case of the SANS experiments the magnetic inhomogeneities according to the
precipitates appear to be larger than the particles detected by the 3DAP evaluations.
The thickness of this mentioned interface between particle and matrix is in the range
of the particle radii. The obtained effective activation energy of 258 kJ/mol according
to the NiAl precipitation reaction confirms the transformation to be a diffusion
controlled process since the activation energies of Al and Ni for diffusion in Fe are
in the same range. Additionally, a JMA exponent n = 1.68 has been found which
stands for decreasing nucleation rate during particle growth.
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