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1. Introduction 

 

Nowadays the environmental conservation is of great importance for our society. The 

ambition to protect the environment influences the economic status which should be avoided. 

Thereby, big challenges arise on the different technologies and consequently on the used 

materials. In the automotive industry the demand is to create cars with lower fuel 

consumption. One point to reach this effort is to produce lighter cars, but without degrading 

the safety. Material-saving is also considered in the pipeline industry to reduce the costs. To 

work more economically the pressures in such pipes should be increased without amplify the 

wall thickness and to keep the material and welding costs low. Because of these requirements, 

materials should be designed with higher strengths connected with good technological 

performances, for example weldability and formability. Low carbon and alloyed steels are 

commonly used in such branches since they provide the requested properties and low costs. 

A typical way to improve the strength of steels is to increase the carbon content. These results 

in a decrease in toughness and the technological properties are influenced negatively. In order 

to increase the mechanical properties without influencing the technological characteristics, 

micro-alloying elements like Nb, V and Ti are added in small amounts of lower than 0.1 wt%. 

The effects on the mechanical properties of these elements are indirectly by grain refinement 

and directly by precipitation strengthening. In the following chapters the different mechanism, 

which leads to the properties improvement, are explained. 

The improvement of common steels with micro-alloying elements has been established since 

1930. For the manufactures the effects of the micro-alloying elements were discovered in the 

1950’s. The first elements which were known to improve the properties of steel in small 

amounts were V and Ti. Cone [1] described the properties of a 0.18 wt% carbon steel alloyed 

with 0.08–0.10 wt% V in 1934. In the early years, the strength increase of V alloyed steel was 

mainly adjudged to the formation of carbides and nitrides, and not to the grain refining ability 

which was also known [2,3]. At this time investigations of C-Mn forging steels alloyed with 

0.1 wt% Ti showed grain refining effects [4], but Ti was less widely used. The first patents 

which correlate to the effect of Nb in steel, were issued to Becket and Franks in 1939/1941[5–

8]. They found that the strength of C-Mn steels alloyed with 0.02–1 wt% Nb increases by 

grain refinement. Although V and Ti were firstly established as micro-alloying elements, by 
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the announcement of the production of Nb micro-alloyed steel by the Great Lakes Steel 

Corporation in 1958 the successful story of micro-alloyed steels started. In the 1960’s 

controlled rolling was developed for commercial production to optimize the effects of the 

micro-alloying elements and for economical steel production. One of the main application 

areas for this material was the pipeline market. The new micro-alloyed steel with the material 

appellation X 60 (420 MPa yield strength) replaced the X 52 (360 MPa yield strength). 

Basically, the X designated steels have a low C content and a Mn content of less than 2 wt% 

[9]. With this new steel the material and the welding costs could be reduced due to weight 

reduction. Increased requirements on pipelines and on automotive applications resulted in the 

development of steels with a higher strength. In the 1980’s the X 70 were developed, which 

reached a yield strength of 490 MPa by modifying the processing side [10]. The first micro-

alloyed steels had a ferritic-perlitic microstructure, which was adjusted by air cooling. To 

increase the strength, modifications in the microstructure were required which could be 

achieved by faster cooling rates due to water cooling after hot rolling. This was done by 

interrupted accelerated cooling (IAC) or interrupted direct quenching (IDQ) [9]. By 

optimizing the alloys and the thermo-mechanical control process (TMCP) it was possible to 

design steels with revised mechanical properties. Modern micro-alloyed steels, which are used 

in pipeline applications and in the automotive industry, reach strength of 690 MPa (X 100). 

Such steels are produced by controlled thermo-mechanical treatments where a bainitic 

structure is adjusted. Figure 1 shows the evolution of pipeline steels [11], from ferrite-perlite 

steels in the early years to thermo-mechanical produced bainite steels with improved 

properties. 

 

Figure 1: Development of plate steel for pipeline applications: microstructure and mechanical properties (API – 

American Petroleum Institute; MACOS – accelerated cooling with Mannesmann Cooling System; TM – thermo 

mechanical) [11]. 
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The historical evolution of micro-alloyed steels shows that they have been investigated for 

more than 80 years. But the increasing requirements on steels in pipeline and automotive 

industries demand a deeper understanding of the microstructural evolution during thermo-

mechanical processes. Also to predict the microstructure and the properties of such steels, by 

means of thermodynamic and thermo-kinetic calculations, it is important to understand the 

microstructural influences and changes. New characterization methods have been developed, 

which can help to answer open questions and support the simulation. Thus, the aim of the 

present doctoral thesis is to improve the understanding of the precipitation behavior of micro-

alloying elements in C steels. These precipitates have a size of a few nm and therefore the 

main characterization techniques were transmission electron microscopy (TEM) and atom 

probe tomography (APT). Details of TEM and APT can be found elsewhere [12–14]. 

In the following chapters the influence of micro-alloying elements on the microstructure of 

thermo-mechanical produced steels should be explained and for which type of steels it is 

meaningful to use these elements. Chapter 2 deals with the different types of micro-alloyed 

steels. Chapter 3 is divided into five subchapters. In section 3.1 the effects of a thermo-

mechanical process on the microstructure is explained. Section 3.2 describes the solubility of 

micro-alloyed carbides and nitrides which is important because thereby the thermodynamic 

background for the formation of micro-alloy carbides and nitrides could be interpreted. This is 

a main part of the papers P1, P2, P3 and P4. Section 3.3 and P 1 and P 2 contain the effect of 

micro-alloying elements in austenite. An important part for the mechanical properties 

adjustment is the formation of ferrite, which is described in section 3.4 and also P3 deals with 

the precipitate formation during the austenite-ferrite transformation. The last section as well 

as P2 and P4 deal with the effects of micro-alloying elements in ferrite. The main focus of the 

papers is on the precipitation behavior of the micro-alloying elements. In the final chapter 4 a 

summary and a contribution to the field are given. 
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2. Types of micro-alloyed steels 

Micro-alloying elements can be added in many steel applications. The used type of micro-

alloying elements depends mainly on the used heat treatment and consequently on the final 

microstructure of the steel. The main effect of Ti is to influence the grain size by TiN 

precipitation in the melt or in the austenite region. Thereby, the grain size can already be 

controlled during the solidification [15–17]. At further heat treatments TiN precipitates hardly 

dissolve and an effect which corresponds to the re-precipitation of Ti precipitates is not 

distinct. Nb is known as the most effective micro-alloying element. It retards the austenite 

grain growth and the recrystallization in two ways, on one hand in solid solution by the solute 

drag effect [18,19] and on the other hand due to Nb precipitates [20–23]. A strengthening 

effect by precipitation is less distinct. In contrast, by alloying V the precipitation 

strengthening is more effective [24–27]. The ability of recrystallization and grain growth 

retardation is lower for V than for Nb alloyed steels [28,29]. This is caused by the lower 

precipitation behavior of V in austenite [30,31] and also the solute drag effect is less distinct 

[29]. From these different behaviors it can be seen that it is possible to design the properties 

of micro-alloyed steels in different ways. In the following section a short overview of the 

steels in which micro-alloying elements are added is given. 

 Conventional micro-alloyed high strength low alloyed (HSLA) steels: 

This kind of steels is alloyed with maximum 0.2 wt% C to avoid a negative influence 

on the weldability and formability. The microstructure mainly consists of a fine 

ferritic-perlitic structure to gain good mechanical properties. This structure is achieved 

by controlling the austenite grain growth and the recrystallization by precipitates. 

Small austenite grains lead to a fine ferritic-perlitic microstructure because of more 

nucleation sites for ferrite. The formation and properties of ferrite and perlite can be 

found elsewhere [32–34]. Further increases of the strength are possible by secondary 

hardening in the ferrite phase which is mainly realized by alloying with V [24,26,27]. 

In modern HSLA, which are low and ultra-low carbon steels, the microstructure 

consists of bainite and martensite, which have remarkable properties. By specific 

TMCP yield strength of 850 MPa can be achieved. Details of the bainite formation are 

not explained here and can be found elsewhere [35]. 
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 Quenched and tempered steels: 

As the name implies, the production of quenched and tempered steels consists of two 

processes, hardening and tempering. At the hardening stage a martensitic structure is 

formed. To improve the toughness of the material a tempering process follows the 

hardening. The hardening process usually takes place at 920 to 1050°C and the 

tempering process at 500°C. Detailed explanations of the production stages can be 

found elsewhere [36,37]. Typically heat-treatable steels have a carbon content of 0.2 

to 0.65 wt%. In this type of steel mainly Nb and V are alloyed because during 

hardening the Nb and V precipitates partially or completely can dissolve and this can 

influence tempering [38]. During tempering by accumulation of Nb or V at 

dislocations the recovery of the martensite is retarded, the tempering resistance is 

increased and secondary hardening takes place [38,39]. Due to dislocations, the 

diffusion of the micro-alloying elements is facilitated and the precipitate formation is 

supported. Thereby, an increase of hardness can be achieved compared to similar 

steels without micro-alloying elements [40].  

 

 Acicular ferrite steels: 

The acicular ferrite structure is commonly used for pipeline steels with low carbon 

content. Tanaka [41] reported for an 0.07C - 2.0Mn – 0.6Nb – 0.5 Mo HSLA steel that 

the microstructure with the best mechanical properties consists of mainly acicular 

ferrite, which consists of fine non-equiaxed ferrite grains dispersed with cementite and 

martensite/austenite islands. Acicular ferrite has a similar morphology to low carbon 

bainite. Both have lath-like ferrite grains with a high dislocation density. 
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Figure 2: optical micrographs for the microstructure of a 0.045C – 1.94Mn – 0.30Si steel cooled from 

950°C to room temperature with different cooling rates. a) 50°C/s, b) 10°C/s, c) 1°C/s, d) 0.1°C/s [42]. 

 

Acicular ferrite is produced by a mixture of diffusion and share mode. Growth occurs 

by the displacement of C and the movement of coherent and semi-coherent austenite-

ferrite interfaces [43,44]. This phase is characterized by fine non-equiaxed ferrite, 

which are randomly distributed and have different grain sizes [42–44]. As mentioned 

before, the grains of this ferrite have a quite high dislocation density [44]. The 

transformation of this kind of phase happens in a temperature range higher than the 

upper bainite during hot rolling. To form acicular ferrite, the cooling rate has to be 

faster than for the formation of a ferritic-perlitic microstructure [45]. Figure 2 shows 

the influence of the cooling rate on the microstructure [42]. At fast cooling rates of 

50°C/s (a) and 10°C/s (b) the microstructure consists exclusively of acicular ferrite. At 

a cooling rate of 1°C/s (c) acicular and polygonal ferrite is visible. In picture 2d the 

material was cooled with 0.1°C/s which leads to a microstructure consisting of 

polygonal ferrite and perlite. The good mechanical properties of acicular ferrite are 

related to the assembling of the microstructure. Due to the random distribution of the 

ferrite grains and their small size, cleavage cracks can be deflected at boundaries [44]. 

 

 Dual phase steels: 

Because of the insufficient cold formability of HSLA steels with a ferritic-perlitic 

structure, which is required for automotive applications, dual phase steels were 

invented. These steels consist of ferritic-bainitic or ferritic-martensitic microstructure. 

The production of this steel type is similar to the production of conventional HSLA 

steels. Also in this case micro-alloying elements are alloyed to control the grain size 
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and to form finally a fine structure. By precipitation hardening of micro-alloying 

elements in the ferrite phase the strength of this phase can be improved. To get a 

ferritic-bainitic/martensitic structure, controlled rolling is required. Two methods are 

used, interrupted accelerated cooling (IAC) [46–48] and interrupted direct quenching 

(IDQ) [49]. 

The alloys which are used in this Doctoral thesis are given in Table 1. Steels with such 

chemical composition are integrated in the type of conventional HSLA steels and mainly used 

for wire applications. The basis material is a 0.2 wt% C steel with 1.4 wt% Mn and 0.3 wt% 

Si. Cr, Ni, Mo, Al and N are added in amounts lower than 0.03 wt%. The difference between 

the steels is the type and the number of micro-alloying elements. One material is alloyed with 

0.05 wt% Nb (Nb-alloy), one with 0.15 wt% V (V-alloy). Another variant contains 0.02 wt% 

Ti, 0.1 wt% V and 0.04 wt% Nb (Nb-V-Ti-alloy). The Nb- and V-alloys were industrial 

produced materials and the Nb-V-Ti-alloy was produced in laboratory scale. All of them were 

provided by the voestalpine Stahl Donawitz GmbH. These compositions were chosen because 

thereby the precipitation behavior of the micro-alloying elements by oneself and in 

combination could be examined. The influence of Nb (Nb-alloy) was investigated in ferrite 

and austenite because in both phases Nb leads to properties improvements [P2]. The 

precipitation behavior of V was investigated in the ferrite phase [P3][P4] because the 

influence of V is less in austenite. The precipitation of the Nb, V and Ti combination was 

investigated in the austenite because in this phase the most important precipitation takes place 

[P1]. 

Table 1: Chemical composition (in wt. %) of the investigated micro-alloyed steels. 

 C Si Mn Cr Ni Mo Al Ti V Nb N 

Nb-alloy 0.2 0.3 1.4 0.03 0.03 0.01 0.03 0.002 0.001 0.05 0.011 

V-alloy 0.2 0.3 1.4 0.03 0.03 0.01 0.03 0.002 0.15 0.0002 0.011 

Nb-V-Ti-alloy 0.2 0.3 1.4 0.03 0.03 0.01 0.03 0.02 0.1 0.04 0.011 
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3. Effects of micro-alloying 

3.1 Basics of thermo mechanical processing 

For the adjustment of the mechanical properties of steels one important part is to know how 

the microstructure could be influenced by the heat treatment. A well-established way to 

optimize the mechanical properties in an economical way is a TMCP [10,44,50,51]. Due to 

controlled rolling and cooling, the microstructure can be designed in any way with the main 

aim to achieve a homogeneous fine-grained microstructure. Depending on the different 

applications, the microstructure can consist of ferrite and perlite, acicular ferrite, bainite, 

martensite or a multi-phase structure [10,43,51–53]. Figure 3 shows schematically how the 

microstructure can be influenced by controlled rolling [54].  

 

Figure 3: Schematic illustration of changes in microstructure during a virtual thermo-mechanical process [54]. 
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The influences on the structural changes are related to deformation in three regions: 

Deformation in recrystallization region, in non-recrystallization region and in the gamma-

alpha region (figure 3). 

1. Deformation in the recrystallization region: In this region the austenite grain coarse 

(figure 3 marked by a). Due to repeated deformation and recrystallization fine 

recrystallized grain is formed (figure 3 marked by b). By this process the austenite is 

refined, but during cooling these grains would transform into relative coarse ferrite, as 

shown in figure 3 marked by b’. 

2. Deformation in the non-recrystallization region: During deformation the fine 

recrystallized grains from the first region are deformed into elongated, non-

recrystallized austenite grains with deformation bands inside (figure 3 marked by c). 

At these deformation bands and at the austenite grain boundaries ferrite nucleates and 

a fine ferrite grain develops (figure 3 marked by c’). 

3. Deformation in the gamma-alpha region: In this region proeutectoid ferrite is formed 

at deformation bands and austenite grain boundaries. By deformation in the 

proeutectoid ferrite a dislocation substructure is created and also in the austenite grains 

the formation of deformation bands continuous (figure 3 marked by d). During cooling 

the non-recrystallized austenite grains changes into equiaxed ferrite and the deformed 

ferrite forms subgrains (figure 3 marked by d’). 

The formation of deformation bands in austenite is one of the main features of TMCP. 

Ferrite can nucleate at deformation bands and austenite grain-boundaries which 

consequently leads to finer ferrite grains [51,55–60]. The microstructure is not only 

influenced by the deformation, also by the rolling reduction. The higher the rolling 

reduction is the finer are the resulting ferrite grains. Bakkaloglu [54] showed in his study, 

on a 0.1C - 1.04 Mn steel micro-alloyed with Nb and V, that with increasing deformation 

the final average ferrite grain size decreases parabolically. It was also reported that with a 

finer ferrite grain the impact toughness, the tensile and yield strength increase and the 

elongation decreases [54]. It should be noted that the determination of the cooling rate 

influence was also a part in this study. The results showed that with faster cooling rates 

the ferrite grains are finer and the phase fraction of martensite increases. Thereby, tensile 

and yield strength increased and impact toughness and elongation decreased. As 

mentioned before there are two cooling processes established to produce multi-phase 

structures with higher strength [9]. On the one hand, the IAC, where the material is 
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accelerated cooled after the last deformation step, to transform the remaining austenite 

into bainite and martensite [46–48]. On the other hand the IDQ, where after the last 

deformation step the material is quenched to temperatures above the martensitic start 

temperature and then by isothermal ageing the remaining austenite transforms into bainite. 

After this transformation the material is quenched to room temperature [49].  

The deformation processes also influences the formation of precipitates, thereby, by 

deformation bands the nucleation of ferrite and precipitates is facilitated. Precipitates 

which are favorable formed by deformation are called strain induced precipitates [61–64]. 

Through the formation of dislocations in the austenite, as well as in the ferrite, nucleation 

sites are created [65]. By dislocation networks also the diffusion of the precipitate forming 

elements is accelerated, because along the dislocation cores the element diffusion is 

facilitated. This kind of diffusion is called pipe diffusion [62,63]. The formation of micro-

alloyed carbides, nitrides or carbonitrides is desired because of precipitation hardening. 

Precipitates which were formed in the austenite do not have a strengthening impact in the 

ferrite due to the loss of the coherent interface. However, when the precipitates in the 

austenite are large enough, they can act as ferrite nucleation sites [66–68].  

Finally, it should be mentioned that the mechanical properties of steel depend not only on 

the chemical composition, also on the production parameters, e.g. deformation in the 

different regions (figure 3), rolling reduction, temperatures, cooling rates etc..  

3.2 Solubility of Micro-alloy carbides and nitrides 

The mechanical properties of micro-alloyed steels are influenced by the grain growth 

inhibition by micro-alloying particles and also by precipitation hardening due to them. To 

exploit these effects for a steel improvement, it is important to understand the dissolution of 

various micro-alloying carbides and nitrides. The dissolution characteristics of micro-alloying 

carbides and nitrides are the thermodynamic background for the re-precipitation of such 

carbides, nitrides and carbonitrides for recrystallization inhibition and precipitation hardening. 

Basically, the lower the solubility of such precipitates is, the higher is the chemical driving 

force for their formation. However, the dissolution of the micro-alloying carbides and nitrides 

was not the focus of this work, but rather the precipitation behavior and to understand the 

precipitate formation it is important to understand which parameters influence the stability of 

micro-alloying particles. 
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The solubility of carbides and nitrides in austenite and ferrite is expressed by the solubility 

product in terms of the micro-alloying element and carbon and/or nitrogen (in wt%). The 

dependency of the solubility product by the temperature is expressed by the following 

Arrhenius relationship, 

         [ ][ ]    
 

 
      3.1 

where ks is the equilibrium constant, [M] is the dissolved micro-alloying element, [X] is the 

dissolved content of nitrogen and/or carbon, A and B are constants for a given system and T is 

the absolute temperature in K. 

For the solubility product of micro-alloy carbides, nitride and carbonitrides in austenite and 

ferrite a lot of equations exist [24,30,69–72]. This is caused by the big influence of the micro-

alloying amount and also the amounts of N and C. Furthermore, the developed equations 

apply different alloying systems, where the other elements also influence the solubility 

product of micro-alloying precipitates. It should also be mentioned that the determination of 

the solubility product is even more difficult when more than one micro-alloying element is 

present and when the ratio of carbon and nitrogen changes during dissolving. Although, there 

are differences in the solubility product equations it is possible to estimate the solubility of the 

carbides and nitrides. Figure 4 shows a solubility diagram for a fictitious micro-alloyed steel 

[30]. With such diagrams it is possible to determine the solution temperature of micro-alloy 

precipitates, when the content of M, C and N of the alloy are known. By means of this 

information it is possible to generate the boundary between the austenite single and the 

austenite plus MX phase field. The boundary between these fields corresponds to a constant 

temperature and consequently to the corresponding constant ks. The inserting of the [M] and 

[X] values in equation 3.1 leads to the solubility boundary. That means at any alloy lying left 

or below the boundary at a given temperature there is only the austenite phase present. For 

any alloy lying above or to the right of the boundary austenite and MX is present. The 

solubility diagrams for different micro-alloyed steels look similar. The trend that higher 

micro-alloying amounts and higher C and N amounts lead to more thermally stable 

precipitates is given for every micro-alloying element. 
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Figure 4: Solubility diagram showing the single phase field of austenite and the double phase field of austenite + 

MX. The boundary between the fields is given by the equation 3.1 which depends on the temperature and the 

solubility product [30].  

 

The solubility products do not depend only on the amount of the micro-alloying element and 

the C and N contents in the alloy, the more important is the type of the micro-alloying 

element. Figure 5 shows a comparison of the solubility products of different micro-alloying 

nitrides and carbides in ferrite and austenite [30]. The table reveals that the lower the ks value 

is the more stable is the precipitate type. For every micro-alloying element the nitrides are 

more stable than the carbides in austenite and ferrite. A large difference is observed between 

Ti nitrides and carbides and between V nitrides and carbides. In the austenite phase the 

solubility of niobium nitrides and carbides differ less significantly than in ferrite. Another 

point is that the solubility levels of micro-alloying carbides and nitrides in austenite differs 

not that strongly. Excluded TiN, which is less soluble, and VC, which is more soluble than the 

other nitrides and carbides. From figure 5 it is also visible that the carbides and nitrides in 

ferrite are less soluble than in austenite. 
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Figure 5: Comparison of the solubility products of the different micro-alloying nitrides and carbides in ferrite 

and austenite [30]. 

 

For complex precipitates, which consist of more than one micro-alloying element, and also for 

carbonitrides solubility data are rare in literature. The reason for that is the partial dissolution 

of complex micro-alloying precipitates and the solubility product depends strongly on the 

composition of the precipitates. Speer et al. [31] reported that the solubility of NbV 

carbonitrides depends strongly on the Nb, V, N and C contents. The higher the Nb content is 

the more stable are the NbV precipitates. That is also valid for the solubility behavior of 

carbonitrides, i.e. the higher the N content of the carbonitrides the more stable the 

precipitates. [30,31,62,73–76]. Due to the high thermal stability of TiN, it does not dissolve 

during austenitisation [30]. Thereby, TiN precipitates act as nucleation sides for Nb and V, 

and complex precipitates are formed where the complete dissolution of the precipitate 

depends on the part which shows a higher thermal stability [77,78]. Steels alloyed with Nb 

and Ti form complex TiNb precipitates which dissolve partially. That means that Nb dissolves 

and TiN remains. The amount of dissolved Nb depends on the solution annealing temperature, 

with increasing temperature the amount of Nb in the complex TiNb carbonitrides decreases 

[77,79,80]. However, not only the Nb amount of the precipitates is decreased with higher 

annealing temperatures, also the C content of the carbonitrides decreases and they become N 

richer [81,82]. In steels alloyed with Ti and V complex TiV carbonitrides are formed. Pandit 

et al. [78] showed that the solution behavior is similar to TiNb precipitates. During solution 
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annealing the amount of V and also of C decreases and a Ti and N rich precipitate remains 

[83]. There are also applications in which V, Nb and Ti are added. In this case complex (V, 

Nb, Ti) (C, N) precipitates are formed [15,71,84,85][P1]. During dissolution of this triplex 

precipitates the TiN part remains and depending on the solution annealing temperature the 

precipitates consists partially of Nb and V. However, the dissolution behavior is similar to 

TiNb or TiV carbonitrides, the higher the annealing temperature is the lower is the amount of 

Nb, V an C of the precipitate [15]. 

3.3 Micro-alloying effects in austenite 

As mentioned in the previous sections, to design a microstructure which achieves good 

mechanical properties, it is important to know how the material acts at different heat 

treatments and deforming processes. In the following chapter the influence of the micro-

alloying elements on the austenite grain growth, the recrystallization and their precipitation 

behavior in austenite should be explained. 

To produce a homogeneous, fine microstructure, the first process is a solution annealing heat 

treatment. It is well known that during solution annealing in the austenite region the grain 

coarsens. To realize a final fine-grained microstructure, a first step is to control the austenite 

grain size and keep it as small as possible. By adding micro-alloying elements the existence of 

fine austenite grains can be facilitated. Micro-alloying elements influence the grain growth in 

two different ways. On the one hand randomly distributed precipitates constrain the 

movement of the grain boundaries by pinning the grain boundary on particles. This effect is in 

literature known as the zener drag effect [30,86,87]. The pinning force of the particles 

depends on their size and the surface energy of the grain boundary [30,87]. For the inhibition 

of grain growth the amount, distribution and shape of the precipitates are important [87]. 

Generally, the more and regular distributed the particles are the larger is the inhibition of the 

grain growth [87]. It is also possible that the grain growth is inhibited by dissolved micro-

alloying elements by enrichments at the migration boundary. Depending on the element and 

the amount of the enrichment the mobility of the boundary is retarded. This behavior is 

known as the solute drag effect [18,19]. Further, the occupation leads to the formation of 

grain boundary precipitates, which inhibit the grain growth more effective than randomly 

distributed precipitates [30,88,89]. For the grain growth inhibition by grain boundary 

precipitates it is necessary to cool the material down to temperatures were the micro-alloying 

elements can precipitate. Investigations of this effect showed that Nb is most effective [90]. 

As described in the section about the solubility of micro-alloying carbide and nitrides the 
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particle dissolving temperature depends on the micro-alloying type and the amount of the 

precipitate forming elements. Due to this fact the different micro-alloying elements have more 

or less influence on the austenite grain size. Generally, the more thermal stable the 

precipitates are the smaller the austenite grains [91–93]. That means that nitrides are more 

effective than carbides and Nb and Ti are more effective than V. By considering the different 

particles in this way TiN is an exception because it is known as the most thermal stable 

particle, however, due to coarsening of TiN a grain growth inhibition is not pronounced [30]. 

It is also possible that during solution annealing abnormal grain growth occurs [94]. This can 

be caused by two effects, on the one hand by segregations of the micro-alloying elements 

[94,95] and on the other hand due to dissolution of different kinds of micro-alloying 

precipitates in steels alloyed with more than one micro-alloying element. Fernandez et al. [91] 

described for a 0.165 wt% C steel micro-alloyed with V, Nb and Ti the start of abnormal grain 

growth by the dissolution of different micro-alloying precipitates. He reported that at 1100°C 

and 1050°C and short times VC dissolves and grain growth starts. Solution annealing at 

1200°C and short times lead to dissolution of TiC and VN and consequently the grain growth 

is accelerated. For a longer heat treatment at 1050°C and 1100°C grain growth starts by the 

dissolution of NbN and VC.  

An important part of the thermo-mechanical process is recrystallization of the material. 

Recrystallization was not investigated in this thesis, but the recrystallization inhibition is one 

of the main effects of the micro-alloying elements and, hence, this behavior is also described. 

Recrystallization happens to reduce stored deformation energy by a rearrangement of the 

deformed microstructure. By adding micro-alloying elements the recrystallization is retarded 

and deformation bands are available for ferrite nucleation. Because of the important influence 

of these elements on the recrystallization this effect was investigated by many researchers 

[19,22,29,89,96–107]. Micro-alloying elements can act in two different ways to inhibit 

recrystallization. They can influence the recrystallization in solid solution by the so-called 

solute drag effect or by forming precipitates in the austenite by the so-called precipitation 

pinning effect [16,54,58,96,100,108]. 
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Figure 6: Recrystallized fraction (Xa) versus time.  =0.35;  ̇=3.63 
s-1

. a) for a V steel; b) for a Nb steel; c) for a 

Ti steel [96]. 

 

The influence of micro-alloying elements is often determined by so-called precipitation-time-

temperature (PTT) diagrams. To explain the effect of the micro-alloying elements on the 

recrystallization figure 6 is depicted. Figure 6 shows PTT diagrams for steels with different 

micro-alloying elements, one time alloyed with 0.11 wt% C and 0.043 wt% V (a), one time 

with 0.11 wt% C and 0.042 wt% Nb (b) and one time with 0.15 wt% C and 0.05 wt% Ti [96]. 

On the y-axis the recrystallized fraction is plotted and on the x-axis the time. For the 

construction of the diagram the material was deformed with a natural strain of  =0.35 and a 

strain rate of  ̇=3.63 
s-1

 at different temperatures. After deformation the grade of 

recrystallization depending on the time was determined. For all three steels it is obvious that a 

higher deformation temperature leads to a faster recrystallization. At lower deformation 

temperatures a plateau is formed. That means that the recrystallization is stopped. This 

inhibition is explained by the formation of strain induced precipitates. The beginning and the 

end of the plateau have been identified as the start and finish of precipitation. Due to the 

formation of precipitates the grain boundaries are pinned and the recrystallization is quasi 

stopped. Comparing the diagrams in figure 6 reveals that Nb is most effective to retard the 

recrystallization. The retardation by Nb particles is already observed at 1000°C. For the V and 

Ti steel recrystallization retardation is observed at 850°C. Medina [96] also gives an 

explanation for this behavior. In the Ti steel nitrides are formed close to the solidification 

temperature. They are not responsible for the retardation because they are too large, but strain 

induced TiC precipitates inhibits the recrystallization. However, TiC are formed in a lower 

temperature range in austenite, hence, Ti do not have a high influence on the recrystallization 

inhibition [30]. In the V and in the Nb steel due to the strain nitrides and carbides are formed 

which inhibits the recrystallization. In the V steel mainly VN and in the Nb steel mainly 

NbC0.7N0.2 are formed. For V the effect on the recrystallization depends on the N content, 

because VN is mainly formed in austenite range and VC is formed in ferrite [30]. As a 
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consequence of this V micro-alloyed steels with hardly N, do not have a large influence on the 

recrystallization behavior [30].  

It is obvious from the section about recrystallization inhibition that the formation of micro-

alloyed carbides and nitrides is an important part to realize a final fine grained microstructure. 

The following section describes the precipitation behavior of micro-alloying elements in 

austenite. The precipitation of V, Nb and Ti in austenite was explained partially in the 

previous part about the recrystallization. Basically, the formation of the micro-alloying 

precipitates correlates with their solubility. That means the lower the solubility of micro-

alloyed carbide or nitride is the higher is the driving force to form such precipitates. A 

requirement for this is the presence of enough precipitate forming elements in solid solution. 

Nb is known as the most effective element to inhibit recrystallization and austenite grain 

growth by forming precipitates. The formation of Nb in austenite is well known and discussed 

in literature [20–22,61,62,74,100,109,110]. Similar to V and Ti, the Nb nitrides have a lower 

solubility than the carbides which means that nitrides are formed earlier than carbides. In 

industrial used steels mainly Nb carbonitrides are formed. The precipitation of micro-alloying 

elements in austenite happens mainly by heterogeneous nucleation at grain boundaries or 

dislocation structures, whereat by deformation processes strain induced precipitates are 

formed. Independent of the formation and the forming element the micro-alloying precipitates 

have a NaCl type f.c.c structure [30,111–113]. The formation of strain induced Nb 

carbonitrides is well described by Dutta and Sellars et al. [57,58,106]. They reported that the 

formation of the Nb(C, N) is facilitated by the deformation induced dislocations, which act as 

nucleation sites. By the dislocations networks also the growth is faster because the diffusion 

of Nb is easier by pipe diffusion along dislocation cores [23,61,62,74,109].  

Table 2: Average radius of gyration, composition of the particles, the C/N ratio and the phase fraction of the 

particles in martensite or bainite in the Nb-alloy after different deformations and dwell times at 700°C 

determined using APT data [P2]. 

φ 
Time 

[min] 
Phase Rg [nm] Nb [at%] C [at%] N [at%] Fe [at%] C/N 

Phase fraction 

[10-4%] 

0.05 5 
martensite 

or bainite 
0.72±0.16 35.49±2.40 2.11±0.28 8.90±0.39 52.19±2.23 0.24 1.5 

 10 
martensite 

or bainite 
0.84±0.43 22.45±0.56 5.34±0.37 5.01±0.19 64.88±0.59 1.07 3.4 

0.2 5 
martensite 

or bainite 
0.57±0.17 32.46±2.05 3.66±0.55 6.95±0.09 55.58±1.59 0.53 1.9 

 10 
martensite 

or bainite 
1.02±0.35 38.22±2.06 5.69±0.73 11.43±0.46 42.43±1.46 0.50 0.64 

0.7 5 
martensite 

or bainite 
0.75±0.35 27.10±0.57 6.54±0.20 6.93±.25 57.50±0.75 0.94 3.4 

 10 
martensite 

or bainite 
0.68±0.25 31.87±0.53 4.25±0.30 4.80±0.22 56.91±0.73 0.89 3.4 
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Investigations which were performed in this doctoral thesis did not show this trend. The 

results of the study about the precipitation behavior of Nb in austenite at 700°C are 

summarized in table 2 [P2]. An increase in the precipitate phase fraction is apparent with 

higher true strains, but an accelerated precipitate growth cannot be observed, because the sizes 

of the precipitates are nearly the same. After a true strain of φ= 0.05 and a dwell time of 5 min 

the precipitates phase fraction is 1.5x10
-4

% and the precipitate size is 0.72±0.16 nm. In 

contrast to that, after a true strain of φ= 0.7 and a dwell time of 5 min the precipitates phase 

fraction increased to 3.4x10
-4

% and the precipitate size is nearly the same with 0.75±0.35 nm. 

The results imply that at a higher true strain the dislocation density increases and thereby the 

number of Nb precipitates, which results in an increase of the precipitate volume fraction 

[P2]. However, the distribution of the strain induced precipitates depends on the assembling 

of the dislocations. Because of the heterogeneous distribution also the precipitates are 

heterogeneously assembled [89][P2]. Furthermore, the result from this study show that with 

longer dwell times the chemistry of the Nb carbonitrides changes from N rich into C rich 

(table 2). This is caused by the consumption of the N in solid solution and consequently C 

accumulates at existing N rich Nb carbonitrides [P2]. Without deformation the nucleation of 

Nb precipitates in austenite occurs heterogeneously at austenite grain boundaries [30,74]. The 

formation of Ti precipitates in austenite depends mainly on the N content. After solution 

annealing TiN is still precipitated because of their thermal stability and consequently no Ti is 

in solid solution to from strain-induced precipitates [114]. These TiN particles are formed in 

the melt and when the steel is solidified the particles mainly exhibit a size where they have no 

influence on the austenite grain size during heat treatment. Therefore, this precipitates do not 

have a significant impact on the grain growth inhibition [16,30,97]. In the case of more Ti 

than N in the alloy TiC particles can be formed. These particles have a higher solubility than 

TiN and dissolve during solid solution [30,114]. This behavior leads to the formation of strain 

induced TiC which retard recrystallization [72,114]. V is known as the most effective micro-

alloying element for precipitation hardening, by forming VN, VC and V(C, N) in ferrite [25–

27,76]. Due to the high solubility of VC only VN can be formed in the austenite phase 

[30,96,115]. The formation of VN in austenite is supported by deformation [96], and by a 

higher N content. The higher the N content is the more stable are the VN precipitates [24]. It 

is obvious that the different micro-alloying elements are added when different requirements 

should be achieved. To accomplish different requirements which are not possible by one 

micro-alloying element, several elements can be alloyed. The combination of the individual 

elements results in the formation of precipitates with a complex chemistry. The formation of 
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them, their chemistry and the assembling depends strongly on the solubility of the individual 

micro-alloying elements. The solution annealing temperature controls the dissolution of the 

complex micro-alloying precipitates and only partial dissolution can happen which leads to 

limited re-precipitation for recrystallization inhibition. However, Hillert and Steffansson [116] 

developed a model for the formation of complex stoichiometric precipitates by considering 

the change of the free energy. In steels alloyed with Nb and V complex NbV carbonitrides are 

formed [31,78,117–119]. Because of the lower solubility of Nb carbonitrides than V 

carbonitrides the first formed precipitates consist of Nb. Nb carbonitrides are formed at 

1200°, at this temperature V is completely soluble in austenite. By the combination of Nb and 

V the activity coefficient of C and N is decreased and thus the solubility of VN increases and 

also the incubation time for VN. At lower temperatures, of about 1000°C, V accumulates at 

existing Nb precipitates, thereby complex NbV carbonitrides are formed [78,118].  

By alloying of Nb and Ti in steel complex NbTi carbonitrides are formed [80,81,120–124]. It 

is assumed that the dissolution temperature of NbTi carbonitrides is comparable to the 

dissolution temperature of TiN [81]. Because of the high dissolution temperature during 

solution annealing NbTi precipitates dissolve only partially. The higher the solution annealing 

temperature is the more Nb is in solid solution because only the Nb part dissolves [77,82]. 

After reheating the undissolved TiN and (Nb, Ti) (C, N) act as nucleation sites for dissolved 

micro-alloying elements. For instance, Nb nucleates at the Ti rich precipitates and forms a 

Nb-rich part. This heterogeneous nucleation is preferred due to the decrease of the barrier 

energy for nucleation. Depending on the formation temperature of the NbTi precipitates the 

Nb and Ti content is different. At lower temperatures in the austenite region the precipitates 

are Nb richer and at higher temperatures Ti richer [77,80–82].  

By alloying Ti and V in steel complex TiV carbonitrides are formed [83,125,126]. Such as the 

precipitation of NbTi carbonitrides, TiN does not dissolve during the solution annealing, only 

V dissolves. Also in this case the TiN particles act as nucleation sides for V, and at lower 

temperatures, close to the Ae3 temperature, V accumulates at TiN. In this way (Ti, V) (C, N) 

precipitates are formed composed of a TiN-rich core and a VC-rich shell [83,126].  

Steel alloyed with Nb, Ti and V forms complex NbTiV carbonitrides [71,84,85][P1]. From 

literature is well known that at higher temperatures, above 900°C, mainly (Ti, Nb) (C, N) are 

formed. The formation of such precipitates is similar to the formation of TiNb precipitates in 

steels only alloyed with Ti and Nb. Below 900°C due to deformation small strain induced 

(Nb, Ti, V) C carbides can be formed [85]. A main part of this doctoral thesis was to 
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investigate the evolution of strain induced complex NbTiV carbonitrides [P1]. In literature 

detail investigations about the chemistry of complex NbTiV carbonitrides are not available, 

especially the C and N behavior. In this work it could be shown that during isothermal aging 

at 900°C Nb and V accumulate at existing TiN precipitates and they form a shell around the 

TiN. Figure 7 shows an APT measurement of this work where the elemental maps for the 

precipitates in martensite are illustrated. The one dimensional concentration profiles of the 

precipitates in this figure depict that deformation leads to the formation of NbVTi 

carbonitrides. The larger precipitate (figure 7b) has a C to N ratio of nearly 1:1 and the 

smaller precipitate (figure 7c) a C to N ratio of nearly 2:3. Which leads to the assumption that 

smaller precipitates are N-richer than coarsen. Ti is slightly increased, but it seems that strain 

induced Ti clusters facilitate the nucleation of Nb and V [P1].  

 

Figure 7: a) Three-dimensional elemental map for precipitates in martensite after a deformation of  =0.7 and a 

dwell time of 5 min at 900°C in the Nb-V-Ti-alloy, showing the C, Ti, Nb and V distribution; b) one 

dimensional concentration profile of Roi3 in a); c) one dimensional concentration profile of Roi 4 in a) [P1]. 

 

3.4 Micro-alloying effect on the austenite-ferrite transformation 

By the formation of different phases, especially ferrite, the mechanical properties are 

specified. Therefore, it is important to know the influences on the austenite-ferrite (γ-α) 

transformation. The formation of small sized ferrite grains depends mainly on the nucleation 
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possibilities. The ferrite nucleation takes place at austenite grain boundaries, dislocation 

structures or adequate sized precipitates [51,55–57,65,68]. However, the growth of ferrite 

depends on the composition of the alloy and if the different elements are precipitated or in 

solid solution. During γ-α transformation the elements can be redistributed because of 

different solubilities in austenite and ferrite. Furthermore, the grain boundary motion can be 

influenced by the dragging of elements in solid solution and by precipitates which constrain 

the γ-α interface movement.  

The γ-α transformation is retarded by pinning of the γ-α interface within the austenite existing 

precipitates. To influence the transformation, these precipitates have to be small-sized (nm 

range) and homogenously distributed. These ability corresponds mainly to Nb and V 

precipitates [24,30,52,59,67,113]. In carbon steels the γ-α transformation is strongly 

influenced by C. Due to the higher solubility of C in austenite than in ferrite, C has to diffuse 

into the austenite phase during the transformation [32,33]. Further elements, which are added 

to improve the properties of low alloyed steels, also have different stabilizing impacts on the 

austenite or ferrite phase. In typical micro-alloyed steels mainly the Si and Mn contents are 

raised. Because Mn has the ability to decrease the red shortness and facilitate the weldability 

and formability and Si act as deoxidant [36]. Other elements are mainly added in small 

amounts and the content depends on the used application. These elements also have an 

influence on the γ-α transformation. Mn depresses the transformation similar as Ni, N and C, 

they are known as austenite stabilizer [36,127,128]. Si accelerates the transformation as well 

as Cr, Al, Ti, Mo and V, they are known as ferrite stabilizer [36,127]. Although, lower 

contents of alloying elements do not have a large impact on the phase stabilization the 

transformation can be reduced by solute drag effect. Thereby, the velocity of the γ-α interface 

is reduced by impurity occupation of the grain boundary [18]. Cahn [18] reported that the 

solute drag effect depends on the grain boundary velocity and the diffusivity of the dragged 

element. The faster the grain boundary is the more effective are elements which diffuse easier. 

In the present thesis the distribution of the alloying elements in ferrite and austenite was 

investigated to determine the influence of the phase composition on the precipitate chemistry. 

Figure 8a depicts an APT elemental map of a γ-α interface showing the V atoms. The upper 

part where the V atoms are less is ferrite and the lower part where more V exists corresponds 

to austenite. By a one dimensional profile, depicted in figure 8b, c and d, the element 

distribution across the γ-α interface is examined, with the result that V, C, Mn, Al, P and Cr 

are enriched at the interface. This fact leads to the assumption that these elements have an 

impact on the γ-α interface velocity. The distribution of the elements reveals that V, Mn and C 
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are redistributed because the amount of these elements is higher in austenite than in ferrite 

[P3]. 

 

Figure 8: a) Three-dimensional elemental map of an interface in the V-alloy, showing the V distribution. For a 

detailed investigation of the interface, by a concentration profile, a box (ROI 1), box size of 20 x 20 x 90 nm
3
, 

marked by an arrow) was positioned. b) one dimensional concentration profile of C, Mn, V, Si and N, c) one 

dimensional concentration profile of V, Al, P and Cr, d) one dimensional concentration profile of Ni, Cu, V and 

Mo. 

 

By the γ-α transformation not only a redistribution of the elements is observed. During the 

transformation precipitation occurs at the γ-α interface. Precipitates which are formed by this 

way are called interphase precipitates. Typical elements which form such precipitates are V, 

Nb and Mo [129–140], but V is known as the most effective because a small V amount in 
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steel is required to form distinctive interphase precipitates [135]. Figure 9 shows a dark field 

TEM image of VC interphase precipitates in ferrite in a 0.3 wt% V steel [139]. By visual 

inspection the periodical sheet arrangement of the VC is visible. It is also visible that the 

distance between the sheets is not constant. That happens because the intersheet space of the 

carbides depends on the velocity of the γ-α transformation and this is affected by the 

continuous cooling rate, the isothermal transformation temperature and the chemical 

composition [141–145]. According to these studies and many more the intersheet space 

depends also on the diffusion of the element that constitutes the interphase precipitates 

[137,138,140]. The formation process for the interphase precipitates is in literature described 

differently. Two main theories exist, on the one hand the so-called ledge mechanism and on 

the other hand the solute depletion model.  

 

Figure 9: dark field TEM image of VC interphase precipitates in grain boundary ferrite in a 0.3 wt% V steel 

[139]. 

 

Davenport and Honeycomb [135] proposed at first the formation of interphase precipitates by 

the ledge mechanism. Figure 10a shows schematically how the ledge mechanism works [135]. 

The model assumes that the nucleation and growth of VC on γ-α interface can happen with 

regular or irregular heights. The precipitation occurs on planar, low energy, semi-coherent, 

immobile interfaces. The interfaces are formed by the passage of high energy ledges, which 

are moving too fast to act as nucleation site [131]. By the lateral mobile ledges austenite 

transforms into ferrite and this results in a macroscopic motion of the planar γ-α interface 

normal to the direction of the ledge migration. The height of the mobile and for the γ-α 

transformation responsible interface is equal to the distance between the precipitation sheets. 

To explain the formation of interphase precipitates at incoherent and often curved γ-α 

interfaces, a new model was proposed by Ricks and Howell [133]. This model is known as the 

quasi ledge mechanism or bowing mechanism and is schematically shown in Figure 10b. In 

this model the γ-α interface is pinned by the interphase precipitates. New ledges are formed 
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by bowing of the interface between widely spaced particles. Subsequent precipitation repins 

the interface and force the ledge to move sideways. In both models V diffuse to the immobile 

interfaces and by reaching sufficient amount of V precipitation occur [131,132,135–138]. By 

considering of this formation model one of the main drawbacks is to produce an explanation 

for the observed variation of the intersheet space with temperature and the steel composition. 

A complete different forming process, which gives a credible explanation to this question, 

was first proposed by Roberts [146]. This model based on the diffusion control of V in solid 

solution and is shown in Figure 10c [147]. He assumed that V carbonitrides were formed 

directly behind a migrating interface and the growth happens by the depletion of V in the 

ferrite. By further studies it could be shown that the precipitation occur directly at the 

interface [148]. A quantitative description of the solute depletion model due to Lagneborge 

and Zajac [149] considers a ferrite grain growth controlled by C diffusion into austenite. The 

formation of the V(C, N) precipitates is controlled by the V diffusion. By V diffusion as well 

as V dragging by the interface the γ-α boundary enriches in V, whereat a region is formed 

with a higher V content and precipitation can happen. This process occurs during the 

migration of the interface. Thereby it is important that the V diffusion is fast enough to follow 

the interface [138,150][P3]. By the solute depletion model also the formation of fibers can be 

explained. Analysis of the fiber formation showed that the velocity of the γ-α interface is 

important. When the interface migration is slow enough fibers are formed. The most effective 

element to slow down the interface is Mn [127,147,148]. 

 

Figure 10: schematic depiction of the nucleation and growth of carbides at the α/γ; a) representing the ledge 

mechanism, at the top the regular ledge heights, at the bottom the irregular ledge heights [135]; b) representing 

the bowing mechanism; c) representing the solute depletion model[147]. 

 

Till this day none of these models are established as the only one to explain the formation of 

interphase precipitates. In the frame of this doctoral thesis the differences between interphase 

precipitates and randomly distributed precipitates in ferrite was examined to improve the 

understanding of the formation process of the interphase precipitates [P3]. In literature the 



  3. Effects of micro-alloying 

  25 

early stages of these precipitates are described as V4C3[135]. Information about the chemistry 

of the interphase precipitates in combination with the area in which they are formed is not 

available. 

 

Figure 11: a) Three dimensional elemental map of the interphase precipitates in ferrite formed at 700°C showing 

the V atoms and isoconcentration surfaces with 1.2 at% V which show the interphase precipitates laterally, b) 

Proximity histogram of C, Mn, V, N and Si, c) three dimensional elemental map of randomly distributed 

precipitates in ferrite formed at 700°C showing the V atoms and isoconcentration surfaces with 1.2 at%, d) 

Proximity histogram of C, Mn, V, N and Si. Both in the V-alloy [P3]. 

 

Figure 11a and b shows V interphase precipitates with the corresponding proximity histogram 

and figure 11c and d illustrates randomly distributed V precipitates with the corresponding 

proximity histogram. It could be shown that the randomly formed precipitates are enriched in 

C and N (figure 11d). In contrast the interphase precipitates showed a higher amount of C and 

Mn (figure 11b). It is assumed that the difference in the chemistry resulted from the site in 
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which they were formed. The randomly formed precipitates occur in ferrite which consisted 

mainly of 0.05 at% C, 0.68 at% Si, 0.03 at% N and 1.51 at% Mn. The interphase precipitates 

were formed at the γ-α interface (figure 8), whereas C, Mn and V are higher than in ferrite 

[P3]. 

3.5 Micro-alloying effects in ferrite 

The formation of interphase precipitates happens mainly in proeutectoide ferrite, which means 

in temperature regions above 700°C [139,151]. At lower temperatures the interphase 

precipitates is commonly found to be incomplete and random precipitation from 

supersaturated ferrite after the γ-α transformation takes over. The precipitates which were 

formed in ferrite have a strengthening effect on the material [30,52,113,152]. Mainly Nb and 

V of the micro-alloying elements form precipitates in the ferrite and V is known as the most 

effective element to form precipitates which improve strengthening. Ti is hardly in solid 

solution to form effective secondary precipitates in ferrite. It is reported that precipitates 

which were formed in austenite do not have a strengthening impact because of the incoherent 

interface to the ferritic matrix [63,153]. In the ferrite formed Nb and V precipitates have a 

NaCl f.c.c structure, such as the precipitates formed in the austenite. These precipitates exhibit 

a Baker-Nutting orientation relationship (001)  // (001) V(C, N) or Nb(C, N), [001]  // [011] V(C, N) 

or Nb(C, N) with ferrite [112]. Figure 12 illustrates Nb precipitates in ferrite characterized and 

identified by TEM [P2]. The Nb(C, N) are illustrated in figure 12a as dark dots in the TEM 

bright field image and as bright appearing dots in the corresponding dark field image (figure 

12b). To create the dark field image, the marked precipitate diffraction reflex (0 ̅0) in figure 

12c was used. From the diffraction pattern the b.c.c structure of the ferrite and the NaCl type 

f.c.c structure of the Nb(C, N) can be seen. Based on figure 12c the Baker-Nutting orientation 

relationship [001]  // [011] Nb(C, N) was identified. Figure 12d shows a representative EDX-

spectrum of the precipitates in ferrite. In the spectrum, Nb is clearly detected, the dominant Fe 

peak stems from the surrounding ferritic matrix. Estimation about the C and N fraction is not 

possible [P2].  
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Figure 12: TEM bright field image of a Nb alloyed 0.2 wt% C steel (a), TEM dark field image (b) of the ferrite 

phase in the material after deformation of φ=0.7 at 700°C and a dwell time of 10min. (c) shows the selected area 

diffraction pattern of the ferrite phase and the Nb precipitates in (a) with the orientation relationship [001]  // 

[011] Nb(C, N), (d) is representative energy dispersive X-ray spectrum from the particles [P2]. 

 

The nucleation of V or Nb precipitates can happen homogenously or heterogeneously. By 

homogenous Nb precipitation monatomic platelets are formed [154]. The carbides, nitrides 

and carbonitrides of the transition metals which are formed homogenously from ferrite are 

predicted to be coherent in their early stages. During growth the precipitate-ferrite interface 

becomes semi-coherent [113]. Heterogeneous nucleation can be facilitated by a deformation 

process to form strain induced precipitates on dislocations in ferrite, like in austenite [65]. As 

already mentioned by a higher dislocation density the diffusion of the precipitate forming 

element is accelerated and consequently the precipitate formation [23,61,74,109]. The 

investigation of the formation of strain induced precipitates in ferrite was an essential topic in 

this doctoral thesis [P2][P4]. By these studies the evolution of V and Nb precipitates were 

evaluated, especially the change of the C- and N-content of the carbonitrides. Figure 13 shows 

the evolution of strain induced V precipitates after a true strain of φ=0.7 at 600°C examined 

by APT [P4]. After short dwell times of 60s (figure 13a) small V clusters are visible and with 

longer dwell times those clusters grow (figure 13b and c). 
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Figure 13: Three dimensional elemental maps of the particles in ferrite after a deformation of φ=0.7 at 600°C for 

different dwell times in the V-alloy, showing the distribution of the V atoms. a) 60 s, b) 300 s, c) 7200 s [P4]. 

 

Table 3: Average radius (spherical particles), composition of the particles, the C/N ratio and the phase fraction of 

the particles in ferrite after a deformation of φ=0.7 and different dwell times and temperatures in the V-alloy 

determined APT data [P4]. 

Temp 

[°C] 

Time 

[s] 
r [nm] V [at%] C [at%] N [at%] Fe [at%] Mn [at%] C/N 

Phasefr.  

[%] 

700 60 0.98±0.29 59.34±8.74 2.10±1.40 4.24±1.43 39.12±14.59 1.76±0.30 0.50 0.0650 

 300 1.34±0.58 37.49±5.67 4.41±0.35 3.37±0.10 52.87±5.37 1.42±0.31 1.31 0.0908 

 7200 3.13±1.76 25.92±6.20 9.44±2.47 2.52±0.52 60.04±9.81 1.52±0.21 3.75 0.1294 

600 60 0.69±0.29 52.00±6.80 1.28±0.17 5.66±1.46 39.40±11.60 1.70±0.40 0.23 0.0080 

 300 1.02±0.49 35.97±6.29 2.84±1.43 5.44±0.98 53.22±7.75 1.99±0.52 0.52 0.1192 

 7200 1.24±0.53 43.97±9.31 3.31±0.11 3.38±0.52 47.31±10.02 1.52±0.29 0.98 0.1034 

 

The investigations of the evolution of V strain induced precipitates were done for 600°C and 

700°C. Table 3 reveals the results of this study and exhibits the evolution of size, chemistry 

and precipitate phase fraction [P4]. The APT analysis showed that the early stages of the 

precipitates are N rich and with longer dwell times the C content increases. For 700°C the 

C/N ratio changes from 0.50 after 60s dwell time to 3.75 after 7200s dwell time. The reason 

for this behavior is the lower solubility of nitrides in ferrite than of carbides. Hence, the 

formation of nitrides is benefited, but due to low availability of N in the material for the 

further growth, C accumulated at already existing N rich V precipitates. At 600°C the 

evolution is similar but not as fast, which is obvious because after a dwell time of 7200s a 

C/N ratio of 0.98 is examined and for 700°C a C/N ratio of 3.75. [P4]. Generally, the results 

revealed that the precipitate evolution at the higher temperature (700°C) is faster than at the 

lower temperature (600°), which means that also the precipitate growth and the increase of the 

precipitate phase fraction is faster. This is especially obvious after short dwell times. After 
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60s the particle size of the V precipitates at 700°C is 0.98 nm and the phase fraction 0.065% 

and at 600°C the particles had a size of 0.69 nm and a phase fraction of 0.008%. The reason 

for this behavior is also the faster diffusion of V at 700°C than at 600°C. Because of the lower 

diffusion of V than C or N, this element is responsible for the precipitation evolution. A 

similar behavior is detected for homogenously nucleated precipitates. By their growth also 

due to limited N the composition of the V carbonitrides changes from N into C rich 

[24,26,155]. Further studies of V precipitates revealed that V carbonitrides in ferrite are N 

richer than carbonitrides with the same size in austenite. This is caused by the lower solubility 

of V precipitates in ferrite than in austenite [155]. N does not only enhance the formation of 

the precipitates. By higher N content the VN and V(C,N) are more disperse and uniform 

distributed than VC and the precipitation coarsening is reduced  [26,113,155].  

Table 4: Average radius of gyration, composition of the particles, the C/N ratio and the phase fraction of the 

particles in ferrite at 700°C in the Nb-alloy after different deformations and dwell times determined using APT 

data [P2]. 

φ 
Time 

[min] 
Phase Rg [nm] Nb [at%] C [at%] N [at%] Fe [at%] C/N 

Phase fraction 

[10-4%] 

0.05 5 ferrite 1.01±0.66 24.6±0.68 7.15±0.17 8.44±0.56 56.56±0.75 0.85 2.6 

 10 ferrite Could not be detected 

0.2 5 ferrite 0.86±0.39 22.13±0.36 3.32±0.13 6.03±0.36 65.70±0.38 0.55 5.6 

 10 ferrite 0.8±0.22 17.18±0.54 8.46±0.27 5.38±.37 67.11±0.64 1.57 4.4 

0.7 5 ferrite 1.02±0.47 15.99±0.57 4.46±0.22 4.81±0.28 72.22±0.76 0.93 7.5 

 10 ferrite 1.99±0.68 10.36±0.21 5.24±0.13 3.71±0.16 78.12±0.30 1.41 10 

 

For the formation of Nb precipitates a similar behavior is known, but fewer studies have been 

carried out because of the lower strengthening impact of Nb precipitates by secondary 

hardening. A summary of the investigations which were done in course of this thesis are 

shown in table 4 [P2]. They revealed that the change of the chemistry is similar to that for V. 

In the early stages the Nb precipitates are N rich and with longer dwell times C enriches. For a 

true strain of φ=0.2 and 0.7 this behavior was examined, in both cases the C/N ratios changes 

from N to C rich (φ=0.2/5min the C/N ratios is 0.55 and after dwell time of 10 min 1.57; 

φ=0.7/5min the C/N ratios is 0.93 and after dwell time of 10min 1.41). The higher N amount 

at the early stages is caused by the lower solubility of NbN and during growth due to the 

limited amount of N, the carbonitrides enriches in C [154]. The investigations further revealed 

that Nb precipitates which are formed at the same time in ferrite (table 4) and in austenite 

(table 2) are larger and have a higher C content in ferrite. It is assumed that this is due to the 

lower solubility of Nb precipitates in ferrite than in austenite and the diffusivity of Nb in 

ferrite is higher than in austenite. By the faster growth of the Nb precipitates in ferrite, the 

available N is earlier consumed and C is used for the growth.  
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Figure 14: TEM bright field image of the ferrite phase for the Nb-alloy deformed at 700°C at a strain rate of 0.1 

s
-1

 with different strains and isothermal holding: a) φ=0.05 / 10min, b) φ=0.7 / 10min [P2]. 

 

Investigations about the influence of the true strain revealed that with higher true strains the 

Nb precipitate volume fraction increases [P2]. In literature such a behavior is also reported, 

but there it is assumed that because of the higher true strain the incubation time is reduced, the 

diffusion is accelerated by pipe diffusion and the precipitates grow faster [23,74,109]. In this 

work [P2] the Nb precipitate phase fraction increase is caused by the increase of the number 

of precipitates and not the accelerated growth. Already by comparing the TEM images in 

figure 14 (figure14a for a true strain of φ=0.05 and a dwell time of 10min, and figure 14b for 

a true strain of φ=0.7 and a dwell time of 10min) it is visible that more particles exist at the 

condition deformed with a higher true strain. This assumption is also supported by the APT 

data in Table 4. After a true strain of φ=0.05 and a dwell time of 5min the precipitate phase 

fraction was 2.6x10
-4

 and after a true strain of φ=0.7 and the same dwell time the precipitate 

phase fraction was 7.5x10
-4

 but the Nb precipitate size was nearly the same with Rg is 1.01 nm 

respectively 1.02 nm. 
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4. Publications and Summary 

 

[P1] Publication A: M. Nöhrer, S. Zamberger, H. Leitner 

Strain-induced precipitation behaviour of a Nb-Ti-V steel in the austenite phase field 

Steel research international, online published 28 February 2013 

TEM and APT were used to investigate the precipitation behavior of a Nb (0.041 wt%), V 

(0.11 wt%) and Ti (0.018 wt%) micro-alloyed steel influenced by a deformation process in 

the austenite region. After solution annealing at 1250°C the entire Nb and V amounts are in 

solid solution. The thermic stable TiN precipitates do not dissolve and Ti is not in solid 

solution. These TiN precipitates act as nucleation sites for Nb and V during the cooling 

process to deformation temperature. By this way precipitates with a TiN rich core and a V-

rich shell are formed. Nb is nearly homogenously distributed over the precipitate. After 

deformation, strain induced precipitates occur, which consist mainly of Nb, V and small 

amounts of Ti. Smaller strain induced precipitates have a higher N than C-content, with 

growth the C-content increases. 

 

[P2] Publication B: M. Nöhrer, W. Mayer, S. Zamberger, E. Kozeschnik, H. Leitner 

Influence of deformation on the precipitation behaviour of Nb(CN) in austenite and ferrite 

Submitted to Metallurgical and Materials Transactions A, April 2013 

The evolution of Nb precipitates in low-alloy steel at 700°C, influenced by different 

deformation strains, is studied by APT and TEM. The results show that, with increasing 

deformation, also the volume fraction of the precipitates increases. The strain-induced 

dislocations act as nucleation sites for Nb precipitates. The chemistry of the Nb carbonitrides 

changes with longer dwell times after the deformation. In the early stages of the precipitates 

they are N rich and the larger the precipitates grow, the higher is their C fraction. The 

precipitation analysis in austenite and ferrite showed that Nb precipitates grown in ferrite are 

larger with a higher C fraction compared to the precipitates growing in the austenite at the 

same condition. The investigations also revealed that the volume fraction of Nb carbonitrides 

grown in ferrite is higher than that in the austenite phase. 
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[P3] Publication C: M. Nöhrer, S. Zamberger, S. Primig, H. Leitner 

Atom probe study of V interphase precipitates and randomly formed V precipitates in ferrite 

Submitted to Micron, April 2013 

APT and TEM were used to analyze the precipitation reaction in V micro-alloyed steel after a 

thermo-mechanical process in the austenite and the ferrite phase. It was observed that only in 

the ferrite phase precipitates were formed, whereupon two different types were detected. 

Thus, the aim was to examine the difference between these two types. The first type was 

randomly formed precipitates from V supersaturated ferrite and the second type V interphase 

precipitates. The arrangement of the particles was different and also the chemical 

composition. The randomly formed precipitates were enriched in C and N, the interphase 

precipitates showed an enrichment of C and Mn. It was assumed because of the different 

nucleation site in which they were formed the chemistry is different. The randomly formed 

precipitates were formed in a ferrite matrix consisting mainly of 0.05 at% C, 0.68 at% Si, 0.03 

at% N, 0.145 at% V and 1.51 at% Mn. The interphase precipitates were formed in a region 

with a higher C, Mn and V content. 

 

[P4] Publication D: M. Nöhrer, W. Mayer, S. Zamberger, E. Kozeschnik, H. Leitner 

Precipitation behavior of strain-induced V precipitates in ferrite at different temperatures in a 

0.2 wt% carbon steel 

Submitted to Steel research international, April 2013 

The evolution of strain induced V precipitates at two different temperatures (600°C and 

700°C) in ferrite was studied via APT and TEM. The experimental results are compared with 

simulation data, which was calculated by means of MatCalc. The study reveals that V 

carbonitrides are formed independently from the formation temperature. The early stages of 

the precipitates have a higher N content than C. With longer dwell times the C to N ratio 

changes from nitrogen rich to carbon rich. At 700°C formation temperature the growth of the 

precipitates and the change from higher N to higher C occurs faster than at 600°C. Due to the 

faster growth the V content in solid solution decreases earlier. The simulated data fitted well 

with the experimental result which leads to the assumption that simulation is a useful tool to 

predict microstructural changes. 
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Summary 

The aim of the present thesis was to gain knowledge about the precipitation behavior and 

evolution of micro-alloying elements in a 0.2 wt% C steel. Micro-alloying elements are used 

in many different applications to improve the mechanical properties without influencing the 

technological properties. Although, the effects of these elements have been known since 1930 

and the influences on the microstructure of steels are well established new application areas 

and manufacturing processes require a deeper understanding of these effects. Also the 

prediction of the microstructure by thermo dynamical simulation is a big challenge where a 

deeper understanding of the microstructural evolution is essential. The combination of APT 

and TEM generate an ideal way to investigate the behavior of micro-alloying elements in steel 

because of their ability to gain information in an nm size range. Due to the affinity of micro-

alloying elements to form nitrides, carbides and carbonitrides APT is adequate to detect the 

behavior of C and N in the precipitates. TEM and EDX measurements give less information 

about the C and N behavior, but by these methods the distribution-, number density-, size of 

precipitates and the type of nucleation can be analyzed. Consequently, the precipitation 

behavior was mainly analyzed by APT and TEM. 

The main investigations were done on steel alloyed one time with V, one time with Nb and 

one time with Nb, V and Ti. At the material alloyed with 3 micro-alloying elements the 

precipitation behavior in austenite was investigated. This work [P1] revealed that after 

deformation strain induced precipitates occurred. They consisted mainly of the micro-alloying 

elements Nb and V and the C/N ratio was 1:1. In this precipitates the Ti content was slightly 

increased whereby it was assumed that Ti is in low amounts in solid solution and small strain 

induced TiN acted as nucleation sites for Nb and V. At undissolved TiN particles during 

isothermal aging in the austenite phase a V, Nb and C shell was detected [P1]. A study [P2] of 

strain induced Nb carbonitrides showed that with longer dwell times after deformation the 

C/N ratio of the particles changed from N to C rich. That happened because of the limited 

amount of N for precipitation. When the entire N was consumed C was used for the growth of 

the Nb(C, N) particles and the C content enriches. The investigations also revealed that Nb(C, 

N) which were formed at the same time in ferrite and austenite were larger and had a higher C 

content in ferrite. This was mainly caused by faster growth due to the lower solubility of Nb 

carbides, nitrides and carbonitrides in ferrite and on the other hand due to the higher 

diffusivity of Nb in ferrite. By means of APT and TEM it was detected that with higher true 
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strain the Nb precipitate phase fraction increases due to a higher number of precipitates and 

not by accelerated particle growth [P2]. In V micro-alloyed steel during the γ-α 

transformation V interphase precipitates were formed. The formation of this precipitates is 

discussed differently in literature. Two main theories exist, the ledge mechanism 

[131,132,135] and the solute depletion model [146,149]. For clarification which process is 

responsible for the interphase precipitation further investigations should be done. However, 

the results in this work [P3] showed that the γ-α interface enriches in V, Mn and C by 

formation of a depletion zone in the ferrite region which supports the solute depletion model. 

Comparison of the interphase precipitates and the randomly distributed precipitates indicated 

that the interphase precipitates were enriched in Mn and V and the randomly distributed 

precipitates were enriched in C and N. It was assumed that the difference resulted from the 

region in which they were formed and the interphase precipitates were formed in a region 

with a much higher Mn, V and C content than the randomly formed precipitates [P3]. In the 

course of this doctoral thesis also the formation of V strain induced precipitates in ferrite was 

investigated and compared with simulation calculations [P4]. The results revealed that the 

early stages of the V precipitates were N rich and with longer dwell times the C content 

increased. This was also observed by Nb precipitates and can be explained by the same way, 

due to the N depletion by precipitation. Furthermore, the investigations showed that the 

precipitate evolution in ferrite at higher temperatures was faster than at lower temperatures 

because of the higher diffusivity of V. The comparison of the experimental and simulation 

results showed that the tendency of the evolution of the precipitate size and chemistry and the 

V depletion in ferrite solid solution for the different temperatures are equal and the current 

simulation models are useful tools to predict the microstructure evolution [P4]. 

Micro-alloying elements are investigated for many years, but deeper understanding is 

necessary to improve the properties of micro alloyed steels. On the scientific site the 

clarification of the precipitation process of interphase precipitates is a big challenge. Also the 

behavior of micro-alloying elements in steels with higher C content requires further 

investigations because of the unusual use of micro-alloying elements in this field till today. 

Nowadays, the challenges for manufactures are the specific adjustment of microstructures to 

achieve the required properties of such steels. Thereby not only the influence of the micro-

alloying elements is important also the control of the microstructure due to cooling. By 

improved knowledge of the influence of the micro-alloying elements on the phase 

transformation also controlled cooling is easier to handle and a more efficient way to produce 

heavy-duty steels is possible.  
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Abstract 

The evolution of Nb precipitates in low-alloy steel at 700°C, influenced by different 

deformation strains, is studied via atom probe tomography (APT) and transmission electron 

microscopy (TEM). The results show that, with increasing accumulated deformation, also the 

volume fraction of the precipitates increases. The deformation-induced dislocations act as 

nucleation sites for the Nb precipitates. The chemistry of the Nb carbonitrides changes with 

longer dwell times after the deformation step. The larger the precipitates grow, the higher is 

their C fraction. The precipitation analysis in austenite and ferrite delivers the observation that 

Nb precipitates grown in ferrite are larger with a higher C fraction compared to the 

precipitates growing in the austenite at the same condition. The investigations also show that 

the volume fraction of Nb carbonitrides grown in ferrite is higher than that in the austenite 

phase. 

Introduction 

Micro-alloyed steels play an important role in the automotive and pipeline industry. A key 

micro-alloying element is Nb. By adding small amounts of less than 0.1 wt%, a significant 

improvement of the mechanical properties can be achieved.
 [1,2]

 At temperatures, where Nb is 

in solid solution, it retards austenite recrystallization and grain growth by the solute drag 



  8. Paper B 

  58 

effect.
 [3–5]

 Nb precipitates, i.e. carbides, nitrides or carbonitrides, also retard recrystallization 

and grain growth.
 [2,5–8]

 However, investigations showed that precipitates are more effective 

than Nb in solid solution
 [5]

 and the most effective retardation is obtained with a fine 

dispersion of Nb precipitates with a diameter of about 20 nm.
 [9]

 

The formation of Nb precipitates in austenite can be facilitated by deformation processes.
 [10–

13]
 While austenite grain boundaries act as nucleation sites without deformation

 [14]
, 

deformation-induced nucleation occurs at dislocation networks, which develop during 

deformation.
 [10–12,15,16]

 Due to the generation of dislocations, the number of nucleation sites 

and, thus, the ultimate number of precipitates increases. The diffusion of Nb is accelerated by 

pipe diffusion along dislocations.
 [10–12]

 Due to deformation, the incubation time for nucleation 

and the growth and coarsening kinetics are influenced. The higher the accumulated strain is, 

the shorter is the incubation time
 [6,13,14]

 and the higher is the coarsening rate.
 [7,12]

 Nb 

precipitates formed in austenite do not have the pronounced strengthening impact compared 

to the particles formed in ferrite, since they become incoherent when austenite transforms into 

ferrite.
 [12,17]

 

Nb also shows a strong influence on ferrite formation. Nb precipitates delay the ferrite 

formation by constraining the migration of the /-interface.
 [18,19]

 On the other hand, the 

formation is supported by coarse Nb precipitates formed in austenite, as they act as ferrite 

nucleation sites.
 [18,20]

 This leads to finer ferrite grains, being the main strengthening effect of 

Nb in low and medium C steels. 

Nb precipitates can also be formed in the ferrite phase. Nb precipitation is even benefited due 

to the lower solubility of Nb, C and N in ferrite compared to austenite.
 [7]

 Like in austenite, 

precipitation in ferrite is supported and accelerated by deformation.
 [7,17]

 The Nb precipitates, 

which nucleate heterogeneously at dislocations, have an f.c.c. structure.
 [21]

 They exhibit an 

orientation relationship to the matrix of Baker Nutting type (001)  // (001) Nb(C, N), [001]  // 

[011] Nb(C, N).
 [22]

 In contrast to austenite, Nb precipitates can also nucleate homogenously in 

ferrite. When Nb precipitates are formed homogenously, Nb atoms are arranged in monatomic 

platelets or in “GP” zones in the early stages.
 [21]

 Maugis et al.
 [23]

 reported that Nb precipitates 

in ferrite are C-rich in the early stages and, with longer annealing time, the N-content of the 

precipitates increases. This compositional development depends on the contents of N and C of 

the alloy, though.  
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Numerous models exist, dealing with the formation of Nb precipitates in austenite as well as 

in ferrite.
 [10,11,15,17,21,23]

 These models capture the effect of deformation on the formation of 

precipitates in different phases. The heterogeneous and homogenous nucleation of precipitates 

is extensively discussed. A lack of information exists in the development of the chemistry of 

such precipitates in austenite as well as in ferrite. The aim of the current work is to investigate 

the effect of strain on the precipitate chemistry during nucleation and growth in austenite and 

in ferrite. The investigations are performed on industrially produced 0.2 wt% C steel alloyed 

with 0.029 wt% Nb. Transmission electron microscopy (TEM) and atom probe tomography 

(APT) are used for the analysis. To aid the interpretation of the Nb precipitation behavior, the 

driving forces for NbN, NbC and NbCN in austenite and ferrite were determined by MatCalc 

calculations.  

Experimental 

Table 1: Chemical composition of the investigated steel. 

 

C Si Mn Nb Cr Ni Al Cu P Mo N 

wt% 0.20 0.27 1.29 0.029 0.031 0.015 0.035 0.015 0.018 0.003 0.004 

at% 0.92 0.53 1.30 0.017 0.033 0.014 0.072 0.013 0.032 0.002 0.016 

 

Table 1 shows the chemical composition of the investigated steel. Figure 1 schematically 

illustrates the thermo-mechanical treatment. The samples were solution annealed at 1250°C 

for 30min. After solution annealing, the samples were cooled down to the deformation 

temperature of 700°C, which is in the austenite ferrite two-phase field. The samples were held 

at 700°C for 7 min, in order to transform austenite partially into ferrite. After this dwell time 

the samples were deformed to different true strains  = 0.7 / 0.2 / 0.05. The strain rate was 

 ̇=0.1 s
-1

. After this, isothermal holding for 5 respectively 10 min at 700°C is performed 

following the deformation process. At the end of the heat treatment, the samples were 

quenched to room temperature within 5 s. The as-quenched condition was used for the 

investigation of the precipitation behavior. 
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Figure 1: Scheme of the thermo-mechanical treatment used for the study of precipitation in micro-alloyed steel. 

 

The thermo-mechanical treatment was carried out on a quenching dilatometer DIL 805 A/D 

from Bähr-Thermoanalyse GmbH. The deformation process was done with silicon nitride 

stamps. The cylindrical samples were 5 mm in diameter and 10 mm in length. For temperature 

control, a type S thermocouple was spot welded onto the surface of the sample. The samples 

for the microstructural characterization were cut parallel to the deformation direction. For 

determination of the microstructure after the heat treatment, light optical microscope 

investigations were carried out with a Polyvar Met. To analyze the development of the 

precipitates during the thermo-mechanical treatment, the material was investigated using 

transmission electron microscopy (TEM) and atom probe tomography (APT). The samples for 

the TEM investigations were prepared by mechanical thinning to a thickness of 0.1 mm and 

then electro-polished in a Tenu-Pol 5 using the electrolyte, Struers trade name, A2. The TEM 

investigations were conducted on a TEM Philips CM12. For the preparation of the APT 

samples, small rods with a cross-section of 0.3 x 0.3 mm
2
 were cut out of the heat-treated 

samples. The tips were prepared by the standard two-stage electro polishing procedure.
 [24]

 

The APT measurements were carried out on a LEAP 3000X HR from Cameca, using voltage 

mode with a pulse fraction of 20% and a pulse repetition of 200 kHz at a sample temperature 

of 60K. Data reconstruction was conducted using the software package IVAS 3.4.3 from 

Cameca. Size and chemistry of the precipitates were determined with the double maximum 

separation method with erosion
 [25]

, implemented in the software package IVAS 3.4.3. The 

evaluation of the searching parameters for the clusters of the different APT measurements 

indicated that the same could be used. The separation-, surrounding- and erosion-distance 
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were chosen with 1 nm. A minimum of 8 atoms was used to define a cluster and to eliminate 

random fluctuations. 

The driving forces for NbC, NbN and NbCN precipitation in austenite and ferrite were 

calculated in the software package MatCalc (Version 5.51, rel. 1.003).
 [26,27]

 The Gibbs 

energies of matrix and precipitate phases used for evaluation of the driving forces are stored 

in a CALPHAD-assessed database.
 [27]

 The diffusion data of substitutional elements in Fe-

alloys are taken from ref 
 [26]

. For the calculations in austenite, a C-content of 0.92 at% and an 

N-content of 0.016 at% were used. In the ferrite phase, the driving force was evaluated using 

a C-content of 0.12 at% and an N-content of 0.016 at%. 

Results 

Microstructure 

After deformation to different true strains and with different dwell times, the microstructure 

consists of different phases, as shown in figure 2. In all conditions, the microstructure of the 

steel contains regions with ferrite, bainite and martensite structure. The amount of the 

individual phases depends on the applied thermo-mechanical treatment procedure. Generally, 

the longer the isothermal heat treatment at 700°C is, the more austenite is transformed into 

ferrite. The so-formed ferrite nucleates at the austenite grain boundaries. Also, by increasing 

the true strain, the formation of ferrite is promoted. The evolution of these phases will not be 

discussed in the present paper, because this work focuses on the precipitation behavior of Nb 

particles in ferrite and austenite. It should be noted that a differentiation of precipitates, which 

were found in either bainite or martensite, can be disregarded because, in both cases, the 

particles were formed in austenite at 700°C.  
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Figure 2: Optical micrograph for the material deformed at 700°C and a strain rate of 0.1 s
-1

 with different strains 

and isothermal sequences: a) φ=0.05 / 5min, b) φ=0.05 / 10min, c) φ=0.2 / 5min, d) φ=0.2 / 10min, e) φ=0.7 / 

5min, f) φ=0.7 / 10min. 

 

Important for the description of the precipitation behavior in austenite and ferrite is the 

chemistry of the matrix phase in which the precipitates grow. In the present work, the 

different phases were distinguished by the C content, based on APT measurements. Table 2 

shows the composition of the different phases after different true strains and dwell times as 

determined by APT. The values were determined by several APT measurements per 

condition. To identify the ferrite phase, a C content of lower than 0.12 at% in the APT 

measurement was used. The C content in ferrite varies from 0.04 to 0.12 at% as can be seen 

from Table 2. Compared to the C content in ferrite, C in the martensite/bainite phase is much 
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higher than 0.12 at%. The martensite/bainite phase exhibit a C content from 0.57 to 1.718 

at%. Due to the small volume of the APT measurements, the chemical composition of the 

phases varies strongly, especially the values of the C content in the martensite and bainite. 

Table 2 suggests that Nb is mainly in solid solution, because its matrix content is close to the 

nominal composition. All other elements, such as Mn, Si and N, show minor partitioning.   

Table 2: Composition of the different phases in the steel after different deformations and dwell times determined 

by APT. 

φ Time [min] Phase Mn [at%] Si [at%] Nb [at%] C [at%] N [at%] 

0.05 5 ferrite 1.22±0.032 0.61 ±0.015 0.020±0.004 0.040±0.008 0.032±0.011 

  
martensite or 

bainite 
1.28±0.023 0.61±0.018 0.029±0.005 0.584±0.152 0.041±0.018 

 10 ferrite Could not be detected 

  
martensite or 

bainite 
1.34±0.033 0.64±0.016 0.044±0.004 0.691±0.100 0.043±0.015 

0.2 5 ferrite 1.29±0.025 0.60±0.013 0.038±0.003 0.085±0.006 0.029±0.007 

  
martensite or 

bainite 
1.46±0.028 0.69±0.013 0.045±0.004 1.718±0.273 0.048±0.018 

 10 ferrite 1.28±0.031 0.59±0.014 0.028±0.002 0.110±0.011 0.052±0.015 

  
martensite or 

bainite 
1.31±0.029 0.63±0.012 0.033±0.003 0.570±0.108 0.035±0.011 

0.7 5 ferrite 1.19±0.021 0.56±0.016 0.027±0.004 0.066±0.007 0.027±0.001 

  
martensite or 

bainite 
1.34±0.033 0.64±0.012 0.035±0.002 0.789±0.141 0.034±0.008 

 10 ferrite 1.30±0.035 0.63±0.015 0.038±0.004 0.120±0.009 0.029±0.010 

  
martensite or 

bainite 
1.39±0.034 0.68±0.016 0.037±0.003 1.305±0.212 0.040±0.016 

 

Precipitates 

The composition, the size, the distribution and the structure of the precipitates were studied by 

TEM and APT. Figure 3 shows, representative for all conditions, how the precipitates were 

characterized and identified by TEM. The images correspond to the material condition after a 

true strain of φ=0.7 at 700°C and a dwell time of 10 min. Figure 3a depicts a TEM bright field 

image of the ferrite phase containing small particles, which appear as dark points. Figure 3b is 

the corresponding dark field image in a lower magnification. To create the dark field image, 

the marked precipitate diffraction reflex (0 ̅0) in figure 3c was used. The bright appearing 

dots, in figure 3b, typify the precipitates. Based on the diffraction pattern, the structure of the 

precipitates and an orientation relationship is observed. The ferrite has a bcc structure and the 

precipitates a NaCl type f.c.c structure, indicating that the precipitates are Nb carbonitrides. 

Figure 3c also describes the orientation relationship between the ferrite phase and the Nb 

precipitates. In this case, the orientation relationship [001]  // [011] Nb(C, N) is found. In 

addition to this particle characterization, EDX-measurements were carried out. Figure 3d 

shows a representative EDX-spectrum of the precipitates in ferrite. In the spectrum, Nb is 
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clearly detected, the dominant Fe peak stems from the surrounding ferritic matrix. Estimation 

about the C and N fraction is not possible.  

 

Figure 3: TEM bright field image (a), TEM dark field image (b) of the ferrite phase in the material after 

deformation of φ=0.7 at 700°C and a dwell time of 10min. (c) shows the selected area diffraction pattern of the 

ferrite phase and the Nb precipitates in (a) with the orientation relationship [001]  // [011] Nb(C, N), (d) is 

representative energy dispersive X-ray spectrum from the particles. 

 

The analysis of the precipitates in martensite or bainite were mainly done by EDX 

measurements in TEM, because of the less significant results obtained by diffraction analysis. 

Summing up the identification of the Nb precipitates in the different conditions leads to the 

assumption that the Nb precipitates in the ferrite showed [001]  // [011] Nb(C, N) orientation 

relationship. The EDX measurements of the Nb precipitates in the other conditions 

correspond to the spectrum in figure 3d. In the different conditions, the Nb precipitates have a 

maximum diameter of 25 nm and an elliptical shape. Nucleation and growth of the 

precipitates is facilitated by deformation, where strain-induced precipitates can form easily at 

dislocations.  
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Figure 4: TEM bright field image for the material deformed at 700°C at a strain rate of 0.1 s
-1

 with different 

strains and isothermal holding: a) φ=0.05 / 5min, b) φ=0.05 / 10min, c) φ=0.2 / 5min, d) φ=0.2 / 10min, e) φ=0.7 

/ 5min, f) φ=0.7 / 10min. 

 

Figure 4 illustrates the ferrite phase at different conditions. The figures show a dislocation 

precipitate network. By visual inspection it is obvious that the dislocation density increases 

with the deformation. Furthermore it is visible that dislocations are not homogenously 

distributed. In the martensite or bainite phase this relationship could not be shown clearly 

because of the formation of dislocations during the quenching process. 

From the APT measurements, the chemistry and the size of the precipitates were determined. 

Figure 5 shows typical APT elemental maps of the Nb atoms in martensite/bainite and ferrite 

after deformation to different true strains and a subsequent dwell time of 5 min. As mentioned 
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before, the distinction between phases was done by the C content in the APT measurement. 

The image in figure 5 reveals that the Nb particles in martensite/bainite (figure 5a-5c) and 

ferrite (figure 5d-5f) are not homogenously distributed.  The detected particles have an 

elliptical shape and, by visual comparison of the particle size in martensite/bainite and ferrite 

with identical deformation (figure a and d, b and e and c and f), it seems that the particles in 

ferrite are larger than in the martensite/bainite. The 3D atom maps also reveal that the 

precipitates are arranged in chains, which leads to the assumption that they nucleated at 

dislocations. 

 

Figure 5: Three dimensional elemental map of the particles in ferrite and martensite or bainite after deformation 

and a dwell time of 5min, showing the distribution of the Nb atoms. a) φ=0.05 / martensite or bainite, b) φ=0.2 / 

martensite or bainite, c) φ=0.7 / martensite or bainite, d) φ=0.05 / ferrite, e) φ=0.2 / ferrite, f) φ=0.7 / ferrite. 

 

The results of the precipitation analysis in the different conditions, using the double maximum 

separation method with erosion, are shown in table 3. The table exhibits the size of the 

particles as radius of gyration (Rg), because of their elliptic shape, the composition of the 

precipitates and the C/N ratio. Despite the difficulty that the distribution of Nb precipitates is 

inhomogeneous, the volume fraction was still determined and is reported in Table 3. The 

values should be treated with caution, therefore. The results were ascertained by several APT 

measurements per condition. Table 3 confirms the visual impression of the different size of 

the precipitates in ferrite and in martensite/bainite.  At the same condition, the Rg of the 
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precipitates in ferrite is larger than that in martensite/bainite. By comparing the C/N ratio of 

each condition, it is apparent that the C fraction of precipitates in ferrite is higher than that of 

the precipitates formed in austenite (martensite/bainite). This tendency is most pronounced at 

dwell times of 10 min. After deformation to a true strain of 0.7 and a dwell time of 10 min, 

the precipitates in ferrite have a C/N ratio of 1.41 and in martensite/bainite of 0.89. Table 3 

also shows that the C fraction increases with longer dwell time, especially within the Nb 

precipitates in ferrite. This tendency is clearly visible for both applied true strains. In the case 

of the true strain 0.2, the C/N ratio increases from 0.55 to 1.57 when the dwell time is 

prolonged from 5 to 10 min. After a true strain of 0.7, the ratio increases from 0.93 at 5 min to 

1.41 at 10 min. The APT results also indicate that, at lower true strains, the content of N is 

higher than that of C. Table 3 reveals that higher true strains lead to higher phase fractions of 

Nb precipitates. For example, after a true strain of 0.05 and a dwell time of 5 min the Nb 

precipitate phase fraction in ferrite is 2.6 x 10
-4

% and in martensite/bainite 1.5 x 10
-4

%. 

Compared with the condition after a true strain of 0.7 and the same dwell time (5 min), the Nb 

precipitate phase fraction in ferrite is more than 3 times higher, with 10 x 10
-4

% and in 

martensite/bainite 2 times higher with 3.4 x 10
-4

%. By comparing the phase fractions of Nb 

precipitates in ferrite and in martensite/bainite at the same condition it is obvious that 

precipitation in ferrite is favored. The Nb precipitate phase fraction is more than 2 times 

higher. The most significant difference is found in the condition after a true strain of 0.2 and a 

dwell time of 10 min, where the Nb precipitate phase fraction in ferrite is 4.4 x 10
-4

% and in 

martensite/bainite 0.64 x 10
-4

%. 

Table 3: Average radius of gyration, composition of the particles, the C/N ratio and the phase fraction of the 

particles in the different phases in the steel after different deformations and dwell times determined using the 

double maximum separation method with erosion from APT data. 

φ 
Time 

[min] 
Phase Rg [nm] Nb [at%] C [at%] N [at%] Fe [at%] C/N 

Phase fraction 

[10-4%] 

0.05 5 ferrite 1.01±0.66 24.6±0.68 7.15±0.17 8.44±0.56 56.56±0.75 0.85 2.6 

  
martensite 

or bainite 
0.72±0.16 35.49±2.40 2.11±0.28 8.90±0.39 52.19±2.23 0.24 1.5 

 10 ferrite Could not be detected 

  
martensite 

or bainite 
0.84±0.43 22.45±0.56 5.34±0.37 5.01±0.19 64.88±0.59 1.07 3.4 

0.2 5 ferrite 0.86±0.39 22.13±0.36 3.32±0.13 6.03±0.36 65.70±0.38 0.55 5.6 

  
martensite 

or bainite 
0.57±0.17 32.46±2.05 3.66±0.55 6.95±0.09 55.58±1.59 0.53 1.9 

 10 ferrite 0.8±0.22 17.18±0.54 8.46±0.27 5.38±.37 67.11±0.64 1.57 4.4 

  
martensite 

or bainite 
1.02±0.35 38.22±2.06 5.69±0.73 11.43±0.46 42.43±1.46 0.50 0.64 

0.7 5 ferrite 1.02±0.47 15.99±0.57 4.46±0.22 4.81±0.28 72.22±0.76 0.93 7.5 

  
martensite 

or bainite 
0.75±0.35 27.10±0.57 6.54±0.20 6.93±.25 57.50±0.75 0.94 3.4 

 10 ferrite 1.99±0.68 10.36±0.21 5.24±0.13 3.71±0.16 78.12±0.30 1.41 10 

  
martensite 

or bainite 
0.68±0.25 31.87±0.53 4.25±0.30 4.80±0.22 56.91±0.73 0.89 3.4 
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Discussion 

In this work, the influence of strain on the formation of Nb precipitates in the two phase field 

was investigated by means of APT and TEM. After the whole thermo-mechanical treatment 

(figure 1), independent from dwell time and true strain, a ferritic, martensitic, bainitic 

structure exists (figure 2). The fraction of the different phase changes with the applied 

thermo-mechanical process. Basically, the longer the isothermal sequence is, the more ferrite 

is formed and, also by deformation, the austenite-ferrite transformation is promoted. Plastic 

deformation forms a substructure, which provides new favorable nucleation sites for ferrite 

and polygonal ferrite can form inside the austenite grains and not only at austenite grain 

boundaries.
 [28–30]

 

The quenching process after the thermo-mechanical treatment at 700°C triggers the 

transformation from austenite into martensite or bainite. The precipitates, which were found 

in martensite or bainite, were formed at 700°C in austenite. In all these different 

microstructures, Nb precipitates were detected (figure 4, 5). The investigations revealed that 

the precipitates were formed in combination at dislocations (figure 4, 5). In literature, it is 

well known that dislocations act as heterogeneous nucleation sites for precipitates.
 [4,15,31]

 The 

preferred nucleation at dislocations implies that, due to the heterogeneous dislocation 

substructure during deformation, the precipitate distribution is heterogeneous as well.
 [4]

 

Consequently, the volume fraction values in table 3 should be considered with caution, 

because the volume fractions were obtained by analyzing a small volume measured by atom 

probe. A trend of the volume fraction behavior by true strain and dwell time can be 

determined, though, because at every condition several atom probe measurements were done. 

The size and chemistry of precipitates are not affected by their heterogeneous distribution. At 

this point, it is important to mention that the identification of the exact nature of these 

particles by APT is subjective and depends on the parameters, which were used for the 

determination with the double maximum separation method with erosion. 

The further analysis of experiments revealed that, in every microstructure condition, the 

identified particles are Nb carbonitrides (table 3). Depending on true strain, dwell time and 

the phase, in which the precipitates were formed, the precipitates have different sizes and 

chemistry. Precipitates investigated at the same thermo-mechanical condition are larger in 

ferrite than in austenite (martensite or bainite) and they have a higher C fraction in ferrite than 

in austenite (table 3). This is mainly caused by two effects. On one hand, the diffusivity of the 



  8. Paper B 

  69 

precipitate forming elements is widely different in austenite and ferrite. On the other hand, the 

solubility of NbC and NbN varies strongly between ferrite and austenite.  

Table 4: Diffusion coefficients of C, N, and Nb at 700°C in ferrite and austenite.
 [1,21]

 

 D0 [m
2
s

-1
] Q [kJ mol

-1
] D (700°C) [m

2
s

-1
] 

Cα  [1] 6.2 x 10
-7

 80.4 2.99 x 10
-11

 

Cγ  [1] 1.0 x 10
-5

 135.7 5.18 x 10
-13

 

Nα  [1] 5.0 x 10
-7

 77.0 3.67 x 10
-11

 

Nγ  [1] 9.1 x 10
-5

 168.6 8.08 x 10
-14

 

Nbα  [41] 1.7 x 10
-4

 252.0 5.03 x 10
-18

 

Nbγ  [11] 1.4 x 10
-4

 270.0 4.47 x 10
-19

 

 

To specify the influence of diffusivity, table 4 summarizes the diffusion data for Nb, C and N 

in ferrite and austenite. From these data it is obvious that Nb, C and N are more mobile in 

ferrite than in austenite at 700°C. As a consequence of the 5 to 6 orders of magnitude slower 

diffusion of Nb compared to C and N, Nb is mainly responsible for the precipitate growth 

kinetics. The second reason for the larger and C-richer Nb carbonitrides is the solubility of the 

Nb precipitates. It is well known from literature that Nb precipitates in ferrite have a lower 

solubility than in austenite and that NbN has a lower solubility than NbC in both phases.
 [1]

 

These characteristics of the Nb precipitates suggest that NbN in ferrite should have the 

highest driving force, whereas the driving force for NbC precipitation in austenite is expected 

to be the lowest. Based on this behavior, the formation of NbN in ferrite and austenite is 

favored. To aid this interpretation, the driving forces for NbN, NbC and NbCN were 

calculated, based on the chemical composition of the matrix phases, using the software 

MatCalc with the mc_fe database. Table 5 shows the driving forces for NbC, NbN and NbCN 

at 700°C in austenite and ferrite. The calculations reveal that the driving force for Nb 

precipitates in ferrite is higher than that in austenite. This is caused by the lower solubility of 

the different Nb precipitates in ferrite compared to austenite. The results indicated that the 

driving force for NbCN is the highest in ferrite with 40.6 kJ/mol and in austenite with 34.8 

kJ/mol. From literature, it is expected that NbN should have the highest driving force but the 

lowest was calculated. This effect is ascribed to the chemical composition of the material, 

especially the C and N content. In literature, a lot of different solubilities for NbC and NbN in 
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austenite and ferrite are reported.
 [1,10,11,23,32,33]

 These different solubilities exist because the 

solubility of the precipitates depends on the amount of Nb, C and N in the alloy and, of 

course, on the composition of the steel. That means, the higher the amounts of the different 

precipitate forming elements are (Nb, C and N), the lower is the solubility of NbC, NbN, 

NbCN. The thermodynamic background to this is that the driving force for precipitation 

increases. In ferrite, the maximum C content is 0.12 at% and the N content was measured to 

be 0.052 at% (table 2). Hence, for the Nb precipitates, C is, at least, twice as much available 

than N. For the C content in austenite, at least an amount of 0.92 at% is expected, because this 

is the nominal composition of the steel (table 1). The measured C content of the former 

austenite varies from 0.284 to 1.718 at% (table 2). The reason for this strong variation of the 

C content is its heterogeneous distribution, which occurs during the formation of martensite 

and bainite.
 [34,35]

 This fact is clearly reflected in the analyses because of the small volume 

analyzed in APT. The important point for the precipitate formation in austenite is that the 

maximum N content (0.048 at%) is much lower than the available C content.  

Table 5: Driving force for NbN, NbC and NbCN in ferrite and austenite at 700°C. 

 Driving force (kJ/mol) in ferrite Driving force (kJ/mol) in austenite 

NbN 39.1 29.1 

NbC 39.7 34.6 

NbCN 40.6 34.8 

 

Investigations of the dwell time influence on precipitation showed that the C fraction 

increases with longer dwell times. It is expected that, during the growth of the NbCN 

precipitates, the N content in solid solution decreases rapidly. Due to this depletion, N is not 

available for further precipitation and only C continues to accumulate at existing NbCN 

precipitates. Therefore, the C content of the precipitates increases at longer dwell times. For V 

micro-alloyed steel, similar processes and influences on the precipitation formation, as 

described in this section, were reported.
 [36–40]

 

By estimation of the volume fraction, the atom probe measurements indicate that, with 

increasing true strain, the volume fraction of precipitates increases. This tendency is a 

consequence of the accelerated formation of more precipitates per volume. In literature, it is 

reported that, by increasing the true strain, the incubation time is reduced, the diffusion is 

accelerated by pipe diffusion and the precipitates grow faster.
 [6,10,11,14]

 Such a similar trend 
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could not be observed in this study. An increase in the precipitate phase fraction with 

increasing true strain was apparent, but not by accelerated precipitate growth. In our 

experiments, we show that, the higher the true strain is, the more deformation-induced 

dislocations were formed (figure 4), which act as nucleation sites for precipitates.
 [15,31]

 In the 

presence of more nucleation sites, the number density of precipitates increases and the volume 

fraction of precipitates increases faster than at lower true strains.
 [13,14]

 At higher true strains, 

more precipitates were formed, while the measured size is similar to that of the precipitates 

formed at lower true strains (table 3). It is assumed that a higher dislocation density at higher 

true strains causes this effect. Nb diffusion is accelerated by the higher dislocation density 

(pipe diffusion) and sufficient Nb is available after shorter times for the growth of the larger 

number of precipitates, compared to the conditions deformed with lower true strains. 

Conclusion 

In this work, the influence of deformation in the α/γ region on the precipitation behavior of 

Nb carbonitrides was studied. It is shown that the conditions for precipitate formation are 

different in the microstructural regions observed after quenching. Also, the amount of strain 

has a strong effect on the precipitation behavior. The analysis of our APT and TEM 

investigations leads to the following conclusions: 

Nb nucleates as carbonitride. Since more C is available compared to N, the N content of the 

matrix decreases rapidly. After a significant portion of the available N has already moved into 

the Nb carbonitride, C is still available to accumulate at existing precipitates. This mechanism 

leads to a higher C fraction in the precipitates with increasing dwell time after deformation. 

Nb precipitates have a lower solubility in ferrite than in austenite and the diffusivity of Nb in 

ferrite is higher than in austenite. As a result, the precipitates in ferrite are larger than in 

austenite at the same condition. 

By APT, we find that the precipitates have a higher C fraction in ferrite than in the austenite, 

which is due to the low N content in solid solution and the lower solubility of NbC in ferrite 

when compared to austenite. 

APT and TEM show that, with higher true strain, the dislocation density increases. This 

results in an increase of the volume fraction of the Nb precipitates due to the formation of 

more precipitates at these dislocations.  
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Due to the inhomogeneous nature of the deformation-induced dislocation network, also, the 

distribution of precipitates in ferrite and austenite becomes inhomogeneous.  
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Abstract 

Atom probe tomography and transmission electron microscopy were used to examine the 

precipitation reaction in V micro-alloyed steel after a thermo-mechanical process in the 

austenite and the ferrite phase. It was observed that only in the ferrite phase precipitates could 

be found, whereupon two different types were detected. Thus, the aim was to reveal the 

difference between these two types. The first type was randomly distributed precipitates from 

V supersaturated ferrite and the second type V interphase precipitates. Not only the 

arrangement of the particles was different also the chemical composition. The randomly 

distributed precipitates were enriched in C and N, in contrast to that the interphase precipitates 

showed an enrichment of C and Mn. It was assumed that the reason for these differences is 

caused by the site in which they were formed. The randomly distributed precipitates were 

formed in a matrix consisting mainly of 0.05 at% C, 0.68 at% Si, 0.03 at% N, 0.145 at% V 

and 1.51 at% Mn. The interphase precipitates were formed in a region with a much higher C, 

Mn and V content. 

Introduction 

Low and medium carbon steels in automotive and pipeline industry have to meet the 

increasing requirements of the industry. An easy way to improve the mechanical properties of 

such steels without influencing the technological properties is to alloy with micro-alloying 

elements such as V, Nb and Ti. Micro-alloying elements are added in small amounts of less 

than 0.1 wt%. They can form precipitates in the austenite, which impede the austenite 
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recrystallization and also the grain growth. In solution the micro-alloying elements act as 

austenite grain growth inhibitor by the so-called solute drag effect (Bäcke, 2010). Due to the 

inhibition of the austenitic recrystallization and grain growth, fine ferrite grains are formed 

during cooling, which results in a higher strength and toughness (Yannacopoulos and 

Chaturvedi, 1988; Pereloma et al., 2006; Stasko et al., 2006). Micro-alloying elements can 

also affect the strength of ferrite by forming nm-sized precipitates (Gladman, 1997). Here, the 

most effective element is V, due to the higher solubility of V in austenite compared to Nb and 

Ti. Thus, V remains mainly in solution while Nb and Ti already form precipitates in the 

austenite (Gladman, 1997). At the early stages the precipitates have a coherent V(C, N)/-

interface, which becomes semi-coherent during growth (Baker, 2009). Their orientation 

relationship to the ferritic matrix is of the Baker-Nutting ((001) // (001) V(C, N), (001)  // 

(001) V(C, N)) type (Baker and Nutting, 1959). The nucleation of these precipitates can occur in 

different ways. Either they precipitate homogeneously from the supersaturated ferrite or they 

nucleate heterogeneously on dislocations and subgrain boundaries (Furuhara and Maki, 2001; 

Gündüz and Cochrane, 2005). These kinds of precipitates occur mainly at temperatures below 

973 K. At temperatures above 973 K mainly interphase precipitates are formed (Smith and 

Dunne, 1988). They precipitate at the austenite/ferrite (/interface during the austenite-

ferrite (-) transformation. These precipitates are arranged in sheets which occur periodically 

(Smith and Dunne, 1988). The sheet structure can be curved and regular as well as irregular 

and planar (Smith and Dunne, 1988). In literature different kinds of formation processes for 

the interphase precipitates are described. Honeycombe et al. (Honeycombe, 1985; 

Honeycombe and Mehl Medalist, 1976) and Aaronson et al. (Aaronson et al., 1978) described 

the interphase formation process by the so-called ledge mechanism. They assume that 

particles form heterogeneously at planar, low energy, immobile /-interfaces, while the --

transformation takes place by lateral, high energy mobile steps. The intersheet spacing 

depends on the step height of the lateral steps. To explain the formation of interphase 

precipitates at incoherent and often curved /-interfaces, Ricks and Howell proposed a new 

concept (Ricks and Howell, 1983). This model has been termed the quasi ledge mechanism or 

bowing mechanism (Ricks and Howell, 1983). Another model for the interphase precipitate 

formation is based on the diffusion control of V in solution, it was firstly suggested by 

Roberts (Roberts, 1978). He proposed that V carbonitrides were formed directly behind a 

migrating interface. The growth of the carbonitrides happens through the depletion of V in 

ferrite. Further investigations by Khalid and Edmonds (Khalid and Edmonds, 1993) refused 

the idea that the precipitates occur behind the migration interface. They showed that the 
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particles occur at the interface. Further studies on this mechanism were done by Li and Todd 

(Todd et al., 1988; Todd and Su, 1989; Li and Todd, 1988a), Lagneborg et al. (Lagneborg and 

Zajac, 2001) and Okamoto et al. (Okamoto and Ågren, 2010). Li and Todd (Todd et al., 1988) 

developed a model that proposes the formation of a V depletion zone due to the V diffusion to 

the /-interface. After reaching a critical concentration of V at the interface, V(C, N) 

nucleates. They also found out that the nucleation process does not influence the migration of 

the interface and that the incubation time is very short. Lagneborg et al. (Lagneborg and 

Zajac, 2001) and Okamoto et al. (Okamoto and Ågren, 2010) combined the model based on 

diffusion with the ledge model to explain the larger intersheet spacing because the diffusion 

data of V opposes to the larger spacing. They suggested that at lateral mobile steps V could 

diffuse easier than by volume diffusion. Further investigations showed that the formation 

process of the interphase precipitates depends on the amount of V, C and N in the material as 

well as on the forming temperature (Todd et al., 1988; Lagneborg and Zajac, 2001; Murakami 

et al., 2012). These parameters also influence the intersheet spacing. With lower temperatures 

and also with increasing V content the intersheet spacing decreases (Miyamoto et al., 2011). 

By decreasing the migration velocity of the /-interface also fibrous precipitates which are 

aligned perpendicular to the interface occur (Khalid and Edmonds, 1993). 

In the past a number of models were developed with different theories. The main focus in the 

past was to explain the intersheet spacing between the precipitation rows. Investigations of the 

processes at the interface during the precipitate formation as well differences in the chemistry 

of precipitates formed in V supersaturated ferrite and interphase precipitates are missing in 

literature. In this study, the difference in the chemical composition of the differently formed 

precipitates and the circumstances under which they were formed were investigated by atom 

probe tomography (APT). This method was chosen to analyze the processes in nano scale and 

also to detect minor changes of chemical composition which is not possible with other 

investigation methods. 

Experimental 

Table 1: Chemical composition of the investigated steel. 

 

C Si Mn V Cr Ni Al Cu P Mo N 

wt% 0.18 0.31 1.55 0.145 0.038 0.047 0.033 0.019 0.027 0.014 0.01 

at% 0.83 0.61 1.56 0.157 0.040 0.044 0.068 0.017 0.027 0.008 0.039 
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The composition of the micro-alloyed steel is shown in Table 1, denoted in wt% and at%. The 

heat treatment was carried out on a quenching dilatometer DIL 805 A/D from Bähr-

Thermoanalyse GmbH. The sample had a diameter of 5 mm and a length of 10 mm. The 

temperature control was done by using a type S thermocouple, which was spot welded on the 

surface of the sample. For the deformation process, silicon nitride stamps were used. The 

applied thermo-mechanical treatment is illustrated in Figure 1. The samples were solution 

annealed at 1323 K for 1800 s. After austenitisation, the material was cooled down to the 

deformation temperature of 1173K with a cooling rate of 1.7 K/s. It should be noted that this 

temperature is in the -phase field. After a dwell time of 480 s at 1173 K, the samples were 

deformed to a true strain of  =0.7 with a strain rate  ̇=0.1. After this, an isothermal sequence 

of 300 s in the -region followed the deformation process. To transform the austenite into 

ferrite, the samples were cooled down to a temperature of 973 K with a cooling rate of 1 K/s, 

at which a further isothermal sequence of 300 s was applied. Finally, each sample was 

quenched to room temperature within 30 s.  

 

Figure 1: Scheme of the thermo-mechanical treatment used for the study of the behavior of the micro-alloying 

elements. 

 

For the investigation of the /-interface the as-quenched condition was used. The samples 

for the TEM investigations were prepared by mechanical thinning to a thickness of 0.1 mm 

and they were electro-polished in a Tenu-Pol 5 using the electrolyte, Struers trade name, A2. 

The TEM investigations were conducted on a TEM Philips CM12. For the APT investigations 

small rods with a cross-section of 0.3 x 0.3 mm² were cut out of the heat treated samples. The 

tips were prepared by the standard two-stage electro polishing procedure (Miller et al., 1996). 

For the measurements, a LEAP 3000X HR from Cameca was used. The measurements were 

performed in voltage mode with a pulse fraction of 20%, a pulse rate of 200 kHz and a 
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temperature of 60 K. Data reconstructions were conducted using the software package IVAS 

3.4.3. from Cameca. For the identification of the precipitates by APT the following peaks 

were used 
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. By the investigation of the precipitates an enrichment of Si was detected, which was 

due to the 
28

Si
2+

peak. This enrichment results from the overlap of the 
14

N
+
 and the 

28
Si

2+
 peak. 

In a first step, this peak was identified as 
28

Si
2+

. However, an erroneous increase of Si content 

in the precipitates was caused by this procedure. To determine the N fraction of the 
28

Si
2+

 

peak of the precipitates, they were extracted by isolating regions with a V content higher than 

1.2 at%. For this isolated regions a peak decomposition of 
14

N
+
 and 

28
Si

2+
 was done. Due to 

the isotopic abundance of 
29

Si
2+

 and 
30

Si
2+

 it was possible to calculate the N fraction from the 

28
Si

2+
 peak. This calculation is also implemented in the software package IVAS 3.4.3. Due to 

the fact that that the Si amount was 30 times higher than the N content the peak 

decomposition was only done when the precipitates were extracted, because otherwise the N 

content was overestimated. The precipitates were studied by proximity histograms (Hellman 

et al., 2000) based on V isosurfaces (Hellman et al., 2003) to get significant differences when 

comparing the different types of precipitates. A proximity histogram shows the concentration 

over the proximity normal to the isosurface. The different kinds of precipitates were 

investigated by several APT measurements, except the analyzed grain boundary which could 

only be detected once. 

Results 

Figure 2 shows a TEM bright field image of ferrite and martensite. The dark appearing region 

is martensite and the bright appearing region is ferrite. The analysis of the martensite did not 

show any indications for V precipitates. As figure 2 shows, the ferrite phase contains dark 

appearing dots, which are randomly distributed and have a diameter of maximum 20 nm and 

smaller. The diffraction pattern in figure 2 corresponds to the illustrated ferrite phase and 

reveals that these dots are V precipitates with a NaCl f.c.c structure. Furthermore, the 

diffraction pattern shows a ferrite-precipitate orientation relationship of [001]α//[011]V,(C, N).  
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Figure 2: TEM bright field image of the material after the thermo-mechanical treatment (figure 1) showing 

martensite (dark) and ferrite (light). The corresponding diffraction pattern of the ferrite is shown in the inset. 

 

Due to the limited information of the chemistry and the different types of precipitates by 

TEM, APT measurements were performed. Applying APT different types of V precipitates in 

ferrite could be found, but in martensite no precipitates were detected. The nature of the 

different phases could be defined based on the chemical composition, measured by APT in 

combination with the TEM investigations. For the distinction of the ferrite and martensite the 

C-content was the decisive factor and thus the C-content was measured. Table 2 shows the 

chemical compositions of the two phases determined by APT. The average measured C 

content in ferrite is 0.048 at% and in martensite the determined C content is 3.24 at% which is 

higher than the nominal composition (table 1). The higher amount was expected because C 

diffuses from ferrite into austenite during the austenite-ferrite transformation, therefore C 

enriches in austenite. Table 2 further reveals that the alloying element contents are higher in 

martensite than in ferrite. The content of the precipitate formatting element V in martensite is 

about 0.07 at% higher than in ferrite. The interstitial elements C and N are approximately 3.2 

at% and 0.013 at% higher in the martensitic region. It should also be mentioned that the Mn 

and the Si contents in martensite are higher than in austenite. 

Table 2: Chemical composition of the martensitic and ferrite phase determined by APT, given in at%. 

 

C Si Mn V Cr Ni Al Cu P Mo N 

Martensite 
3.24±0.

790 

0.77±0.

100 

1.81±0.

230 

0.213±

0.040 

0.051±

0.006 

0.038±

0.011 

0.055±

0.009 

0.050±

0.011 

0.022±

0.009 

0,018±

0.002 

0,044±

0.013 

Ferrite 
0.048±

0.003 

0.68±0.

080 

1.51±0.

120 

0.145±

0.006 

0.031±

0.004 

0.021±

0.001 

0.050±

0.001 

0.034±

0.004 

0.036±

0.009 

0.050±

0.070 

0.031±

0.019 
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APT measurements of the ferritic phase reveal that different types of particles exist. Figure 3a 

shows a representative three-dimensional elemental map of the V atoms in ferrite including 

isoconcentration surfaces with a concentration of 1.2 at% V. Visual inspection of this volume 

shows randomly distributed V particles with a diameter of 5 – 20 nm and an elliptical shape. 

For a closer examination, a proximity histogram was calculated based on 1.2 at% V 

isosurfaces, shown in figure 3b. This diagram contains the most significant elements which 

are used to compare the different types of precipitates in this condition, namely C, N, Mn and 

V. Additionally, the Si content is illustrated because of the overlap of the Si and N peak. The 

peak decomposition indicates that approximately 25% of ions in the 
28

Si
2+

 peak are in fact N. 

It was calculated that approximately 30% of the detected N in the precipitates stem from the 

28
Si

2+
 peak. Hence, the Si increase in the precipitates results from the N content in the 

28
Si

2+
 

peak. Further elements are not shown, because they are not enriched in the particles. Figure 

3b reveals that in the V enriched regions also the C and N contents are increased, whereas the 

C content is higher than the N content. The enrichment of Si depends on the N fraction of the 

overlapping peak, which was explained before. The N curve can be seen as the sum of N and 

Si and, thus, this interpretation should be treated with caution. A differentiation between the 

position of Si and N ions is not possible by peak decomposition. Mn does not show 

enrichments in these regions and seems to be constant. 
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Figure 3: a) Three dimensional elemental map of the particles in the ferrite after the heat treatment, showing the 

V atoms and isoconcentration surfaces with 1.2 at% V, b) Proximity histogram of C, Mn, V, N and Si. 

 

Figure 4a and b depicts a second representative three-dimensional elemental map of the V 

atoms in ferrite including isoconcentration surfaces with a concentration of 1.2 at% V. By 

visual inspection V enriched planes are visible. In the lateral illustration of the planes (Figure 

4a) it is visible that the planes have a periodical distance of approximately 20 nm. In Figure 

4b one representing plain was extracted and the top view is illustrated. It can be clearly seen 

that the plane consists of V particles with elongated shape and a length of 5 - 15 nm. For a 

closer examination again a proximity histogram was calculated based on the 1.2 at% V 

isosurfaces, which is shown in Figure 4c. The proximity histogram shows that in the V 

enriched regions also C and Mn are significantly increased, the N and Si contents are slightly 

increased. The apparent Si enrichment results from the N part of the 
28

Si
2+

 peak which was 

explained before. In this case the 
28

Si
2+

 peak contains approximately 20% N ions. 
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Figure 4: a) Three dimensional elemental map of the interphase precipitates in ferrite after the heat treatment 

showing the V atoms and isoconcentration surfaces with 1.2 at% V which show the interphase precipitates 

laterally, b) top view of one interphase plane front. c) Proximity histogram of C, Mn, V, N and Si. 

 

Figure 5 shows a third representative three dimensional elemental map of the V atoms. As 

mentioned before, table 2 exhibits the chemical composition of the different phases and 

reveals that the alloying elements have higher concentrations in martensite than in ferrite. Due 

to the different chemical compositions of the phases, it is suggested that a redistribution of the 

elements took place. Due to the inhomogeneous V distribution (figure 5) it is apparent that the 

APT volume consists of 2 different phases which are separated by an interface. The chemical 

compositions of the different regions reveal that in the upper part the C content amounts 0.05 

at% which means that this region is ferrite and that in the lower part the C content amounts 

3.5 at% and this region is martensite. Thus, the interface, which separates these regions, can 

be related to a /-interface before quenching from 973 K. For a detailed examination of the 

element distribution a 1D concentration profile from ferrite across the interface into the 

martensite was generated, as can be seen in Figure 5a. The 1D concentration profiles for C, 

Mn, V, Si and N are shown in Figure 5b. The /-interface is marked in Figure 5b by an 

arrow and labeled as “Interface”. Figure 5b reveals that Mn and V are strongly enriched at the 

interface. Furthermore, it can be seen that V and Mn are depleted above the interface. C is 

also enriched at the interface, but not as strong as Mn and V. Si did not show any enrichment 

at the interface.  
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Figure 5: a) Three-dimensional elemental map of an interface after the heat treatment, showing the V 

distribution. For a detailed investigation of the interface by a concentration profile a box (ROI 1, box size of 20 x 

20 x 90 nm
3
, marked by an arrow) was positioned. b) one-dimensional concentration profile of C, Mn, V, Si and 

N. 

 

In order to investigate the interface more closely, the V enrichments at the interface were 

analyzed by creating isoconcentration surfaces. For an illustration of the V arrangements the 

isosurface was constructed with a V concentration of 1.2 at% in Figure 6. This illustration 

shows that the V enrichment is not homogenously distributed at the interface. Figures 6a and 

c show the interface from a side-view, whereas figure 6b represents the top view. Here the 

string-like arrangement of V at the interface is revealed. The average distance between the 

individual strings is approximately 15 - 20 nm. In these strings spherical and elongated 

particles are visible. It seems that the elongated particles split into spherical particles during 

growth. For a detailed investigation of the fibers a proximity histogram was calculated based 

on the isosurface. The proximity histogram in Figure 6d shows that in the V enriched regions 

also Mn is strongly enriched. Compared to the Mn enrichment C is less enriched. A 
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significant enrichment of N or Si in the V particles was not detected. By investigating the 

extracted V enriched regions the decomposition of the 
28

Si
2+

 peak revealed that less than 10% 

of the ions in the peak belong to N. 

 

Figure 6: a) b) c) Three-dimensional elemental map of an interface after the heat treatment, showing the V 

distribution. a) side view of the interface lateral, b) top view of the interface including isoconcentration surfaces 

with 1.2 at% V, c) side view of the interface including isoconcentration surfaces with 1.2 at% V. d) Proximity 

histogram of C, Mn, V, N and Si. 

 

Discussion 

During the cooling from 1173 K to 973 K the austenite was transformed into ferrite. Due to 

the transformation and the isothermal sequence of 300s at 973 K two types of V precipitates 

were formed by different precipitation mechanisms. TEM and APT investigations did not 

show the existence of V precipitates in martensite. The martensite phase was formed by 

quenching and was therefore, at higher temperatures austenite. This leads to the assumption 

that in the austenite phase no precipitate formation took place. However, by TEM it was 

possible to show that V precipitates were formed in the ferrite phase exhibiting a NaCl f.c.c 

structure and a ferrite-precipitate orientation relationship of [001]α//[011]V,(C, N) (Figure 2). A 

differentiation of the precipitates was not possible by TEM. Further investigations by APT 

revealed that two types of precipitates were found in ferrite. Due to their different 
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arrangements, the precipitate types were distinguished, on the one hand as randomly 

distributed precipitates (Figure 3), which were formed homogenously from V supersaturated 

ferrite (Baker, 2009; Lagneborg et al., 1999; Epicier et al., 2008; Bepari, 1990). On the other 

hand as planar arrangement of interphase precipitates (Figure 4) (Davenport and 

Honeycombe, 1971; Miyamoto et al., 2011; Li and Todd, 1988b; Khalid and Edmonds, 1993; 

Lagneborg and Zajac, 2001; Honeycombe, 1985; Aaronson et al., 1978).  

In other studies it is reported that interphase precipitation is incomplete at a temperature of 

973 K and the formation of randomly distributed precipitates from supersaturated ferrite takes 

over (Lagneborg et al., 1999; Honeycombe, 1985). This is also the case in this work. The 

existence of interphase precipitates or randomly distributed V precipitates or both of them 

depends on the interaction of the diffusivity of V and the velocity of the /-interface. It is 

essential that V has to be enriched at the /-interface to form interphase precipitates. That 

means, the velocity of the /-interface should correspond to the V diffusivity, thereby the 

/-interface can get V enriched by V diffusion or by V dragging by the /-interface. These 

effects are most pronounced at temperatures above 973 K for V micro-alloyed steels. 

Consequently, at higher temperatures complete interphase precipitation can occur (Davenport 

and Honeycombe, 1971; Barbacki and Honeycombe, 1976; Lagneborg and Zajac, 2001; 

Murakami et al., 2012). 

The two identified precipitate types did not only have different arrangements also the 

chemical composition, the shape and the size was different. At this point it should be 

mentioned that the different types were analyzed by several APT measurements. In this article 

representative results are shown which reflect the general trend of further APT measurements. 

However, the randomly distributed precipitates had a size of 5 – 20 nm and an elliptical 

shape, the interphase precipitates a size of 5-15 nm and elliptical to elongated shape. The 

difference in the chemical composition was obvious by comparing the proximity histogram 

for the randomly distributed precipitates from V supersaturated ferrite (Figure 3b) to the 

proximity histogram for the interphase precipitates (Figure 4c). This revealed that the V 

interphase precipitates were enriched in C and Mn. In contrast, the randomly distributed V 

precipitates were enriched in C and V, Mn enrichment or depletion was not detected. The 

analysis of the N content was influenced by the peak overlap with Si, but by peak 

decomposition it was possible to estimate the N content in the precipitates and to assume that 

the Si enrichment in the precipitates actually stem from the N fraction of this peak. By 

consideration of this it was obvious that in the randomly distributed V precipitates the N 
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content was significantly increased and in the interphase precipitates N was only slightly 

enriched.  

It is supposed that the difference in the chemistry of the precipitates depends on the chemistry 

of the area in which these precipitates were formed. The randomly distributed V carbonitrides 

nucleated homogenously or heterogeneously from a V supersaturated ferrite. Table 2 showed 

the chemistry of ferrite. V, C and N were available to form V carbonitrides. The thermo-

dynamical background for the formation of the precipitates is the low solubility of VC and 

VN in ferrite (Gladman, 1997). The nucleation and growth of this type of V precipitate is well 

described in literature and will be explained only shortly (Lagneborg et al., 1999; Epicier et 

al., 2008; Bepari, 1990). Due to the lower solubility of VN than VC in ferrite, the early stages 

of the precipitates are N rich. By limited availability of N this element depletes in ferrite and 

C accumulates at existing precipitates, whereby carbonitrides are formed.  

In contrast, interphase precipitates are formed directly at the /-interface. To explain the 

conditions under which the interphase precipitates were formed, it is important to understand 

what happened during the --transformation. The rearrangement and the activities during 

/-transformation could be seen in the APT measurements in Figure 5 and Table 2. Table 2 

showed that especially C, V, Mn and Si were enriched in the martensitic phase compared to 

the ferrite phase, which means that mainly these elements were rearranged during the 

/transformation. Honeycombe et al. (Honeycombe, 1980; Honeycombe and Mehl 

Medalist, 1976) reported that the transformation from austenite into ferrite depends mainly on 

C. Because of the much higher solubility in austenite than in ferrite, C diffuses into the 

austenite region. However, in this work the chemical composition of the different phases 

(Table 2) revealed that beside the C redistribution also other elements (V, Mn and Si) were 

redistributed. This rearrangement seems to be important for the formation of interphase 

precipitates, because the /transformation rate and the migration velocity of the /-

interface is also influenced by the different solubilities of the elements in the ferrite- and 

austenite phase (Murakami et al., 2012; Lagneborg and Zajac, 2001; Wilyman and 

Honeycombe, 1982).  

In the present study a significant enrichment of V, Mn and C at the interface was detected. It 

is assumed that during the /transformation at the moving /-interface these elements did 

not only diffuse into the remaining austenite, they also accumulated at the interface by solute 

drag (Figure 5). The solute drag effect leads to a Mn and V enrichment at the interface 
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because a depletion of Mn and V was detected in ferrite after the /-interface. As a 

consequence of this rearrangement and element dragging, at the interface an area mainly 

enriched in V, Mn and C was created where the interphase precipitates were formed. Figure 6 

shows that the V precipitates which were formed directly at the interface were enriched in Mn 

and slightly in C. Craven et al. (Craven et al., 2008) showed by APT measurements that Mn is 

enriched in V precipitates in randomly distributed V precipitates which was not detected in 

this work. Furthermore, it is known from literature that V0.82Mn0.18C0.74 carbides with a NaCl 

structure can exist (Telegus and Kuz’ma, 1971). In previous works about V interphase 

precipitates it is also reported that V4C3 and VC are formed without mentioning a Mn increase 

(Davenport and R W K Honeycombe, 1971; Davenport et al., 1968; Murakami et al., 2012; 

Khalid and Edmonds, 1993; Barbacki and Honeycombe, 1976), but this studies were mainly 

done by TEM and specific investigations of the V interphase precipitates were not conducted. 

This work deals with the influence of the nucleation site on the chemical composition of the 

different types of precipitates and shows that enrichments at the /-interface influence the 

precipitates chemical composition. However, to understand the formation of interphase 

precipitates more work on the activities at the /-interface is required. 

Conclusion 

In the present work the differences between randomly distributed V precipitates from V 

supersaturated ferrite and V interphase precipitates were investigated by APT. The main 

conclusions are listed below: 

After the isothermal heat treatment, i.e. isothermal aging at 973K for 300s, V interphase 

precipitates and randomly distributed V precipitates were formed. 

APT measurements showed that the two types have different chemical compositions, sizes 

and shapes. The randomly distributed precipitates are enriched in C and N and they have a 

diameter of 5 – 20 nm and an elliptical shape. The interphase precipitates are enriched in C 

and Mn and have a length of 5 – 15 nm and an elongated shape. 

By APT investigations it was revealed that the chemical composition depends on the area in 

which they were formed. The randomly distributed precipitates occur in ferrite. Whereas, the 

interphase precipitates were formed at the /-interface. By rearrangement of the alloying 

elements during the austenite-ferrite transformation and the solute drag of them the /-

interface got enriched in Mn, V and C. That means the interphase precipitates were formed in 

this enriched area and therefore the particles consist mainly of these elements. 
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Abstract 

The evolution of strain-induced V precipitates at two different temperatures (600°C and 

700°C) in ferrite was studied via atom probe tomography and transmission electron 

microscopy. The interpretation of experimental results is supported by simulation data, which 

was calculated by means of MatCalc. The study reveals that V carbonitrides are formed 

independently from the formation temperature. Initially, the precipitates have a higher N 

content than C. With longer dwell times, the C to N ratio changes from N-rich to C-rich V 

carbonitrides. At 700°C formation temperature, the growth of precipitates and the change 

from higher N to higher C occurs faster than at 600°C. Due to the faster growth, the V content 

in solid solution decreases earlier. The precipitates exhibit an elliptical shape and have NaCl 

type f.c.c structure. A [012]  // [011] V(C, N) and a [001]  // [011] V(C, N) orientation 

relationship with the ferrite matrix were detected. 

Introduction 

Several demands are made on low and medium carbon steels in the automotive industry and 

in pipeline applications. They are required to have good technological properties like 

weldability and formability and also high strength and toughness. In plain carbon steels, the 
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strength is increased by higher carbon contents, but an increase in carbon content has a 

negative influence on the toughness. To avoid this, micro-alloying elements, such as Nb, V 

and Ti, are added to low and medium carbon steels. The amounts are small, in the order of 0.1 

wt% and less. These elements influence the microstructure of the steel in several ways, either 

by precipitation or in solid solution (solute drag effect).
[1]

 The latter effect impedes 

recrystallization and austenite grain growth.
[2, 8]

  

Micro-alloying elements also contribute to the strength of the ferrite by precipitate formation. 

The most effective element is V, which forms VN, V(C, N) and VC.
[2, 8–11]

 There are several 

mechanisms by which V can precipitate in ferrite. Particles can precipitate on a migrating /-

interface during the austenite-ferrite (-) transformation.
[12–17]

 In literature this formation 

process is ambiguously interpreted and discussed. On one hand, it is reported that the 

precipitates are formed via the so-called ledge mechanism, where the precipitates emerge at 

low energy, semi-coherent immobile interfaces. The - transformation proceeds by the 

passage of high energy ledges, which do not act as nucleation sites because of their high 

mobility.
[12, 18]

 On the other hand, the solute drag nucleation model is proposed, where /-

interfaces get enriched by C and V. By dragging C and V, the movement of the interfaces is 

decreased and VC can nucleate.
[15, 17]

 This process is repeated continuously. With decreasing 

-transformation temperatures, these interphase precipitates are more infrequently found. At 

lower temperatures, V precipitates are formed randomly in a supersaturated ferrite.
[19–21]

 This 

can happen homogenously or heterogeneously. The heterogeneous nucleation is facilitated 

mainly by dislocations, which are generated by metal forming processes.
[22, 23]

 However, V 

can form carbides, nitrides and carbonitrides with an f.c.c. structure. All these precipitates 

exhibit a Baker-Nutting orientation relationship (001)  // (001) V(C, N), [001]  // [011] V(C, N) 

[24]
 with the ferritic matrix. In the early stages of precipitation, the V(C, N)/-interface is 

coherent and becomes semi-coherent during growth.
[19]

 In case of V(C, N), the early stage 

precipitates are N-rich and remain N-rich until the entire N is consumed. After that, C will be 

incorporated and, also, VC precipitates can be formed.
[11, 25]

 

N has a strong influence on the precipitate formation process and on the strengthening effect. 

Most of the previous studies were carried out focusing on the precipitation behavior due to V 

supersaturated ferrite.
[9, 21, 25–27]

 Less understood is the precipitation behavior due the 

deformation process in ferrite. There are no detailed studies about the chemistry change from 

N to C-rich carbonitrides. Thus, this work focuses on the precipitation behavior of V in a 0.2 

wt% C-steel after deformation at different temperatures in ferrite. The characterization of the 
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precipitates was done by means of transmission electron microscopy (TEM) and atom probe 

tomography (APT). To support the experimental results and to aid the interpretation, thermo-

kinetic calculations with the software MatCalc were performed. 

Experimental 

Table 1: Chemical composition of the investigated steel. 

 
C Si Mn Cr Ni Cu Al Ti V Nb P Co N 

at% 0.823 0.602 1.554 0.040 0.047 0.017 0.067 0.002 0.157 0 0.027 0.002 0.087 

wt% 0.18 0.31 1.55 0.038 0.047 0.019 0.033 0.002 0.145 0 0.015 0.002 0.01 

 

The nominal composition of the V alloyed steel is listed in Table 1 (wt% and at%). The 

thermo-mechanical treatments were carried out on a quenching dilatometer DIL 805 A/D by 

BÄHR – Thermoanalyse GmbH. The deformation process was done with silicon nitride 

stamps. The samples were cylindrical and had a diameter of 5 mm and a length of 10 mm. 

The experiments were temperature controlled with a type S thermocouple, which was fixed on 

the sample by a spot welding process. Figure 1 schematically illustrates the thermo-

mechanical treatment. After austenitisation at 1050°C for 1800 s, the specimens were cooled 

with a cooling rate of 3°C/s to 700° or 600°C. After a holding time of 420 s at 700°C or at 

600°C, the specimens were deformed to a true strain of   = 0.7 with a strain rate of  ̇ = 0.1. 

Subsequently, the samples were held at 700°C or 600°C for 60, 300 or 7200 s. Finally, the 

material was quenched to room temperature within less than 5 s.  

 

Figure 1: Scheme of the thermo-mechanical treatment used for the study of precipitation in V micro-alloyed 

steel. 
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The as-quenched conditions were investigated after deformation and the different isothermal 

holding sequences. The microstructural characterization was carried out by conventional 

transmission electron microscopy (TEM) and atom probe tomography (APT). The samples for 

the TEM and atom probe investigations were cut parallel to the loading direction from the 

center of each dilatometer specimen. For TEM investigations, samples of 3 mm diameter were 

mechanically thinned to a thickness of 100 µm. The subsequent electro-polishing was carried 

out with a Tenu-Pol 5 using the electrolyte Struers trade name A2. For the TEM 

investigations, a Philips CM12 was used. For preparation of the APT samples, small rods with 

a cross-section of 0.3 x 0.3 mm
2
 were cut out of the dilatometer samples. Preparation of the 

tips was done by the standard two-stage electro polishing procedure.
[28]

 A LEAP 3000X HR 

from Cameca in voltage mode was used for the atom probe measurements. The sample 

temperature was 60 K, a pulse fraction of 20% and a pulse repetition rate of 200 kHz were 

applied. The data reconstruction was carried out using the software package IVAS 3.4.3 from 

Cameca. For the determination of size and chemistry of the precipitates from APT data, the 

double maximum separation method with erosion, implemented in the software package 

IVAS 3.4.3, was used.
[29]

 The searching parameters evaluation for the double maximum 

separation method with erosion of the different APT measurements indicated that the same set 

of parameters could be used for all conditions examined. The separation, surrounding and 

erosion distances were chosen as 0.65 nm. A minimum of 8 atoms was used for the particles 

to eliminate random fluctuations.  

The thermodynamic and kinetic simulations for the V precipitation in ferrite were performed 

using multi-component classical nucleation theory and mean-field evolution equations, as 

implemented in the software package MatCalc (Version 5.52, rel. 0.019).
[30–32]

 The 

thermodynamic data required for the thermo kinetic simulation, i.e. Gibbs energies of matrix 

and precipitate phases, are stored in a CALPHAD-assessed database.
[33]

  The diffusion data 

were taken from the MatCalc mobility database.
[34]

 For the calculations, the chemical 

composition of the ferrite phase in table 2 was used. This composition was calculated at 

600°C and 700°C, where 12.5% and 27.5% austenite are stable, respectively, in the austenite 

and ferrite phase equilibrium. 
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Table 2: Composition of the ferrite, directly after transformation from austenite into ferrite at 600 and 700°C 

calculated by MatCalc. 

Temp 

[°C] 
Mn 

[at%] 
Si 

[at%] 
Al 

[at%] 
V 

[at%] 
C 

[at%] 
N 

[at%] 

700 0.880 0.651 0.069 0.165 0.051 0.006 

600 0.870 0.640 0.064 0.140 0.054 0.005 

 

Results 

Isothermal heat treatment at 700°C 

Deformation facilitates nucleation of precipitates due to the generation of strain-induced 

excess dislocations. These provide accelerated diffusion kinetics as well as an increased 

density of heterogeneous nucleation sites for precipitation. Figures 2a, b and c show TEM 

bright field images of the microstructure after deformation at 700°C and 3 different dwell 

times 60, 300 and 7200 s, respectively. At this point, it should be noted that these TEM 

images were taken at different magnifications. In Figure 2a, the ferritic grains with 

dislocations are visible. The images also show dark grey dots, which are marked by arrows. 

These are precipitates, which are only infrequently found in ferrite. The precipitates have a 

diameter of about 25 nm and an elliptical shape. Figure 2b illustrates the ferrite after a dwell 

time of 300 s in a higher magnification than figure 2a. It shows dislocations and particles. 

Several precipitates are marked by arrows. From this figure, it is obvious that the observed 

particles are mainly located at the dislocations. They have a diameter of about 5 nm and 

appear spherical in the TEM. Figure 2c is representative for the ferrite phase after a dwell 

time of 7200 s. The magnification of this figure is similar to figure 2a. Again, dislocations and 

particles are observed. Several of these precipitates are marked by arrows. The more 

frequently found precipitates are spherical and have a diameter of 5 to 50 nm. The type of 

precipitate was identified via diffraction patterns. Figure 2d shows a representative pattern of 

the ferrite microstructure containing precipitates. Based on these patterns, the precipitates can 

be identified as V precipitates, which have a NaCl type f.c.c structure. The diffraction pattern 

reveals that the precipitates and the ferrite have a [001]  // [011] V(C, N) orientation 

relationship.
[21]

 The weakly appearing reflexes for the V precipitates are marked in figure 2d 

by the symbol x. 
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Figure 2: TEM bright field images for the material after a deformation of φ=0.7, a temperature of 700°C and 

different dwell times: a) after 60 s, b) after 300 s, c) after 7200 s, d) representative diffraction pattern of the 

ferrite phase with precipitates, several precipitates are marked by an arrow. The marked spots in d) represent the 

V(C, N) reflexes. 

 

Figure 3 shows typical APT elemental maps of the V atoms in ferrite after deformation at 

700°C and at the three different dwell times. Visual inspection indicates that there are regions 

enriched in V, which can be associated with V precipitates. Most of them have elliptical 

shape, some of them are elongated precipitates, which indicates that they are formed at 

dislocation lines. It is apparent that the size of the precipitates increases with longer dwell 

times, but the number of precipitates decreases when the dwell time goes from 300 to 7200 s.  
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Figure 3: Three dimensional reconstructions of the particles in ferrite after a deformation of φ=0.7 at 700°C for 

different dwell times, showing the distribution of the V atoms. a) 60 s, b) 300 s, c) 7200 s. 

 

Based on several APT measurements per condition, the chemistry and size of the particles, as 

well as the chemistry of ferrite, were determined (Table 3). From Table 3, it is obvious that 

the remaining V content in solid solution decreases with longer dwell times. After a dwell 

time of 60 s, the V content is 0.112 at% and decreases to 0.059 at % after 7200 s. All other 

elements show only marginal changes.  

Table 3: Composition of the ferrite after a deformation of φ=0.7 and different dwell times and temperatures 

determined by APT. 

Temp [°C] time [s] Mn [at%] Si [at%] V [at%] C [at%] N [at%] 

700 60 1.49±0.15 0.60±0.02 0.112±0.023 0.068±0.009 0.016±0.003 

 300 1.43±0.08 0.62±0.01 0.095±0.010 0.078±0.006 0.034±0.018 

 7200 1.43±0.01 0.64±0.01 0.059±0.003 0.040±0.051 0.015±0.001 

600 60 1.35±0.09 0.62±0.03 0.123±0.034 0.090±0.040 0.014±0.004 

 300 1.49±0.19 0.65±0.10 0.091±0.008 0.106±0.036 0.019±0.002 

 7200 1.25±0.19 0.68±0.03 0.083±0.004 0.118±0.037 0.016±0.003 

 

The results of the precipitate analysis of the different dwell times at 700°C using the double 

maximum separation method with erosion are listed in Table 4. At this point, it is important to 

mention that these values should be considered critically, because the exact nature of the 

precipitates is subjective and depends on the parameters, which were used for their 

identification. In Table 4, the size of the precipitates is described by the radius of gyration 

(Rg) because of their elliptical shape. In case of spherical precipitates, the radius r is displayed 

to be able to compare the simulation data with the experimental data. Furthermore, Table 4 

shows the chemical composition, the C/N ratio of the precipitates and the V precipitate 
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volume fraction. Table 4 confirms the visual impression that the size of the V precipitates 

increases with increasing dwell time after deformation. After 60 s, the Rg of the precipitates is 

0.39 nm and increases to 0.63 nm after 7200 s. The precipitates consist of V, C, N and Fe. All 

other elements are only present in trace amounts, only for Mn a slight increase is observed.  

To understand how the chemistry of the precipitates changes, the C/N ratio is shown. When 

the precipitates are small, the N content is significantly higher than the C content, e.g. after 60 

s, a C/N ratio of 0.5 is obtained. At longer dwell times, the C/N ratio of the precipitates 

changes from N- to C-rich. After a dwell time of 7200 s, the C/N ratio is 3.75. Table 4 also 

shows that the precipitate phase fraction increases with longer dwell times. After a dwell time 

of 60 s, the phase fraction is 0.0650 % and it increases to 0.1294 % when the material is 

isothermally aged for 7200 s. 

Table 4: Average radius of gyration Rg, average radius (spherical particles), composition of the particles, the 

C/N ratio and the phase fraction of the particles in ferrite after a deformation of φ=0.7 and different dwell times 

and temperatures determined using the double maximum separation method with erosion from APT data. 

Temp 

[°C] 

Time 

[s] 
Rg [nm] r [nm] V [at%] C [at%] N [at%] Fe [at%] Mn [at%] C/N 

Phasefr.  

[%] 

700 60 0.39±0,11 0.98±0.29 59.34±8.74 2.10±1.40 4.24±1.43 39.12±14.59 1.76±0.30 0.50 0.0650 

 300 0.45±0,20 1.34±0.58 37.49±5.67 4.41±0.35 3.37±0.10 52.87±5.37 1.42±0.31 1.31 0.0908 

 7200 0.63±0,20 3.13±1.76 25.92±6.20 9.44±2.47 2.52±0.52 60.04±9.81 1.52±0.21 3.75 0.1294 

600 60 0.35±0,10 0.69±0.29 52.00±6.80 1.28±0.17 5.66±1.46 39.40±11.60 1.70±0.40 0.23 0.0080 

 300 0.45±0,16 1.02±0.49 35.97±6.29 2.84±1.43 5.44±0.98 53.22±7.75 1.99±0.52 0.52 0.1192 

 7200 0.46±0,18 1.24±0.53 43.97±9.31 3.31±0.11 3.38±0.52 47.31±10.02 1.52±0.29 0.98 0.1034 

 

Isothermal heat treatment at 600°C 

The evolution of precipitates at 600°C was examined in analogy to 700°C. Figures 4a, b and c 

show TEM bright field images of the ferrite after deformation at 600°C and subsequent dwell 

times of 60, 300 or 7200 s at different magnifications. The condition after a dwell time of 60 

s, which is shown in Figure 4a, exhibits only ferrite with dislocations. Large precipitates, with 

a diameter of 25 nm, such as in the condition at 700°C and 60 s were not detected. After 300 s 

(Figure 4b) dark appearing dots in ferrite are visible, several of these dots are marked by 

arrows. These dots are particles, which are frequently found in ferrite in all grains. The 

particles have a diameter of maximum 5 nm and appear spherical in the TEM. Figure 4c 

shows the condition of the microstructure after a dwell time of 7200 s. Spherically shaped 
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particles are visible within the ferrite matrix. They exhibit a diameter of 5 to 20 nm 

(precipitates are marked by arrows). In the TEM images of the conditions after a dwell time of 

300 s and 7200 s, individual dislocations are hardly visible, but dislocation networks are 

present in this condition. Similar to the conditions at 700°C, the precipitates are connected 

with the dislocations, which suggest that the dislocations are preferred heterogeneous 

nucleation sites. Figure 4d illustrates a representative diffraction pattern of the ferrite. The 

diffraction pattern reveals that, again, the particles have NaCl type f.c.c structure and 

constitute a [012]  // [011] V(C, N) ferrite-precipitate orientation relationship.
[35]

 Again, the 

weakly visible reflexes for the V precipitates are marked in Figure 4d by the symbol x. 

 

Figure 4: TEM bright field images for the material after a deformation of φ=0.7, a temperature of 600°C and 

different dwell times: a) after 60 s, b) after 300 s, c) after 7200 s, d) representative diffraction pattern of the 

ferrite phase with precipitates, several precipitates are marked by an arrow. The marked spots represent the V(C, 

N) reflexes. 
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In Figure 5, representative APT elemental maps of V atoms in ferrite after deformation and 

different dwell times at 600°C are illustrated. By visual inspection, regions with V enrichment 

are visible, which indicates the presence of V precipitates. After 60 s, the particles at 700°C 

are more pronounced but, also in this condition (600°C/60s), solute enrichments are visible. 

The APT reconstruction reveals that they have a spherical and elliptical shape and that their 

size increases with longer dwell times. The influence of the dwell time is also reflected in the 

number density. The number of precipitates decreases with longer dwell time, which is most 

obvious by comparing the conditions after 300 s and 7200 s dwell time. By several APT 

measurements of each condition, the chemistry of ferrite and the size and chemistry of the 

particles were determined (Table 3 and Table 4). Table 3 reveals that the V content in solid 

solution decreases continuously with longer dwell times. The V content is 0.123 at % after a 

dwell time of 60 s and only 0.083 at % after 7200 s. The other alloying element contents are 

almost constant during isothermal annealing after deformation.  

 

Figure 5: Three dimensional reconstructions of the particles in ferrite after a deformation of φ=0.7 at 600°C for 

different dwell times, showing the distribution of the V atoms. a) 60 s, b) 300 s, c) 7200 s. 

 

The analysis of precipitate parameters at the different dwell times at 600°C are listed in Table 

4. The results were determined similar to the conditions at 700°C using the double maximum 

separation method with erosion. In Table 4, the size of the precipitates is described by Rg in 

the case of elliptical precipitates and by r in the case of spherical precipitates. As indicated by 

the visual inspection (Figure 5), the size of the precipitates increases with longer dwell times. 

After a dwell time of 60s, Rg is 0.35 nm and increases to 0.46 nm after 7200s. In case of the 

spherical precipitates, the increase is more obvious. After 60s, r is 0.69 nm and, after 7200s 

dwell time, r is 1.24 nm. The growth of precipitates is apparent but, compared to 700°C, the 

growth is less distinct.  

In addition to the chemical composition, the C/N ratio of the precipitates and the V precipitate 

phase fractions are shown. The precipitates are V carbonitrides at every condition, which 
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consist mainly of V, C, N and Fe. Mn is slightly enriched in the precipitates, the other 

available elements are found only in trace amounts. The C/N ratio reveals that, in the early 

stages of precipitation, the V carbonitrides are richer in N and, with longer dwell time, the C 

content increases. It was measured that, after short dwell time (60 s), the C/N ratio is 0.23 and 

changes to 0.98 (7200 s). The V precipitate phase fraction increases from 0.008% at 60 s to 

0.1192 % at 300 s dwell time. A further phase fraction increase from 300s to 7200s was not 

examined, but it is assumed that the lower amount after a dwell time of 7200 s (0.1034 %) 

compared to that at 300 s (0.1192 %) is ascribed to the small volumes examined during the 

determination of the phase fraction by APT. 

Discussion 

In this study, we show by APT and TEM investigation that, due to deformation, strain-

induced V carbonitrides were formed in a V micro-alloyed steel. The formation of these 

precipitates took place at both investigated temperatures of 700 and 600°C, but the precipitate 

evolution as a function of time is different at each temperature. To gain information and to aid 

the interpretation of the experimental data, thermodynamic and kinetic calculations of the V 

precipitates mean size, chemistry and the depletion of V in solid solution in the ferrite matrix 

were performed. The experimental data, i.e. particle size, chemical composition and V in solid 

solution in the ferrite are compared to values obtained by the MatCalc simulations. 

 

Figure 6: Calculated and experimental data of the precipitation kinetics of V-precipitates in ferrite: development 

of the mean radius of the precipitates at 600°C (a) and at 700°C (b), the development of the composition of the 

precipitates at 600°C (c) and at 700°C (d). e) shows the decrease of the V-content in solid solution in ferrite at 

600°C, for 700°C it is shown in f). 

 

In the calculation, V carbonitrides were assumed to nucleate heterogeneously at dislocations. 

Since the interfaces of the precipitates are coherent in the early stages of precipitation 
[19]

 and 

we observe some dilution of the interface in the APT analysis, the value of the interfacial 
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energy was taken as 90% of the value of the sharp interface as calculated from the generalized 

broken-bond model (GBB model).
[36, 37]

 The APT measurements showed that the precipitates 

are non-spherical, which was accounted for with a shape factor of 2. The calculations for the 

thermo-mechanical treatment (Figure 1) used in the experiments are shown in Figure 6. 

During the isothermal aging at 600°C and 700°C, V carbonitrides were obtained in the 

simulation. For both temperatures, with longer dwell times, the size of the precipitates 

increases.  For the sample isothermally aged at 600°C after a dwell time of 60 s, precipitates 

with a size of r equal to 0.69 nm (Figure 5a, Table 4) could be found. The experimental 

results showed that, at 700 °C after a dwell time of 60 s, larger precipitates with a size of 25 

nm diameter (Figure 2b) were only rarely found but precipitates in a size of a few nm (Figure 

3a, Table 4) could be identified. The simulations at 700°C indicate that the larger precipitates 

were formed during the isothermal aging prior to deformation. For this reason, we assume that 

the larger precipitates are formed at dislocations prior to deformation, whereas the nm-sized 

precipitates are formed because of deformation. This observation is confirmed in Figures 6a 

and 6b. The diagrams show the evolution of the precipitate mean size depending on time for 

600°C (Figure 6a) and 700°C (Figure 6b) starting with the isothermal heat treatment prior to 

deformation. In these diagrams, the deformation process takes place after 420 s, hence the 

diagram for 700°C shows that some precipitates are already formed prior to this step. Despite 

the formation of precipitates before deformation, still, considerable nucleation and growth of 

strain-induced precipitates is observed.
[22]

 As Figure 6a reveals at 600°C the precipitate 

formation and growth is strongly supported by the deformation process. The strain induced 

precipitates grow faster at 700°C than at 600°C (Table 4). This behavior is well reflected by 

the simulation showing that, at 700°C after 1500 s, a constant precipitate mean radius is 

reached (Figure 6b). For 600°C, this is not the case. Here the size of the precipitates is still 

increasing after 7200 s dwell time. The faster growth of the precipitates at 700°C is mainly 

caused by the higher diffusion rate of V.
[2]

 Other influences, like a lower solubility of VC and 

VN at lower temperatures, seemed to have a minor influence. Another effect at 700 and 

600°C is that the V diffusivity is additionally enhanced by deformation-induced dislocation 

networks, which promote pipe diffusion.
[2, 19, 20, 37]

 

APT measurements of the V carbonitrides revealed for both temperatures that the V 

carbonitrides contain more N than C in the early stages but, during the growth of the particles, 

the C content increases (Table 4). The evolution of the C/N ratio of the carbonitrides at 700°C 

shows C-rich precipitates after 300 s dwell time. At 600°C after a dwell time of 7200 s, the 
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precipitates are still N-rich (Table 4). The simulated chemical composition of the precipitates, 

which is illustrated for 600°C in Figure 6c and for 700°C in Figure 6d, confirm the 

experimentally observed trend. Figure 6c shows that, at 600°C, the change from N-rich into 

C-rich occurs after longer dwell times than for 700°C (Figure 6d). C-richer carbonitrides were 

not detected at 600°C (Table 4) but the calculated data describes the C/N behavior well, 

especially the later change from N to C rich. The calculations of the compositions of the V 

carbonitrides at 700°C in Figure 6d also show the change of the C/N ratio well. At this point, 

it should be mentioned that substantial Fe enrichment was found in the precipitates at every 

condition (table 4), which has already been observed in earlier work.
[38, 39]

  

Finally, the shift from N-rich to C-rich carbonitrides can be explained by the higher driving 

force for the formation of nitrides compared to carbides, which stems from the lower 

solubility of VN in ferrite than VC.
[2, 25]

 Despite the fact that the early stages of the 

precipitates are N-rich, due to limited N availability and N depletion in solid solution, C 

accumulates at already existing precipitates. A similar behavior is known from V precipitates 

formed from super-saturated ferrite.
[25]

 At 700°C, the change from N-rich carbonitrides into 

C-rich happens earlier caused by two effects. On one hand, during the isothermal aging prior 

to deformation, some precipitates were already formed, which consume part of the N in solid 

solution. On the other hand, by the faster V diffusion at 700°C, the precipitates grow faster 

and the C/N ratio changes earlier.  

During the growth of the precipitates, V in solid solution is reduced, which was investigated 

by APT measurements and calculated by MatCalc. The V depletion in solution is also an 

indication for the increase of the precipitate phase fraction because V is used for precipitate 

formation. Figure 6e shows the V solid solution depletion in ferrite for 600°C. The simulation 

data reveals that the V content in solid solution decreases after the deformation and still after 

7200 s dwell time. A similar trend is obvious at 700°C which is shown in figure 6f. In this 

case after 2000 s dwell time a constant amount of V in solid solution is calculated. APT also 

confirmed this trend. The corresponding data (Table 3) shows that the V content in solid 

solution decreases during the entire dwell time. The observed discrepancy between simulation 

and APT measurement in terms of the V content is attributed to the fact that APT measures 

the V evolution very locally around the precipitates, whereas the simulations are based on a 

mean-field representation of the precipitation process. The latter can therefore reproduce the 

V evolution in the close vicinity of the precipitates only qualitatively correct. Quantitatively, 

we see the expected deviations, which we do not consider as being critical for this reason. 
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Conclusion 

The characterization and investigation of the evolution of strain-induced V precipitates at 

different temperatures in ferrite by TEM and APT lead to the following conclusions: 

APT measurements showed that, at 700°C and 600°C, only V carbonitrides were formed. 

During the precipitate growth, the C/N ratio changes from N-rich into C-rich composition. At 

700°C, this change takes place earlier than at 600°C. 

Both characterization methods depict that the incubation time for precipitation at 700°C is 

lower than at 600°C. Especially, even without a deformation process, the incubation time is 

smaller at 700°C. In this case, precipitation occurred already prior the deformation. At 600°C, 

it was not possible to detect such early precipitates. 

Experimental data and simulations showed that, at 700°C, the precipitates grow faster and, 

also, the V depletion in solid solution occurs faster. That happens because the limiting factor 

for the formation of the precipitates is the diffusivity of V. The higher undercooling and the 

higher chemical driving force for precipitation at lower temperature seem less important. 
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