Montanuniversitit Leoben

New findings on the mechanisms during
mechanical alloying of a Fe-Y203 model alloy and
an oxide dispersion strengthened
high-alloyed steel

Doctoral thesis

submitted by

Dipl.-Ing. Gerald Ressel

Department of Physical Metallurgy and Materials Testing

Montanuniversitat Leoben

Leoben, December 2013



Affidavit

[ declare in lieu of oath that I wrote this thesis and performed the associated research

myself, using only literature cited in this volume.

Leoben, December 2013 Gerald Ressel



Acknowledgements

Ich mochte in den folgenden Zeilen Personen danken, die in unterschiedlichster Art und

Weise einen nicht unerheblichen Anteil an meiner Arbeit haben:

Zu aller erst mochte ich meinem Betreuer, Dr. Harald Leitner, danken, da er mir diese
Dissertation ermdoglicht hat. Ohne Harald wéare dieses sehr interessante Thema
wahrscheinlich gar nicht zu Stande gekommen. Ich bin Harald sehr dankbar, dass ich

mich mit diesem Thema beschaftigen durfte.

Einen weiteren grofden Dank meinerseits verdienen mein Erstbegutachter Prof. Helmut
Clemens und Dr. Sophie Primig, die mich nach Haralds Wechsel zu Bohler wahnsinnig

gut betreuten und unterstiitzten.

Auch bei meinen Biirokollegen Christopher, David und Stephi, sowie meinen Kollegen
Chrisi, Turki und Francisca mochte ich mich fiir die schone Zeit bedanken. Die vielen

lustigen Stunden im Biiro oder bei der Kaffeepause werde ich nie vergessen.

Speziell mochte ich meiner Familie und im Besonderen meinen Eltern danken, die
jederzeit fiir mich da sind und mich immer unterstiitzen. Ich habe ihnen sowieso alles zu
verdanken, da sie mir das Studium und somit die Dissertation ermdglichten. Mein

Bruder, Robert, ist bei meiner Arbeit immer mit Rat beiseite gestanden.

Zu guter Letzt mochte ich Katharina fiir ihre Liebe und Freundschaft wahrend dieser
Arbeit danken und sagen, dass ich sie liebe und dass ich froh bin, dass es uns beiden so

gut geht.



Table of contents

Affidavit I
Acknowledgements Il

Table of contents 1

Abbreviations \Y
1 INTRODUCTION -6-
2 MECHANICAL ALLOYING AND ITS MECHANISMS -9-
2.1 THE HISTORY OF OXIDE DISPERSION STRENGTHENED (ODS) ALLOYS -9-
2.2 PARTICLE HARDENING -10-
2.3 CHARACTERISTICS OF THE INTRODUCED DISPERSIONS -14 -
2.4 MECHANICAL ALLOYING -17 -
2.5 MECHANISM OF MECHANICAL ALLOYING -20-
2.5.1 BALL-POWDER-BALL COLLISIONS -20-
2.5.2 STAGES OF MECHANICAL ALLOYING -22-
2.5.3 THEORIES OF MECHANISMS OCCURRING IN THE FINAL STAGES OF MECHANICAL ALLOYING -28-
2.6 EFFECT OF MINOR ALLOYING ELEMENTS ON THE FORMATION OF Y-O NANOPARTICLES -36-

2.6.1 TITANIUM AS MINOR ALLOYING ELEMENT AND ITS EFFECT ON THE MICROSTRUCTURE AND
MECHANICAL PROPERTIES -37-
2.6.2 THE EFFECT OF THE MINOR-ALLOYING ELEMENT ZIRCONIUM ON MICROSTRUCTURE AND PROPERTIES

OF THE FE-Y203 MODEL ALLOY -38-
3 OXIDE DISPERSION STRENGTHENED HIGH-ALLOYED STEELS -44 -
3.1 COMMON POWDER METALLURGICAL PRODUCTION ROUTE OF TOOL STEELS -44 -

3.2 MODIFIED PRODUCTION ROUTE OF AN OXIDE DISPERSION STRENGTHENED HIGH-ALLOYED STEEL - 45

3.3 POWDER CHARACTERISTICS -46 -
3.3.1 PRE-ALLOYED AND GAS-ATOMIZED HIGH-ALLOYED STEEL POWDER -46 -
3.3.2 YTTRIA POWDER -47 -
3.4 SOFT-ANNEALING OF HIGH-ALLOYED STEEL POWDERS -48 -
3.4.1 CONSTRUCTION OF A FURNACE FOR THE SOFT-ANNEALING OF POWDERS -49 -
3.4.2 DETERMINATION OF THE SOFT-ANNEALING PARAMETERS -50-
3.5 MICROSTRUCTURE OF AS-MILLED HIGH-ALLOYED STEEL PARTICLES -55-
3.5.1 YTTRIA DISTRIBUTION IN SOFT-ANNEALED, AS-MILLED STEEL PARTICLES -56-

3.5.2 YTTRIA DISTRIBUTION IN AS-MILLED HIGH-ALLOYED STEEL PARTICLES WITHOUT PREVIOUS SOFT-

ANNEALING -58-
3.6 MILLED AND SOFT-ANNEALED HIGH-ALLOYED STEEL IN THE HIPED STAGE -60-
3.7 MILLED HIGH-ALLOYED STEEL IN THE HIPED STAGE WITHOUT SOFT-ANNEALING -68-



3.8 MICROSTRUCTURE AFTER TEMPERING -70-
3.8.1 MICROSTRUCTURE OF A MILLED, HEAT TREATED, HIGH-ALLOYED STEEL -71-
3.8.2 COMPARISON OF TEMPERING CURVES -81-
3.8.3 THE EFFECT OF USING ZRO2 BALLS AS MILLING MEDIA ON THE MECHANICAL PROPERTIES AT ELEVATED

TEMPERATURES -82-
3.9 DIiscUSSION -84-
4 SUMMARY AND OUTLOOK -86 -
5 PUBLICATIONS -90 -
5.1 LIST OF APPENDED PUBLICATIONS -90-

6 REFERENCES XCll




Abbreviations

APT atom probe tomography

bcc body-centered-cubic

BET Brunauer-Emmett-Teller

BPR ball-to-powder-ratio

DP Doppler broadening

DSC differential scanning calorimetry
EBSD electron-back-scatter-diffraction
fcc face-centered-cubic

FIB focused ion beam

HIP hot isostatic pressing

IPF inverse pole figure

LEAP local electrode atom probe

MD molecular dynamics

NFA nano featured alloy

ODS oxide dispersion strengthening
PAS positron annihilation spectroscopy
PCA process control agents

PSD particle size distribution

RDF radial distribution function

ROI region of interest

Rg radius of gyration

SANS small angle neutron scattering
SEM scanning electron microscopy
TEM transmisson electron microscopy
XPS x-ray photoelelectron spectroscopy
XRD x-ray diffraction

XRF X-ray fluorescence spectroscopy

YSZ yttrium stabilized zirconia



1 Introduction

Mechanical alloying is used to synthesize various materials with stable or metastable
phases. The different types of materials include amorphous, quasi-crystalline,
nanocrystalline and crystalline alloys. According to Suryanarayana [1], in the mid-1980s
it was realized that with mechanical alloying it is possible to produce alloys from
elements that are not easily formed by conventional methods. Moreover, even materials
which are impossible to prepare by conventional methods, e.g. elements that are
immiscible under equilibrium conditions, have been successfully produced by
mechanical alloying. The main reason for the invention and development of mechanical
alloying has been the production of so-called oxide dispersion strengthened (ODS) alloys
in which extremely fine particles (2-50 nm in diameter) of Y203 or ThO: are
homogenously dispersed in the material which is intended to be strengthened [1]. In the
present time it is state of the art to add about 0.3 m.% to 1 m.% oxide to for example Ni-
or Fe-based superalloys. Y203 and ThO: are extremely stable oxides, which do not
dissolve in Fe or Ni until extremely high temperatures. Mechanically alloyed ODS
materials exhibit a high strength at room temperature and also at elevated
temperatures. According to [1], this fact is based on more than one mechanism. First of
all, the uniform dispersion of these very fine introduced oxide particles inhibits
dislocation motion [2-5]. Because of the high stability of these oxides, this particle
strengthening mechanism exists also at elevated temperatures. Therefore, ODS
materials also exhibit a high resistance against creep deformation [6,7]. Furthermore, it
is known that mechanical alloying produces extremely fine grain sizes, which is the only
mechanism which improves the strength as well as the toughness of the material. As the
introduced oxides reduce grain growth at elevated temperatures and inhibit recovery
and recrystallization the strength of the ODS material is further increased at elevated
temperatures. Moreover, a further contribution to the strength is achieved by solid

solution-strengthening [1].

However, the mechanisms taking place during the last stage of milling Fe with Y,03 are
not clear until now. Therefore, this thesis is divided in two main parts. In the first part
experiments have been employed to elucidate the active mechanisms during mechanical

alloying. These experiments have been performed on a Fe - Y203 model alloy to reduce



the influence of other alloying elements. The author of this thesis has published 4 papers

in international journals and 2 proceedings on this topic (see attachment).

The second part describes the attempt to combine the process route of a high-alloyed
and an ODS steel to clarify the question if it is possible to introduce oxide particles also
in high-alloyed steels by means of mechanical alloying. A typical tempering curve of a
high speed steel is presented in Figure 1. The maximum of hardness for the type of a
HS 18-0-1 steel can be found at a tempering temperature of about 600 °C. At annealing
temperatures above 600 °C, a dramatical drop in hardness occurs. This can be related to
a coarsening of the secondary hardening carbides precipitated during the tempering
heat treatment. The aim of this part of the thesis is to impede this dramatical drop of
hardness at tempering temperatures between 600 °C and 800 °C. The idea is to
introduce particles into the high-alloyed steel, which are thermodynamically much more
stable and, therefore, coarsen much slower at elevated temperatures than common
secondary hardening carbides. Also in this part Y203 has been chosen as dispersions
introduced in the high-alloyed steel by means of mechanical milling. In the present time
the introduction of such stable oxide particles is a popular topic for steels for fuel
claddings of rectors in nuclear power plants. Previous papers [6,8-10] already
compared mechanical properties at elevated temperatures of Cr alloyed ODS ferritic
steels with common commercial alloys and showed its immense potential to improve
their properties. In this work it is the first time that these small Y-O disperoids in a range
between 1 and about 50 nm are introduced into high-alloyed steel powders to enhance
their mechanical properties at elevated temperatures. These findings have not been

published so far, therefore, they are described in detail in the second part.



70

65 e

(@]
o
\I

|| 7/ L ]
o \l.l'. \
&
L, 55
: \
n
£ 50
T \
: \
N
45
| [ —=—Hs 18-0-1 \
40 ==K 1801 =
T T T T 1
0 200 400 600 800

temperature [°C]

Figure 1: Tempering curve of a HS 18-0-1, which means a content of 18 m.% W and 1 m.% V.

This alloy clearly exhibits a typical secondary hardness maximum at about 600 °C tempering
temperature [11].



2 Mechanical alloying and its mechanisms

2.1 The history of oxide dispersion strengthened (ODS) alloys

The development of ODS alloys was mentioned for the first time in 1910. The product
was called “ductile tungsten”. This material was produced by the common powder
metallurgical process and the necessary disperoid size as well as the distance of the
particles was achieved by an extremely high deformation as forging or wire drawing.

The problem of this process was to produce components with large dimensions [12].

The next, very important milestone in the history of ODS alloys was the development of
thoriated nickel by DuPont in the year 1958. To improve the material strength in this
process finest oxide powder was mixed with nickel powder. The disadvantage of this

product was that it was very expensive [12].

Concerning ODS alloys, another very important developement was the production of
powders by mechanical alloying. Benjamin [13,14] invented the mechanical alloying
process in the 1960s and 1970s and initiated further developments of different
thermodynamically stable and metastable alloys. Solid solution, intermetallics,
quasicrystals, amorphous alloys, and bulk metallic glasses are examples of such
materials. Additionally, nanostructured materials, hydrogen storage materials and other

exotic materials are being synthesized by this process [1].

In the last few years a lot of research was done on ODS - Fe base alloys for application as
fuel cladding material in fast breeding reactors in nuclear power plants. Cr alloyed ODS
Fe base alloys are a promising candidate to meet the high demands of reactor
applications, because good mechanical properties at elevated temperatures and high

radiation resistance are necessary.

Figure 2 gives detailed information about the historical evolution of the development of

ODS alloys.
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Figure 2: Historical evolution of the development of ODS alloys [1].

2.2 Particle hardening

Particle hardening is besides solution hardening and work hardening one important
factor for adjusting hardness and strength of a material. This hardening mechanism can
raise the hardness of a material for more than two orders of magnitude. All three
mechanisms are based on obstructing the movement of dislocations. Arzt et al. [2-5,15]
published several papers on models of the strengthening mechanism of dispersions.
They showed a size dependence of particle hardening, which is illustrated in Figure 3. As
the material is heated up, the particles coarsen and their contribution to the hardness
decreases. This is the main drawback of steels regarding the mechanical properties at
elevated temperatures. At coherent precipitates dislocations either cut through the
particles, which is energetically favorable at small particle radii, or they circumvent at

larger particle sizes according to the Orowan mechanism.
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Figure 3: The contribution of particle size to strength as a function of their radius [2].

As already mentioned especially at temperatures above 600 °C carbide precipitates
coarsen in several types of steels and, consequently, at a certain size their contribution

to the hardness of the steel decreases.

To avoid this drop in mechanical properties at elevated temperatures, particles can be
introduced into the matrix, which are thermodynamically more stable than the common
carbides. This would, consequently, enable steels for an application at higher
temperatures. The materials strengthened with these stable particles (also called
dispersions) are called oxide dispersion strengthened (ODS) materials. In the last few
years these steels have also been called nano featured alloys (NFAs). It is not clear until
now, if these dispersions are all incoherent particles or if there are also coherent nano-
particles present. The following section describes the model of Arzt et al. [2] based on

incoherent dispersoids with sizes between about 20 and 50 nm.

Dislocations cannot cut through incoherent dispersoids. Hence, they have to circumvent
these particles, which is known as the Orowan mechanism [2]. Dislocations are forced to
deflect at hard, incoherent obstacles, which are distributed in a fine manner. Hence,
particle hardening with dispersoids is mainly based on this deflecting effect. To pass-by

incoherent particles, the following condition must be fulfilled [2]:

d(t) <L (1)



d(7) is the diameter of the deflected dislocation line and L the distance of the particles,

which is shown in Figure 4.

Figure 4: Deflection of a dislocation line caused by dispersoids distributed in the matrix [2].
This implies that a plastic deformation, or a dislocation motion, of the dispersion
strengthened material requires the formation of deflected dislocation lines. From this
fundamental consideration the following formula is derived, which describes the
maximum increase of the yield stress of disperoid strengthened metallic materials [2]:
2T; Gb Gb
Th, = — ~ — OC —
"7 bL " L R
With 7,,,, which is called the Orowan stress, i.e. the shear stress needed for a dislocation
to circumvent the particles. Tq is the line stress, b the Burger’s vector, G the shear

modulus of the matrix and L the average distance of the particles, which is proportional

to the average particle radius R.

The smaller the radius of the particles, the higher is the Orowan stress and the higher is

the strength contribution of the particles to the material [2].

Another possibility for dislocations to pass incoherent particles at elevated
temperatures is to cross-slip from one glide plane to another. Additionally, at higher
temperatures dislocations can climb, assisted by vacancies, to overcome these particles.
Materials applied at high temperatures contain obstacles at which a climbing of

dislocation or cross slipping is impeded [2].



At elevated temperatures either large precipitates reduce the mobility of dislocations,
such as the y* phase in Al containing Ni-base alloys for example, or fine dispersoids,
which cause an attractive force to dislocations. The latter mechanism is based on an
attractive force of a dislocation and the interface of the incoherent particle.
Investigations and theories, especially by Arzt and Roesler [5-7], suggest that the
surfaces of incoherent particles are favorable positions for dislocations because at these
interfaces their stress fields can be relaxed. Thus, repelling forces act on dislocations
trapped on the surface of the dispersions. This is due to a stress relaxation of the
dislocation stress field at the interface [16]. In Figure 5 a transmission electron
microscope (TEM) image of an adherence of a dislocation on a surface of an incoherent

particle is depicted.

Figure 5: Repelling force of a Y03 disperoid on a dislocation in a ODS Ni-base alloy. This is
caused by a relaxation of the stress field of both partners [17].

The attractive force between the dispersion-interface and the dislocation can be
calculated with the assumption that the line energy of the dislocation segment at the
interface is lower than at the segment of the dislocation in the matrix. It is also known

that a very small relaxation at the interface is enough to cause an adherence of the



dislocation at the interface. Rosler and Arzt [15] developed the following formula, which

takes the adherence of a dislocation at the interface into account:

Ty 11—kl Gb?R

T 1 [kTlné, /e'r/ 3

With 7,4, which can be calculated according to the formula 74, = 79,V1 — k2. 74 is the
athermal adherence stress. T is the absolute temperature, k is the Boltzmann constant, &
the strain rate, and & is a factor, which includes the diffusivity and the density of mobile

dislocations [2].

2.3 Characteristics of the introduced dispersions

In Publications A-F as well as in the second part of this thesis Y203 has been chosen as
dispersions introduced in the material, because it is thermodynamically much more
stable than carbides, which are the more common particles in steels. The chemical
composition of the powder analyzed in Publications A-F before and after milling is listed

in Table 1.

Table 1: Chemical composition of the of the analyzed powders before and after milling (in at.%).

Fe Al Mn Cr Ni Mo w Cu Y203
before
bal. - 0.12 0.05 0.03 - - - 0.13
milling
12h
mechanically bal. 0.34 0.14 0.09 0.05 0.01 0.8 - 0.12
alloyed state
24 h
mechanically bal. - 0.18 0.08 0.1 0.08 - 0.23 0.13
alloyed state
48h
mechanically bal. 0.1 0.16 0.24 0.1 0.01 0.05 - 0.13
alloyed state

There are numerous studies dealing with yttria containing ODS steels. For example,
Miller et al. [18-20], Hirata et al. [21] or Klimiankou et al. [22-24] worked on ODS

ferritic steels. However, their chemical composition differs from the ingredients of this




work especially in the Cr and Ti content, which is reported to be ~14 m.% as well

as~0.5 m.%, respectively.

Figure 6 compares the standard formation enthalpies (AfG?) of Y203, TiC, Cr23Cs, and VC,

which is a scale for the stability of different phases.
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Figure 6: Comparison of the standard enthalpy of formation (A:G?) of Y203, carbides such as TiC,
CI‘23C6 and VC [25,26].

The more negative the standard enthalpy of formation of a certain phase, the higher is
its thermodynamical stability. Y203 shows an enthalpy of formation of about -
1900 kJ mol-! and the carbides an enthalpy between -200 to -100 k] mol-1. This is about
one order of magnitude lower and indicates the immense thermodynamical stability of
Y203. Due to this fact, yttria has an extremely low solubility in Fe and, therefore, a
positive heat of mixing. Thermodynamic calculations were conducted by Domagala et al.
[27] and Gschneider [28] in 1961. More present studies were published by
Kubaschewski [29] and Zhang et al. [30]. Their calculations revealed a maximum
solubility of Y in Fe of lower than 0.6 at.% at a temperature of approximately 1345 °C. At
lower temperatures the solubility of Y in Fe is even smaller. Figure 7 shows the
calculated phase diagram of Fe and Y. This can be related to the quasibinary

phasediagram of Fe-Y;0s.
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Figure 7: Fe-Y system, showing a very narrow phase field at the Fe rich side, meaning an
extremely low solubility of Y in Fe, especially at low temperatures [29].

Because of this exceptionally low solubility other production routes than conventional
metallurgy must be applied to distribute fine oxide particles in Fe. Mechanical milling is
a method to produce metastable phases and a material where these oxides are finely
distributed in the Fe matrix. In earlier years it was assumed that during mechanical
alloying no dissolution occurs, but a very fine distribution of Y203 in Fe [7,12-14,31-33].
In more recent publications [20,34-36] it is assumed that in the Fe-Y;03 system
(typically Fe alloyed with ~14 m.% Cr, ~0.5 m.% Ti, ~0.5 m.% Y203 and a very low C

content) Y203 dissolves in the Fe matrix and fine Y-O particles precipitate after hot



isostatic pressing (HIPing). However, this assumption has not been clearly evidenced

until now.

2.4 Mechanical alloying

For the last four decades mechanical alloying has been a demanding field of research
which continuously growing with more than 500 publications each year [1]. There are
different processes to produce metastable alloys. The most prominent method is to
quench a melt or a high temperature phase. Additional possibilities are the production
with the help of a plasma as well as vapor deposition and mechanical alloying. The main
topic of all of these techniques is that, first of all, energy is introduced in the system and
subsequent quenching is applied to achieve a metastable phase as initial state. In the
case of this thesis the initial state is a Fe or a steel matrix with extended solubility of Y or

0. Figure 8 shows the basic concept schematically [37].

Solid, Liquid, or Vapor

Rapid Solidification
Mechanical Alloying
Vapor deposition

G T.P.E Metastable Phase

G,

Equilibrium Crystalline State

Figure 8: The basic concept, energy input and quenching to achieve metastable alloys [37].

During the mechanical alloying process the metastable state is achieved by particle
compression causing plastic deformation. Several previous publications [38,39]
estimated that the local temperature occurring at a powder particle during the collision
with the balls is far above room temperature. Subsequently, the powder particle cools

down quickly. This process is permanently repeated during milling. The temperature is



increasing in the vial with progressing time and consequently also in the trapped

particle.

Table 2 shows the various processes and their possibility to deviate from

thermodynamic equilibrium in k] /mol.

Table 2: Deviation of the thermodynamic equilibrium due to the different processes [22,23].

_ Effective quench rate Maximal deviation from
Technique el
[K/s] equilibrium [k]/mol]
Solid state quench 103 16
Rapid solidification
. 105-108 24
processing
Mechanical alloying - 30
Mechanical cold work - 1
Irradiation/ion implantation 1012 30
Condensation from vapor 1012 160

The mechanical milling process generates about 30 kJ/mol. Thus, this is, besides
irradiation, the second highest energetic deviation from the thermodynamic

equilibrium [41].

Before the start of the mechanical alloying process the various constituents are blended
in a tumbling mixer with the preferred ratio. Also in the publications A-F the Fe powder
is mixed with the Y203 powder prior to milling. Subsequently, the vial is loaded with the
powder blend and milling balls in a specific ratio, which is called the ball to powder ratio
(BPR). Optionally, Process Control Agents (PCA) can be added to the batch.
Subsequently, the milling process is started for a certain duration. Depending on the
type of alloy and the constituents, saturation is reached after a certain time, where
further milling has no effect on the structure and composition of the powder particles. In
some alloys this is a metastable phase, where the dissolved concentration exceeds the

thermodynamic equilibrium.

2.4.1.1 Types of mills

There are various types of mills for mechanical alloying. The most frequently used ones
are SPEX shaker mills, planetary ball mills and so-called attritors, which were used in

this study.




A conventional ball mill consists of a rotating horizontal drum, half-filled with balls. The
powder is milled by the rotating drum and by colliding balls. The rate of milling
increases with the speed of rotation. At high rotational velocities the centrifugal force
exceeds the gravity of the balls which has the effect that the balls stick to the container

wall and a milling effect of the balls is missing [1,37].

Attritors consist of a vertical drum also half-filled with balls. In this system a shaft with
rotating arms is inserted. An engine powers the shafts to rotate, which agitate the balls.
The powder particles are subjected to different forces, which are impacts of balls,
shearing as well as rotation. Milling with attritors is much more efficient because most
of the energy is used for the movement of the grinding media. Moreover, because the
drum is not rotating, the sticking of the balls at the vial wall at high rotation speed is

impeded [1,37].

Normally, attritors work batchwise, but for mechanical alloying of a high quantity of
powder also continuous processes can be applied. The attritor can be batched on the
upper side and the processed powder unloaded on the lower side. In the continuous
method the height of the attritor as well as the flow rate of the powder, which is
influenced by the particle size and size of the balls, are the main parameters which
determine the milling intensity of the powders [1,37]. Figure 9 shows the set-up of an

attritor mill schematically.

Water-cooled

stationary tank
Gas seal

Steel ball
bearings

Ball mill

Rotating impeller

Figure 9: Set-up of an attritor mill with rotating arms and balls as grinding media [1,37].



2.5 Mechanism of mechanical alloying

A large number of different alloys in various constitutions have been produced by
mechanical alloying. For example, solid solutions which are in the thermodynamic
equilibrium, metastable or amorphous materials. Although the number of different sorts
of phases formed during mechanical alloying is very large and many applications for
these materials have been investigated [37], the number of works dealing with the
mechanism of mechanical alloying is very limited. This following chapter gives an
overview of the literature of the last few years concerning the mechanism of milling and

compares them with the findings of this work.

2.5.1 Ball-powder-ball collisions

Whenever two balls collide or balls collide with the vial, a small amount of powder is
trapped in between them. Therefore, mechanical alloying means a random impact of
blended powder or pre-alloyed powder with balls, causing a heavy deformation of the
powder particles. It is assumed that, normally, about 1000 particles with an aggregate
weight of about 0.2 mg are trapped during each ball collision. During this process the
particles are repeatedly fractured and again cold-welded. The fracture and cold welding
process as well as the milling kinetics depend mainly on the condition of the powder and
on their deformation behavior. If the starting powders are soft and ductile, they are
deformed, work hardened and, consequently, they are flattened to flakes. Figure 10
shows a scanning electron microscope (SEM) image of a Fe particle before and after
milling for 48 h in an attritor with 0.5 m.% Y203. Because of fracturing and cold-welding
also flattened layers of the different powder constituents are formed inside each
particle. Brittle powder particles, for example, intermetallic powders or oxides, get
fractured and repeatedly fragmented into smaller particles. If a soft and ductile
constituent is milled with a hard and brittle powder fraction, the harder and more brittle
constituent tends to be incorporated and trapped in the softer material. After a large
number of impacts particles obtain a homogenized and refined microstructure if both
constituents are mutually soluble. If they are not mutually soluble some authors, for
example Suryanarayana [1], assumed that the dispersions get homogenously dispersed
in the matrix. For example, dispersoid oxide particles, which are insoluble in the metal
matrix, get distributed in a very fine manner in the matrix with progressing milling

duration. Figure 11 presents the different deformation characteristics of the various



types of powder constituents during milling. Furthermore, it must be mentioned that the
severe deformation as well as the fracturing causes a dramatic increase of the surface to
volume ratio and rupture of the surface films of the adsorbed contaminants can take
place. Additionally, because of cold welding some powders may coat the grinding media

resulting in a thin layer at the surface. This thin layer reduces contamination of the

milled powder and can improve the wear resistance of the grinding media [1].

Figure 10: SEM images of Fe particles before (a) and after (b) milling with 0.5 m.% Y03 for 48 h
in an attritor. The ductile Fe particles have been deformed into flakes.
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Figure 11: Different deformation characteristics of powders. Ductile metal powders usually get
deformed to flakes, whereas brittle intermetallic powders or dispersoids are fragmented into
smaller particles [1].



2.5.2 Stages of mechanical alloying

According to Suryanarayana [1,37] different stages of mechanical alloying are described.
As already mentioned, in the early stages of milling, soft metal powders undergo a heavy
deformation as they are flattened into flakes. Because they also get fractured and again
cold-welded also with the second constituent powder, a composite powder exhibiting a
lamellar structure is formed. If the second constituent is a dispersoid, the constituents
are closely spaced along the lamellar boundaries. At the beginning of the process also
original particles may exist, which have not been deformed yet. Therefore, the
composition of all particles is not similar in this stage. The size of these particles is in the
range of a few micrometers to a few hundred micrometers. Figure 12 presents a
schematic illustration of different powder constituents during the early stages [1,37].
This work deals with a ductile phase as metal A and oxides, which are presented as
disperoids in Figure 12. Also intermetallic phases can be mechanically alloyed, but are

not investigated in this thesis.

Metal A
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Figure 12: Microstructure of a particle in the early stages of milling [1,37].

Suryanarayana [1,37] called the next stage intermediate stage. As the milling process
with cold welding and fracturing continues, the lamellar structure refines and the

disperoids are distributed more homogenously and become finer. Figure 13



schematically shows a microstructure of a particle in this stage. At this stage the layers
are convoluted, owing to an enhanced amount of cold working and an increased defect
density, such as vacancies, dislocations and grain boundaries. Due to ball impacts the
temperature increases in the particles which further improves diffusion. Several
publications [38,39] estimated the temperature for more than 150 °C to be reached in

the particles that become trapped between two colliding balls [1,37].
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Figure 13: Microstructure of a particle in the intermediate stage of milling [1,37].

In the final stage, as depicted in Figure 14, the layers become finer and also more
convoluted. The composition of each milled particle becomes similar to that of the initial
blend of powders. The lamellar spacing gets smaller than 1 pm and the microhardness of
the particles reaches a saturation level. Finally, the fine lamellae are no longer resolvable
under the optical microscope. Early publications assumed that these dispersoids get
refined during milling to a size of about 5-20nm. Additionally, they are finely
distributed but do not dissolve because of their positive heat of mixing [12-14,31,42]. It
was also supposed that further milling would not improve the distribution of these

dispersoids.
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Figure 14: Final stage of mechanical alloying according to Suryanarayana [1,37].

As already mentioned some results have been published recently, which suggest that
there is a mixing of Fe and Y:03. For example, Miller et al. [19,20,43] analyzed
mechanically alloyed Fe-Cr-Ti-Y203 alloys after HIPing by means of atom probe
tomography (APT). Additional information on the principle of APT can be found in [44].
Small particles in the size of a few nanometers mainly enriched in Y, O and Ti were
detected. By analyzing the composition of these particles and by comparing the Y/O
ratio to the original Y203 powder these authors assumed that these nanoparticles are not
just remnants of the original yttria powder particles. At this small size of about 1 nm it
should be mentioned that the Fe concentration in the particles is overestimated due to
uncertainties during atom probe measurements. Field ion microscopy investigations
revealed that these Y-O nanoparticles show a preferential evaporation compared to the
Fe matrix [45]. Therefore, tip irregularities occur during APT measurements resulting in
lower local magnification and an increased amount of Fe matrix atoms detected inside
the nanoparticles. Moreover, the re-calculated shape of the particles can differ from the
real appearance [44,46]. Finially, the O concentration in the particles can be

underestimated due to trajectory aberrations.

Furthermore, several transmission electron microscopy (TEM) investigations of HIPed
materials were performed [21-24,47,48]. For example, Klimiankou et al. [22] found an
orientation correlation between a Y-Ti-Cr-O nanoparticle and the Fe-Cr matrix. This

suggests the dissolution of Y203 in Fe after milling and the precipitation of such



nanoparticles during HIPing. Hirata et al. [21] reported a high lattice coherency with the
bcc matrix and described the structure of a nanoparticle as a defective NaCl structure.
However, Bernard et al. [49] employed ab initio calculations with the result that Y-O
nanoclusters are most stable in the common Y203 structure and do not adapt to the Fe
lattice. Therefore, it can be assumed that after HIPing or after heat treatments even the
smallest particles would form as incoherent phases. According to Arzt, Roesler and
Wilkinson [2-5] incoherent particles, which force dislocations to circumvent at any size,
have the highest effect on the strength and hardness when their size is as small as

possible.

However, in case of solely HIPed materials a detailed verification of the processes active
during milling is difficult. Therefore, several investigations have been employed on a Fe-
Y203 model alloy in order to elucidate the functionality of milling, especially in the last

stages.

In publication A as well as publications B a comprehensive set of experiments were
carried out, which evidence that in the system Fe and Y203 intermixing occurs also
during milling, where Y and also O are distributed in an extremely fine manner. Atom
probe measurements on mechanically alloyed powder particles showed that Y and also
O exhibit an extended solubility in the bcc Fe matrix compared to calculations at the
thermodynamic equilibrium [27,29,30]. Figure 15 presents the APT measurements
conducted on a powder particle, milled for 48 h, which agree with results of Cr and Ti

alloyed ferritc steels investigated by Williams at al. [50].
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Figure 15: APT measurement of an as-milled powder particle of the Fe-Y,03; model alloy
presenting the distribution of the elements Y (a), O (b), Mn (c), and Al (d).

Despite the extended solubility, Y and O also enrich to clusters. APT measurements also
revealed that during milling incorporated elements, such as Mn or Al, enrich at the
clusters (Figure 15c and d). These enrichments clearly evidence that these particles are
not original Y203 powder particles. APT investigations and the evaluation of radial
distribution functions (RDFs), which indicate whether an element is distributed
homogenously and evaluates the degree of clustering of an element, showed that HIPing
and subsequent annealing cause a formation of distinct particles and a depletion of Y, O,
Mn and Al in the matrix. These findings were summarized in publication A. As an
example the development of the distribution of Y during processing is shown in Figure
16. Also Williams et al. [51] found Mn, but also Ti enrichments in the particles in a HIPed

Cr and Ti alloyed steel.
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Figure 16: Development of the radial distribution function (RDF) of Y during the process route of
the Fe-Y,03 model alloy [Publication A].

Furthermore, Publication B compared the Y and O as well as the Mn and Al distribution
after 12 h and 48 h milling. The results revealed that more Y and O is dissolved in the
matrix after 48 h of milling than after 12 h. However, the average Y content of the
clusters is roughly the same in both milling states. Also the cluster sizes of both
conditions are approximately equal and within the standard deviation. The fact that
there is a saturation in the cluster size during milling evidences that these particles are
not crushed remnants of original brittle Y203 powder particles. Moreover, X-ray
photoelectron spectroscopy (XPS) measurements, which can give information of the
chemical bonding of various elements, showed that after milling the vicinity of Y atoms
is more electropositive than before, indicating that besides the original bonding partner
O also other more electropositive elements, such as Fe, Mn or Al, are present in the
surroundings of Y atoms. After HIPing a further shift of the binding energy towards a
more electropositive surrounding is detected, which agrees with APT measurements in
publication A, showing larger enrichments of Mn and Al at the particles. Figure 17 shows

the results of the XPS measurements.

Further investigations on the mechanism, especially during the last stage of milling,
were performed. These experiments should elucidate why it is possible to produce a

metastable material, where Y exhibits an extended solubility in the Fe matrix.
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Figure 17: Y3d signals of the 12 h (a) and 48 h (b) milled state as well as the HIPed condition
determined by means of XPS [publication B], indicating a weaker bonding of core electrons after
milling and HIPing, caused by a more electropositive vicinity of the Y atoms.

2.5.3 Theories of mechanisms occurring in the final stages of mechanical alloying

Two different theories were proposed dealing with the mechanism during milling with
two immiscible elements. In both theories defects, such as dislocations, play an
important role. However, it is also unlikely that the effects are equal in all systems. In the
first theory shearing causes a mixing of two different phases. In the second theory

enhanced diffusion provides the metastable solid solution.
Shear induced chemical mixing by mechanical alloying

This theory is based on shear stresses, which force dislocations to cut different phases
with the consequence that atoms of these phases relocate during high deformation, such
as ball milling. Ashkenazy et al. [52] employed molecular dynamics (MD) calculations in
order to reveal the behavior of different phase combinations during high deformation.
These authors studied the evolution of initially spherical particles in a Cu matrix during

strain application. As a second phase either Ag or Ni as fcc metal and either Fe or Nb or V



as bcc metals were used. These different systems include wide ranges of heat of mixing,
which strongly influences shear mixing. This has been shown by Odunga et al. [53] and
Vo et al.[54]. Moreover, they differ in elastic properties, atomic size and crystalline
structure. Figure 18 presents the results of the calculations after a strain of 6. The Cu-Cu
system, which is the reference sample, shows the most heavily mixed behavior. The
other systems do not show dramatic differences. In Figure 19 the relocation of the
particle atoms can be seen at an applied strain of 60. The mixing of different phases
proceeds. For example, in the Cu-Ag system, which is a fcc-fcc system, dislocations can
transfer from one phase to the other. Consequently, a shear-induced mixing can take
place [55]. Conversely, in the Cu-Nb system or Cu-V system, for example, which are fcc-
bcc systems, the latter process does not occur [52]. In these systems dislocations cannot

cut particles, but cause an amorphous shell [52].

To characterize the mixing behavior of a CusoAgio alloy Arshad et al. [55] performed
experimental investigations. X-ray diffraction (XRD), Z-contrast TEM and APT were
conducted in order to determine the critical strain for intermixing Ag in Cu against the
initial particle size. These authors found that the strain scales linearly with the particle

size.

Moreover, Klassen et al. [56] investigated an AgsoCuso alloy in order to discuss the
competing mixing and de-mixing reaction rate at temperatures up to 423 K. Calculations
using an Arrhenius plot were performed considering differential scanning calorimetry
(DSC) and XRD results. For the decomposition upon heat milling a weak temperature
dependence has been observed. Calculations revealed an activation enthalpy of 0.11 eV

for the decomposition, which is a very low value.



Figure 18: Monte Carlo (MC) and MD calculations showing the morphology of initially spherical
particles after a strain of 6. The reference specimen is the Cu-Cu system [52].

Figure 19: Monte Carlo (MC) and MD calculations are employed to show the morphology of
initially spherical particles after a strain of 60. The reference specimen is the Cu-Cu system [52].

However, according to Odunuga et al. [53] shear induced intermixing is suppressed in a

system consisting of hard particles in a soft matrix. This is because of localized plastic

strain in the soft constituent, for instance due to a difference in shear moduli. This fact



can also be related to the Fe-Y203 system. Consequently, it can be concluded that this

theory solely cannot be the key to understand mixing the system Fe - Y203.
Chemical mixing by pipe diffusion along dislocations during mechanical alloying

A second microscopic model for mechanical alloying has been published in 1998 by
Schwarz [57]. In this theory especially the role of dislocations is considered. If ductile
materials, such as Fe or Cu particles are considered, mechanical alloying causes a heavy
plastic deformation of these particles and, therefore, a generation and motion of a large
number of dislocations and other crystal defects such as vacancies. As already
mentioned, the ball collisions induce fracturing and cold-welding of the different particle
phases (termed A and B), forming lamellae with A/B interfaces. This situation is

schematically shown in Figure 20.
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Figure 20: Concept of accelerated intermixing of two phases (A and B) by means of pipe diffusion
along dislocations [57].

The theory of Schwarz [57] is based on kinetics of dislocations and the interaction of
dislocation-solute in crystals. In the present work the solute B is Y203 and the solvent A
is the iron matrix. It is well known that dislocations interact with solutes through
different mechanisms: chemical, elastic, electrostatic, and stress-induced order
locking [58]. These various mechanisms operate parallel and concurrently. At edge
dislocations the main contribution arises from elastic locking. This means that for
example larger substitutional atoms, such as Y in Fe, can relax their stress fields at the
expanded space underneath a dislocation. It must be mentioned that in the case of
diffusion activities it is assumed that Y203 decomposes to Y and O atoms, because of the
mechanical and thermal energy from ball impacts. Furthermore, a diffusion of large

molecules seems rather impossible. In this thesis an 3D energy field of a Y atom as an



Eshelby inclusion in a bcc Fe with an edge dislocation where the Burgers vector b is

[111] is calculated and shown in Figure 21 [59].

energy [eV]

Figure 21: 3D energy field of a Y atom as an eshelby inclusion in a bcc Fe matrix with an edge
dislocation, where b is in the [111] direction [59].

Especially smaller interstitial atoms accumulate at these positions underneath
dislocations, which are known as Cottrell clouds. The interaction energy for this locking
is proportional to a misfit value, which describes the difference of the lattice parameter
of a solvent with a concentration of solutes. Thus, the interaction is strongest when the
atomic radii of solvent and solute are largely different. For example, according to the
work of Teatum et al. [60], Y has an atomic radius of 180.1 pm and Fe a radius of
127.4 pm. For substitutional atoms, the dislocation/solute interaction is typically in the
range of 15 kJ/mole. For interstitial atoms the interaction is in the range of 70-
150 kJ/mole. Because of this interaction, solutes larger than the matrix atoms are
attracted to the expanded regions near the cores of edge dislocations. Thus, according to
Schwarz [57] solutes A should easier penetrate a distance Zo in crystal B through the
core of dislocations, which is schematically shown in Figure 20. These dislocations act as
diffusion pipes and this should even occur if crystals A and B have a positive heat of
mixing. However, the author suggested that the dislocation-solute interaction energy

should be larger than the heat of mixing. He also assumed that these dislocations have a



positive effect on the solute diffusivity. It is known that the activation energy for

diffusivity along dislocation cores is about the half value of bulk diffusion [61].

According to Schwarz [57] powder particles are moving freely inside the vial during the
milling process. During this time the dislocations are not forced to move by deformation
and the solute atoms B are able to diffuse through cores of the dislocations into the bulk
solvent A. In Figure 20 the drawn lines mark dislocations and the bold lines represent
the solute B decoration of these dislocations, which diffused through their cores.
Because the solutes have an attractive interaction with the dislocation, their

concentrations are much higher than the equilibrium solubilities.

When the particles are subsequently trapped between colliding balls, shear stress is
applied on the dislocations. The stress forces the decorated dislocations to glide in a
speed where the solute atoms are not able to follow. Thus, the dislocations break away
from the solute atoms and can now act as diffusion pipes for other solute atoms again.
Consequently, these dislocations act as agents for mixing of two phases with a positive
heat of mixing. As already mentioned in a previous chapter the temperature occurring in
a trapped powder particle is assumed to be about 150 °C and is increasing with
progressing milling time [38,39]. Therefore, diffusion is further enhanced due to higher

temperatures.

These models on the intermixing of two different phases, which have normally a positive
heat of mixing, are only theories and assumptions which are not based on proper
experimental findings. Especially for the system Fe-Y203 the mechanisms are not clear
until now. Therefore, this doctoral thesis started with investigations trying to elucidate
the active mechanisms during the last stage of milling, which are described in the

following paragraphs.

In order to reveal the role of defects during milling Fe with Y203, positron annihilation
spectroscopy (publication C) as well as ab initio calculations (publication B) were
employed on the powder particles. Detailed information about ab inito calculations,
which are also called first principle calculations, can be found in [62]. Results of the
calculations in publications B showed clearly that defects, such as single or double
vacancies, have a positive effect on forming a Y substitutional atom in a Fe bcc matrix

(shown in Figure 22). It is well known in literature, i.e. Kelly and Nicholson [63], that



solute-vacancy pairs also have a much higher diffusivity in the bulk, increasing the

possibility that the solutes diffuse and dissolve in the solvent.
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Figure 22: The energy of solution of a substitutional Y atom in a Fe matrix against the number of
vacancies and their configuration. At a certain configuration the energy of solution becomes
negative, meaning that it is stable [publication B].

Indeed, positron annihilation spectroscopy (PAS), Doppler broadening (DB) as well as
lifetime measurements, revealed that Y enriches at the free volume of the milled Fe
particles. The Doppler broadening results are presented in Figure 23, showing that the
milled states show an affinity to Y203 at higher momenta. This suggests that Y is
enriched at the annihilation sites already in the milled particles. Alinger et al. [64,65]
performed positron annihilation as well as small angle neutron scattering (SANS)
investigations on as-HIPed Cr, W and Ti alloyed Fe-base specimens. They analyzed the
cavities and bubbles after HIPing. The authors revealed that after HIPing the nano
features (NFs) range from non-equilibrium solute enriched clusters (zones) and
transition phases to complex oxides including Y2Ti;07 and Y,TiOs. They proposed that
up to 50 % of the positrons annihilate at Y-Ti-O NFs, which approximately meets the

results of particles directly after milling before HIPing derived in this thesis.
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Figure 23: PAS-DB signal which shows that the milled particles of the Fe-Y,03 model alloy have
an affinity to Y,03 at higher momenta [publication C].

However, because of limited resolution of PAS, yttrium enrichments at grain boundaries
of grains smaller than 100 nm in size or at dislocations cannot be excluded. Therefore,
electron backscattering diffraction (EBSD) measurements were employed to determine
the mean grain size of a milled particle. They revealed a mean grain size of 138 + 92 nm
in diameter after 12h of milling, leading to the conclusion that grain boundary
enrichments can be excluded. Figure 24 shows an overlay of an inverse pole figure (IPF)

map and an image quality map of the milled powder grain.
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Figure 24: Overlay of an pole figure (IPF) map and an image quality map of the 12 h milled Fe-
Y.03 model alloy powder grain [publication C].



Furthermore, APT measurements performed in publication C revealed an enrichment of
Y and O atoms at clusters. Furthermore, the interfaces detected by APT have a distance
larger than 100 nm and are enriched in Cr or Mn but not in Y, which supports the results
of PAS and EBSD that grain boundaries are not enriched in Y. Moreover, the shape and
arrangement of the enrichments suggests that especially vacancies are enriched, which
agrees with the ab initio calculations in publication B. For instance Pereloma et al. [66]
detected C enriched dislocations by means of APT. This is not the case in this work.
Consequently, also dislocation enrichments of Y can be excluded, because typical one

dimensional line enrichments, so called Cottrell clouds, were not detected by APT.

All in all, during the first stages of milling open volumes, such as grain boundaries,
dislocations and vacancies are assumed to assist the intermixing of both constituents.
However, because of the results of the applied investigations it can be concluded that the
most important mechanism occurring during the last stage of milling is vacancy assisted
diffusion. In this stage Y and O can diffuse with the support of vacancies into the Fe
matrix to form metastable clusters and a supersaturated Fe matrix, exhibiting an

extended solubility of Y and O.

Finally, it is assumed that a combination of the following effects can cause the
intermixing of Y in Fe, resulting in a metastable matrix. First of all, as already mentioned
the diffusion accelerated by the presence of vacancies and the extremely large surface
due to the small sizes of powder particles has a beneficial effect on the Fe - Y203/Y
intermixing. Additionally, instead of heat energy, mechanical energy introduced into the
particles by ball impacts helps to overcome the diffusion barriers of large Y atoms in a Fe
matrix and promotes these diffusion effects. Finally, when Y is already distributed in a
very fine manner, also shearing due to dislocation gliding can support the distribution

and further intermixing in the ferrite matrix.

2.6 Effect of minor alloying elements on the formation of Y-O
nanoparticles
Additional doping elements play an important role during the particle formation of

nanostructured ferritc alloys. It follows that they also have an effect on the mechanical

properties of the materials, especially at elevated temperatures.



2.6.1 Titanium as minor alloying element and its effect on the microstructure and

mechanical properties

Titanium and its effect on the formation of nanoclusters is the most frequently studied
minor alloying element in ODS ferritc Fe-based alloys. Ukai et al. [6,67] revealed that a
minor alloying addition of Ti to a Cr alloyed steel has an additional positive effect on the
mechanical properties at elevated temperatures. For example, the creep strength
increases about 100 MPa to approximately 250 MPa at a run time of 1000 h and a
temperature of 650 °C. Figure 25 indicates the increase of the strength as a function of Ti
content. Ukai et al. [6,67] claimed that this is due to the raise of the particle density as

well as the decrease of the particle size.
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Figure 25: Creep rupture strength of a Cr alloyed steel as a function of the Ti content [6].

Nomura et al. [68] employed TEM investigations. These authors published particle size
distributions and also proposed a refinement of these oxide particles. The highest
amount of particles without Ti was detected in a range between 10 - 14 nm. A simple
alloying addition of 0.3 m.% Ti causes a shift of the particle size maximum to smaller
sizes of about 3 nm. They revealed that these particles are complexes such as Y2TiOs,
Y2Ti207 or the common Y203 type. These authors assumed that the Y,TiOs oxide type

results from a cold welding process of Y203 and TiOz during milling.

Moreover, Williams et al. [69] analyzed the influence of Ti on the coarsening behavior of

the oxide particles at a temperature of 1200 °C and compared a 14Cr-2W-0.3Ti steel



with a 14Cr-2W-0.1Ti Fe-base steel. The authors proposed that Ti has no influence on
the kinetics of oxide particle coarsening and, therefore, no influence on the diffusion.
Consequently, it is concluded that Ti must have an influence on the nucleation rate of

these particles.

Murali et al. [70,71] employed first principle calculations and calculated the binding
energies of Y204V particles (note that V stands for vacancy). An addition of four Ti
atoms to the particle caused an increase of the binding energy and, therefore, of the
stability of the particle. These authors assumed that the higher binding energy reduces
the interfacial energy and, as a consequence, the particle density in the matrix is
increasing. The reduced interfacial energy can be the reason for the higher nucleation
rate with Ti than without. In the common Lifshitz, Slyozov [72] and Wagner [73] (LSW)
coarsening theory, the diffusivity of Y is the rate controlling mechanism in this case.
Therefore, it can be assumed that coarsening is similar with and without Ti, which was
also suggested by Williams et al. [69] and the particles are finer distributed due to an

increased nucleation rate.

Because of their finer microstructure and, therefore, improved mechanical properties
investigations have been mainly applied on Ti doped ferritic ODS steels. Especially,
Miller et al. [18-20,43], Kilmankou et al. [24], Hirata et al. [21] or Larson et al. [74]
analyzed these steels by means of APT and TEM. The effect of Zr on the formation and
stability of Y-Zr-O particles has been studied less frequently than Ti enriched Y-Ti-O
particles. The following chapter describes the effects of Zr on the microstructure and
mechanical properties reported in literature and the results derived from experiments

in this work.

2.6.2 The effect of the minor-alloying element zirconium on microstructure and

properties of the Fe-Y203 model alloy

Nomura et al. [68] and Uchida et al. [75] studied besides other minor alloying elements
also the effect of Zr by means of TEM on high Cr alloyed ferritic steels.
Nomura et al. [68] concluded that due to an simple alloying addition of Zr the mean
particle size decreases from 13 nm to 3 nm and Uchida et al. [75] found a particle size
decrease from a mean radius of 18 nm to 10 nm. Figure 26 compares the particle size

distributions of HIPed steel specimens with various minor alloying elements. Moreover,



steel specimens milled with Y203 and Zr showed improved creep strength compared to

the common mechanically alloyed steels without Zr.
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Figure 26: Particle size distribution of Fe-12Cr-Y,0s3 steels in dependence of the minor alloying
element [75].

Furthermore, Murali et al. [70] carried out ab initio calculations in order to reveal the
role of minor alloying elements on the stability of these particles. As already mentioned
before, Ti enhances the binding energy of the atoms inside the particles. Moreover, by
replacing Ti with Zr in these particles, Murali et al. [70] found out that the binding
energy further increases and, therefore, also the stability improves and the interface
energy is reduced. According to Murali et al. [70] this fact suggests that with Zr even
smaller particles can be formed for improved mechanical properties at elevated

temperatures than with Ti.

In this doctoral thesis the less established Fe-Zr-Y203 alloy was studied more in detail.
Additionally, a new process for the production of this sort of materials was developed.
Publication D describes a new and cheaper way of producing such alloys by economizing
Zr alloying addition with the use of yttrium stabilized zirconia (YSZ) balls as grinding
media. In this paper the incorporation of Zr and Y by YSZ ball abrasion as well as the
distribution of these elements in as-HIPed materials has been analyzed by means of X-
ray fluorescence spectroscopy (XRF) as well as APT. Moreover, the effect of this new
method on the particle formation was analyzed by additional TEM investigations and

compared to ODS steels produced with common steel balls.



First of all, presented in Figure 27, XRF measurements revealed a constant incorporation
rate of Zr and Y during milling due to ball abrasion, which makes the incorporation

process predictable.
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Figure 27: Incorporation of Zr and Y versus the milling duration due to YSZ ball abrasion
[publication D].

It is also suggested to choose a mixture of steel and YSZ balls as grinding media if a
higher milling impact on the particles and a lower Zr and Y incorporation rate are
required. APT as well as TEM investigations revealed a higher density of small Y, O and
Zr enriched particles in the rage of 1-2 nm in diameter in case of the YSZ ball specimen
compared to the sample without Zr incorporation. Figure 28 shows APT reconstructions
of the YSZ ball specimen, also enriched in ZrO, and Figure 29 shows larger particles in

case of the steel ball sample.
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Figure 28: 3D atom maps of the YSZ ball specimen showing small particles enriched in Y (a), O
(b), ZrO (c) and Mn (d) [publication D].

Figure 29: 3D atom maps of the steel ball specimen showing larger particles enriched in Y (a), O
(b), ZrO (c) and Mn (d) [publication D].

Several TEM investigations has been conducted to gain information on the particle size
distribution of both specimens. They revealed that YSZ ball milled specimen exhibit
much smaller Y-Zr-O particles, which agrees with the APT results. Hence, also by using
this new process the mean particle size decreases to 10.5 nm, which agrees with the
results of simple alloying addition from the work of Uchida et al. [75]. Figure 30

compares TEM investigations of the YSZ ball specimen and the steel ball sample.



2. Mechanical alloying and its mechanisms

Figure 30: Examples of TEM investigations of the YSZ ball specimen (a) and the steel ball
specimen (b) [publication D].

Furthermore, hardness measurements have been performed in order to check if there is
an influence on the mechanical properties. The measured hardness is 190 + 4.5 HV 5 in
case of the YSZ ball specimen and 169 + 2.6 HV 5 in case of the steel ball specimen.
Therefore, it can be concluded that even at room temperature the use of YSZ balls causes

a hardness increase of approximately 20 HV , which is due to Zr and Y incorporation.

All in all, the investigations revealed that Y-Zr-O particles are arranged in a finer manner
than Y-Mn-O particles in the common ODS sample. A particle size distribution is shown
in Figure 31. Hence, it can be concluded that this new way of producing advanced Zr
doped ODS steels is effective. Its advantage is, that it is much easier and cheaper because

no alloying addition of Zr is necessary.
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Figure 31: Particle size distribution of the YSZ ball specimen and the steel ball sample showing a
higher amount of smaller particles in the Zr incorporated sample due to ball abrasion
[publication D].



3 Oxide dispersion strengthened high-alloyed steels

3.1 Common powder metallurgical production route of tool steels

Tools, moulds and dies are made of tool-steel-alloys which form, shape or cut other
materials, such as steels, nonferrous metals or plastics [76]. Tool steels exhibit a
relatively high C content up to more than 1 m% compared to other types of steels. They
can be produced in two different ways. Firstly, these steels can be manufactured by the
common conventional metallurgical production route. Furthermore, higher quality
steels with more homogenous microstructures can be obtained by the powder-
metallurgical production route. Figure 32 presents the consecutive steps of the powder-

metallurgical process schematically.
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Figure 32: Powder metallurgical production route of a common tool steel [77].

After the powder production by means of gas-atomizing, the powder is filled in a mild
steel can. Then the can is welded and subsequently hot isostatically pressed (HIPed).
Afterwards, the HIPed material can be deformed by rolling or forging. After HIPing and
deformation a certain heat treatment follows. Figure 33 shows schematically the
temperature versus the duration of the different heat treatment stages. A stress
relieving treatment with subsequent furnace cooling is followed by a hardening process,
where the steel is austenitized up to~1200°C and quenched in oil or water to establish
an almost martensitic matrix. Thereafter, the steel is tempered two or three times
between 500 °C and 600 °C in order to obtain a higher content of martensite and to form

small carbides, which are also called secondary hardening carbides. These commonly



plate-shaped carbides contribute to the hardness of the steel and, consequently, the

hardness increases during tempering of the steels.

Harten / hardening

3. Vorwarmstufe
3 preheat stage

% Ol Warmbad / Vakuum
\ Qil/ salt bath / vacuum
L]

\

1]
1\ 1. Anlassen 2. Anlassen
. 1% tempering 2" tempering

2. Vorwéarmstufe
2™ preheat stag

1. Vorwarmstufe

1% preheat stag 3. Anlassen

3" tempering

Ofenabkihlung
furnace cooling

Spannungs-
armglithen
stress relieving

Temperatur / Temperature

Hérteprifen Harteprifen
Harcness test Hardness test

Zeit/ Time

Figure 33: Typical heat treatment process of a tool steel [78].

3.2 Modified production route of an oxide dispersion strengthened

high-alloyed steel

To produce a high-alloyed steel strengthened by oxide nano-partilces the common
powder metallurgical process route, as mentioned in the introduction, has to be
modified. This means that in the production process two new steps must be inserted. In
the modified process either a soft-annealing as well as mechanical alloying step or only a
milling process is introduced prior to HIPing. In Figure 34 the process route used in this
thesis is depicted schematically. After the production of the pre-alloyed steel powder by
gas-atomization, some powder batches are soft annealed. Figure 35 present a SEM image
of the as-received gas-atomized powder particles which normally have a martensitic
microstructure with retained austenite. The subsequent annealing step should provide
an almost ferritic matrix. Specimens mechanically alloyed without soft-annealing should
verify if the soft-annealing process has a positive effect on milling or not. After milling
the powder batches are inserted into a capsule. This capsule, consisting of mild steel, is

welded and subsequently HIPed. After HIPing a certain heat treatment is applied.

Danninger et al. [79] proposed an akin process where different hard phases, such as WC,
VC, NbC, SiC, TiC or Al203, have been distributed only by mixing and without severe

deformation of original powder particles in order to reinforce a new high speed steel.



Also in this part yttria is chosen as hard phase and milling is applied on the original

powder particles obtaining a distribution of oxides in a much finer manner in the steel
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Figure 34: Modified process route of a nanofeatured high-alloyed steel as developed in the
framework of this thesis. A soft-annealing step as well as a mechanical alloying step is
introduced in the process route [77].

3.3 Powder characteristics
3.3.1 Pre-alloyed and gas-atomized high-alloyed steel powder

For the experiments a pre-alloyed high-alloyed steel powder was used, which was
produced by a gas-atomization process at Bohler Edelstahl & Co KG. Its chemical
composition is listed in Table 3. To get an impression of the size and shape of these
particles, Figure 35 presents some powder particles of the as-received powder. The
powder grain size has been determined to be in the range of 10 um to 500 um in

diameter. The mean diameter is calculated to a value of 120 pm.



Table 3: The chemical composition of the high-alloyed steel powder.

Fe Co Cr Mo w \% Si Mn

Powder

composition | Bal 450 | 4.35 2.80 | 2.55 2.1 0.55 0.4
[m.%]

Figure 35: SEM image of the as-received gas-atomized high-alloyed steel powder.

3.3.2 Yttria powder

The submicrometer-sized yttria powders used in this study were provided by
Treibacher Industrie AG company, Austria. For the particle size distribution (PSD) a

Microtrac™ laser diffraction method was employed. In Table 4 the PSD of the yttira

powder is listed.

Table 4: Particle size distribution of the yttria powder obtained by laser diffraction.

dio | 0.3 um
dso | 0.59 um
doo | 1.16 um

A di1o of 0.3 pum means that 10 % of the powder particles are smaller than 300 nm. 90 %
of the yttria powder particles are smaller than 1.16 um. Additionally, the powder



exhibits a specific surface, also abbreviated as BET (Brunauer-Emmett-Teller), of

16.51 m?/g.
The yttria powder has a 99.9 % purity and its composition is listed in Table 5.

Table 5: Composition of the yttria powder.

Y203 Zr Si Na K Ca Al Fe Mg
Powder
composition | Bal. 135 185 65 55 42 45 19 2
[ppm]

3.4 Soft-annealing of high-alloyed steel powders

Pre-alloyed steel powders are produced by Nz-gas atomizing. In this process powder
particles are quenched rapidly, which causes an almost martensitic microstructure with
retained austenite. It is known that martensite is a very hard and brittle microstructural
condition, because of its extremely high internal stress and high defect density, such as

dislocation density.

According to previous works, for example by Suryanarayana [1,37], mechanical alloying
is based on continuous fracturing and cold welding of the powder particles due to the
great impact of crashing balls during milling. For cold welding a ductile component is
necessary. However, also Y203 can be classified as a ceramic which exhibits brittle
characteristics. The author also mentioned that brittle-brittle systems are much harder

to mechanically alloy than for example ductile-brittle systems.

Hence, in order to investigate the necessity of a ductile component, a soft-annealing
process was carried out on powders to achieve a high ductility component and to reduce
the hardness of the very hard and brittle gas atomized powder particles. Thus, the
almost martensitc powder should transform into a phase similar to the ferritic system,
which is in literature more well-established concerning mechanical alloying. In the
following chapters this powder is compared to the original high-alloyed steel powder
without soft-annealing, both directly after mechanical alloying. In the previous chapter,
experiments (publication A-D) revealed that mechanical alloying of pure Fe with Y203
dissolution and a very fine distribution of the oxide particles is possible during milling.

However, these investigations also showed that defects accelerate the intermixing




process. This fact suggests that martensite, with a high defect density, would be

beneficial for mechanical alloying compared to ferritic powders.

To enable the soft-annealing process and to impede sintering of the powder particles a

special furnace has been constructed, which is described in the following chapter.
3.4.1 Construction of a furnace for the soft-annealing of powders

Soft-annealing has been carried out at elevated temperatures, which normally causes
the sintering of particles. However, for mechanical alloying powder particles are
necessary, therefore, sintering must be impeded. Hence, particles should be kept in
permanent motion. This is achieved with a special furnace, which is schematically

depicted in Figure 36.

A crucible has been installed in a furnace, fixed on a bearing on one side and connected
to a tube by a screw joint on the other side. The tube passes through a hole outwards of
the furnace. During these experiments the crucible is batched before heating. The tube
and the crucible are able to rotate on their own axis, which has been achieved by an
engine outside of the furnace powered by AC electricity. Moreover, to measure a correct
temperature, a thermocouple has been inserted into the crucible through the tube.
Additionally, through the same tube an Ar-gas lance has been introduced into the
crucible to impede decarburization as well as oxidation of the powder. In the crucible
steel plates have been fixed which cause a stronger motion of the powder. The
measurement of the isothermal annealing time started when the right temperature was
reached. The time of heating has been about 1h and 20 minutes. During the soft-
annealing process, the tube and the crucible rotated permanently. All batches were

subsequently furnace-cooled.



3. Oxide dispersion strengthened high-alloyed steels

Ar-gas

furnace

thermocouple

crucible

rotating tube

Figure 36: Schematic illustration of the constructed furnace.

3.4.2 Determination of the soft-annealing parameters

In order to achieve proper soft-annealing parameters for the Nz-gas atomized powders,
several annealing experiments with different temperatures and durations were carried
out. To get the theoretical a/y-transition temperature, thermodynamical calculations
were employed using the software ThermoCalc™ and the database TCFE2. The ideal
temperature for soft-annealing is a narrow range below the transition temperature.
Figure 37 shows the calculated phase diagram of the high-alloyed steel powder. The
phase diagram is shown in the figure up to a C content of 1 m.%. The tool steel contains
0.85 m.% C, which is indicated by a vertical line in Figure 37. Hence, the a/y-transition
temperature can be determined, shown as a horizontal line. Another illustration of the
a/y-transition temperature can be seen in Figure 38, where the phase fraction against
the temperature is depicted. In this diagram it can be seen that at a temperature of about
825 °C approximately 90 % austenite (in the diagrams FCC_A1#1) transforms into about
85 % ferrite, which is indicated in the diagrams as BCC_AZ2. Due to these results it was

decided that 800 °C should not be exceeded during soft-annealing.
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Figure 37: Calculated phase diagram of the high-alloyed steel powder, with a composition listed
in Table 3.
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Figure 38: Phase fraction against the temperature of the high-alloyed steel.
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Various powder batches were subsequently annealed at different temperatures and
durations. In order to reveal the microstructure of the powder particles after the
different annealing treatments, SEM images were taken and micro-hardness

measurements employed.

In Figure 39 SEM images of the various soft-annealing conditions can be seen. The
specimens were mounted, grinded, polished as well as etched with a 3 % HNO3 acid. In
Figure 39a the microstructure of the as-received powder particles is shown. Several
martensitic needles in the former austenitic grains with a grain size of about 4 um can be
determined by means of SEM. These martensitic needles are surrounded by retained
austenite. After an annealing of 30 min at 600 °C (Figure 39b) the needle-shaped
microstructure with some smaller carbides at the grain boundaries still can be seen.
Therefore, the annealing temperature was raised to 800 °C, which is close to the a-y
transformation temperature of this steel, as calculated with ThermoCalc™. Considering
the SEM image of the specimen annealed at 800 °C for half an hour (Figure 39c) a change
in the microstructure from needle-shaped to plate-shaped in comparison to the 600 °C
specimen can be determined. However, an extension of the annealing time causes no
dramatic change in the microstructure. Both conditions after annealing at 800 °C for 1 h
and 3 h featured martensitic plates in the investigated particles. After 8 h annealing at a
temperature of 800 °C fewer plates can be found in the microstructure. The same trend
can be seen in the 20 h annealing condition. Consequently, these investigations revealed
that an annealing temperature of 800 °C is necessary for the high-alloyed steel powder.
For determination of the optimum annealing duration further investigations have to be

applied.
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(a)

martensite

Figure 39: As-received steel powder (a); powder annealed at (b) 600°C for 30 min; (c) 800°C for
30 min; (d) 800°C for 1 h; (e) 800°C for 3 h; (f) 800°C for 8 h and (g) 800 °C for 20h.
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In addition to the SEM microstructure investigations also micro-hardness
measurements were performed, because hardness can give a further hint which phase is
present in the soft annealed steel. In Figure 40 the hardness evolution of the matrix of
steel particles during annealing at different temperatures is illustrated. The minimum
hardness can be detected at 800 °C and a duration of 8 h. It can be concluded that the
higher the annealing temperature and the longer the duration has been the softer the
material. Figure 41 shows the micro-hardness evolution versus the annealing duration
at a temperature of 800 °C. Considering the hardness of the different states it can be
concluded that between 8 h and 20 h annealing only a small difference in hardness can
be determined. Consequently, from these results it follows that annealing for longer than

8 h has only a minor effect on the hardness. Therefore, the annealing parameters has

been set to a duration of 8 h and a temperature of 800 °C

(42 ]
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Figure 40: 3D plot showing the hardness decrease depending on the annealing temperature and

duration.



400

380

360 —

340

320

vickers hardness [HV 0.05]

300

T T T T T T
0 5 10 15 20

annealing duration [h]

Figure 41: Micro-hardness versus annealing duration at a temperature of 800 °C.

3.5 Microstructure of as-milled high-alloyed steel particles

In order to investigate the microstructure of the high-alloyed steel powder particles
directly after 48 h of milling, APT measurements were employed. All APT investigations
were performed using a Cameca™ Local Electrode Atom Probe (LEAP™) 3000X HR.
Several measurements were carried out in voltage or laser mode, applying a pulse
fraction of 20 % and a laser energy of 0.5 n] at a base temperature of 60 K. The data

reconstruction procedure was carried out with the Cameca™ software IVAS 3.4.3.

Tip preparation was done using a FEI™ Versa3D™ Dual Beam focused ion beam (FIB).
At a convenient position a wedge was lifted out of a particle. The lift-out process can be
seen in Figure 42. After a Pt coating on the surface of a particle, a wedge was cut out of
the material. Subsequently, the wedge was lifted out of the powder particle by a micro
manipulator. A slice of the wedge was put on a pre-tip and then the tip was formed by

annular milling by means of FIB.



3 pm

Figure 42: Sequence of the lift-out process stages using a FIB: platinum coating of the particle
(a); cutting of a wedge (b); lift-out (c); fixation of a slice of the wedge on a pre-tip of a microtip
coupon (d) and annular milling to prepare the tip (e).

3.5.1 Yttria distribution in soft-annealed, as-milled steel particles

In this chapter the microstructure of a soft-annealed, as-milled steel powder particle is
analyzed. Results of the APT investigations are depicted in Figure 43. In Figure 43a a 3D
reconstruction is shown which contains all ranged ions. In these atom maps

irregularities can be seen. More detailed information, where the Y, O and Cu ions are



depicted separately, can be seen in Figure 43b-d. In these reconstructions two planes
enriched in Y, O and also in Cu can be detected. Therefore, it can be concluded that a
perfectly homogenous distribution cannot be obtained by milling a soft annealed high-
alloyed steel powder with 0.5 m.% yttria for 48 h. In the same measurement carbides
enriched in Mo and W can be found. Enrichments of C, Mo and W are illustrated in Figure
43e-g. It is assumed that carbides precipitated during soft-annealing interfere with the
milling processes. The formation of defects during milling, which are assumed to cause
the distribution of yttria in an extremely fine manner, can also be disturbed. Moreover,
precipitates can act as obstacles for dislocation gliding and, thus, complicate an
intermixing. As described in the previous chapters, it is also assumed that this can cause
an intermixing of different phases. All in all, the higher amount of alloying elements as
well as the presence of carbides enhances the strength of the powder material and,
therefore, intermixing during mechanical alloying is more difficult. Hence, the milling

duration must be increased.

‘(C) (d) »

20nm | 20 nm

Figure 43: 3D tip reconstructions including all ranged ions (a) of a soft-annealed as-milled highly
alloyed steel powder particle. In addition 3D atom maps of Y (b), O (c), Cu (d), C (e), Mo (f), and

W (g).
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3.5.2 Yttria distribution in as-milled high-alloyed steel particles without

previous soft-annealing

In this chapter investigations on powder particles without soft-annealing are described.
As already mentioned, these as-received N:-gas-atomized powder particles have an
almost martensitic microstructure with retained austenite. Despite the very hard and
brittle microstructure, which contains high intrinsic stresses and therefore a lot of
defects, Y and O are distributed in an extremely fine manner after a milling duration of
48 h. Illustrating 3D atom maps, Figure 44 gives detailed information about the atom
distribution of different elements. It can also be assumed that in the center of the

reconstructed tip Fe, Y and O is depleted.

B 20 nm . i

Figure 44: 3D-atom maps. The elements Fe (a), Y (b) and O (c), C (d), V (e), and W (f) are shown.

Since Fe, Y and O are depleted in the centre of the tip other elements were analyzed.
Figure 44d-f shows the atom distribution of C, V and W, which are all enriched in the
centre of the tip. By visual inspection of Figure 44 it can be assumed that this is a carbide

with an approximate extent of 50 nm.
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In Figure 45 this region is shown more in detail. Due to the fact that Fe is depleted and C
as well as Cr is enriched it can be followed that a carbide has been detected. It is
important to mention that in this particle no Y or O is dissolved and no Y-O clusters
formed. Deformation is concentrated in the softer Fe matrix. Furthermore, it is also
assumed that the deformed martensitic matrix exhibits a higher defect density, which is

assumed to be a key factor for the mechanism of mechanical alloying Fe with Y20s.

Figure 45: Region of interest of an as-milled pre-alloyed steel powder without soft-annealing
where the carbide is shown. Examples of depleted elements as Fe (a), Y (b), O (c), Mn (d), and Co
(e) are illustrated. In addition the elements C (f), V (g), W (h), and Mo (i) are illustrated which
are enriched within the carbides. The red line in (f) indicates the line where the 1D
concentration profile shown in Figure 46 is calculated.

Moreover, a 1D concentration profile along the red line drawn in Figure 45f was
calculated. Results are shown in Figure 46. High amounts of C and V and also the
elements Cr, Mo and W are enriched in the carbide. As can be seen in the previous

figures (Figure 44 and Figure 45) Fe and Co as well as Y and O are depleted.
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Figure 46: 1D concentration profile through a carbide measured in an as-milled pre-alloyed steel
powder particle without soft-annealing.

From these results it follows that also without soft-annealing of the steel powder, yttria
is distributed in the powder particles in a very fine manner. This agrees with the theory
that defects such as dislocations or vacancies are the key for a successful mechanical
alloying process. Consequently, it can be concluded that soft-annealing is not absolutely
necessary for mechanical alloying. Furthermore, coarser carbides are formed during this
process causing an inhomogeneous microstructure, where a successful milling process

with homogenous distributed Y and O becomes more difficult.

3.6 Milled and soft-annealed high-alloyed steel in the HIPed stage

After mechanical alloying and HIPing the microstructure was investigated by means of
APT. Rods were cut out of the bulk material with a length of 15 mm and a cross-section
of 0.3x0.3mm?% The rods were formed into tips by means of the standard
electropolishing method [44]. The measurements revealed a very fine clustering of Y in
this material. A distribution analysis of the different elements was done by using an X2-
test with a bin size of 100 ions. The difference between the experimental distribution of
the element and the random distribution, also called null-hypothesis, is quantified with

the X2-value. By using a reduced X*-value different experiments are comparable because



the size of the measurement is considered. Frequency distribution analyses were
applied in several papers as in Moody et al. [80] or Leitner et al. [81]. Table 6 exhibits
the p-values, the reduced X*-values and the degrees of freedom of the individual
elements. The test shows that Y has a X*-value of 872 with two degrees of freedom. At a
significance level of 0.1 % and a degree of freedom of 2 the null hypothesis, which means
homogenous distribution, is accepted when the X?-value exceeds 13.816. This is the case
for Y. Therefore, it can be concluded that Y is strongly inhomogeneous distributed. Also
in Figure 47a Y particles can be seen and visual inspection agrees with the X?-test, where
the Y particles appear distributed in a very fine manner. O and Cu are enriched in most
of these particles (Figure 47b and e), where also the X*-test reveals an inhomogeneous
distribution. In contrast to Y and O, C seems to cluster in a slightly different way.
Figure 47a-d shows a cluster enriched in Y and O marked with a blue arrow. Conversely,
C does not enrich in this cluster at all. Consequently, it can be concluded that there are
two different types of particles coexisting in the as-HIPed material. On one hand there
are Y-O-particles and on the other hand there are C particles, which are mainly enriched
in V (Figure 47c and d) and Y. For V and also for all other elements except W the null
hypothesis is not accepted and, therefore, inhomogeneous distribution is detected,
which is listed in Table 6. Moreover, C is also enriched at grain boundaries. As an
example a grain boundary is marked with two red arrows in Figure 47f. A chemical
indicator of grain boundaries is phosphorus, which enriches at grain boundaries
preferentially. The elements Mn, Mo (shown in Figure 47i and j), Cr and Si (not shown
here) are mainly dissolved in the matrix, but show somewhat higher concentrations at
the grain boundaries and also in the particles. Hence, the X?-test reveals inhomogeneous
distributions of these elements. In contrast, Co and W seem to be indifferent, because by
visual inspection of Figure 47g and h it can be seen that these elements are enriched
neither in particles nor at grain boundaries. In case of W the null hypothesis is accepted,
which indicates homogenous distribution. Also for Co the null hypothesis is not
accepted, although the visual inspection gives a hint for homogenous distribution. This
might be explained by a slight Co depletion of the particles. Consequently, it can be

assumed that Co and W did not influence the formation of these particles.

Concerning the particle distribution in the HIPed sample, Y and O particles can be found

in different grains in this measurement but also in others which are not shown here.



Thus, it can be concluded that these particles are distributed over several grains in this

investigated specimen.

Table 6: Results of the X?-test of various elements in the HIPed specimen.

Reduced Degrees of X2-Test: Acceptance for random distribution at a
X2 freedom level of 0.1 % significance
Y 872 2 No
0 3654 3 No
\Y 7574 3 No
C 4674 3 No
Mo 464 4 No
Cr 188 10 No
Mn 241 5 No
Si 23 5 No
w 7 3 Yes
Co 41 13 No
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20 nm-

Figure 47: 3D-atom maps of Y atoms (a) and O atoms (b) of the HIPed state of the high-alloyed
steel with soft-annealing. In addition, the 3D-atom maps of C atoms (c) and V atoms (d) as well
as Cu atoms (e), P atoms (f), Co atoms (g), W atoms (h), Mn atoms (i) and Mo atoms (j) are
shown. A grain boundary is marked with two red arrows and the blue arrows indicate Y-O
particles which are not enriched in C or V.

To get an impression of the shape and size of the two different types of particles, they
are displayed as isoconcentration surfaces [82]. In Figure 48 reconstructions of the
milled high-alloyed steel containing isoconcentration surfaces of 1.5 at-% of Y and O

igure 48a) depicted in yellow and of 1.5 at.% o igure illustrated in pink as
Fig 48a) dep d in yell d of 1.5 at.% of V (Fig 48b) ill d in pink
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well as the combination of both (Figure 48c) are shown. The shape of both particle types

appears spherical.
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Figure 48: 3D atom maps including isoconcentration surfaces of Y-O (a), Y-V-C (b) particles as
well as both types of particles (c).

By using such isoconcentration surfaces as interfaces a proximity histogram [83] can be
calculated. A proximity histogram gives the average concentration profile normal to the
isoconcentration surface. This profile is calculated to determine whether the particles
are enriched or depleted in different elements. In Figure 49 the concentration profile of
Y-O-particles is depicted. Negative distance values stand for the concentration amount
outside the particles, whereas positive distance values are inside the particles. The large
deviation at the end of the concentration profile can be explained by the fact that the
particles are not perfectly spherical and the their size is not the same. Therefore, less
data is available with the increasing distance. Besides Y and O these clusters are
enriched in Cr, Mo, Si and also in V and C. In contrast to that Fe and Co are depleted. Cu
seems to be enriched at the interface between the particles and the matrix, suggesting
that Cu forms a shell around the particles. Consequently, it can be assumed that Cu is
piled out of the Y-O particles. In the second type of particles, the V-C-Y-particles, also Mo,
Mn, Si and W are enriched and again Fe and Co are depleted. Figure 50 shows the
proximity histogram of these particles. At the surface of these clusters a slight depletion

of Cu can be identified.
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Figure 49: Isoconcentration profile of Y-Cu-Cr-O-particles in the highly alloyed sample, after
soft-annealing, milling and HIPing.
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Figure 50: Isoconcentration profile of V-Cr-C-Y particles in the highly alloyed sample, after soft-
annealing, milling and HIPing.

Several other methods have been developed to identify clusters of a dilute alloy systems
[84,85]. For more detailed investigation a cluster search algorithm based on the
maximum separation method was applied on both types of particles [86-88]. This

method allows a determination of an approximate chemical composition of each particle



type. For the cluster search algorithm the orders of ions were set to 1. The parameter
dmax, which is the distance that separates the solute atoms lying within the cluster from
that lying outside, has been set to 0.8 nm for the Y-O clusters and 0.6 nm for the Y-V-C
clusters. The distance parameter L, which takes all other atoms within the cluster into
account, has been set to 0.8 nm and 0.6 nm for the clusters, respectively. The shell
surrounding the cluster, which is generated because of the step before, is eroded with an
erosion distance, that has been set to 0.6 nm and 0.5 nm for both cluster types. All
particles which consisted of less than 7 atoms have been neglected in order to exclude
randomly distributed atoms. In Table 7 the average composition and standard deviation
of the Y-O particles is listed. In Table 8 and Table 9 the calculated composition of the Y-
V-C particles and of the matrix are shown. Since the results indicate a depletion of Fe
and Co and an enrichment of all other alloying elements in the particles it can be
reported that the maximum separation method confirms the results of the previous
proximity histograms. It should be mentioned that in case of the particle compositions
the Y and O content is underestimated and the Fe and Co content is overestimated
because of trajectory aberrations and tip irregularities, as the Y-O particles exhibit a
preferred evaporation according to Marquis [45]. If the two different particles are
compared it can be realized that an higher amount of Y is enriched at the Y-O particles
whereas Fe and Co is stronger depleted at the Y-V-C particles. However, the Cu and Mn
content is somewhat increased in the Y-O-particles in comparison to the Y-V-C particles.
On the contrary, the Y-V-C particles are enriched in V and C up to 3.5 at.% and 4.6 at.%,
respectively. Moreover, all the other elements show only a slight enrichment in the
particles.

Table 7: Composition of the Y-O particles obtained by means of the maximum separation
method.

Y-O-particles Fe Co Y 0 Cu Vv C Mn Cr Si

Concentration
[at-%]

67.2 | 3.3 56 | 6.12 | 45 2.0 1.0 14 | 34 1.2

Standard-

deviation

129 | 19 3.9 59 4.5 2.0 1.0 14 | 24 1.2




Table 8: Composition of the Y-V-C particles obtained by means of the maximum separation
method.

Y-V-C- ]
) Fe Co Y Vv C 0 Cu | Mn | Cr Si
particles
Concentration
50.6 | 2.3 27 | 189149 | 15 | 186 |0.81 | 4.2 1.0
[at-%]
Standard-
o 175| 26 | 27 |139(11.2| 1.1 | 186|081 | 4.0 | 1.0
deviation

[t must be mentioned that concentrations of Mo, Cr and W are lower in the analyzed
volumes of the APT measurements compared to the overall composition of the steel.
Thus, it can be assumed that these elements are enriched in coarser carbides which

were not included in these atom probe measurements.

Table 9: Composition of the matrix obtained by means of the maximum separation method.

Matrix Fe Co Y 0 \ C Cu Mn Cr Si

Concentration
[at-%]

899 | 43 (0.03(0.09]013]0.17| 1.1 [053 (| 2.4 | 0.62

Generally, the extent of particles is given as radius of gyration (Rg). The use of R; enables
the comparison of the size of particles with different shapes. In this specimen the R; has
been calculated to 0.87 + 0.3 nm, and 1.08 + 0.3 nm for the Y-O-particles and the Y-V-C-

particles, respectively.

Table 10: Comparison of the radii of gyration (R,) of Y-O and Y-V-C particles.

Rg
Y-O-particles 0.87+0.3
Y-V-C-particles 1.08£0.3




3.7 Milled high-alloyed steel in the HIPed stage without soft-

annealing

To analyze the effect of soft-annealing, the material must be compared to the HIPed
steel, which was not soft-annealed. Therefore, in order to reveal whether there are also
nanometer-sized particles distributed in the material after HIPing, APT investigations
were performed on this bulk material. Figure 51a presents the APT reconstruction
including all ranged ions. In this type of material also very fine particles enriched in Y
and O can be detected. Figure 51b and ¢ show these particles. Furthermore, these
particles are also enriched in V and Mn, which is illustrated in the 3D atom map in Figure
51d and e. The element Co is, as in the other materials, homogenously distributed and
not enriched in the particles. The shape of the particles can be seen in Figure 52 where
they are presented as isoconcentration surfaces with a Y concentration of 0.3 at.%.
Isoconcentration surfaces give a hint that these particles have also a spherical shape as
in the soft-annealed steel. The proximity histogram (Figure 53) of the isoconcentration
profile shows elements enriched or depleted in the particles. Its results agree with the
visual inspection of the atom maps showing enrichments of Y, O, V, Mn and a slight
depletion of Co as well as Fe (not shown here). It should also be mentioned that Zr is
enriched in the particles. It has been incorporated into the material due to previous
milling experiments. As already mentioned, Zr is a key element for the formation of the

particles and it is assumed that Zr enhances the nucleation rate.

Compared to the soft-annealed material, in this condition only a single type of particles
can be detected. Again, a cluster search algorithm has been employed to calculate the
approximate mean composition of the particles. In this evaluation all parameter have
been set to 0.5 nm and the minimum cluster size has been set to 11 atoms. The detailed
mean content of the nano-particles can be seen in Table 11. The investigated particles
are strongly enriched in V (15.8 at.%). The Y content is approximately equal to the
content of the Y-V-C particles in the soft-annealed condition. Conversely, atom probe
investigations detected a higher O content of about 15.3at.% in the particles.
Furthermore, exhibiting a concentration of 3.9 at.% in these particles also C is enriched

in the investigated condition.

All in all, this result shows that soft-annealing is not absolutely necessary for mechanical

alloying the high-alloyed steel powder. Thus, it can be concluded that milling



3. Oxide dispersion strengthened high-alloyed steels

mechanisms work also in the brittle martensitic powder particles. This fact suggests that
diffusion-assisted intermixing with the help of defects, which are very frequent in
martensite, is the most likely mechanism and not only fracturing and cold welding. For
example Ashkenazy et al. [52] described the intermixing of various phases caused by
shearing of dislocations. Furthermore, Schwarz [57] described a model after which
diffusion along dislocation lines is responsible for the dissolution of different phases.
The results of publications A-C in this thesis revealed that vacancy-type defects are

responsible for effective milling a Fe-Y203 model alloy.

—— —— 20 nm - : . —

Figure 51: Atom probe tip reconstructions of the HIPed highly alloyed steel without the soft-
annealing step. In this figure all ions are shown in (a) as well as the atoms of the elements Y (b),
0 (c), V (d), Mn (e), and Co (f).

Figure 52: Illustration of the Y, O, V, Mn enriched particles with a isoconcentration profile for
0.3at%Y.
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Figure 53: Proximity histogram, presenting the elements enriched or depleted in the particles of
the HIPed high-alloyed steel without the soft-annealing step.

Table 11: Mean content of detected nanoparticles by means of atom probe tomography.

Particle

o Fe Co Cu Mn Cr Vv 0 Y Zr C
composition

Concentration

Bal. 2.3 5.9 4.7 2.5 15.8 | 153 | 2.9 2.7 | 39
[at.%]

Standard

deviation 20.9 2.2 5.6 4.7 2.3 8.8 6.2 2.9 2.7 3.4
[at.%]

3.8 Microstructure after tempering

In the common processing route of a high-alloyed steel a heat treatment follows after
the HIPing process. This heat treatment is schematically depicted in Figure 33. After
stress relieving the high-alloyed steel is hardened. Hardening has the effect that an
almost martensitic matrix is formed in tool steels. Subsequently, the steels are tempered
two or three times between 450 °C and 650 °C in order to transform the entire retained
austenite to martensite. During this processing step so-called secondary hardening
carbides are formed and also a higher amount of martensite is achieved, which both

further increase the hardness of the material.




3.8.1 Microstructure of a milled, heat treated, high-alloyed steel

HIPed samples are subsequently heated in 5 min up to a temperature of 1070 °C, held
isothermally for 20 min and then quenched, with a tg/s of 40 s, which is defined as the
time of cooling from 800 °C to 500 °C. After that the samples were tempered three times
for 2 h at temperatures between 480 °C and 700 °C. In this chapter the microstructure of
the ODS high-alloyed steel at different tempering temperatures is analyzed. The
question if also Y-O particles exist besides carbides is clarified in the following

paragraphs.

Microstructure after tempering at 540 °C

In order to analyze the microstructure evolution during tempering atom probe
measurements have been performed on the tempered ODS high-alloyed steel. APT
measurements on the material tempered at 540 °C three times for 2 h revealed the
existence of 3 different types of particles in the microstructure. A 3D reconstruction of
the APT data is illustrated in Figure 54, showing different elements. First of all, Y-O-
particles can be found where also V, Mo and C are enriched. It should be noticed, that
these particles are not homogenously distributed over the entire volume. Secondly, a
region of small carbides consisting mainly of Cr, V, and Mo is detected. For an improved
illustration the carbides are depicted as isoconcentration surfaces in Figure 55 [82].
These carbides have a plate-like shape and seem to have an angle of 45° to each other.
To evaluate the mean concentrations within these carbides, a proximity histogram was
calculated [89]. This shows that the carbides are depleted in Fe (not shown here) and
Co, but are mainly enriched in Cr, V and Mo. After secondary hardening these elements
form typically M>C carbides, which have also a plate-like shape [90]. This suggests that
these particles are probably M:C-type carbides.

The third kind of particles are Fe-Cu intermetallic particles, which are distributed in a
very fine and homogenous manner. Cu has also been incorporated in the steel powder
by mechanical alloying. The Fe-Cu particles can be seen in Figure 55a. All three particle

types enhance the hardness of this condition, which is shown in Figure 64 and Figure 65.
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|

(b)

\

N

(d)

Figure 54: 3D reconstruction of Y (a), O (b), V (c), Cu (d), Mo (e), and C (f) atoms of the milled,
soft-annealed and HIPed high-alloyed steel after 3 times tempering at 540°C for 2h,
respectively.
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Figure 55: 3D reconstruction showing a 3 at% Mo isoconcetration surface for a better
illustration of the carbides present.
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Figure 56: Proximity histogram of the isoconcentration surfaces of the secondary hardening
carbides detected by APT presented in Figure 55. Enrichments and depletion of various
elements can be determined.

Microstructure after tempering at 580 °C

To investigate the effect of the tempering temperature on the microstructure of the
mechanically alloyed steel, a specimen tempered at 580 °C has been analyzed by means

of APT. 3D reconstructions of the APT measurement are shown in Figure 57. In this state



the same types of particles can be detected. In this state the Y-O-particles (Y atoms are
depicted in Figure 57a) are randomly distributed over the volume. Visual inspection
gives a hint that in case of the Y-O particles shape, size and distribution seem to be
similar to the ones after tempering at 540 °C. In Figure 57b the atom map of C is shown,
which represents the size and distribution of secondary hardening carbides. For a better
visibility, these carbides are presented in Figure 58 as isoconcentration surfaces with
12 at.% C and Cr. Most of these carbides have the same plate-like shape but they appear
coarser in size. The proximity histogram (Figure 59) reveals enrichments in Cr, Mo, V, W,
and C and a depletion of Fe and Co. The mean concentration of C in the carbides is about
30 at.%. The C concentration and the elements enriched in these carbides indicate that
they are also MzC type carbides. Considering the Cu atoms presented in Figure 57c these
particles seem to coarsen at this annealing stage compared to the previous stage at
lower annealing temperatures. Additionally, more Cu is dissolved in the matrix,

suggesting that at 580 °C Cu has a higher solubility in the Fe matrix.

Figure 57: 3D atom maps of the elements Y (a), C (b) and Cu (c) of the milled, soft-annealed and
HIPed high-alloyed steel after 3 times tempering at 580 °C for 2 h, respectively.
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Figure 58: 3D atom map, presenting the isoconcentration profiles of the detected carbides.
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Figure 59: Proximity histogram calculated using the isoconcentration profiles in Figure 58.

Microstructure after tempering at 650 °C

In this condition one type of particle cannot be detected anymore. Therefore, two

different types of particles are detected by APT. The first type of particles is the Y-O-
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particle type and the second type is the carbide type. Atom maps of several elements are
shown in Figure 60. The investigation of this condition gives a good impression of the
thermal stability of the Y-O particles and, therefore, their influence on high-temperature
hardness. Although the tempering temperature has been very high for secondary
hardening, the size of the Y-O particles seems to be similar to the size of the annealing
states with temperatures of 540 °C and 580 °C. Therefore, despite the elevated annealing
temperatures, the Y-O particles will still contribute to the hardness, which suggests that

these particles enhance the mechanical properties at elevated temperatures.

Furthermore, the plate-like shaped M2C carbides identified at tempering at 540 °C and
580 °C vanished at 650 °C. Instead of these plate-like shaped carbides much coarser
carbides can be detected in this state. These large carbides presented in Figure 61 as
5 at.% Mo and C isoconcentration surfaces consist of about 14 at.% C, which gives a hint
that these carbides are of the MsC type. Moreover, also the enrichment of Mo and W,

which is illustrated in proximity histogram in Figure 62, underlines this assumption.

It must be mentioned that the Cu particles are homogenously distributed at the
condition at 540 °C. However, they almost vanished after 3 times tempering at 650 °C
(depicted in Figure 60a), indicating that the Cu particles coarsened during annealing and
are not detected by APT anymore. Furthermore, Cu dissolved in the Fe-matrix,

exhibiting an increased solubility of Cu in Fe at a temperature of 650 °C.
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Figure 60: 3D atom maps of the milled, soft-annealed and HIPed high-alloyed steel after 3 times
tempering at 650 °C for 2 h, respectively. It presents the elemental distribution of Y (a), O (b)
and V (c). All these elements tend to enrich in the smaller particles. However, Cu (d) is almost
dissolved in the matrix and slightly enriched in the small particles. Mo (e) as well as C (f) are
enriched in the coarser carbides.
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Figure 61: 3D atom map showing the Y atoms (yellow points) as well as the carbides, where the
surface is illustrated as a red isoconcentration surface with a concentration of 5 at.% Mo and C.
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Figure 62: Proximity histogram of the carbide, calculated using the isoconcentration surface in
Figure 61.

Comparison of the particles in the different tempered conditions

Table 12 shows the most important results concerning the particle size dependence on

the tempering temperature. The particle size of the Y-O particles as well as the Fe-Cu



particles is given as radii of gyration (Rg). The particles have been defined using the
maximum separation method which is described in [86-88]. As algorithm parameters
for the Y-O particles, the ion order and Nmin were set to 2 and 8, respectively. Nmin
defines the minimum cluster size, which is taken into account by the present algorithm.
All other distance parameters were set to 1 nm. For the other states, the parameters
were adapted, but did not differ drastically. For the Fe-Cu particles again an ion order
and Nmin of 2 and 8 were chosen, respectively. All distance parameters were set to
0.35 nm. The comparison of Ry of the Y-O-particles in the different states shows that
there is no drastic difference, as all mean radii were within the standard deviations.
Therefore, it can be concluded that the Y-O-particles stay stable until 650 °C. This agrees
with the results of previous works, which employed similar investigations on ferritic
steels alloyed with Ti [69,91-93]. However, this result has not been evidenced in case of
martensitic high-alloyed steels, which have a comparatively high C content. Thus, from
these results it can be concluded that it is possible to introduce very stable Y-O-particles

besides common carbides into a martensitic high-alloyed steel.

Considering the Cu-Fe precipitates the mean R in the condition tempered at 540 °C is
0.4 nm and, therefore, lower than the R; of the Y-O-particles. However, also in case of
these particles no increase in size can be evidenced by the APT data evaluation.
Nevertheless, the ratio between the Cu concentration in the matrix and the Cu
concentration in the overall specimen in Table 12 shows very well if Cu is dissolved in
the matrix or still present in the particles. It must be mentioned that at the 650 °C state
no Fe-Cu particles are detected, only some Y-O particles which were slightly enriched in
Cu. Therefore, for the calculation of the matrix composition of the 650 °C annealed state
aregion of interest (ROI) has been placed in the measured volume without including any
particles. In this region the Cu content was calculated. A matrix-overall ratio of 0
indicates that no Cu is dissolved in the matrix and all Cu atoms are in the particles.
Conversely, a ratio of 1 shows that Cu forms no particles and all Cu atoms are dissolved.
The calculated ratios of the 540°C and the 580°C condition are 0.3 and 0.45,
respectively. From these low amounts it can be concluded that Cu is mostly enriched in
the precipitates at lower temperatures and becomes dissolved in the matrix at higher
annealing temperatures. Hence, the ratio of the 650 °C tempered state exhibits a ratio of
0.97 indicating that most of the Cu is dissolved in the matrix. This agrees with the visual

inspection of the corresponding atom map (Figure 60d) showing that most of the Cu



particles have vanished and that Cu atoms are dissolved in the matrix. All in all, it can be
concluded that a tempering temperature between 540 and 650 °C influences the Cu
precipitation or dissolution effectively. Moreover, this fact suggests that a particle
hardening contribution exists after 540 °C of tempering, whereas a solid solution
hardening contribution is present in the 650 °C condition. In the 580 °C state a mixture
of both hardening mechanisms of Cu is present.

Table 12: Comparison of the results of the maximum seperation method applied on the 540 °C,

580 °C and 650 °C tempered states. The matrix-overall Cu concentration ratio indicates the
amount of Cu dissolution or in the precipitates, respectively.

Tempering .
Rg [nm] Rg [nm] Matrix/overall
temperature . . .
o] (Y-O-clusters) (Cu-Fe-precipitates) | Cu concentration ratio
540 1.09+0.4 0.4+0.18 0.30
580 0.92+0.7 0.31+0.31 0.45
650 0.84+0.5 - 0.97

Content of retained austenite

As proposed in the previous work of Cayron et al. [94] Y-O particles can affect the
quenchability of an EUROFER steel (consisting of 8.9 m.% Cr, 1.1 m.% W and 0.1 m.% C).
These authors supposed that the grain size of austenite during austenitization is smaller
due to pinning effects of the Y-O particles and these small grains are less prone to a
martensitic transformation than coarser grains. Consequently, also in this high-alloyed
steel the quenchability is investigated by measuring the content of retained austenite by
means of X-ray diffraction (XRD). Evaluation of the amount of retained austenite as well
as the calculation of the R-value and the peak area have been carried out according to
[95,96]. In Figure 63 the content of austenite in the different conditions is presented.
First of all, the highest austenite content of about 5 % has been detected in the hardened
condition. Further tempering at 500 °C and above reduced the retained austenite
content clearly. All tempered conditions showed a content of retained austenite between

0 and 1.5 %, which is below the resolution limit of~2 % as mentioned in [95].

All in all it can be concluded that the addition of 0.5 m.% yttria by mechnanical alloying

and about 1 m.% Cu have an insignificant effect on the martensite transformation.
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hardened 500 °C 520 °C 540 °C 560 °C 580 °C 600 °C 650 °C
annealing condition

Figure 63: Comparison of the content of retained austenite in different heat treatment
conditions of the high-alloyed steel.

3.8.2 Comparison of tempering curves

Particle hardening with three different particle types has been investigated for a high-
alloyed steel. In order to evaluate the effect on hardness after tempering, the hardness
evolution against the tempering temperature has been examined (Figure 64). The
reference material is the high-alloyed steel without mechanical alloying, a common high-
alloyed steel containing secondary hardening carbides after tempering. As shown in the
previous chapters the 48 h mechanically alloyed steel with and without previous soft-
annealing, also contains finest Y-O particles. Three Rockwell hardness indentations were
done in each condition. Comparing the hardness after tempering at lower temperatures,
Figure 64 shows that the hardness of the different specimens is approximately equal,
suggesting that introducing Y-O particles into the steel has no significant influence on
the peak hardness. The higher the tempering temperature applied the higher the
detected drop in hardness. Especially, the reference material exhibits a dramatic
decrease in hardness due to coarsening of secondary hardening carbides. After three
times tempering at 700 °C for 2 h, respectively, the specimen exhibits a hardness of
31 HRC. If this hardness evolution is compared to the soft-annealed and mechanically
alloyed specimen, it can be seen that this drop in hardness stops at about 45 HRC. At

higher temperatures this hardness decrease is lower than in case of the reference



material. Furthermore, the hardness of the mechanically alloyed but not soft-annealed
specimen shows the highest hardness values at elevated tempering temperatures. Thus,
this alloy exhibits the lowest hardness decrease of all specimens. Hence, the measured
mean hardness was 52.2 HRC after three times tempering at 675 °C for 2 h, respectively.
This is an increase in hardness of about 21 HRC compared to the common reference
steel. From previous microstructure investigations it is known that the higher the
tempering temperature the coarser the secondary hardening carbides. Consequently,
their contribution to the hardness is lower. However, it is also known that in the
mechanically alloyed specimens these carbides coarsen but the fine Y-O particles stay
stable at elevated tempering temperatures and can still contribute to the hardness,
which causes higher hardness values in these specimens. It is also assumed that these Y-

O particles can act as obstacles for the coarsening of the carbides.
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Figure 64: Tempering curves of the common high-alloyed steel (black), the 48 h milled steel with
0.5 m.% yttria with soft-annealing (red) and without soft-annealing (blue).

3.8.3 The effect of using ZrO: balls as milling media on the mechanical properties

at elevated temperatures

As already mentioned in the previous chapters experiments were carried out by using

Fe-Y203 model alloys to cause an intended incorporation of yttrium stabilized zirconia



(YSZ) during milling by ball abrasion to produce Y-Zr-O particles which exhibit an
improved thermal stability. Such experiments were also performed using the high-
alloyed steel powders. In Table 13 the intended incorporation contents of Zr and Y
during milling for 12 h and 24 h are listed. The contents were measured by means of X-
ray fluorescence spectroscopy (XRF). Again, a rather constant incorporation rate can be
assumed. Milling the soft-annealed powders with YSZ balls an incorporation rate of
0.04m.%/h Zr and 0.002 m.%/h Y can be derived from these results, which is
approximately in the range of milling the ferritic powder in the Fe-Y203 model alloy.
Milling of 48 h caused a too high amount of Zr incorporation and it was assumed that
this caused an embrittlement which is too high for technical application. Therefore, this
state was not investigated in more detail.

Table 13: Concentrations of incorporated Zr and Y during milling with YSZ balls in two batches
determined by XRF.

Milling duration Incorporated Zr [m.%] | Incorporated Y [m.%)]
12 h 0.52 0.04
24h 0.98 0.05

Comparison of tempering curves

In order to analyze the effect of an additional Zr incorporation on the hardness of the
mechanically alloyed steel at different tempering temperatures, tempering curves were
compared in Figure 65. First of all, both Zr incorporated specimens mechanically alloyed
with YSZ balls show akin hardness values at elevated tempering temperatures. For the
24 h and 12 h condition 47.1 HRC and 46.6 HRC were measured, respectively. Thus, it
can be concluded that longer milling durations, and therefore higher Zr amount, do not
influence the hardness drastically after tempering at high temperatures. Moreover,
analyzing these specimens shows that the YSZ ball milled specimens exhibit a higher
hardness after tempering at elevated temperatures than the common reference sample
(31 HRC) and the soft-annealed and 48 h steel ball milled specimen (40.8 HRC).
However, the sample milled for 48 h with steel balls and without soft-annealing showed
the highest hardness, suggesting that soft-annealing has a detrimental effect on the

hardness after tempering at high temperatures of the milled high-alloyed steel.
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Figure 65: Tempering curves of the common high-alloyed steel (pink); of the 48 h milled high-
alloyed steel with 0.5m.% yttria with soft-annealing (green) and without soft-annealing
(orange). Milling was conducted with steel balls. They are compared to soft-annealed specimens
milled with YSZ balls for 12 h (black), 24 h (red).

3.9 Discussion

In the second part of this thesis the mechanical alloying process has been applied on a
high-alloyed steel powder. Furthermore, it has been investigated if soft-annealing on
powder particles has a positive effect on the milling process. The nanostructure of
several milled powder particles, with and without soft-annealing, as well as the HIPed
and tempered conditions of the ODS high-alloyed steel has been investigated by means

of APT.

If the nanostructure of the milled high-alloyed steel particle is compared to the milled
ferritic particles of publications A-C in part one, it can be followed that there is no
dramatic difference of the Y distribution. From APT investigations it can be recognized
that the Y atoms also tend to form clusters and these clusters are distributed
homogenously. Also Williams et al. [50] found an akin Y distribution in ferritic powder
particles. However, only at the soft-annealed, high-alloyed steel particles an
inhomogeneous Y distribution can be detected, suggesting a detrimental effect of soft-

annealing on milling a high-alloyed steel powder. It is supposed that the increased



carbide content in the high-alloyed steel powder causes an inhomogeneous structure,
therefore an inhomogeneous deformation and defect generation in the powder during
milling. Hence, it is assumed that carbides precipitated during soft-annealing with
different mechanical properties interfere with the milling processes. As already
mentioned, the formation of defects during milling, which are assumed to cause the
distribution of yttria in an extremely fine manner, can also be disturbed. Moreover,
precipitates can act as obstacles for dislocation gliding and, thus, complicate intermixing.
As described in the previous chapters, it is also assumed that this can cause an
intermixing of different phases. All in all, the lower defect density as well as the presence
of larger carbides makes an intermixing during mechanical alloying more difficult.
Hence, to get a better distribution of Y and O in the soft-annealed specimens an

increased milling duration must be applied.

Concerning the nanostructure after HIPing the ODS high-alloyed steel exhibits also
extremely small particles enriched in Y. Their size agrees with the results of the HIPed
Fe-Y203 model alloy published in publications A-C. However, in the HIPed stage of the
ODS steel without soft-annealing the nanoparticles show additional V, Mn and Zr
enrichments. Furthermore, the soft-annealed steel exhibits two different types of
nanoparticles. Some nanoparticles are mainly enriched in Y, V, Cr, and C, and other
particles are enriched in Y, O, Cu, and Cr. These facts distinguish the HIPed ODS high-
alloyed steel powder from the ODS model alloy.

Also in the high-alloyed ODS steels the extremely high stability of the Y enriched
nanoparticles can be observed after hardening and tempering at various temperatures.
APT nanostructure has evidenced that the Y enriched nanoparticles are formed in the
steel and exist besides the typical secondary hardening carbides of these steels, which
are comparatively high alloyed. Tempering at elevated temperatures showed that the
carbides coarsen during annealing and the Y enriched nanoparticles remain at the same

size.

A comparison of the tempering curves suggests that the small nanoparticles in ODS
steels enhance the hardness after tempering at comparatively high temperatures. After
tempering for 3 times at 700 °C for 2 h the ODS high-alloyed steels exhibit a hardness

increase of up to 21 HRC compared to the commonly produced steel.



4 Summary and Outlook

In this thesis a comprehensive set of investigations were employed to elucidate the
mechanisms during milling by the example of a simple Fe - yttria model alloy. The
mechanisms during mechanical alloying differ, dependent on the individual powder
constituents. For the mechanical alloying of this ductile-brittle system the following

conclusions can be drawn:

e Asshown in publication A and B 'Y and also O exhibit an extended solubility in the
Fe matrix after mechanical alloying.

¢ Y and O are arranged in clusters which are distributed in the Fe matrix in a very
fine manner.

e Additionally, these clusters are enriched in Al and Mn which have been
incorporated during milling and which were not part of the original yttria
powder. These enrichments indicate that diffusion processes, e.g. dissolution and
reordering, are active during milling.

e During the first stages of milling open volumes such as grain boundaries,
dislocations and vacancies are assumed to assist the intermixing of Fe and yttria.

e Investigations of the last stage directly after mechanical alloying reported in
publication C that especially vacancies are enriched in Y and O, which are the
cluster forming elements.

e Therefore, diffusion-assisted intermixing accelerated with the help of vacancies is
the most likely mechanism during the last stage of milling.

e All in all, it is assumed that a combination of following effects can cause a
dissolution of yttria in Fe during mechanical alloying, resulting in a metastable
matrix. First of all, diffusion with the help of vacancies as well as the extremely
high surface of the powder fractions have a positive effect on the dissolution.
Moreover, the mechanical energy introduced by the ball impacts promotes the
diffusion to overcome the diffusion barriers of Y in Fe. Finally, also shearing by
dislocation gliding can also contribute to the distribution of Y and O in the Fe

matrix.



Due to subsequent HIPing, which is a compaction process, diffusion of dissolved
Y, O and also other enriched atoms such as Al or Mn form distinct particles and
deplete in the matrix.

Moreover, it is also assumed that due to HIPing these defects annihilate and
cannot act as diffusion accelerators anymore.

Further annealing at 600 °C for 8 h has only a minor effect on the particle growth,
which evidences the great thermal stability of these very small particles.
Additionally, investigations were performed in order to achieve an intended Zr
incorporation caused by abrasion of yttrium stabilized zirconia (YSZ) balls, which
is reported in publication D. With the use of YSZ balls instead of steel balls, which
is a new, cheaper as well as easier way of producing, it is possible to obtain minor
additions of Zr in the Fe powder particles.

This incorporation caused a distribution of Y-Zr-O particles in a much finer
manner than the Y-O particles in the common milled specimens. Therefore,
hardness measurements revealed increased hardness values with Zr than
without after HIPing.

Also mechanical alloying of steel powders with YSZ balls caused an improvement
of mechanical properties at elevated temperatures.

Various experiments were carried out in order to check if milling high-alloyed
steel powders with yttria powders can further improve its mechanical properties
at elevated temperatures. Demonstrated by using the example of a high-alloyed
steel, this thesis combined the process routes of a high-alloyed steel with an
common ODS steel and elucidated its possibilities.

From the results of the microstructural investigations it can be concluded that it
is possible to insert finest Y-O particles into the high-alloyed steel.

During secondary hardening heat treatments also typical carbides are formed,
suggesting that these Y-O particles do not suppress the formation of these so-
called secondary hardening carbides.

Comparison of specimens with and without soft-annealing revealed that previous
soft-annealing of the gas-atomized steel powder has no positive effect on the
mechanical alloying and, therefore, on a more homogenous distribution of Y and

O in the high-alloyed steel.



e This fact supports the theory that defects, such as vacancies, are beneficial for
mechanical alloying yttria with Fe. Gas-atomized steel powders without soft-
annealing exhibit an almost martensitic matrix, where much higher intrinsic
stresses and, consequently, also a higher defect density is present.

e Furthermore, hardness measurements after different tempering temperatures
revealed that soft-annealing causes a loss in hardness after tempering at elevated
temperatures in a range of 650 °C to 700 °C as well as peak hardness at lower

tempering temperatures of 500 °C.

Topics for further investigations could be the optimization of the milling parameters
such as milling duration, ball to powder mass ratio or atmosphere. In this work

parameters have been chosen relating to different previous publications.

Furthermore, a comparison of mechanical alloying of a standard ferritic powder and
a pre-milled ferritic powder would be an interesting subject for further
investigations. In the pre-milled powder defects are already inserted prior to milling
with yttria, because of its high deformation. Another idea to improve ODS steels is to
add small amounts of yttrium continuously or stepwise to the milling system. This
might cause a more homogenous distribution of Y and O atoms as well as finer Y-O
particles. Experiments with a continuous milling process may be useful for industrial

applications because of their lower costs.

Moreover, the amount of yttria added to the alloy (either ferritic or high-alloyed
steel) can be optimized. Especially, in the high-alloyed steel it would be interesting if
finest Y and O particles influence the coarsening of the secondary hardening carbides
and, if this is the case, to know how much yttria is necessary to reduce carbide

coarsening.

Additionally, an optimization of the intended Zr incorporation would be useful. The
amount of intended incorporation of Zr due to YSZ ball abrasion can be controlled by

adjusting the right steel /YSZ ball mixture as milling media.

For steel production also an optimization of the HIPing process would be very
interesting for further investigations. It is well known that lowering the HIPing

temperatures causes an increase of hardness at ODS steels [65]. However, the



density of the compacted material, which needs higher HIPing temperatures, should

not decrease.

Finally, the influence on additional mechanical properties, such as toughness or high
temperature hardness or strength, of the additional Y-O particles should be
investigated. For some of these experiments a larger specimen size and, therefore, a

larger milling volume are required.

The topic “Mechanical Alloying”, especially concerning the production of ODS-alloys,
offers a large field of research for the next few years and is a promising candidate for
advanced materials in the future. This is because materials with different properties

can be combined, which is not possible by using the common process route.
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The evolution of Y distribution during the
processing route of mechanically alloyed iron
studied by means of atom probe tomography

Oxide dispersion strengthening of steels has become quite
popular during the last few years. Especially because of
their thermal stability, Y —O clusters can improve high tem-
perature properties such as strength, hardness and creep
strength. Oxide dispersion strengthened steel is a promising
candidate for applications mainly in fast breeder reactors.
In order to establish a better understanding of the strength-
ening mechanism, this study focuses on an evolution of the
Y distribution in mechanically alloyed iron during the pro-
cess route, employing atom probe tomography. After me-
chanical alloying, Y seems to be distributed in extremely
fine clusters and partly dissolved in the matrix. Enrichment
of alloying elements in the Y -0 clusters in the mechani-
cally alloyed state is evidence for diffusion processes taking
place during mechanical alloying. During hot isostatic
pressing at elevated temperatures, dissolved Y atoms accu-
mulate and build distinct clusters. These clusters stay stable
even after annealing at 600 °C for 8 hours.

Keywords: Mechanical alloying; Iron; Yttria; Particle evo-
lution; Atom probe tomography

1. Introduction

Mechanical alloying is a well-established technique for the
synthesis of a variety of equilibrium and non-equilibrium al-
loy phases, also for nanostructered materials and especially
for oxide dispersion strengthed (ODS) steels [1]. In the past,
a lot of investigations have focused on ODS-iron based al-
loys such as PM-2000 or MA 957 [2-4]. These materials
were mechanically alloyed with yttria and 5 nm Y-O clus-
ters were found finely distributed in the material after hot
isostatic pressing (hipping). These steels show much better
thermal properties than steels without the Y —O clusters. Yt-
tria is preferred because of its high thermal stability [4, 5].
This can be related to its extremely low formation energy
(about—1905.6 + 2.3 kJ mol~! [6]). Such chromium and tita-
nium alloyed ferritic steels are dedicated for use as fuel clad-
dings in fast breeder reactors because of their high creep re-
sistance and their excellent microstructural stability in
irradiated environments [7]. In contrast, common steels are
strengthened by carbides or nitrides. These steels lose their
hardness and strength at about 600 “C because of coarsening
and dissolution of these particles. The free standard enthalpy
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of formation of, for example, Cr,;C4 is —11.6 kJ mol™" and
for Cr;Cyitis —15.898 kJ mol™ [8]. Also other carbides have
similar free standard enthalpies of formation, which are 2
orders of magnitude less negative than that of yttria.
Furthermore, Ukai et al. [9] found out that a simple addition
of titanium to ODS steels leads to a further improvement of
the high temperature properties. Ti enhances stability of the
clusters and ensures that the clusters remain extremely
fine [10]. By formation of Y, M O, oxides with the minor al-
loying element M (e. g. Ti), the enthalpy of formation should
decrease compared to common yttria. The lower the diffu-
sivity of the alloying element, the higher is the stability of
the oxide. The microstructure after hipping has been investi-
gated in detail using transmission electron microscopy
(TEM) [2, 11, 12] and atom probe tomography (APT) [13—
15]. Recently, Williams et al. [16, 17] studied the Y-Ti-
O particle evolution during processing of a 14-YWT (Fe-14
Cr-2 W-0.3 Ti) steel. Nevertheless, there is still a lack of in-
formation on the Y distribution directly after mechanically
alloying and the evolution of these clusters through the pro-
cessing route. In order to get a complete overview of cluster
formation in ODS steels, this paper focuses on Y-Mn—Al-
O particels in an Fe~Y model alloy. This could also give a
better view of what happens with the clusters during proces-
sing. In order to understand the mechanism of finely distrib-
uted Y, this paper elucidates the evolution of the microstruc-
ture in pure iron during the processing route and compares
the clustering behavior after mechanical alloying, hipping
and further annealing by means of APT. One important tool
for analyzing the clustering behavior is the radial distribu-
tion function (RDF), which has already been applied in sev-
eral previous publications [18, 19].

2. Experimental procedure

Prior to hot isostatic pressing, the powder was mechanically
alloyed for 48 h using a certony™ attritor. For mechanical
alloying, iron powder was produced by water atomization
and was mixed with 0.5 wt.% yttria submicron powder with
adygof 1.16 um and a purity of 99.9 %. The chemical com-
position of the powder before mechanical alloying was
measured using X-ray tluorescence spectroscopy (XRF).
The O content was determined by means of the inert gas fu-
sion method. The results for the mixed original powders are
listed in Table 1. For milling, a speed of 600 rpm was ap-
plied and steel balls with a ball to powder ratio of 10:1 were
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Table 1. Chemical composition of the powders prior to milling in wt.% and at.%.
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Iron powder yttria
Fe Cr Cu Mn Ni 0 Y05
wt.% bal. 0.043 0.030 0.115 0.028 0.025 0.502
) at.% bal. 0.049 0.028 0.124 0.028 0.091 0.132
§ Table 2. APT overall composition of the different states in at.%.
: state Fe Cr W Mn Ni Al Si v Co Cu C ¥ O
g MA bal 032 0.09 0.16 023 0.05 0.04 | 0.006 0.01 0.04 0.17 0.14 0.69
H bal 0.03 0.04 0.03 0.09 0.02 0.03 0.003 0.02 0.02 0.03 0.06 0.31
2 HA bal 0.02 0.04 0.03 0.13 0.03 0.03 0.002 0.01 0.03 0.06 0.08 0.24

used. The entire mechanical alloying process was per-
formed under Ar gas atmosphere to reduce oxidation and
avoid incorporation of oxygen into the steel powder.

After mechanical alloying, the milled powder was hipped
at 1 100°C and a pressure of 100 MPa for 3 h. The follow-
ing heat treatment was conducted in a Bihr™ DIL805 A di-
latometer. The cylindrical specimen, which was 5 mm in
diameter and 10 mm in length, was annealed at 600 °C for
8 hours with a heating and cooling rate of 2 K s7'. The heat
treatment was carried out in vacuum.

Atom probe investigations were performed on the as-
milled powder, on the as hipped specimen and in the an-
nealed state. For preparation of atom probe tips, small rods
with a cross-section of 0.3 x 0.3 mm® and a length of
10 mm were cut out of the hipped and annealed bulk mate-
rial, Then, the tips were prepared using the standard electro-
chemical polishing method [20]. The investigations were
performed using a LEAP™ 3000X HR from Cameca™
(formerly Imago™) in voltage mode, and a 3DAP from Ox-
ford nanoScience™ in voltage mode. Measurements were
carried out under ultra-high vacuum conditions and at a
temperature of 60 K. A pulse fraction of 15% and 20 % to
the standing voltage was used. It was verified that there
was no influence on the overall condition of the specimens.
The atom probe measurements were evaluated with the Ca-
meca ™ software IVAS 3.4.3.

For the tip preparation from the mechanical alloyed pow-
der particles, an FEI™ Versa3D™ Dual Beam focused ion
beam (FIB) was used. Several publications deal with the
method of how to prepare atom probe tips from a powder
particle [21, 22]. The tips analyzed in the present investiga-
tion were prepared according to the literature, with the dif-
ference that the powder particles were mounted on an
SEM stub with silver adhesive. At a convenient position of
the powder particle a wedge was lifted out and its slices
were placed onto several positions of a microtip coupon.

3. Results

3.1. APT measurements

Mechanical alloying was conducted in order to produce a
very fine distribution of the yttria particles in the Fe matrix.

Int. J. Mater. Res. (formerly Z. Metallkd.) 104 (2013) 11

To reveal the Y distribution, APT measurements were per-
formed on samples prepared from mechanical alloyed pow-
der particles (MA condition), on hipped specimens (H state)
and on hiped and annealed (HA) samples. The overall com-
positions revealed by the APT measurements of the differ-
ent states are listed in Table 2.

Compared with the as-received powders, minor concen-
trations of elements such as Al, Si, V, Co, Cu, C were incor-
porated during mechanical alloying. It should also be men-
tioned that the O content increased in the very fine iron
powder during mechanical alloying. Due to its large surface
area, Fe powder is chemically extremely active.

Figure 1 shows 3D atom map projections of the elements
Y, O, Al and Mn in a powder particle atter mechanical al-
loying for 48 h. These elements have been chosen for this

1Dnmf {c)

Fig. 1. 3D atom map projections of the mechanically alloyed powder.
(a) Y; (b) O; (c) Al; (d) Mn. The arrows mark clusters of Y and O as
well as minor enrichments ot Al
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analysis because they are expected to show clustering in all
material conditions studied. Indeed, the visual inspection of
the 3D atom maps reveals that Y seems to have a tendency
for clustering (Fig. 1a). Some of these clusters are marked
with arrows in the atom maps. Nevertheless, Y seems also
to be partly dissolved in the matrix. Additionally, O appears
to be partly dissolved in the Fe matrix, moreover to a higher
extent than Y. Figure b shows that O is also accumulating
at the positions of the Y clusters.

The atom distribution of Al and Mn is depicted in Fig. l¢
and d. The Al incorporated during mechanical alloying
seems to be enriched in the Y clusters, marked with arrows
in Fig. Ic. On the other hand Mn shows a mostly homoge-
neous distribution in the Fe matrix (Fig. 1d), except for
one minor enrichment.

Hipping consolidates the powder into a completely dense
bulk material. Because of the relatively high temperature
and pressure, the distribution of the investigated elements
might begin to change. Hipping is performed at tempera-
tures where an austenitic matrix is present. APT measure-
ments were performed to check the cluster evolution in an
austenitic matrix. Figure 2 shows the 3D atom maps of Y,
O, Al and Mn in the as-hipped state. Again, local enrich-
ments of Y and O are obvious. Compared to Fig. 1, it seems
that the atoms have already formed more distinct clusters
under this condition. Figure 2¢ and d shows the atomic dis-
tributions of Al and Mn. In case of Al, the 3D atom map
gives the impression that its clustering is slightly more pro-
nounced than after mechanical alloying. Considering the
Mn distribution, the 3D atom map in Fig. 2d suggests also
that Mn is no longer homogeneously distributed. This

N ot \*x
P,
N g S
3 e e
3o L
Y S
o
2 -
oo 7
~ . AN . a0
5 g, \\\ N e .
r e s |
< 10 niffe 10nm 10 nm -, " 10nm |
(a);-‘iﬁl’_’ (b} ? {c) (d} M|

Fig. 2. 3D atom map projections after hipping. (a) Y; (b) O; (c) Al; (d)
Mn. The arrows mark clusters of Y, O, Al and Mn.
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means the Mn atoms accumulate during hipping at elevated
temperature and pressure. Again some clusters enriched in
Y, O, Al and Mn are marked with arrows in Fig. 2.

To check the thermal stability of the clusters at a typical
application temperature where a ferritic matrix is present,
the hipped material was annealed at 600 °C for 8 h. The cor-
responding distributions of the Y, O, Al and Mn are shown
in Fig. 3. There are again clusters containing Y, O, Al and
Mn, but visually no difference can be seen between the ma-
terial in the conditions H and HA.

3.2. Comparison of radial distribution functions (RDF&s)
of Y, O and Mn atoms

To describe the clustering more precisely, RDF's were cal-
culated. Compared with X*-tests, RDFs offer spatial infor-
mation which is more suitable for describing the evolution
of the clusters. The RDF is defined as the mean concentra-
tion distribution of a component around a selected solute
species. The surrounding of each solute center atom is di-
vided into shells with a distance r, where the concentration
of the component is calculated. Furthermore, these concen-
trations are normalized to the average bulk composition of
the component. A detailed description of the theoretical
background of RDFs can be found in [19]. For the calcula-
tions Y, O, Mn and Al are selected as solute center atom
elements. The normalized bulk concentration is illustrated
in Figs. 4-6 as a dashed line, which describes the perfect
random distribution. A concentration value above or below
the dashed line represents clustering or depletion, respec-
tively. Each state is normalized to its bulk concentration.
Figure 4 shows the RDFs of Y for all conditions investi-
gated. In all three states, a rise in the RDF value with de-
creasing r is visible. Consequently, in all three conditions

10.nm

b) lo =] |

Fig. 3. 3D atom map projections after hiping and annealing at 600 °C
for 8 h. (a) Y; (b) O; (¢) Al; (d) Mn. The arrows mark clusters of Y,
0O, Al and Mn.
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Fig. 4. Comparison of the RDFs of the MA, H and HA conditions for Y, showing the evolution of Y distribution through the processing route. The

inset diagram illustrates the RDF values between 8 and 9 nm in detail.

a clustering of Y is verified. Furthermore, the curves reveal
that in the mechanically alloyed state the RDF value at
smaller r is significantly lower than under the other condi-
tions. Accordingly, the RDF value in the mechanically al-
loyed specimen decreases less with increasing distance than
in the other two. These two facts indicate a lower degree of
clustering and a higher degree of distribution of Y in the
MA condition than in the H and HA states. Therefore, a for-
mation of more distinct Y clusters during the processing
route is evidenced. Examination of the inset in Fig. 4 shows
that the HA condition especially has a lower RDF value
than the MA condition at high r values, indicating a higher
value of dissolved Y in the Fe matrix after mechanical al-
loying and a depletion of Y after annealing. At a distance
between 8 and 9 nm, the RDF value of the H state is higher
than the RDF value of the MA condition, but is supposed to
decrease to values below the MA value at higher r values. A
comparison of the H state with the HA condition shows that
the HA curve reaches higher RDF values than the H curve,
i.e., further annealing after hiping has the effect of a some-
what stronger demixing of Y.

Figure 5 compares the radial distribution functions of O
under the different conditions. Again, clustering in all three
states can be seen due to the increasing RDF value at lower
r values. The RDF value and its decrease with r of the me-
chanical alloyed condition is lowest at small » values. This
indicates that the mechanically alloyed condition is closer
to the perfect random distribution and that it has also the
lowest degree of clustering. The RDF values increase from
the MA state to the H and HA condition. Therefore, hipping
and further annealing causes a stronger clustering of the O
atoms and consequently a more pronounced depletion of O

Int. J. Mater. Res. (formerly Z. Metallkd.) 104 (2013) 11

in the matrix. In principle, the characteristics of the RDF
curves are akin to those in Fig. 4, but the values of all
curves are significantly smaller, indicating a lower degree
of clustering of O compared to Y. Considering the O con-
tent in the matrix of all three conditions (see inset in
Fig. 5), the highest value of dissolved O is detected for the
mechanically alloyed condition. The RDF values, espe-
cially the ones ot the H and HA conditions, are expected to
decrease turther at higher distances.

Figure 6 shows the Mn distribution as RDFs at different
conditions. According to the atom maps in Fig. 1d Mn is
supposedly dissolved in the matrix after mechanical alloy-
ing. However, the RDF of this condition shows a slightly
different picture here. In this condition, a faint clustering is
present, because of a small increase in the RDF value at
small r values. Therefore, besides Al (Fig. 1c), Mn is accu-
mulating at the Y and O cluster sites directly after mechan-
ical alloying. An analysis of the different RDF curves
through the process route show that Mn diffuses, similarly
to Y, into the clusters during hipping and supports the clus-
ter formation. The curves of the H and HA condition are
akin, but a somewhat stronger clustering of Mn after an-
nealing is detected.

3.2.1. Evolution of the cluster size and matrix
composition

In order to determine the cluster size, a cluster search algo-
rithm based on the double maximum separation method
was used [23, 24]. This algorithm allows identification of
each Y-cluster and provides information about the chemical
composition as well as the extent of the clusters. Evaluation
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of all three samples indicated that the same cluster search  distances were set to 0.75 nm, 0.7 nm and 0.7 nm, respec-
parameters can be used. They were selected according to  tively. To prevent randomly distributed atoms being identi-
the procedure from Stephenson et al. [23] and Williams et fied as clusters, a minimum cluster size of 12 atoms was
al. [25]. The separation, the surrounding and the erosion  used. Table 3 shows the calculated results of the cluster
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8 Fig. 5. Comparison of the RDFs of the MA, H and HA conditions for O, showing the evolution of O distribution through the processing route. The
E inset diagram illustrates the RDF values between 8 and 9 nm in detail.
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Fig. 6. Comparison of the RDFs of the MA, H and HA conditions for Mn, showing the evolution of Mn distribution through the processing route.
The inset diagram illustrates the RDF values between 8 and 9 nm in detail.
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Table 3. Comparison of the mean cluster size of the hipped condition and the hipped and annealed condition, describing the stability of
the Y -0 clusters as well as the evolution of the matrix and cluster composition of Y, O, Al and Mn.

matrix composition (at.%)

cluster composition (at.%)

Rg (nm) Y (6] Al Mn Y (8] Al Mn Y:0

mechanically alloyed (MA) 0.65+0.25 0.13 0.48 0.05 0.15 1468 | 23.18 0.17 0.19 0.63
hipped (H) 058 £0.18 0.03 0.15 | 0017 | 0.02 | 17.23 | 11.36 | 0.36 0.32 1.52

hipped and annealed (HA) 0.67 +0.32 0.03 0.13 | 0.024 | 0.03 1471 | 1133 | 0.30 0.29 1.30

search algorithm and compares the mean radius of gyration
(R,) of the different conditions. The radius of gyration en-
ables a comparison of the size of differently shaped clus-
ters. In the MA state, the particle analysis reveals an R, of
0.65 nm, in the H state of 0.58 nm and in the HA of
0.67 nm. Hence, through the processing route, the differ-
ence between the clusters is negligibly low and within the
standard deviation of the particle size.

The matrix composition is determined by excluding the
atoms which belong to the clusters by the cluster search al-
gorithm of the overall dataset. The concentrations of the in-
dividual elements are listed in Table 3, where Fe is the bal-
ance. The cluster search algorithm reveals a Y content of
0.13 at.% dissolved in the matrix after mechanical alloying,
whereas the hipped and annealed specimens exhibit a much
lower dissolved Y concentration of 0.03 at.%. Considering
the O content dissolved in the Fe matrix, particle analysis
calculated a much higher amount of O dissolved in the iron
matrix of about 0.48 at.%, while the hipped and annealed
specimens have an O concentration of 0.15 at.% and
0.13 at.%, respectively. The alloying elements Al and Mn
show the same tendency. The matrix after mechanical al-
loying exhibits the highest content of Al and Mn with
0.05 at.% and 0.15 at.%, respectively. Again, a depletion
of Al and Mn during hipping and annealing in the matrix
could be detected. Considering the cluster composition it
can be stated that the O content is also decreasing during
hipping and subsequent annealing. In contrast to that, Al
and Mn enrich at the clusters during the process. Again this
analysis suggests that Al and Mn are already enriched in the
MA state. The Y : O ratio differs from the MA state to the H
and HA conditions. After mechanical alloying, the Y:O ra-
tio is about 0.63 in contrast to the Y: O ratio after hipping
and annealing, which are ~1.52 and ~ 1.3, respectively.

4. Discussion

Atom probe measurements at three different stages during
the processing route of mechanically alloyed iron, i.e., after
mechanical alloying, after hipping and after annealing,
were performed. As mentioned in the introduction, Wil-
liams et al. [16, 17] studied the cluster evolution of a 14-
YWT (Fe-14 Cr-2 W-0.3 Ti) steel. However, the present in-
vestigation focuses on Y —Mn—Al-0O particels in an Fe-Y
model alloy. The clustering behavior of the individual ele-
ments was analyzed in all three conditions. Additionally,
the clustering was supported by calculating RDFs. The evo-
lution of the cluster size as well as the matrix composition
was determined. These investigations should clarify the
evolution of the particles during standard processing of
ODS-steels, as well as explain what is happening during

Int. J. Mater. Res. (formerly Z. Metallkd.) 104 (2013) 11

mechanical alloying. Until now, there has still been a lack
of information in literature concerning atom probe investi-
gations of pure iron particles mechanically alloyed with yt-
tria. Miller et al. detected a different Y/O ratio (~1.2) in
the Y-O nanoclusters of ferritic steels from atom probe
measurements of hipped specimens. He concluded that
these clusters could not be remnants of the original yttria
powder [15]. In the model alloy of the present investigation
a Y/O ratio between 1.5 and 1.3 after hipping and annealing
was detected, In contrast to that in the MA state a Y/O ratio
of 0.63 was detected, indicating an earlier stage of precipi-
tation. This ratio matches the ratio of the original yttria
(0.67) powder well. Other publications claimed that a de-
composition of yttria during mechanical alloying took place
[26-28]. However, owing to the relatively small yttria con-
tent in these studies, X-ray diffraction peaks were difficult
to measure. Furthermore, they could disappear because of
amorphization. Consequently, no clear evidence of what is
happening during mechanical alloying was given until now.

Atom probe measurements of the as-mechanically al-
loyed specimen conducted in this study reveal a clustered
arrangement of the Y atoms. Furthermore, partial dissolu-
tion can be assumed from the visual inspection. Due to their
high affinity for each other, Y and O are accumulating at
the same positions. The fact that Al enrichments, incorpo-
rated during milling, are detected at the Y and O clusters
atter mechanical alloying and before hipping suggests that
these atoms are dissolved in the Fe matrix and rearranged
in clusters during mechanical alloying. It is assumed that
Al enriches due to its high affinity to O. Mn is mainly dis-
solved in the matrix, but a minor Mn enrichment is also de-
tected by RDF and cluster search algorithm before hipping.
Consequently, these Y and O clusters are not just remnants
of the as-received Y,0O; powder in nanometer scale, which
is evidence of the dissolution of Y and O and the reordering
of Y, O, Al and Mn at favorable sites such as vacancies or
dislocations. The reason that Al shows a stronger clustering
tendency than Mn might be due to the higher diffusivity of
Al compared to Mn. According to [29, 30] the diffusivity
of Al (D = 2.84204 x 107'® m* 57! in ferromagnetic ferritic
Fe is about twice the diffusivity of Mn (D =1.23673 x
10715 m? s7') at a temperature of 737°C. At lower tempera-
tures, this difference could even increase because of the
lower activation energy of diffusion of Al. Referring to
RDF calculations, a tendency to clustering can be indicated
tor Y, O and Mn in the mechanically alloyed state. How-
ever, the gradient of the decreasing RDF value of the me-
chanically alloyed condition is the lowest in all cases. This
fact indicates a more homogeneous distribution of Y, O
and Mn in the MA condition and gives a hint that they have
a higher content dissolved in the matrix. Calculation of the
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cluster size in the MA state reveals a radius smaller than
I nm, which agrees with the results of the study of Williams
etal. [16]. However, evaluation of the matrix composition
reveals a high Y content of about 0.13 at.% dissolved in
the Fe matrix. Kubaschewski [31] calculated the solubility
at thermodynamic eqilibrium to be much smaller than
0.6 wt.% at 1350°C. This is also fulfilled in the present in-
vestigation, but at room temperature the equilibrium solubi-
lity is even smaller. Additionally, the dissolved O content
of the MA state in the Fe matrix is about 0.48 at.%,
although the O solubility in bcc Fe which was calculated
from Swisher and Turkdogan [32] lies between 2 and
3 ppm at 881 °C at thermodynamic equilibrium. However,
the amount of dissolved Y and O in the mechanical alloyed
condition is high compared to literature. Due to this fact, it
can be assumed that the Y and O atoms are partly dissolved
after mechanical alloying and that this dissolved content is
unusually high, metastable and far from the thermodynamic
equilibrium. We propose that Y and O dissolve in the iron
matrix during mechanical alloying, but are also arranging
at convenient sites, e. g. lattice defects such as dislocations
or vacancies. It has been shown, that vacancies play an im-
portant role at the early stages of precipitation in Al-Cu-
based alloys [33]. The extremely high defect density could
be a further reason for dissolution of Y and O, acting as an
accelerator for diffusivity.

At the high temperatures and pressures which prevail
during hipping, the dissolved Y, O and Mn atoms can dif-
fuse over short distances in order to enrich at the clusters.
Visual inspection of the atom maps is evidence of this.
However, most of the defects annihilate during hipping.
Consequently, the diffusion accelerator is missing, hence,
coarsening of the clusters is not so pronounced and the ther-
mal stability of the Y—-O nanoclusters is extremely high.
The difference in the Y cluster size at the H state compared
to the MA condition is negligibly low and within the stan-
dard deviation. This is contrary to Williams et al. [16],
who found a sharp increase in the cluster size during conso-
lidation. The matrix composition of the H condition, which
is definitely closer to the vicinity of the thermodynamic
equilibrium, exhibits a content of about 0.03 at.% Y dis-
solved in the matrix. This is much lower compared to the
MA condition. The dissolved content of O after hipping is
calculated as 0.15 at.%, also much lower as in the MA con-
dition. The inset diagrams of the RDFs in Figs. 4-6 showed
in detail that these elements are depleted during the process
route. Consequently, it can be stated that the mechanically
alloyed Fe matrix exhibits, besides Y, an extended meta-
stable solubility of O. In addition, the alloying elements Al
and Mn have a lower concentration in the matrix of the H
state than in the MA condition. Like Y and O, Al and Mn
diffuse into the clusters, causing depletion in the matrix
after hipping. Again, a comparison of the RDFs confirms
this fact. After hipping a much stronger degree of clustering
is detected. The cluster search algorithm also supports this
conclusion showing an enrichment of Al and Mn. This
agrees with Williams et al. [ 16, 34], who also found Mn en-
richments in clusters in a hipped ODS-Eurofer steel and a
decrease in the cluster-forming elements O, Y and Ti in
the matrix during processing of a 14-YWT steel. A decrease
in the concentration at the overall APT datasets of elements
such as Cr, W, Ni, Mn, Al, C and O can be explained by the
formation of larger oxides and carbides outside the range of
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the APT measurements. Hipping, which is for consolidation
of the powder to zero porosity bulk material at high tem-
peratures and pressures, accelerates the driving force of
Y ~0O-Al-Mn clustering. These dissolved atoms diffuse
to form more distinct clusters, which increases the concen-
tration at lower r value in the RDF diagrams.

By visual inspection, no difference can be found between
the HA and the H condition. Also in the matrix composition
no distinct change can be detected, except a minor deple-
tion of all alloying elements. If the RDFs of the H and HA
conditions are compared they are all alike, but annealing
also has the effect that a somewhat stronger clustering of
all elements can be detected. In this state the difference in
cluster size compared with the other conditions is very low
and within the standard deviation. A minor coarsening, if
any, can be assumed. This indicates that annealing at
600°C aftects the particle growth only negligibly. Conse-
quently, this provides evidence for the exceptionally high
stability of the clusters at this temperature in ferritic phase.
The fact that these clusters were exposed to higher tempera-
ture during previous consolidation could be a reason for
their high stability. Several papers deal with the enhanced
stability of the Y—O clusters [3, 14], which is also shown
in this study by the comparison of the mean cluster size of
the different conditions. As already mentioned, vacancies
and other crystal defects annihilate during hipping. Conse-
quently, the diffusion of Y, O, Al and Mn in the matrix is
much lower, which also might explain the high stability of
the clusters.

5. Conclusions

The evolution of the Y distribution during the processing

route of mechanically alloyed iron was analyzed by means

of atom probe tomography. The results lead to following
conclusions:

I. Directly after mechanical alloying Y, O are in a clus-
tered arrangement.

2. An extended solubility of Y and O in the iron matrix
was measured after mechanical alloying.

3. Al and Mn enrichments in the clusters indicate diffusion
processes during mechanical alloying, e. g. dissolution
and reordering of Y,0, Al and Mn.

4. It is assumed that Y, O, Al and Mn are dissolving during
mechanical alloying, but are arranging at convenient po-
sitions, e. g. lattice defects such as dislocations or van-
cancies.

5. Itis supposed that defects act as a diffusion accelerator,
which enhances the solubility of Y and O.

6. Hipping causes diffusion of dissolved Y, O, Al and Mn
atoms to form distinct particles and depletion of these
atoms in the matrix.

7. Due to annihilation of the defects during hipping, it is
expected that these diffusion accelerators are missing
afterwards, which enhances the stability of the particles.

8. Further annealing at 600 °C for 8 h has minor effects on
the particle growth, which proves the exceptionally high
stability of these particles.

The authors want to thank Dr. J. Zbiral for supporting at mechanical al-
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Abstract This experimental study combined with first prin-
ciples modeling focuses on the distribution and behavior of
yttria in pure iron powder particles prepared by mechani-
cal alloying. A profound verification of the mechanism dur-
ing milling is still missing in literature. Atom probe tomog-
raphy and X-ray photoelectron spectroscopy measurements
directly after mechanical alloying revealed yttria dissolved
in the iron matrix, which later rearranged in clusters. These
findings are corroborated by ab initio calculations demon-
strating that the formation energy for Y substitutional defect
in bee-Fe ig significantly lower in the close neighborhood
of vacancies. X-ray diffraction measurements revealed that
mechanical alloying for at least 12 hours caused a dramatic
decrease in domain size and an extraordinary increase of de-
fect density.

1 Introduction

In order to improve the high temperature strength of steels, a
fine Y203 powder is incorporated into the iron-based alloys
[1, 2]. Such so-called oxide dispersion strengthened (ODS)
alloys are commonly produced by mechanical alloying with
an attritor or a ball mill [3]. It is known that Y-O clusters at
nanometer scale are formed in ODS steels [4]. Thermody-
namical calculations revealed that yttrium has a negligibly
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small solubility in Fe [5, 6]. Therefore, mechanical alloy-
ing is applied for producing such steels strengthened with
very small and fine distributed yttrium oxide clusters [7].
While some studies reported that just a dispersion of Y-O
based particles with a diameter of 5-20 nm ocecurred in the
iron matrix during mechanical alloying [2, 3, 8-10]; oth-
ers, especially in the last few years, reported of a refine-
ment of these particles with support of Ti [11-17]. Nev-
ertheless, regarding the mechanisms active during milling,
only hints exist. Therefore, the mechanism is not clear un-
til now. For instance, Miller et al. [15] investigated hot iso-
static pressed (hiped) ferritic ODS steels and found Y clus-
ters with an M:O ratio of about 1.2. This differs significantly
from Y,03 itself (0.67), leading to a conclusion that these
particles could not be crushed remnants of the initial ytiria
powder. Based on transmission electron microscopy (TEM)
and X-ray diffraction (XRD) investigations on hot extruded
specimens, Okuda and Fujiwara [18] proposed that a decom-
position of yttria oceurs during mecharnical alloying, since
relevant XRD peaks were missing after milling but reap-
peared after annealing the powder. However, the missing
XRD peaks could also be a consequence of amorphization
of yttria as proposed by Kimura et al. [19, 20]. They pro-
posed a decomposition of yttria based on differential scan-
ning calorimetry (DSC) measurements, and suggested that
yitria gets amorphous around crystalline iron areas. The as-
signed DSC peak was interpreted as a re-precipitation pro-
cess, but alternatively it could be associated also with crys-
tallization of the amorphous phase. In contrast, Klimiankou
et al. [21] studied the ytirium oxide particles in already
hiped ODS steels using high resolution TEM. They iden-
tified an orientation relationship between the ytirium oxide
particles and the matrix, which is a strong evidence for a pre-
digsolution of yttria in the iron matrix, and a re-precipitation
of yttrium oxide particles. Ab initio calculations revealed
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that vacancies, created during mechanical alloying, play an
important role in clustering of interstitial oxygen [22]. Fi-
nally, Williams et al. [17] analyzed the evolution of Y-Ti-O
based particles in 14-YWT (Fe-14 Cr-2 W-0.3 Ti) steel dur-
ing processing by TEM and APT. The generation of a large
surface of the powder particles during mechanical alloy-
ing together with the extremely high mechanical deforma-
tions, which lead to high density of dislocations and vacan-
cies, could be the key for the dissolution and extremely fine
clustering of yttrium and oxygen. To resolve this longstand-
ing question of whether there is dissolution of yttria in the
iron matrix, atom probe tomography (AP1) combined with
X-ray photoelectron spectroscopy (XPS) measurements of
the as-mechanically alloyed powder are employed. APT is
used to resolve the distribution of ytirium in the powder par-
ticles after mechanical alloying. The chemical bonding of
yttrinm and oxygen before and after mechanical alloying is
studied by XPS. Additionally, the domain size of the me-
chanically alloyed particles, as an indicator of defect den-
sity, was calculated from XRD patterns by diffraction line
broadening analysis [23, 24]. Finally, ab initio calculations
were carried out in order to reveal whether crystal defects,
such as vacancies, could promote dissolution of Y in Fe.

2 Methods

Before mechanical alloying, a ferritic iron powder and
0.5 wt.% ytiria powder with a dgo = 1.16 um and purity
of 99.9 % were blended in a tumbling mixer for 30 min-
utes. Afterwards, the mixture was mechanically alloyed in a
Certony™ aftritor under Ar-gas atmosphere for 12 and for
48 h. Steel balls with a ball-to-powder ratio (BPR) of 10:1
were used for milling. The chemical composition of the dif-
ferent states before and after milling is listed in Table 1. The
elements Al, Mn, Ni, Cr, Mo and W are incorporated during
milling. It should be noted that all compositions presented in
this paper are given in at.% and that the 12-hour sample and
the 48-hour specimen are different batches, leading to slight
differing incorporation amounts. The powder mechanically
alloyed for 48 h was subsequently hipped at a temperature
of 1100 °C and a pressure of 100 MPa for 3 h.

Atom probe tomography (APT) investigations were per-
formed on powder particles milled for 12 and 48 h us-
ing a Cameca™ Local Electrode Atom Probe (LEAPTM)
3000X HR. For the tip preparation from the mechanically

alloyed powder particles, an FEI™ Dual Beam focused ion
beam (FIB) was used. A wedge was cut out of the powder
particle at a convenient position, and the slices were placed
on several tips of a microtip coupon. The measurements
were run in a voltage mode applying a pulse fraction of 20 %
at base temperature of 60 K. The reconstruction procedure
was carried out with the Cameca™ software IVAS 3.4.3.

The XPS measurements were conducted by a Multiprobe-
UHV-surface-analysis system from Omicron Nanotechnol-
ogy equipped with a DAR 400 X-ray source (Al K, 1-line,
1486.70 &V), an XM 500 quartz erystal monochromator and
an BA 125 hemispherical electron analyzer. The powder was
fixed on a carbon adhesive tape and the whole investiga-
tion was carried out in an ultra-high vacuum at pressure of
9 % 1071 mbar. The element peaks of the mechanically al-
loyed powder were recorded with a pass energy of 40 eV,
the Y3d-peak was summed up with 120 sweeps to distin-
guish the signal from the backeround. The overall energy
resolution of the spectrometer for these measurements was
0.7eV.

A Bruker-AXS D8 Advance diffractometer equipped
with a sol-x detector was used to get locked-couple XRD
scans with a step size of 0.02° and a time per step of 1.2 s.
The obtained XRD-patterns were analyzed by the single line
method for the analysis of X-ray diffraction line broadening
referring to the work of de Keijser et al. [23].

For first principles calculations the Vienna Ab initio
Simulation Package (VASP) [25, 26] was used together
with generalized gradient approximation of the exchange-
correlation effects [27]. A 3 x 3 x 3 cubic supercell with
54 atoms enabled point defect concentrations which are
small enough and, at the same time, computationally afford-
able. The plane-wave cut-off energy set to 500 eV and the
6 x 6 x 6 k-point mesh yielded a total energy accuracy of
about 1073 &V/at. The spin-polarization was allowed to ac-
count for the ferromagnetic state of Fe. Several configura-
tions of vacancies and Y atoms substitutionally replacing Fe
were considered and are described in detail in the results
section.

3 Results
3.1 APT measurements

To compare the evolution of Y and O distributions during
mechanical alloying, the respective 3D atom maps of the

Table 1 Chemical composition
of the of the analyzed powders

before and after milling (at.%)

Fe Al Mn Cr Ni Mo W Y205
Before milling Bal. - 0.124 0049 0028 - - 0132
12 h mechanically alloyed state Bal. 0.34 0.14 0.09 0.05 0.01 0.8 0.12
48 h mechanically alloyed state Bal. 0.1 0.16 0.24 0.1 0.01 0.05 0.13
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Fig. 1 3D atom maps of the 12-hour mechanically alloyed condition.
@Y (o

Fig. 2 3D atom maps of the 48-hour mechanically alloyed condition.
@Y, (O

12-hour and the 48-hour samples are shown in Figs. 1 and 2.
Y- and O-clusters can be detected in both states, nonethe-
less, the visual inspection reveals less distinctive clusters
after 12 h than after 48 h of milling. Furthermore, other
measurements (not presented here) showed cluster depleted
zones in the 12-hour milled state, which suggests an inho-
mogeneous distribution of Y atoms after 12 h of mechan-
ical alloying. In the 48-hour condition all measurements
yield a homogeneous distribution of Y and O clusters, as
demonstrated in Fig. 2. All elements exhibiting a cluster-
ing behavior after milling are analyzed. To identify the clus-

ters and to analyze their size and chemical composition,
the cluster search algorithm based on the double maximum
geparation method [28, 29] was used. The cluster search
parameters in both states were defined by the method of
Vaumousse et al. [30] and Stephenson et al. [29]. The sep-
aration distance, the surrounding distance and the erosion
distance in the 12-hour state were all set to 0.65 nm, re-
spectively. At the 48-hour state the separation distance was
set to 0.75 nm, the surrounding- and the erosion-distance
were both set to 0.7 nm. To prevent randomly distributed
atoms from being identified as clusters, a minimum clus-
ter size of 10 atoms at the 12-hour condition and 12 atoms
at the 48-hour state were used. Results, such as the matrix
and the cluster composition as well as the radius of gyration
(Rg) are listed in Table 2. The radius of gyration enables
for a comparison of the size of differently shaped clusters.
It follows that R, has a slightly lower value at the 12-hour
state than in the 48-hour sample. Calculations reveal a mean
R of 0.50 nm and 0.65 nm for the 12- and 48-hour con-
ditions, respectively. Consequently, mechanical alloying for
longer than 12 h causes a slight increase of the cluster size,
which remains, nonetheless, within the standard deviation.
Calculations of a matrix composition, excluding the Y and
O enriched clusters, reveal a content of 0.08 = 0.04 at.%
Y and 0.35 = 0.14 at.% O in the 12-hour condition, and
0.13 £ 0.01 at.% Y as well as 0.48 £+ 0.06 at.% O in the
48-hour condition. Comparison of both conditions leads to
a conclusion that Y and O are more dissolved in the matrix
after 48 h than after 12 h of milling. The average Y content
of the clusters is roughly the same in both cases, the O con-
tent is slightly increased at the 12-hour state, but also within
the standard deviation. The standard deviations of all cluster
compositions are very high compared to the mean content
values, indicating that these enrichments are clusters with-
out a defined composition. Additionally, the Y/O ratios dif-
fer slightly at both conditions (0.5 for the 12-hour state and
0.63 for the 48-hour condition), and they are slightly lower
than the Y:O ratio of Y203 (Y/O = 0.67). Additional calcu-
lations reveal an enrichment of Mn and Al and a Fe concen-
tration in the clusters between 50 and 60 at.% in both states.
Comparison of the compositions of the different states in
Table 2 shows that Al and Mn as well as other elements
are incorporated during milling. Mn and Al concentration
of 0.24 at.% and 0.53 at.%, respectively, was measured in
the clusters formed after 12 h of milling. This is a clear in-
crease compared with the matrix content of 0.09 at.% and
0.22 at.% for Mn and Al, respectively. An akin trend can be
seen at the 48-hour state.

3.2 XPS-measurements

XPS provides information about the quantitative composi-
tion of chemical elements but, also about the chemical state

@ Springer
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Table 2 Comparison of the mean cluster size (R, ), as well as the Y and O content in the matrix and the clusters of the 12 and 48 h mechanically
alloyed conditions, describing the evolution of the Y-O clusters during mechanical alloying

Matrix composition [at.%]

Fe Y [0} Mn Al
12 h of mechanical alloying 98.68 £ 0.91 0.08 £0.04 0.35+0.14 0.09 £0.07 022402
48 h of mechanical alloying 98.34 + 0.08 0.13+0.01 0.48 4+ 0.06 0.15 +£0.01 0.05 +0.01
Cluster composition [at.%]
R, [nm] Fe Y o Mn Al Y/0
12 h of mechanical alloying 0.50+0.23 49.11 +20.37 15.65 £ 11.93 31.08 + 18.87 0.24 +0.24 053 +0.53 0.5
48 h of mechanical alloying 0.65+0.25 59384+19.2 14.68 + 9.6 23.18 £ 15.03 0.17+0.17 0.19+0.19 0.63

of a specific element. A shift of the binding energy of core
level electrons indicates a change of chemical environment
of this element. In case of yttrium a chemical shift from
155.6 eV (metal) to 157 eV [31] of the Y3ds»-peak is ex-
pected in the original powder corresponding to an Y203
oxide state. During the mechanical alloying the Y-O bond
might be partially released as the Y203 is milled and dis-
solved in the iron matrix. The chemical environment is more
electropositive within the ferritic matrix compared to the
original powder, and the binding energy of Y3ds, decreases
in that case. An enrichment of other alloying elements such
as Al or Mn can also slightly decrease the binding energy to
lower values. InFig. 3 the Y3ds,2 peaks of the mechanically
alloyed powders and the hiped sample are compared with
those of pure ytiria powder. All measurements are charge-
corrected and the binding energy is referred to the carbon—
carbon bond at 284.6 eV as an internal calibration standard,
which is detected as a surface contamination layer generated
by sample transfer under ambient conditions in all measure-
ments. The XPS spectra were fitted by using a Lorentzian/
Gaussian peak deconvolution (Voigt function) which is de-
scribed in detail in [32]. The Lorentzian contribution of the
peak profile can be attributed to the core-hole lifetime broad-
ening and is 0.1 eV in the case of Y3d according to [33]. To
allow for a comparison of the two different samples with
various contents of yitria, the photoelectron intensity is nor-
malized to the intensity maximum and presented in arbitrary
units (a.u.). The lower signal to noise ratio in the mechani-
cally alloyed and hipped conditions, even after 120 sweeps,
can be explained by the very low Y-content of only 0.1 at.%.
A slight shift of the binding energy to lower values can be
seer, which indicates a more electropositive environment
of ytirium atoms in the mechanically alloyed specimens.
The binding energies of the Y3ds,» electrons of the ref-
erence material and of the different specimens are marked
in Fig. 3 with vertical dashed lines. A Lorentzian/Gaussian
peak deconvolution of the reference vttria powder yields a
binding energy of 157.66 eV for the Y3ds,; electrons and

) springer

159.69 eV for Y3ds/,. In contrast to that, the binding en-
ergies in the specimen mechanically alloyed for 48 hours
are 157.23 eV for Y3ds/; and 159.27 eV for Y3ds». The
Y3dss2 and Y3dz,; binding energies in the 12-hour speci-
men are fitted to be 157.20 and 159.24 €V, respectively. The
peak fits of the hiped specimen spectrum revealed 156.92 eV
for the Y3ds,2 electrons and 158.96 eV for the Y3ds;» elec-
trons, respectively.

3.3 First principles calculations

To get an ingight in the energy changes of differently mod-
ified crystal structures at the atomic scale, ab initio calcula-
tions were employed. The energy of formation of a single
vacancy in the iron bee lattice is calculated as

Ey¢(lvac) = E(3 3 x 3 + lvac) — [E(S x 3 x 3)
7E(1Fe)]
= E@3 %3 x 3+ lvac) — 53E(1Fe) 48]

where E (3 x 3 x 3 + 1vac) is the total energy of a3 < 3 x 3
lattice with 53 Fe atoms and 1 vacancy. E(3 x 3 x 3)
and E(1Fe) are the total energies of bee iron correspond-
ing to 54 and 1 Fe atom, respectively, (E£(3 x 3 x 3) =
54E(1Fe)). The energy of formation of one vacancy is
2.193 eV/vacancy. This value is in a good agreement with
previously published result [34], where even a larger super-
cell was used. The positive value means that work has to be
applied to form a vacancy.

The energy of solution of Y in a perfect bec crystal,
which expresses the energy needed to substitutionally re-
place one Fe atom with one Y atom, reads:

E(1Y) = E(3 x 3 x 3 1 1Y)
—[E(G %3 x3)— E(1Fe) + E(1Y)] )

where E(1Y) is the total energy per atom of Y in the hep
structure. Equation (2) yields Eyq (1Y) = 2.115eV/Y. That
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Fig.3 Comparison of the Y3d peaks of the mechanically alloyed sam-
ples, for 12 h (a) and for 48 h (b}, as well as of the hiped state (¢}
and the reference Y203 powder. The Y3dsq» peak maxima positions
of mechanical alloyed samples (squares) and reference Y3 powder
(triangles) are marked with dashed vertical lines. A slight chemical
change of yttria during mechanical alloying is clearly indicated

means that an extremely high energy input is needed to dis-
solve Y in a perfect Fe structure, i.e. thermodynamically Y
has no driving force for dissolution in the Fe lattice. The cor-
responding mixing enthalpy of the hypothetical Fe-Y alloy
is 0.039 eV/atom. The positive value represents a thermody-
namical force for de-mixing of this alloy.

Next, the effect of lattice defects, such as vacancies, on
the energy of solution of Y in the Fe lattice is investigated.
It is assumed that a vacancy exists in the Fe matrix before
Y is dissolved. Results shown in Fig. 4 were calculated ac-
cording to

Fea(1Y) = E(3 x 3 x 3+ Ivac + 1Y)
—[EB x 3% 3+ lvac) — E(1Fe)
+ E(1Y)] 3)

The energy of solution decreases dramatically by about
1.364 to 0.751 eV/Y when the Y atom and the vacancy arein
the first nearest neighbor (NN) distance. Vacancies lower the
energy of solution also for more distant neighbors, but not so

1stNN 2ndNN

3 rd NN
2.4 1 1

224 novacancy limit L

energy of solution Y [eV/Y]

0.6 T T T

T
0.2 0.3 0.4 0.5 0.6 0.7
distance [nm]

Fig. 4 Energy of solution of 1Y atom in Fe matrix (smaller orange
balls) as a function of the distance between the Y atom (larger blue
ball) and the vacancy (gray circle). The dashed line marks the limit for
energy of solution in a perfect Fe crystal

/
PG AL
¢ & o =

Fig. 5 (a) Y-vacancy—vacancy triangle configuration, (b) Y-vacancy—
vacancy line configuration

strongly. This is likely due to the fact that a vacancy allows
for a relaxation of internal stresses caused by replacing Fe
with a much larger Y atom, and obviously such mechanism
is most effective when the Y atom and the vacancy are as
close as possible to each other. In any case, the decrease of
the Es(1Y) with decreasing Y—vacancy distance suggests
a tendency for Y—vacancy clustering.

Furthermore, the effect of increasing defect density is ad-
dressed. Again, the energy of solution of one yttrium atom in
the iron lattice with two vacancies is calculated with respect
to a state with two pre-existing vacancies. Two extreme con-
figurations with Y and a vacancy being nearest neighbors in
a triangle configuration (Fig. 5a) and a line configuration
(Fig. 5b) are calculated.

An addition of the second vacancy causes a further de-
crease of the energy of solution of Y in bee Fe. Figure 6
illustrates the energy of solution of Y as a function of the
number of vacancies. For the line configuration, the ab initio
calculations reveal energy of solution of 0.739 eV/Y, which
is slightly lower as compared with the one vacancy configu-
ration. However, in the triangle configuration the energy of
solution of Y is —(0.514 eV/Y. Because of the lowest value
of Ey ., the triangle configuration is the most favorable ar-

@ Springer



G. Ressel et al.

vacancy concentration [%)]

0 1.85 37
2.4] T T ]
2.2 no vacancy limit E
2.0
1.8
1.6
1.4
1.2
1.0 4 .
0.8 ] ! 3
0.6 g
0.4 .
0.2 .
X e N A -
-0.2 .
-0.4 -
-0.6 T T T T

- I
1

energy of solution [eV/Y]

number of vacancies

Fig. 6 Drop of the energy of solution as a function of the vacancy
density. The presented data suggest an increased solubility of Y in a
bec Fe lattice with increasing vacancy density

rangement. Moreover, it stays stable even at 0 K due to its
negative value. Consequently, increasing defect density, in
this case vacancy density, promotes the solubility of Y in Fe.

3.4 Domain size

Concerning formation of very fine clusters in the size of a
few nanometers, it is assumed that an extremely high de-
formation, which is provided by mechanical alloying in an
attritor, supports the dissolution and very fine cluster forma-
tion of yttrium oxide. Especially, vacancies and dislocations
act as an accelerator in diffusion of Y in Fe. The domain size
is a measure of defect density, such as grain boundaries, dis-
locations or vacancies, and could be estimated by the line
broadening method applied on XRD patterns [23, 24]. The
smaller the domain size is the smaller is the lattice space
without defects and the higher is the defect density. In this
case Y impurities do not influence the domain size. In Fig. 7
the domain sizes obtained for the unmilled ferritic iron pow-
der and the powders milled for different durations are com-
pared. Milling for 12, 24 and 48 hours causes a dramatic de-
crease in domain size from about 137.7 nm, for the unmilled
condition, to about 12 to 10 nm, for the milled conditions.
There is no significant change of the domain size from 12 to
48 h. At a domain size of about 10 nm after milling for 48 h
an extremely high defect density can be assumed. Its extent
is nearly the same as the distance of each Y-cluster detected
by APT.

4 Discussion and summary

APT, XPS, XRD as well as ab initio calculations have been
employed to clarify the mechanism during mechanical al-
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Fig.7 Domain size, calculated by diffraction line broadening analysis,
against the duration of mechanical alloying

loying Fe with Y»03. Results of atom probe investigations
on powder particles are listed in Table 2. Our analysis re-
vealed a roughly similar cluster size after 12 and 48 hours
of milling. Furthermore, in both specimens an extended sol-
ubility of Y and O in the Fe matrix caused by mechanical
alloying is proven. Additionally, an enrichment of Al and
Mn concentration, as well as Fe content of 50-60 at.% is
detected. The Y/O ratio in the clusters in the milled states
differs from original stoichiomeitric ytiria powder. In con-
trast to the investigations by Miller et al. [15], where even
after hiping the Y/O ratio of the YO clusters is proposed to
be 1.2 and beyond the stoichiometric Y203, the Y/O ratio
before hiping lies slightly under this value. However, the re-
sults presented in Table 2 indicate a roughly similar cluster
size of the 12- and 48-hour conditions. The fact that there
is a saturation in cluster size during milling, which agrees
with the findings of Suryanarayana [7], we interpret as a
hint that these particles are not crushed remnants of orig-
inal brittle Y,03 powder particles. Moreover, we assume
that the same cluster size indicates dissolution with follow-
ing formation of these clusters. Additionally, the dissolved
amounts of Y and O in the Fe matrix, which are listed in Ta-
ble 2, support this theory. Domagala et al. [5] and Swisher
and Turkdogan [35] reported a solubility at elevated temper-
atures much smaller than 0.6 at.% Y and about 2 ppm O
in Fe, respectively. At room temperature, the solubility limit
in thermodynamical equilibrium of Y and O in Fe is even
lower. Compared with these thermodynamical calculations,
the amounts of Y and O as listed in Table 2, are even en-
hanced. According to the composition of the clusters, the
Fe concentration should be treated with care, because of re-
construction uncertainties of APT measurements, but it is
assumed that the Fe concentration is not zero. Also the fact
that an enrichment of Al, Mn and Fe can be detected in the
clusters directly after milling, gives a hint that these clusters
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are a result of dissolution of Y and O in the Fe matrix and
a following rearrangement of Y, O as well as Mn and Al.
This is supported by the XPS results, revealing a shift of
about 0.46 eV to lower values of the Y3ds,, binding ener-
gies during mechanical alloying. This means that the bind-
ing energy changes due to a more electropositive chemical
environment at the Y clusters. However, based on the pre-
vious APT results it can be concluded that the Mn and Al
enrichments and also Fe decreases the Y3ds,, binding en-
ergy to lower values. Further hiping decreases the Y3ds/,,
binding energy again to about 0.28 eV, which is an over-
all decrease of 0.74 eV. These results confirm atom probe
findings recently submitted to [IMR, where an increased Al
and Mn concentration in the clusters is detected after hip-
ing. Other papers reported an enrichment of Ti at these YO
clusters at already hiped titanium alloyed ferritic steels [11,
36, 37]. During hiping, these alloying elements further en-
rich at the clusters, and the binding energy as measured by
XPS drops slightly agair.

The line broadening of XRD patterns (Fig. 7) reveals high
defect density present after mechanical alloying. Based on
the ab initio calculations presented in Fig. 4 , the strong en-
ergy decrease as the first nearest neighbor indicates a strong
affinity of Y and vacancy in building of Y—vacancy pairs.
This is due to the elastic relaxation of the larger Y atom
at the “free space” offered by a vacancy. These pairs have
a much higher diffusivity in the Fe lattice than Y alone,
and make a disselution of Y in Fe easier. This is simi-
lar to e.g. Al-Cu-based alloys, where vacancies also play
an important role at the early stages of precipitation [38].
The effect of a vacancy can also be related to dislocations.
Edge dislocations, for example, offer also “free space” in
their cores where these large Y atoms can relax their stress
field. Therefore, also dislocations can enhance Y dissolution
in Fe. Schwarz [39] assumed that larger atoms diffuse at dis-
locations much faster and that during mechanical alloying
the solute is diffusing into solvent by dislocations. Further
milling forces dislocations to move, they detach from these
diffused atoms and can act as diffusion pipe. This hypoth-
esis agrees with results of different APT measurements of
the 12-hour condition (Fig. 1). They reveal a less homoge-
neous distribution of these clusters than of the 48-hour state
(Fig. 2), which leads to the conclusion that at latter condition
more time for diffusion is available, which causes a better
distribution of the Y and O clusters.

In order to analyze the mechanism of the mechanical al-
loying process and its dependence on defect density, also
ab initio calculations have been performed in this paper.
Fu et al. [22], for example, worked on the behavior of in-
terstitial O in the Fe matrix in dependence of the vacancy
mechanism. Also Gopegjenko [40] calculated the interaction
of oxygen and yttrium in fce iron. Calculations in this paper
concentrated on the influence of vacancies on the Y solubil-
ity in bee Fe lattice. Results presented in Fig. 6 reveal that

an increasing vacancy density decreases the energy of so-
lution of Y in bee Fe. At a configuration, which is defined
as the vacancy—Y—vacancy triangle configuration, the energy
of solution is —0.514 eV/Y. This negative value means that
there is a thermodynamical driving force to get Y substituted
in the lattice, when two vacancies are arranged side by side
and stays stable at 0 K. Consequently, we propose that lat-
tice defects, such as vacancies promote the dissolution of Y
in the Fe lattice. Energy needed to produce these vacancies
is supplied by the impact of the balls. Although vacancies
are not stable at 0 K the whole mechanical alloying pro-
cess is conducted at room temperature (298 K), and more-
over the maximum temperature reached by powder particles
that become trapped between colliding balls was estimated
to 423 K [41]. At these temperatures the stability of the va-
cancies is enhanced compared to 0 K. Further calculations
proved that if Y is dissolved in the Fe matrix, the creation of
additional vacancies becomes easier. Also in the vicinity of
vacancies, the creation of the next vacancy costs less energy.
Consequently we propose that Y gets step by step implanted
in the Fe matrix assisted by defects such as vacancies or dis-
locations. Nevertheless, the corresponding mixing enthalpy
of the hypothetical Fe-Y alloy is 0.039 eV/atom. This posi-
tive value represents a thermodynamical force for decompo-
gition of this alloy. It follows that temporarily dissolved Y
has a driving force to form clusters, which also agrees with
the atom probe measurements indicating partly dissolved Y
with already formed clusters. Consequently, because of all
of these facts we propose that during mechanical alloying Y
and O as well as Al and Mn are able to dissolve and diffuse
by the support of defects into the Fe lattice, and rearrange in
clusters at convenient lattice positions, such as dislocations
or vacancies.

5 Conclusions

Mechanically alloyed powder as well as mechanically al-
loyed and hiped samples were analyzed by APT, XPS and
XRD. Additionally, ab initio calculations were performed
in order to elucidate the mechanism of mechanical alloying.
Evaluation of the measurements and calculations lead to fol-
lowing conclusions:

1. Y and O dissolves during mechanical alloying in the bee
Fe matrix, which is proved by APT and XPS measure-
ments.

2. Y and O are mainly arranged in clusters after mechanical
alloying and before hiping, and are not crushed remnants
of the original ytiria powder. A mixing enthalpy of a hy-
pothetical Fe-Y alloy is positive, which is an evidence
that temporarily dissolved Y has a driving force to form
clusters.

@ Springer
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. After 12-hour milling these clusters are not as homo-
geneously distributed as after 48 h. Also the dissolved
amount of Y and O in Fe is lower. This is because of
missing time for diffusion compared to longer milling
durations.

. The defect density of the mechanically alloyed Fe pow-
der particles is exceptionally high, but there is only a
negligible difference between the defect density of the
12-hour sample and the 48-hour specimen.

. Defects such as vacancies promote dissolution of Y in
Fe. At a vacancy—Y-vacancy triangle configuration, the
solution energy of Y in bee Fe becomes negative. This
suggests that at this special configuration a substitution
of Y at a Fe site is energetically favorable.

. Because of the fact that vacancies have a positive effect
in dissolution of Y due to “free space™ and stress relax-
ation it is assumed that this can be transformed also to
dislocations.

. The creation of vacancies in the vicinity of dissolved Y
or of already created vacancies is easier as in the perfect
bulk ferrite.
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Abstract

In order to improve the mechanical properties at elevated temperatures, several types
of steels are mechanically alloyed with yttria. The processes active during milling differ
dependent on the individual powder constituents. Nevertheless, some theories exist
which try to describe the mechanism of producing a metastable phase during milling.
However, even in the system iron - yttria the mechanisms taking place during milling
are still not well understood. Demonstrated by the example of a simple iron - yttria
model alloy, this paper attempts to elucidate the structure of mechanically milled
powder particles and, consequently, to clarify the functionality of mechanical alloying in
the last stage of milling. Positron annihilation experiments employed on milled materials
revealed “open” volumes which are enriched in yttria. Electron backscatter diffraction
and atom probe tomography as complimentary techniques allowed an identification of
these “open” volumes as mainly vacancies, where enrichment of Y and O occurs. From
these results it can be concluded that especially vacancies are responsible for producing

a metastable phase, where yttria is dissolved in pure iron.
Keywords

Mechanical alloying; yttria; positron annihilation spectroscopy; electron backscatter

diffraction (EBSD); Atom probe tomography



1. Introduction

Mechanical alloying or mechanical milling is a common method to produce metastable
phases. For example, yttria exhibits an extended solubility in Fe during mechanical
alloying[1-3]. After hot isostatic pressing (HIPing) the corresponding metastable phase
forms very fine particles in the range of 1 to about 50 nm [2,4-8]. It is well known that
these thermodynamically extremely stable particles can enhance the mechanical
properties of a material at elevated temperatures [9-12]. However, even in case of the
system Fe-Y;03 the longstanding question what are the mechanisms which take place
during milling is not fully clear until now. The paper of Ashkenazy et al. [13] describes
the shear-induced intermixing of two initially separate phases during heavy
deformation. These authors calculated the intermixing introduced by gliding
dislocations using molecular dynamics (MD) and investigated the system combinations
Cu with Ag or Ni, which are all of a fcc crystal type, as well as Cu with Fe, Nb and V, which
are fcc-bcc systems. These systems were compared to the Cu-Cu system, which was
chosen as the reference material in these calculations. These different systems include
wide ranges of heat of mixing, which strongly influences shear mixing [14,15], and also
differences in elastic properties, atomic size and crystalline structure. Ashkenazy et al.
[13] revealed that an intermixing of different phases can take place especially when
dislocations can transfer between the different phases. This is the case in fcc-fcc
systems. Conversely, in fcc-becec systems gliding dislocations form an amorphous shell
around the particles instead of intermixing. Furthermore, according to Odunuga [14] in
a system with hard particles in a soft matrix, shear-induced mixing is suppressed by
localized deformation. Consequently, for the system Fe-Y203 the theory of intermixing
by dislocation shearing might fail. A second microscopic model trying to explain the
extended solubility of one phase in another was published by Schwarz [16]. In this
theory diffusion is accelerated along dislocations. Therefore, due to ball impacts as well
as increased temperatures of the particles trapped between the balls, as, for example,
estimated in [17,18], it is assumed that atoms of one phase can diffuse into the other
phase along dislocations, making use of so called ‘diffusion pipes’. Especially between
ball impacts atoms have time for diffusion and decorate the dislocations. The
deformation due to the next ball impact forces dislocations to move and causes a
detachment of the dislocations from the second phase atoms. These dislocations are

again free for decoration of the second phase. During mechanical milling this process



should occur continuously. In a recent study [3] the interaction of Y with defects,

especially with vacancies, has been shown by means of ab-initio calculations.

However, until now these theories are not completely consistent and, consequently, the
occurring mechanisms not well understood. This paper tries to elucidate the structure of
milled powder particles of a Fe-Y203 model alloy. Furthermore, the findings of this paper
clarify the distribution of Y and O in Fe and help to understand the mechanism during
mechanical alloying. Atom probe tomography (APT) combined with positron
annihilation spectroscopy (PAS) of as-milled powder particles was applied to analyze
the distribution of Y and to investigate the interaction of Y with the “open” volume in Fe
particles, such as mono- or divacancies or grain boundaries. For a more detailed
analysis, the crystallite size within the powder particles was determined by electron

backscatter diffraction (EBSD) measurements.
2. Experimental

Mechanical alloying was applied on a mixture of ferritic Fe powder and 0.5 m.% (which
corresponds to 0.132 at.% or 0.78 vol.%) Y203 powder. The yttria powder had a doo of
1.16 um and a purity of 99.9 %. Different batches with milling durations of 12, 24 and
48 h were produced using a Certony™ attritor. As milling parameter a ball-to-powder
ratio (BPR) of 10:1 was chosen. In the present experiments steel balls as grinding media
were used. The process was carried out under Ar-gas atmosphere to avoid the oxidation
of the extremely reactive Fe powders. It must be mentioned that a side effect during the
milling of powders is an incorporation of different elements due to abrasion of the
grinding media and the container. The chemical composition of the powders prior and
after milling was determined by means of X-ray fluorescence spectroscopy (XRF) and is

listed in Table 1.



Table 1: Chemical composition of the of the analyzed powders before and after milling (in at.%).

Fe Al Mn Cr Ni Mo w Cu | Y203
before bal. - | 012 | 005 | 003 | - . - | 013
milling
12h
mechanically | bal. 0.34 0.14 0.09 0.05 0.01 0.8 - 0.12
alloyed state
24 h
mechanically | bal. - 0.18 0.08 0.1 0.08 - 0.23 | 0.13
alloyed state
48 h
mechanically | bal. 0.1 0.16 0.24 0.1 0.01 0.05 - 0.13
alloyed state

Atom probe tips of powder particles were prepared using a FEI™ Versa™ Dual beam
focused ion beam (FIB). At convenient positions of the particles wedges were lifted out.
Various slices of these wedges were welded on pre-tips provided by a micro-tip coupon.
This procedure is similar to the procedures described in [19,20]. Subsequently, APT
measurements were conducted on a Cameca™ Local Electrode Atom Probe (LEAP™)
3000X HR. The measurements were done in voltage mode employing a pulse fraction of
20 %, an evaporation rate of 1 % and a base temperature of 60 K. The data evaluation

was carried out with the Cameca™ software IVAS 3.6.6.

Positron lifetime measurements were performed using a fast-fast spectrometer with a
time resolution of 221 ps (full width at half maximum, FWHM, for details see [21]). The
spectra, containing at least 5x10° coincidence counts, were analyzed by using the
program pfposfit [22] taking a single component source correction of 318 ps with an
intensity of 14.5 % into account. Studies of 2d-Doppler broadening (DB) of positron
annihilation radiation were employed according to [21]. For 2d-DB measurements two
high purity Ge detectors (typical energy resolution of about 1.3 keV at 511 keV) were
installed in a coincidence setup. The two detector system exhibited an effective
resolution of 0.88 keV (FWHM - value) related to the 511 keV y-line. The experimental
setup achieved a peak-to-background ratio of approximately 8 x 105 which enabled a
high sensitivity to annihilation events with high momentum core-electrons. The nearly
background free 2d-DB spectra were obtained with an energy width of about 1 keV per

channel and 6 - 8 x 107 counts were collected. All measurements were performed at




room temperature. For the numerical evaluation, the measured 2d-DB spectra were
fitted by a weighted linear combination of the spectra measured on pure deformed

elements as reported by Somoza et al. [23]:

S'=Wg, XSp, + Wyao3 X Syaome (1)
)

where Sre and Sy203+ correspond to the spectra measured on the ferrite powder and the
Y203 powder, respectively. The weighting factors (w) characterize the contribution of
the pure elements to the fitted spectrum and, therefore, give information on the
chemical environment of the positron annihilation site. The fitting was performed at a
momentum range of 5-35x10-3xmoc to reduce the dominating influence of the
valence electrons to the spectra (cf. Fig. 2 and chapter 3.1.2.). The product moc means

the electron momentum, where my is the electron mass and c the speed of light.

For EBSD measurements powder particles were also prepared by FIB (FEI™ Versa™).
The surface was prepared stepwise with a voltage of 30 kV and currents of 15, 5, 3, and
1 nA, respectively. In Fig.1 a scanning electron microscope (SEM) image of the 12 h
milled powder is shown where the square marks the scanning position of the EBSD map
presented in section 3. The EBSD scan was carried out with 15 kV and a step size of
10 nm. For the grain size evaluation it must be mentioned that the minimum boundary
misorientation angle was set to 8° and the minimum grain size was set to 30 nm. For the
grain size calculation the number of points, the hexagonal shape of the points and the
step size were considered. The diameter was derived from the area by assuming that the
grains are circular. The low quality data points close to the grain boundaries were
removed by setting the minimum confidence index to 0.1. Due to these removed points it

must be mentioned that the calculated grain size is underestimated.
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Fig. 1: SEM image present the FIB prepared surface of a powder particle after 12 h milling time.
The area where an EBSD scan was conducted is marked with a square.

3. Results

To elucidate the mechanisms taking place during mechanical alloying of a Fe-Y203 model
system various experiments such as PAS, EBSD and APT were employed to find out how

Y and O atoms are arranged in the Fe matrix and how they interact with defects.
3.1. Positron annihilation spectroscopy (PAS)

In order to analyze the behavior of Y in the as-milled Fe powder particles they were
investigated by PAS. First of all, lifetime measurements on 12 h milled particles were
conducted to find out the type of defects where annihilation occurs. Moreover, Doppler
broadening (DB) experiments should give information about the elemental

surroundings of these defects.
3.1.1. Lifetime measurements

Positron lifetime measurements were performed on two sets of samples, namely an
unmilled reference sample, consisting of Fe with 0.5 m.% Y203 powder and a Fe with
0.5 m.% Y203 powder sample after 12 h of milling. The results of a two component

analysis of the positron lifetime spectra are shown in Table 2.



Table 2: Results of the PAS lifetime measurements conducted on an unmilled Fe - 0.5 m.% Y03
mixture (reference) and on a 12 h milled Fe - 0.5 m.% Y.03 powder.

T1 [ps] T2 [ps]
Reference powder 160 453
12 h milled 186 355

The reference sample exhibits a short positron lifetime t1 of 160 ps and a longer second
lifetime 12 of 453 ps, while the sample after milling shows a short positron lifetime t1 of
186 ps and a longer second lifetime t2 of 355 ps. These results give a hint that
annihilation sites are dislocations, monovacancies, divacancies or grain boundaries of
grains smaller than about 100 nm in diameter. Because the positron diffusion behavior
is limited to ~100 nm, it can be assumed that positrons are annihilating within the
grains and will not reach the grain boundaries in case of grains larger than 100 nm

[24,25].
3.1.2. Doppler broadening (DB)

The 2d-DB spectra are presented and analyzed in the following two ways in order to
cross-check the reliability of the obtained results. Each normalized 2d-DB spectrum F is
presented as ratio curve F/Fre.y203 with respect to the normalized 2d-DB spectrum of
mixed pure Fe - Y203 powder. The region ranging from electron momenta of 0 to
approximately

2.5 x10-3xmoc indicate annihilation with valence electrons, while the region from
approximately 15x10-3xmoc onwards can be attributed to the annihilation with high
momentum core electrons. The momenta of the core electrons give chemical

information and, therefore, show the elemental surrounding at annihilation sites.

In Fig. 2 the 2d-Doppler broadening spectra of the pure Fe and Y203 powders as well as
Fe with 0.5 m.% Y203 after 12, 24 and 48 hours of milling are shown with respect to the
unmilled Fe powder mixed with 0.5 wt.% Y203 (reference mixture). The spectra of Fe
with 0.5 m.% Y203 show a similar behaviour after 12, 24 and 48 h. All three milled
samples show an enhanced similarity to the pure Y203 powder sample. This reveals that

the defects introduced by milling are decorated with yttria or, in atomistic scale, atomic




Y and O. As positron lifetime measurements reveal the existence of vacancies, besides

others, these “open” volumes are decorated with Y.

A numerical analysis of the spectra according to equation (1) reveals a strong
contribution of Y203 (wy203 ~8.8%) compared to the amount of 0.13 at.% Y203 within the
powder sample. This high Y signature may be attributed to the much higher positron
affinity of Y compared to Fe [26]. After milling the contribution of the Y signature to the
analysis increases even more to wy ~48 %. This increase to approximately 48 % Y may
in no way be attributed to the higher positron affinity, but has to be attributed to a

decoration of the “open” volumes by Y.

However, it is necessary to know the mean grain size of the powder particles, as from
PAS lifetime measurements a distinction of whether the positrons annihilate at grain
boundaries or within monovacancies cannot be made. Therefore, the grain size was
measured by EBSD and, furthermore, the distribution of Y and O as well as other

elements was investigated by APT.
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1
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Fig. 2: Comparison of 2d-DB spectra of milled powders (see inset) normalized to an unmilled Fe-
Y203 mixture, which appears as a horizontal line at a ratio of 1. It shows that at the 2d-DB
spectra milling causes a shift towards the Y03 reference powder. The duration of milling does
not influence the signature at higher momenta.

3.2. Electron backscatter diffraction (EBSD)

Fig. 3 shows the overlay of an inverse pole figure (IPF) map on an image quality map.

Especially on the left side of the image, grains with a typical deformed appearance after



mechanical alloying can be observed. It suggests that after 12 h milling a very high

degree of deformation is introduced into the powder particles.

144

101

Fig. 3: Overlay of an inverse pole figure (IPF) map on an image quality map derived from an
EBSD scan conducted on a powder particle which experienced a milling of 12 h. Along the red
line on the left side of the figure the misorientation plot (Fig. 4) was calculated.

In Fig. 4 the misorientation along the red line drawn on the left hand side in Fig. 3 inside
one single grain is ploted against the distance. In the grain a misorientation of about 12°
from the origin to the end is detected. The fact that the point-to-point misorientation is
rather constant at ~1° allows the assumption that there is no low-angle boundary inside
the grain. However, the so-called point-to-origin misorientation indicates that the

deformation of this grain is extremely high.
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Fig. 4: Point-to-origin and point-to-point misorientation plots along the red line marked in Fig. 3.
The rather constant point-to-point misorientation suggests that no low-angle boundary is
detected within the grain. However, the high origin-to-end misorientation indicate a high defect
density inside the grain.

Furthermore, a grain size distribution was calculated using the map shown in Fig. 3. The
result is illustrated in Fig. 5. It indicates that the majority of grains is larger than 100 nm
in diameter. The maximum of the area fraction is approximately at 300 nm. Additionally,
the average grain diameter was calculated to be about 138 * 92 nm. Thus, according to
PAS and the studies of Oberdorfer and Wiirschum [24] or Puff et al. [25] this fact allows

to exclude the possibility that grain boundaries are enriched in Y.
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Fig. 5: Grain size distribution as determined by EBSD. It demonstrates that the majority of the
scanned area (see Fig. 3) is occupied with grains exhibiting diameters above 100 nm.



3.3. Atom probe tomography (APT)

APT measurements can elucidate the remaining unknown questions concerning the type
of “open” volume where Y atoms preferably arrange. Therefore, the distribution of Y and
O atoms and other elements in as-milled powder particles were investigated. As shown
in Figs. 6a and b Y and O atoms exhibit a distribution in a very fine manner already after
12 h of milling. Nevertheless, APT measurements reveal that Y and O enrich in clusters.
Moreover, in previous works it has been proven that the solubility of Y and O, and also of

other elements, seems to be extended in the Fe matrix [2,3].

Furthermore, Fig. 6¢ shows the Mn atom distribution in the same atom probe tip. Visual
inspection gives a hint that Mn is enriched at some positions in the specimen. As the
shape of these enriched positions is two-dimensional it is assumed that Mn is enriched
at grainboundaries and/or interfaces between “cold-welded” powder particles. To get a
better impression of the shape and size of this interface it is displayed in an
isoconcentration surface [27]. In Fig. 6d a reconstruction of the particle tip containing

isoconcentration surfaces at 0.6 at.% of Mn is depicted in yellow.

200m . 20 nm J

Fig. 6: 3D atom map of a 12 h milled state, presenting Y atoms (a), O atoms (b) and Mn atoms (c)
as well as showing a reconstruction with a 0.6 at.% Mn isoconcentration surface in (d).



An enrichment of Mn can be found at an interface marked by an isoconcentration
surface. Using these isoconcentration surfaces, so-called proximity histograms [28] can
be calculated as depicted in Fig. 7. A proximity histogram gives the average
concentration profile normal to the isoconcentration surface. This profile was calculated
to determine whether the clusters are enriched or depleted in different elements. From
Fig. 7 it is obvious that the interface is enriched in Mn and O, whereas for Y, Al and W no

enrichment is found.
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Fig. 7: Proximity histogram of the 0.6 at.% Mn isoconcentration surface shown in Fig. 6d. For an
improved visibility the illustration of Fe is omitted. Enrichments of Mn and O can be detected at
these interfaces, whereas Y, Al and W do not show such effects.

Additionally, measurements of the 48 h milled specimens presented in Fig. 8 show Cr
enriched interfaces with a distance of about 100 nm or larger. The Cr and Mn enriched
interfaces are marked with arrows in Figs. 8a and b. Moreover, Figs. 8c and d present the
reconstructed APT measurements of the elements Y and O. However, an enrichment of Y
atoms is not proven. Furthermore, in this stage Y and O atoms are arranged in clusters
and these clusters are distributed homogenously, suggesting that no enrichment at one-
or two-dimensional defects is present. All in all, in both milling states these enriched
interfaces were detected in distances of 100 nm or larger (as shown in Fig. 6 and Fig. 8),

which agrees with the EBSD results.
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Fig. 8: 3D atom maps of the powder which was mechanically alloyed for 48 h. Cr (a), Mn (b), Y
(), and O (d). Interfacial enrichments of Cr and also slightly of Mn can be observed. The distance
of the interfaces (marked by arrows) is 100 nm or larger. Y and O are not enriched at the
interface, but form homogenously distributed clusters.

4., Discussion

In order to get a better understanding of the mechanisms occurring during the last
stages of mechanical alloying in the framework of this study a comprehensive set of
experimental techniques were combined. Positron annihilation experiments give
detailed information about the “open” volume defects introduced by mechanical alloying
as well as their chemical environment. The results of the Doppler broadening
spectroscopy are presented in Fig. 2. They clearly reveal an increase of the Y atoms at
the “open” volume, created during milling, where positrons annihilate. A numerical
analysis gives an approximate content of about 52 % Fe and 48 % Y around the positron
annihilation sites. These results suggest that Y is enriched at the “open” volume of the
material, because only an overall content of about 0.048 at.% Y (derived from 0.132 at.%
Y203) was added to the system prior to the milling process, which is much lower than
the estimated content at the annihilation sites. Further milling does not change the high

momentum signature of the 2d-Doppler broadening spectra significantly. Thus, it can be



concluded that the Y arrangement is akin in all milling states and further milling has
only a slight influence on the arrangement of Y atoms. Additionally, positron lifetime
measurements listed in Table 2 can give a hint at which defects positron annihilation
occurs. Mechanically alloyed powder particles show a short lifetime (t1) of 186 ps and a
longer second lifetime (t2) of 355 ps, whereas the unmilled reference powder showed an
even shorter t1 and an even longer t2. The second positron lifetime 12 can usually be
attributed to positron annihilation at particle surfaces and is a typical feature found in
compressed powder samples as reported in [29,30]. The positron lifetime t1 of 160 ps in
the reference sample, which is larger than the positron lifetime in defect-free iron of
110 ps [30,31], indicates the existence of a large amount of “open” volume defects, such
as dislocations (tq ~ 150-167 ps [32-34]), grain boundaries (tes ~126-174 ps [35,36]),
impurity stabilized vacancies (Tv-imp ~165 ps [31,37]) or monovacancies (Tvac ~ 175 ps
[31,32,37]). After milling for 12 h, the positron lifetime T increases to 186 ps. Because of
limited resolution (positron lifetimes within 50 ps cannot be numerically separated) this
positron lifetime cannot be attributed to a single type of “open” volume defect, but
derives from a mixture of defect lifetimes in the range of 160 ps to 210 ps. However, this
increase of the lifetime suggests the creation of larger “open” volumes in the material,
such as divacancies (t2vac ~ 210 ps [31,34,38]). Furthermore, the decrease of t2to 355ps
after milling is attributed to positron trapping at vacancy-clusters with a cluster size of
about 10-15 vacancies [34,38]. These PAS results almost agree with those of Lee [39],
although lifetime measurements differ slightly. Lee investigated Fe powders containing
1 m.% yttria were 12 h milled, which differs from the experimental setup of this work.
Additionally, Alinger et al. [40] studied only HIPed U14YWT material with 0.25 m.%
Y203, which is a ferritic Fe-14Cr-3W-0.4Ti-0.25Y,03 steel. Although assumptions about
the milling mechanisms cannot be made with HIPed specimens, the authors also derived
that about 50 % of annihilations occur at Y-Ti-O features, which almost agrees with

results of investigations on milled powder particles performed in this work.

However, as already mentioned, due to limited resolution, annihilation at nano-
crystalline grain boundaries or dislocations cannot be excluded definitely by PAS. The
information of the crystallite grain size can help to obtain a more precise result. In Lee’s
work [39] experimental evidence is missing to exclude enrichment at grain boundaries
or dislocations. Thus, in the present work the grain size was determined in order to

exclude Y enrichments at grain boundaries. According to the studies described in [24,25]



it can be assumed that for grain sizes well beyond 100 nm dominant positron trapping
at grain boundaries, and consequently Y enrichment, can be excluded because the

positron diffusion length is limited to about 100 nm.

Therefore, EBSD measurements were employed to reveal the grain size of mechanically
alloyed particles. After 12 h of milling the grain size distribution showed an average
grain size of about 130 nm as well as a great majority of area fraction far beyond 100 nm
in grain diameter (Fig. 5). Therefore, the results of EBSD, and t1 from positron lifetime
experiments reveal that a simple Y enrichment at grain boundaries after 12 h of milling
can be excluded. This result can also be related to the 24 h and 48 h milled states,
because in these states an even more homogenous distribution is expected. Considering
the results of up to 12° misorientation inside one single grain, which is plotted in Fig. 4,
EBSD investigations also indicate a high concentration of defects inside crystallite grains
of milled powder particles. This hypothesis agrees with the one derived from PAS. To get
more detailed information about the distribution of Y in milled Fe powders, additional

APT measurements were conducted.

APT allows a reconstruction of materials with atomic resolution. Investigations of the
12 h milled as well as of the 48 h milled state revealed Y and O atoms distributed in a
very fine manner. The Y and O atoms form extremely small clusters, which are
distributed homogenously in the Fe matrix. The spherical shape of these detected
clusters, their distribution and how they are formed give a hint that they are enriched at
randomly distributed vacancies. In the work of Pogatscher et al.[41] also Mg and Si
enriched so-called co-clusters bound to quenched-in vacancies were detected in an Al-
Mg-Si alloy by means of APT. Furthermore, Kelly and Nicholson described in their work
the correlation between clusters and vacancies by using the example of aluminium
alloys [42]. For our materials both EBSD and PAS suggest an extremely high defect
density inside the grains. Enrichments at dislocation lines, so-called Cottrell clouds, are
expected to be one-dimensional with a linear shape, which was shown for C in the work
of Pereloma et al. [43]. However, Y is not enriched in linear shapes and, consequently,
dislocation enrichments and pipe diffusion can be excluded during the last stage of
milling. Additionally, APT measurements revealed interfaces enriched in Cr or Mn, but
they were not enriched in Y (Fig. 8). Cr and Mn are incorporated due to abrasion of the
grinding media during milling. These Cr or Mn enriched interfaces are supposed to be

grain boundaries or fine lamellae caused by the severe plastic deformations during



particle-ball impacts. Other studies also evidenced grain boundary enrichment with Cr
or Mn [43-46]. All in all grain boundary diffusion and dislocation diffusion cannot be
excluded during the first stages of milling, however, APT combined with PAS and EBSD
show that diffusion by support of deformation-induced vacancy-type defects is the most
likely mechanism in the last stage of mechanical alloying. It is well known that single
atom vacancies in Fe become mobile at temperatures of about -50°C [31,37]. This is
significantly lower than the deformation temperature during milling, which is estimated
to be far above the room temperature [17,18]. However, vacancies may be stabilized by
impurity atoms even at higher temperatures [31], but can also be mobilized by plastic
deformation to act again as diffusion accelerator, as reported by Kelly and Nicholson
[42]. Ab-inito calculations in [3] agree with these findings suggesting that an attractive
force exists between vacancies and substitutional Y atoms in the Fe matrix, because it is
energetically most favorable if a Y atom and a vacancy are next nearest neighbors.
Furthermore, it is assumed that not heat energy but mainly mechanical energy, which is
introduced into the particles by continual ball impacts, is the driving force for Y-motion
in Fe. This energy promotes these diffusional effects, e.g. site exchange of a vacancy and

a'’Y atom, and helps to overcome the diffusion energy barrier.
5. Conclusion

The results of the PAS, EBSD and APT experiments employed in this work lead to the

following conclusions:

e The mechanism occurring during milling is most likely diffusion-assisted

intermixing with the aid of defects.

e During the first stages “open” volumes, such as grain boundaries, dislocations and

vacancies are assumed to assist intermixing of both constituents.

e Investigations of the last stage, directly after mechanical alloying, revealed

vacancies to be enriched in Y and O by forming clusters.

e Therefore, it can be concluded that especially during the last stage of mechanical
alloying, these vacancies are responsible for the metastable distribution of Y and

O in an extremely fine manner.



e All in all, it is assumed that a combination of following effects can cause
dissolution of Y in ferrite, resulting in a metastable matrix. First of all, the
diffusion with the help of vacancies as well as the extremely high surface area due
to the small size of the powder particles have a positive effect on dissolution.
Furthermore, not heat energy but mainly mechanical energy, introduced into the
particles by ball impacts, promotes these diffusional effects and helps to
overcome the diffusion energy barrier. In addition, shearing by dislocation glide

can also contribute to the dissolution of Y in Fe during the last stage of milling.
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The Effect of Zr Incorporation Caused by Ball Abrasion

in a Milled Fe-Y,>03; Model Alloy
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Y-O nanoparticles which are homogeneously distributed in the matrix can improve the thermal
properties of steels. Several studies of mechanically alloyed steels showed that especially Y-Ti-O
particles can cause a further improvement of the mechanical properties at elevated tempera-
tures. It is also assumed that an addition of Zr instead of Ti may have a similar or even stronger
effect. This study presents a new way of producing nanostructured ferritic alloys as Zr is
incorporated by attrition of yttrium-stabilized zirconia balls during milling. Additionally, the
effect of Zr incorporation is demonstrated as well as the particle size distribution of the Y-Zr-O
nanoparticles analyzed by transmission electron microscopy. This is compared to a specimen
milled with common steel balls. Atom probe tomography and transmission electron microscopy
show that the incorporated zirconia lowers the minimum particle size and causes a finer particle
distribution. This particle refinement causes a higher hardness after hipping.
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I. INTRODUCTION

IN the last few years, mechanical alloying became quite
popular asitisa method to distribute fine yttria powdersin
steel powders in order to improve the thermal properties of
steels.'> Especially for fuel claddings in fast breeding
reactors mechanically alloyed steel is a promising candi-
date. Tt is known that milling causes a metastable disso-
lution of yttriain Fe and, subsequently, aformation of Y-O
particles in nanometer scale.!® However, besides yttria also
other alloying elements have a very strong effect on the
thermal properties of ODS steels. Ukai ez all’* found out
that the addition of a small amount of Ti can enhance the
effect of the Y-O clusters and further improve the
mechanical properties at elevated temperatures. Transmis-
sion electron microscopy (TEM) investigations on such
alloys were employed for example by Klimiankou®™ and
Hirata et /' Klimiankou found an orientation correla-
tion of a nanometer-sized particle with a 9Cr ferritic alloy
lattice. Using energy-filtered (EF)-TEM, he verified Y-Ti-O
particles with a stoichiometry of Y,Ti»O;. Hirata made
3D structure modeling of a (T1i, Y, Fe, Cr)O nanocluster
by C; corrected TEM. He concluded that these clusters
have a defective NaCl structure and a high degree of
lattice coherency with the bee steel matrix. Furthermore,
Nomura et al.['Y investigated the effect of other alloying
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elements such as Zr besides Ti. In the case of Tias alloying
element, they detected fine complex oxides as Y,TiOs and
Y, TirO; besides the original Y,0Os. They suggested that Ti
can decompose YOz to produce such fine complex
oxides. They concluded that also Zr, Nb, and V are
effective in strengthening the ODS 12Cr ferritic steel. This
strength improvement is mainly attributed to the refine-
ment of the particles. Uchida er a7l investigated the
effect of minor alloying elements on dispersed nanopar-
ticles in ODS steels. They reported that Ti, Zr as well as Hf
have a strong effect of cluster refinement. By the forma-
tion of an oxide with the stoichiometry Y.M, 0, with the
minor alloying element M (e.g., Ti), the enthalpy of
formation should decrease compared to common yttria.
They assumed that the lower the diffusivity of the alloying
element M is the higher is the stability of its oxide and the
smaller are the resulting particles. Recently, Unifantowicz
et al " published a statistical analysis of oxide particles in
an ODS ferritic steel alloyed with Ti using TEM. Several
atom probe tomography (APT) measurements especially
on as-consolidated Cr- and Ti-alloyed ferritic steels were
conducted in order to reveal the cluster composition and
size.[>!*15] These publications also showed that Ti is
enriched at the Y-O particles and their mean radius is
~2 nm.

Up to now Ti or Zr were added as simple alloying
elements prior to milling. In this paper, a new way of
producing a nanostructured ferritic alloy (NFA) for
improved thermal properties is proposed. Alloying of Ti
or Zr to the powders prior to milling can be economized
using yttrium stabilized zirconia (YSZ) balls as grinding
media resulting in Zr incorporation by the attrition of the
balls during milling. To get insights into the basic mech-
anisms and to exclude effects of other alloying elements,
these investigations concentrate on a Fe-Y203-Zr model
alloy. The amount of Zr attrition during milling Y04
with pure iron powder is analyzed by X-ray fluorescence
spectroscopy (XRF). Additionally, APT resolves the



Table I. Powder Compositions Before and After 12 h Milling with Steel and YSZ Balls (at. pet) Determined by XRF

Fe Mn Cr Ni Mo Zr Y203

As-recieved bal. 0.124 0.049 0.028 — — 0.132
After Milling with Steel Balls bal. 0.159 0.083 0.333 0.202 — 0.123
After Milling with YSZ Balls bal. 0.113 0.082 0.041 — 0.564 0.133
distribution of zirconia and investigates whether there is 25+ . . L - - : : .
a difference in minimum particle size or composition T ——Zr
compared to a common steel ball milled iron model E 204 =y
alloy. Particle size distributions are obtained by TEM >
investigations in order to analyze the effect of Zr =
attrition also on larger particles. Finally, the comparison e 154
of hardness measurements clarifies if Zr attrition has a N
beneficial effect on mechanical properties. g 1.0 4

o

g
A. Experimental § o

°

A ferritic iron powder and 0.5 wt pct vttria powder = ‘ - —e

with a doy = 1.16 um and a purity of 99.9 pct were oy i

blended in a tumbling mixer for 30 minutes prior to
mechanical alloying. Afterward, the mixture was milled
in a Certony™ attritor under Ar-gas atmosphere for 12,
24, and 48 hours. Common steel balls and YSZ balls
with a composition of 95 wt pct ZrO, and 5 wt pct Y
and a density of 6.05 g cm ™ were used for milling. In
both cases, the ball-to-powder ratio (BPR) was 10:1 and
the milling speed 600 rpm. The chemical composition of
the individual powders before and after milling is listed
in Table I. It should be noted that all compositions
presented in this paper are given in at. pct. Chemical
compositions and especially the Y and Zr contents were
measured by a wavelength-dispersive Axios PANalyti-
cal™ X-ray fluorescence spectrometer. A fundamental
parameter calibration applying the program Uni-
Quant™ was used.

After mechanical alloying, the milled powders were
hot isostatically pressed (hipped) at a temperature of
1373 K (1100 °C) and a pressure of 100 MPa for a
duration of 3 hours.

APT investigations were performed on the as-hipped
specimens using a Cameca™ Local Electrode Atom
Probe (LEAP™) 3000X HR. For the preparation of
atom probe tips of the consolidated materials, small
rods with a cross-section of 0.3 x 0.3 mm? and a length
of 10 mm were cut out of the bulk materials. Further-
more, the tips were prepared by the standard electro-
chemical polishing method."® Several measurements on
both specimens were carried out in voltage or laser
mode, applying a pulse fraction of 20 pct and a laser
energy of 0.5n] at a base temperature of 60 K
(=213 °C). The data reconstruction procedure was
carried out with the Cameca™ software IVAS 3.4.3.

TEM experiments were conducted on a_Philips™
TEM CM12 with a camera constant of 680 A cm at a
length of 680 mm and an operation voltage of 120 kV.
Specimens were prepared by the electrochemical stan-
dard method.!'”

Hardness measurements (HV5) were carried out on an
Emco™ Vickers hardness measuring instrument. Five
indents were made on each specimen.

ro~f rro<o©e—_TrTr . r&I_—r—yr—

10 15 20 25 30 35 40 45 50
milling duration [h]

Fig. 1—Incorporation of zircomia and Y against the milling dura-
tion. The diagram shows a constant incorporation during milling.

II. RESULTS

In order te reveal the effect of Zr attrition on the
thermal properties of mechanically alloyed iron, two
alloys were produced. The first alloy was milled with
YSZ balls while for the second alloy common steel balls
were used. In the following section, the results of these
alloys studied by XRF, APT, TEM, and HVS are
compared.

A. Incorporation of Zr

In order to reveal the amount of Zr incorporated in Fe,
XRF measurements were conducted. For the processing
of mechanically alloyed Fe, it is important to study the
incorporated amount as a function of the milling time.
Parameters such as ball-to-powder ratio (BPR) as well as
milling speed and milling duration are the main influences
and should be considered. In the present investigation
only YSZ balls were used as grinding media. The
incorperation of Zr and Y in at. pct v the milling
duration is shown in Figure 1. Abrasion of the YSZ balls
caused the intended incorporation of Y and Zr. The
graph reveals that the attrition process is constant, which
means that Zr is continuously incorporated during
milling. Consequently, the process is also predictable.
According to the XRF measurements of the individual
milled states a constant incorporation rate of about 0.05
and 0.003 at. pct/h is determined for Zr and Y, respec-
tively. This means that after 48 hours mechanical alloying
a content of 2.4 at. pct Zr is incorporated. XRF analysis
of the 12 hours state reveals a Zr incorporation of
0.563 at. pet, which is similar to the range of Zr additions
in the work of Nomura e/ aZI'" and is supposed to be an
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20 nm

(d)

Fig. 2—3D atom maps of the specimen which was produced by Zr attrition showing clusters enriched in Y (), O (), ZrO (c), and Mn (d).

(@) (b)

¥ |

Fig. 3—3D atom maps illustrating particles of the specimen milled with steel balls. Y (a), O (), and Mn (c) are enriched at these clusters. For a

better visibility, the larger particles are shown with Y 7 at. pet isosurfaces.

effective amount of Zr. Therefore, the 12 hours condi-
tions are further analyzed in this work.

B. Atom Probe Investigations of the Nanoparticles

In order to investigate the distribution of Zr in the YSZ
ball sample and to compare the Y-O nanoparticles of the
conditions milled for 12 hours with steel and YSZ balls,
APT measurements were employed. An example of 3D
reconstructions of the sample milled with YSZ balls is
shown in Figure 2. In this specimen, a high amount of
small clusters are present which are enriched in Y, O, Mn
as well as Zr. Abrasion of the YSZ balls results in a very
fine distribution of ZrO ions in the Fe matrix and
enrichments of these elements even in the smallest
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particles. The APT reconstruction of the sample milled
with steel balls is depicted in Figure 3. Y-O particles,
which are also enriched in Mn can be seen. Here, a
bimodal particle distribution with a low amount of small
particles but also coarser particles can be detected. The
larger particles are shown with 7 at. pct Y isosurfaces for
improved visibility. In this measurement, their shape is
not perfectly spherical as shown in Figure 3. Visual
inspection of several atom probe measurements of both
samples reveals a much higher amount of only small
particles in case of the YSZ ball specimen; whereas, at the
steel ball sample, a higher amount of coarser particles
compared to the YSZ ball sample is detected.

The clusters in both samples were analyzed by a
standard cluster search algorithm.['®'” Parameter studies



Table II. Comparisen of the Average Radius of Gyration (R,;) and the Mean Particle Composition of the Specimen Milled with
Steel Balls and YSZ Balls Determined by a Standard Cluster Search Algorithm
R, (nm) Fe{at. pct) Y {at. pct) O (at. pct) Zr {at. pct) Mn {at. pct)  Y/O 7Y

12 h Milling

with Steel Balls

mean value 1.76 + 1.22 bal. 5.06 7.78 — 0.32 0.65 —

coarser particles 6.18 £ 1.17 bal. 12.86 24.62 — 0.45 0.52 —

smaller particles 1.448 + 0.413 bal. 6.36 10.10 — 0.27 0.63 —
12 h Milling 1.26 + 0.12 bal. 5.34 7.74 0.54 0.12 0.68 0.263

with YSZ Balls

revealed that in both specimens, the same parameters
can be chosen. The separation distance, the surrounding
distance, and the erosion distance have all been set to
0.7 nm, respectively. To exclude randomly distributed
atoms identified as clusters and to analyze the compo-
sition of the particles by the cluster search algorithm, the
minimum cluster size has been set to 31 atoms.

In Table II, the results of both samples are compared.
The mean radius of gyration, which enables a size compar-
ison of clusters with different shape, is in case of the steel ball
specimen more than 0.5 nm larger than in case of the YSZ
ball sample. The standard deviation of the mean value of
the steel ball specimen is 1.22 nm and, therefore, higher
than the standard deviation in case of YSZ ball specimen.
This can be related to the bimodal particle distribution in
the steel ball specimen, where also larger particles are
present besides the smaller particles. Hence, in Table 11, the
particles of the steel ball sample were divided in coarser and
smaller particles. Ata R, beyond 3 nm, each particle was
counted to thecoarser particles. It should be mentioned that
the Fe concentration in the particles is overestimated due to
atom probe uncertainties during measurements. Field ion
microscopy investigations revealed that these Y-O nano-
particles show a preferential evaporation compared to the
Fematrix.”” Therefore, tip irregularities occur during APT
measurement resulting in lower local magnification and
increased amount of matrix atoms inside detected nano-
particles. Also the shape of the particles can differ from the
real appearance.m’zz] As a consequence, the Y, O, Zr, Mn
concentrations are underestimated by the cluster search
algorithm. This effect is less pronounced at the larger
particles. Therefore, the underestimation is lower in case of
these particles. The analysis of the composition of the
particles shows that in the YSZ specimen a content of 0.54
at. pct Zr is measured, whereas Mn is enriched in the
particles milled with the steel balls. Furthermore, the Y and
O content is approximately the same in both specimens.
Hence, the Y/O ratio of both samples is approximately
equal, suggesting that these particles have a similar stoichi-
ometric composition. Also the Y/O ratio of the larger and
smaller particles is nearly similar. The Y/O ratio for the
YSZ ball and the steel ball sample is 0.68 and 0.65 (0.52 for
the coarser particle and 0.63 for the smaller), respectively.

C. TEM Investigations

In order to gain information about the particle size
distribution of particles larger than 5 nm in diameter, TEM
investigations were emploved. Figure 4 shows a compar-
ison of TEM images illustrating the microstructures of the

hipped specimens milled with steel and YSZ balls. Most of
the particles, which appear as dark regions in Figure 4, are
in the range between 2 and 10 nm in diameter in both
specimen and, therefore, the distribution is extremely fine.
However, a higher amount of these extremely small
particles can be detected in the YSZ ball-milled sample
than in the steel ball-milled specimen.

Figure 5 compares the particle size distributions of
both samples, which were determined by several TEM
images. This evidences that a finer particle distribution
can be measured in the YSZ specimen. This agrees with
the results of APT, suggesting that after hipping a finer
distribution of particles is available. The highest amount
of particles can be found between 4 and 6 nm in
diameter in the YSZ sample. Hence, the average particle
diameter is 10.49 nm. On the contrary, the steel ball
specimen shows a maximum between § and 10 nm and a
higher amount of coarser particles leading to a mean
particle diameter of 15.88 nm. Consequently, also the
particle size distributions of the TEM investigations
evidence that milling with YSZ balls causes a finer
distribution of the analyzed particles.

In order to determine the composition of the coarse
particles in TEM, energy dispersive X-ray (EDS) mea-
surements were conducted. The analyzed particles of
both specimens are shown in Figure 6. The quantitative
EDS analysis of a particle in each specimen is shown in
Table ITI. Tt suggests that these spherical particles
consist of Y, O, Cr, Mn, and Fe in the case of the steel
ball specimen. In case of the YSZ ball specimen particles
exhibiting a size of about 50 nm in diameter are
additionally enriched in Zr. The Zr content in the
particles is with 13.2 at. pct much higher than detected
in APT. Fe is probably overestimated due to iron matrix
influence. The particle composition differs from the
nanoparticles analyzed by atom probe. Therefore, it is
suggested that the coarser particles are a different sort of
particles than the smaller clusters or that the matrix
influence is too strong for proper analysis.

D. Hardness Measurements

To reveal the effect of a finer distribution of particles
in the YSZ ball specimen on the mechanical properties,
HVS at room temperature were conducted. The refer-
ence specimen milled with steel balls showed a hardness
of 169 £+ 2.6 HVS, whereas the YSZ ball sample exhib-
ited a hardness of 190 = 4.5 HVS. Thus, a Zr attrition of
0.563 at. pct after 12 hours milling leads to the finer
distribution of the oxide particles after hipping and this
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Fig. 4—TEM image of the hipped condition milled for 12 h: with YSZ balls (4) and steel balls (). The dark appearing regions are particles.

I iled with YSZ balls
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Fig. 5—Particle size distributions of YSZ and steel ball-milled speci-
mens.

causes an increase in hardness even at room tempera-
ture. Due to results of previous works, it is assumed that
these particles improve the mechanical properties also at
elevated temperatures.'”

III. DISCUSSION

In 1989 Nomura et al.l''! and also in 2007 Uchida
et all'? added Zr as alloying element to the mechanical
alloying system and proposed a positive effect in
mechanical properties at elevated temperatures. A new
and improved way of producing a nanostructured yttria-
iron-model-alloy is proposed in this paper, where no Zr
addition is necessary. During this new milling proce-
dure, YSZ balls are used instead of common steel balls.
As the YSZ has a density of 6.05 g cm™>, which is near
to the density of steel, the milling behavior of these balls
is rather similar to steel balls. Abrasion of the YSZ balls
causes an intended incorporation of Zr and Y in the
Fe powder. Therefore, an advantage of this new way of
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production is an easier and cheaper way of preparing
advanced Zr-doped ODS steels, as the alloying addition
of Zr is economized compared to the common way of
production. However, due to the limited toughness of
YSZ, lower milling speed can be required compared to
steel balls to impede a cracking of the balls. Neverthe-
less, in this work, 12 hours milling at a speed of 600 rpm
caused no fracture of the YSZ balls. As proposed in
Reference 6 milling causes a metastable dissolution of
the yttria powder in Fe. The particles analyzed in the
present work show in both specimens a Y/O ratio
between 0.5 and 0.7. These ratios agree approximately
with the typical ratio of Y»O3; (about 0.67). However,
enrichments of Zr or Mn show that these particles are
not original yttria powder particles. This indicates the
dissolution of the yttria powder, but also the dissolution
of Y and zirconia originating from the balls. Hence, it
can be proposed that it is possible to dissolve Zr and
yttria in the material. A Zr incorporation of 0.5 to
0.6 at. pct is supposed to be the optimal amount.
Therefore, the corresponding specimen milled with YSZ
balls for 12 hours is analyzed in more detail. A high Zr
incorporation is undesirable, because it is assumed that
the toughness of the final alloy decreases dramatically
with increasing Zr content. At lower Zr contents, no
refinement of the clusters is expected. If higher milling
durations with lower Zr incorporation amount are
required, the use of balls with higher attrition resistance
or a mixture of YSZ and steel balls as grinding media is
suggested.

APT measurements on the YSZ ball milled specimen
are compared to the common steel ball sample. Particles
about 1 nm in radius are detected in both specimens.
During the APT investigations of the YSZ ball sample,
only these small particles are detected. In contrast, also
larger particles can be detected in case of the steel ball
sample. This bimodal particle distribution and the
higher amount of coarser particles shown by APT
measurements is related to the absence of Zr in the
particles. Also, the particle size distribution and the
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Fig. 6—TEM image of the particle (marked with an arrow), which was analyzed by EDS (Table III) in case of the YSZ ball specimen (a) and

the steel ball specimen (b).

Table III. Quantitative EDS Analysis of Larger Particles in the Steel Ball and the YSZ Ball Specimen in at. pet

Fe (at. pct) Zr (at. pct) Y (at. pct) O (at. pct) Cr (at. pct) Mn (at. pet) Y/O
12 h Milled with Steel Balls 394 — 4.3 52.7 2.2 1.4 0.08
12 h Milled with YSZ Balls 32.4 13.2 2.6 49.6 1.2 1.1 0.05

particle mean values of several TEM images agree with
the APT results. Higher particle mean values from TEM
images in contrast to APT results are explained by much
larger particles taken into account. It can be concluded
that Zr abrasion of the YSZ balls influences the
formation of the smallest particles. As the amount of
smaller particles in the YSZ ball sample after hipping at
1373 K (1100 °C) for 3 hours is higher, it can be
concluded that the stability of these clusters and particle
formation, ie., nucleation rate, is enhanced and particle
growth during hipping is decreased in case of YSZ ball
specimen. Murali et a//® employed first principles
calculations of Y-Ti-O clusters suggesting that Ti
improves the thermal stability of the Y-O clusters. He
also proposed that the binding energies inside the
clusters increase by replacing Ti by Zr. Therefore, he
assumed that the improved stability by addition of Zr
can contribute to an accelerated nucleation rate due to a
lower diffusivity of the alloying element, which can lead
to a finer distribution of the nanoparticles. He con-
cluded that this may result in a further improved
performance of the ferritc alloy. Also Uchida ez all'?
and Nomura et a/'") reported a finer particle distribu-
tion because of Zr alloying addition. This is also the case
in the present investigation. Due to the finer distribution
and higher stability the use of YSZ balls has a positive
effect on the hardness and strength, even at room
temperature. Nevertheless, several works investigated
the stability of these Y-O and Y-Zr-O particles against
coarsening and evidenced that the mechanical prop-
erties also at elevated temperatures are, therefore,
improved.l”:!!

Consequently, this study reveals that YSZ balls as
grinding media have the same milling effect as steel balls,
as the yttria powder dissolves in the iron powder.
Additionally, the simple abrasion of the YSZ balls can
improve mechanical properties of the final material as it
can cause a finer distribution of Y-Zr-O particles.
Therefore, an alloying addition of Ti or Zr can be
economized.

IV. CONCLUSIONS

The microstructure as well as the hardness of a Fe-Y ,05
model alloys milled with YSZ balls and steel balls with
similar milling parameters is compared. Moreover, the Zr
incorporation during milling with Y'SZ balls as well as the
composition of the particles is analyzed.

The new way of mechanical alloying causes a very fine
Zr distribution and a refinement of the particle size in
the hipped samples by simple attrition of YSZ balls.
Also the minimum particle size is lower in case of the
YSZ ball specimen, which has also a positive impact on
the resulting hardness at room temperature. It is
assumed that the addition of Zr improves the stability
of the particles leading to smaller particle sizes.

ACKNOWLEDGMENTS

The authors want to thank the Institute of Chemi-
cal Technologies and Analytics at the University of

METALLURGICAL AND MATERIALS TRANSACTIONS A



Technology in Vienna for the use of its facilities. The
authors especially thank Dr. Johannes Zbiral helping at
the mechanical alloying process.

REFERENCES

. G.R. Odette, M.J. Alinger, and B.D. Wirth: Annu. Rev. Mater.

Res., 2008, vol. 38, pp. 471-503.

. MLK. Miller, D.T. Hoelzer, E.A. Kenik, and K.F. Russell: J. Nucl.

Marer., 2004, vols. 329-333, pp. 338-41.

. MLK. Miller, D. Hoelzer, E. Kenik, and K. Russell: Inzerner, 2005,

vol. 13, pp. 387-92.

. C.A. Williams, E.A. Marquis, A. Cerezo, and G.D.W. Smith: J.

Nucl. Mater., 2010, vol. 400, pp. 37-45.

. C.A. Wilhams, P. Unifantowicz, N. Baluc, G.D.W. Smith, and

E.A. Marquis: 4cta Mater., 2013, vol. 61, pp. 2219-35.

. G. Ressel, S. Pnmg, and H. Leitner: fnt. J. Mater. Res. DOL

10.3139/146.110964.

. 8. Ukai, T. Nishida, T. Okuda, and T. Yoshitake: J. Mater. Sci.

Technol., 1998, vol. 35, pp. 294-300.

. S. Ukai, T. Nishida, H. Okada, T. Okuda, M. Fujiwara, and K.

Asabe: J. Nuel. Sei. Technol., 1997, vol. 34, pp. 256-63.

. M. Klimiankou: J. Nucl. Mater., 2004, vols. 329-333, pp. 347-51.
. A. Hirata, T. Fujita, Y.R. Wen, J.H. Schneibel, C.T. Liu, and

M.W. Chen: Nat. Mater., 2011, vol. 10 (12), pp. 922-26.

METALLURGICAL AND MATERIALS TRANSACTIONS A

11.

12,

20.
21.
22,

23.

S. Nomura, T. Okuda, S. Shikakura, M. Fujiwara, and K. Asabe:
Solid State Powder Processing, Metals & Maternials Society, Indi-
anapolis, 1989, pp. 203-11.

Y. Uchida, N. Ohnuki, N. Hashimoto, T. Suda, T. Nagai, T.
Shibayama, K. Hamada, S. Akasaka, S. Yamashita, S. Ohstuka,
and T. Yoshitake: Mater. Res. Soc. Symp. Proc., 2007, vol. 981,
pp. 107-12.

. P. Unifantowicz, R. Schiublin, C. Hebert, T. Plocinski, G. Lucas,

and N. Baluc: J. Nucl. Mater., 2012, vol. 422, pp. 131-36.

. D. Larson: Scripta Mater., 2001, vol. 44, pp. 359-64.
. ML.K. Miller, E. Kenik, K. Russell, L. Heatherly, D. Hoelzer, and

P. Maziasz: Mater. Sci. Eng. 4, 2003, vol. 353, pp. 140-45.

. MLK. Miller, A. Cerezo, M.G. Hetherington, and G.D.W. Smith:

Atrom Probe Field Ion Microscopy, Clarendon Press, Oxford, 1996,
pp. 476-38.

. H.J. Penkalla: Proc. Ist Summer Sch. Adv. Electron Microsc., A.

Czyrska-Filemonowicz and B. Dubiel, eds., 2003, pp. 4-23.

. L.T. Stephenson, M.P. Moody, P.V. Liddicoat, and S.P. Ringer:

Microse. Microanal., 2007, vol. 13, pp. 448-63.

. D. Vaumousse, A. Cerezo, and P.J. Warren: Ultramicroscopy,

2003, vol. 95, pp. 215-21.

E.A. Marquis: Appl. Phys. Lett., 2008, vol. 93 (18), p. 181904.

F. Vurpillot: Appl. Phys. Leit., 2000, vol. 76, p. 3127.

M.K. Miller, A. Cerezo, M.G. Hetherington, and G.D.W. Smith:
Atom Probe Field Ion Microscopy, Clarendon Press, Oxford, 1996,
pp. 196-99.

D. Murali, BK. Panigralu, M.C. Valsakumar, S. Chandra, C.S.
Sundar, and B. Raj: J. Nucl. Mater., 2010, vol. 403 (1-3), pp. 113-16.



Publication E:

On the behavior of yttria/yttrium during mechanical

alloying of a Fe - Y203 model alloy system

G. Ressel, P. Parz, A. Fian, D. Holec, S. Primig, W. Puff, H. Leitner and H. Clemens
Accepted in Materials Science Forum/Advanced Materials Research proceedings

Thermec 2013 (2013).



On the behavior of yttria/yttrium during mechanical alloying of a Fe
—Y,0; model alloy system

Gerald Ressel'?, Peter Parz*®, Alexander Fian®°, David Holec'?, Sophie
Primig*®, Werner Puff*' Harald Leitner"® and Helmut Clemens™"

' Department of Physical Metallurgy and Materials Testing, Montanuniversitat Leoben, A-
8700 Leoben, Austria

2 Institute of Materials Science, Graz University of Technology, A-8010 Graz, Austria

® Institute for Surface Technologies and Photonics, Joanneum Research
Forschungsgesellschaft mbH, A-8160 Weiz, Austria

* Christian Doppler Laboratory for Early Stages of Precipitation, Montanuniversitat Leoben,
A-8700 Leoben, Austria

?gerald.ressel@unileoben.ac.at, °p.parz@tugraz.at, “alexander.fian@joanneum.at,
ddavid.holec@unileoben.ac.at, °sophie.primig@unileoben.ac.at, ‘werner.puff@tugraz.at,
%harald.leither@unileoben.ac.at, "helmut.clemens@unileoben.ac.at

Keywords: mechanical alloying, yttria, iron, atom probe tomography (APT), positron
annihilation spectroscopy (PAS), ab initio calculation, X-ray photoelectron spectroscopy
(XPS)

Abstract. Mechanical alloying (MA) is an established way to prepare nanocrystalline
materials and metastable solutions of materials, which normally have no mutual solubility.
This is also the case for oxide dispersion strengthened (ODS) steels with improved
mechanical properties at elevated temperatures. It is known that a small addition of yttria
(Y203) has a beneficial effect on high temperature strength and reduces the creep rate in
mechanically alloyed ferritic steels by about six orders of magnitude. In this work we present
an experimental study using atom probe tomography, X-ray photoelectron spectroscopy, and
positron annihilation spectroscopy combined with first principles modeling focusing on the
distribution and behavior of yttria in pure iron prepared by mechanical alloying. Atom probe
tomography and X-ray photoelectron spectroscopy measurements as well as positron
annihilation spectroscopy conducted on powder particles directly after milling have revealed
that a predominantly fraction of the yttria powder dissolves in the iron matrix and Y atoms
occupy convenient positions, such as vacancies or dislocations. This is supported by ab initio
calculations demonstrating that the formation energy for Y substitutional defects in bee-Fe is
significantly lower in the close neighborhood of vacancies.

Introduction

For the production of a variety of equilibrium or non-equilibrium alloy phases mechanical
alloying is a well-established method. An important class of materials produced by
mechanical alloying, also called milling, are nanostructured materials and especially oxide
dispersion strengthened (ODS) steels [1]. Most of these materials are mechanically alloyed
with yttria and subsequently Hot Isostatically Pressed (HIPed). These steels show much better
mechanical properties at elevated temperatures than steels without the Y—-O clusters.
Therefore, ODS steels are promising candidates to be used as fuel claddings in nuclear power
reactors [2]. Yttria is preferred because of its high thermal stability [3], caused by its
extremely high enthalpy of formation of about -1905.6 + 2.3 kJ mol™'[4]. While some studies
reported that a dispersion of Y-O based particles with a diameter of 5-20 nm occurred in the
iron matrix during mechanical alloying [5,6], others, especially in the last few years, reported
a refinement of these particles by adding small amounts of Ti [7,8].



Ashkenazy et al. [9] employed molecular dynamic (MD) calculations in order to obtain
insight into the effect of mechanical shear-induced intermixing of two different phases during
MA. They investigated various phase combinations, such as fcc-fce systems (Cu with Ag or
Ni) and fce-bee systems (Cu with Fe, V and Nb). They revealed that especially in the fce-fee
systems intermixing can take place because of dislocation gliding. The intermixing is much
weaker in the fcc-bee systems, which has been explained by the fact that the dislocations can
hardly transfer from one phase to the other. Consequently, it seems unlikely for the Fe-Y,03
system investigated here that dislocations can pass the interface between the two phases. A
competing theory has been proposed by Schwarz [10], according to which diffusion is
accelerated along dislocations. Y;0s, i.e. Y and also O atoms, is expected to diffuse into Fe
matrix along these “diffusion pipes”, encouraged by ball impacts and high temperatures.

However, the exact mechanisms during milling in the Fe-Y,0; system have not yet been
clarified. In the present study investigations were conducted with the purpose to get the
distribution of Y and O in the as-milled powder particles. In order to analyze whether there is
an extended solubility of Y and O in Fe, atom probe tomography (APT) investigations and X-
ray photoelectron spectroscopy (XPS) measurements were performed on as-milled powder
particles and on as-HIPed specimens. Furthermore, positron annihilation spectroscopy (PAS)
was used to investigate the occupation of the ‘free volume’ in milled powder particles in order
to show if they are diffusion pathways or not. Finally, these results are corroborated with ab
inito calculations.

Methods

The model system studied in the present investigation were produced by mechanical
alloying. For milling, ferritic iron powder was produced by water atomization and was
blended with 0.5 wt.% yttria submicron powder with a dgy of 1.16 um and a purity of 99.9 %.
This corresponds to a volume fraction of 0.78 vol.% Y,0;. The powders were mechanically
alloyed for 48 h using a Certony™™ attritor. The chemical compositions of the powders before
and after milling were measured using X-ray fluorescence spectroscopy (XRF) and are listed
in Table 1. A milling speed of 600 rpm was applied and steel balls with a ball-to-powder ratio
of 10:1 were used as grinding media. To reduce oxidation effects and avoid incorporation of
oxygen into the steel powder, the entire milling process was conducted under Ar gas
atmosphere.

Tablel: Material composition before and after 48 h of mechanical alloying. All details are
presented in at.%.

Fe Al Mn Cr Ni Mo w Y,0;5
Before milling bal. - 0.12 0.05 0.03 - - 0.13
jtitlz milled bal. | 0.10 | 016 | 024 | 010 | 001 | 005 | 0.13

After milling, the powders were HIPed for 3 h. The applied parameters were 1100 °C, and
100 MPa.

Atom probe investigations were performed on the as-milled powder particles and on as-
HIPed materials. The tip preparation of the mechanically alloyed powder particles was
performed by an FEI'™ Versa3D™ Dual Beam focused ion beam (FIB). Numerous works
describe how to prepare atom probe tips from powder particles, e.g. see [11,12]. We adopted a
similar procedure with the difference that the powder particles were mounted on an SEM stub
with silver adhesive. Subsequently, a wedge was lifted out at a proper position of the powder



particle and its slices were welded onto various positions of a microtip coupon, which
provided the pre-tips for the APT measurements.

The HIPed bulk material was cut into small rods 15 mm long and a cross-section area of
0.3 x 0.3 mm?. Subsequently, the standard electrochemical polishing method was used to
prepare the tips [13].

The APT investigations were performed using a LEAP™ 3000X HR from Cameca ™
(formerly Imago™) and a 3DAP from Oxford nanoScience™™ both operating in voltage mode.
Measurements were carried out under ultra-high vacuum conditions at a temperature of 60 K.
A pulse fraction of 15 % and 20 % to the standing voltage was used. The atom probe
measurements were evaluated using a Cameca ™ software IVAS 3.4.3.

XPS measurements were conducted in order to detect chemical changes of materials,
especially changes of the binding energy of core level electrons. Investigations were
performed with a Multiprobe-UHV-surface-analysis system from Omicron Nanotechnology
™ The powder was put on a carbon adhesive tape and the measurement was employed under
ultra-high-vacuum. 120 sweeps were summed up to distinguish the Y3d signal from the
background.

Studies of 2d-Doppler broadening (DB) of positron annihilation radiation were performed
in the same manner as described in [14]. The 2d-DB measurements were performed in a
coincidence setup of two high purity Ge detectors (typical energy resolution of ~1.3 keV at
511 keV) which corresponds to an effective resolution of the two detector system of 0.88 keV
(full width at half maximum (FWHM) — value) related to the 511 keV y-line. A peak-to-
background ratio of ~8x10° was achieved, which ensured a sensitivity to annihilation events
with high momentum (core) electrons. Two-dimensional spectra with an energy width of
~1 keV per channel and 6-8x10” counts were collected, from which the background-free
Doppler spectra were obtained. All measurements were performed at room temperature.

Ab initio calculations were performed using the Vienna ab initio simulation package
(VASP). For these calculations a 3x3x3 cubic supercell with 54 atoms was employed and the
plane-wave cut-off energy was set to 500 eV. Additionally, the 6x6x6 k-point mesh showed a
total energy accuracy of about 10~ eV/at.

Results

Atom probe investigations. APT measurements were conducted on as-milled powder
particles in order to investigate the distribution of Y and O atoms in the material [15]. As
shown in the atom maps in Figs.la and b, Y and O atoms are distributed in a very fine
manner, however, these atoms tend to form clusters already. Moreover, a visual inspection of
Figs.lc and d which relates to the Mn and Al atom distribution, also shows a mostly
homogenous distribution. In addition, it can be assumed that these extremely fine clusters are
also enriched in Mn and Al, which have been incorporated during milling and they are not a
component of the original yttria powder.
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Fig. 1: Representative of an atom
probe measurement of the as-
milled powder particle. Atom
distribution maps of Y(a), O(b),
Mn(c), and Al(d) [15].
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Comparing the materials before (Fig. 1) and after HIPing (Fig. 2) by means of APT it is
evident that much more distinct particles are formed during HIPing. Additionally, the matrix
which surrounds these distinct particles seems to be depleted in Y and also in O (Figs. 2a and
b). The same trend can be found in case of the elements Mn and Al. High temperatures and
pressures during HIPing seem to enhance the precipitation of particles from a supersaturated
material produced by mechanical alloying.
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hipped state. Atom distribution
maps of Y(a), O(b), Mn(c), and
Al(d) [15].

5y
P IR

]
Ty e
‘*25"!.11 gy 150m | L {45

b

XPS investigations. To get more detailed information of the as-milled state, XPS
measurements were employed. XPS allows to analyze a chemical change of Y,0; caused by
dissolution in the matrix or enrichment of other elements. The Y3ds, signal of the milled
powder is compared to the original Y,O3; powder in Fig. 3. The measurement is charge
corrected, and the binding energy is calibrated to the carbon-carbon bond (284.6 ¢V), which is
detected in all measurements as a surface contamination layer caused by sample transfer.
According to [16], the Lorentzian/Gaussian peak fit of the 48 h milled powder yields a
binding energy of 157.23 eV for the Y3ds/, electrons. Conversely, the peak fit of the reference
Y,0s3 curve reveals a binding energy of 157.66 eV for the same electrons. This means, that the
chemical surrounding of the Y atoms in the milled stage is more electropositive, leading to
weaker bonded core electrons. However, the shift is too low for a dissolution or a change of
bonding partner. Therefore, we assume that Y is mainly bonded to O, but other enrichments
of Mn or Al slightly weakens the binding energy of the electrons in Y, which agrees with
APT findings, showing higher concentrations of Mn and Al at the clusters. Because of this,
diffusion processes can be assumed during milling. To investigate if defects are responsible
for these assumed diffusion processes, PAS and ab initio calculations have been conducted.



14+ "y - Fig. 3: Y3d signal of the as-milled

— 48 h milled powder | .
~~~~~~~~~~~~ fit 48 b milled powder | | powder particles compared to the

reference Y70J powder

original reference Y,0s; powder.

The maxima of the Y3ds, peaks

are marked as vertical dashed

lines. It shows a shift towards

- lower binding energy between the

m L reference powder (triangle) and
I the milled powder (square) [16].

""" fit reference on3 powder | -

0.8 4
0.6 4
0.4+

0.2

photoelectron intensity [a.u]

0.0

-0.2 4

1;5 1;0 16‘5
binding energy [eV]

Positron annihilation spectroscopy. In Fig. 4 each normalized 2d-DB spectrum F (F
represents the number of counts) is presented as a F/Freference Tatio curve with respect to the
normalized 2d-DB spectrum measured on a mixture of iron and Y,0;. The region ranging
from electron momenta of 0 to approximately 2.5 x 10~ x moc indicate annihilation with
valence electrons, while the region from approximately 15 x 10 x moc onwards can be
attributed to the annihilation with high momentum core electrons (the product mgc stands for
the electron momentum, where my is the mass and c the speed of light). The momenta of the
core electrons give information about the chemical sort of element and, therefore, this region
provides an elemental fingerprint. Fig. 4 shows the 2d-DB spectra of ferrite, pure Y,0O3; and
the Fe-0.5 m.%Y,0; sample milled for 48 h with respect to a Fe-0.5 m.% Y,0O; mixture
specimen. The spectra measured on the 48 h ball milled sample reveals, compared to the
reference ferrite-Y,O3; mixture sample, two main features. First of all, at low momenta (that
means less than 2.5 x 10~ x moc) the ball milled sample shows enhanced F-ratios compared to
the sample before milling, which suggests positron trapping at open volume defects.
Furthermore, PAS yields a positive gradient at a momentum of 15 x 10~ x myc onwards,
which is similar to pure Y,0Os. These two characteristic features indicate that annihilation of
positrons occurs at vacancy-type defects in the ferrite matrix with a significant enrichment of
Y in their vicinity. These defects with Y environment are created by mechanical alloying.
Works on similar alloys with differing amount of yttria can be found in [17,18], which
support results of this study and give a more complete overview of mechanical alloying of the
Fe — Y,0; system.
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Ab initio calcualtions. In this work the experimental results are corroborated with
computational simulation. As shown in Ref. [16], the Gibbs energy of the system decreases
with shorter distance between a substitutional Y atom and a single vacancy (vac) in a perfect
bece Fe lattice. The Gibbs energy against the Y-vacancy distance is depicted in Fig. 5. This is
an evidence for attraction forces between substitutional Y atoms and vacancies, which



suggests a tendency for clustering of Y atoms and vacancies. This fact agrees with the results
of the PAS showing that Y,Os is enriched in the ‘free volume’. The calculations also show
that the energy of formation of the vacancies, which happens due to ball impacts during
milling, changes if the system once has dissolved Y atoms. In the 54 atom Fe supercell in the
vicinity of a substitutional Y atom the energy of formation of one vacancy decreases.
Producing a vacancy as the first nearest neighbor of a Y atom, which is a distance of V3-a/2,
where a is the lattice parameter of bce Fe, the energy of formation is 0.829 eV/vac. This is a
reduction of 1.364 eV/vac of the energy of vacancy formation compared with a perfect bcc
lattice. Additionally, the energy of formation is lowered also for the second, third and fourth
neighbor distance between Y and a vacancy. All these results give a hint that defects are a key
factor for mechanical alloying, as assumed in the theory of Schwarz [10]. If this is the case the
reduction of vacancy formation energy can further enhance the efficiency of the milling
process with the effect of producing a supersatured Fe material with Y.
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Conclusions

In this work APT, XPS, as well as PAS investigations were combined with ab initio
calculations in order to reveal the Y,03/Y distribution after 48 h milling in ferritic powder
particles. APT and XPS measurements are in good agreement with PAS and first principle
calculations. It can be concluded that Y is distributed in the Fe matrix in a very fine manner.
Additionally, to form clusters Y is enriched in close vicinity of vacancies which were
generated by the milling process. This fact gives a hint that these defects are a key factor for
the distribution of Y in Fe.
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Higher temperature strength in steels can be achieved with addition of finely distributed Yttrium
oxides by mechanical alloying. Nevertheless, the strengthening mechanism during mechanical alloying
is still not clearly understood. In order to clarify the effects of Y and O distribution during the alloying
process, 4 different manufactured powders were analysed.

Two different iron-rich powders have been analysed, see figure 1. The powder was mechanically
alloyed for 12h and 48h using a Certony™ attritor. The iron powder was produced by water
atomization and was mixed with 0.5 wt% yttria powder with a dgg of 1.16 um. The chemical
composition is presented in table 1.

For the characterization of the different powder conditions, atom probe tomography (APT) has been
used [1]. For APT measurements needle-shaped specimens are needed, with radii between 30 to
100 nm on the tip and an angle near to or lower than 10°. Traditional methods as chemically or
electrochemically polishing [2] are impossible to use in powder material. Therefore, the method for
preparation of needle-shaped tips for powder samples via focused icn beam (FIB) was chosen [3, 4].
A single grain of each powder was selected for a thick lift out in a wedge form and a platinum layer
was deposited on the interesting zone, first via electron deposition and afterwards with ion deposition,
to minimize gallium implantation. Multiple specimens were cut from the thick lift out wedge and welded
on a micotip coupon, which provides the pre-tips for the APT measurements. Afterwards, the following
annular milling at 30 kV, 5 kV and 2 kV were the last process, for the preparation of the APT tips free
of Gallium implantation. The atom probe investigations were completed in a LEAP™ 3000X HR of
Cameca™ with a Local Electrode system. The analyses were performed in voltage mode at 60 K in
ultra-high vacuum. A pulse fraction of 15 % and 20 % was used. The atom probe measurements were
evaluated with IVAS 3.4.3 software. The analysed volume was about 25x25x150 nm® and the different
material conditions were compared.

The atom probe investigations reveal a clustered arrangement of Y and O atoms during mechanical
alloying; see figure 2 a) and b). Yttrium atoms together with oxygen, rearrange during mechanical
alloying to form clusters. Aluminium and manganese enrichments (see figure 2 ¢) and d)) could be
also detected, which suggests that diffusion processes are active during the mechanical alloying
process. These clusters are not only remnants of the Y,0; powder, yttrium and oxygen dissolve in the
matrix to rearrange afterwards at favourable sites as lattice defects, vacancies or dislocations to form
clusters.

By using focused ion beam, needles-shape specimens for atom probe tomography could be
prepared for two different grain size powder samples after 12 and 48 h of mechanical alloying. The
atom probe investigations reveal fine distributed yttrium oxide clusters as well as yttrium dissolved in
the matrix. Moreover enrichments of alloying elements as aluminium and manganese reveal that
diffusion processes are active during mechanical alloying clarifying the mechanism during this
process.
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Figure 1. Powder after 12 h mechanically alloyed (a) and after 48 h mechanically alloyed (b).

Fe Al Mn Cr Ni Mo w Y504
12 h mechanically alloyed | bal. | 0.34 | 0.14 | 0.09 | 0.05 | 0.01 0.8 0.12
48 h mechanically alloyed | bal. 0.1 016 | 0.24 | 0.1 0.01 | 0.05 0.13

Table 1. Chemical composition of the of the analyzed powders (at.%).
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Figure 2. 3D atom maps of the 48 h mechanically alloyed condition. a) Y; b) O. 3D atom maps of the 48 h

mechanically alloyed state, showing enrichments of Al and Mn at the Y-O clusters ¢) Mn and d) Al
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