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1. Introduction 

Coated cemented carbide cutting tools are widely used for different machining applications. 

During the last decades, economical demands and environmental considerations of the ma-

chining industry for still higher cutting speeds and feed rates as well as for the reduction of 

the use of harmful coolants and lubricants have promoted significant progress in the coating 

industry [1-3]. The synthesis of these coatings is realized via condensation from the vapor 

phase by either physical vapor deposition (PVD) or chemical vapor deposition (CVD) tech-

niques [4]. Using PVD, the vapor is generated from solid sources utilizing physical methods, 

while for CVD the vapor is provided by gaseous precursors, which are introduced into the 

deposition chamber [5].  

Ti1-xAlxN is an important representative for wear resistant coatings synthesized by PVD. The 

properties of Ti1-xAlxN can be further enhanced by the addition of different alloying elements 

[2, 6, 7-11]. Alloying with e.g. Ta has beneficial effects on the mechanical and tribological 

properties of the coatings and increases the oxidation resistance compared to Ti1-xAlxN [2, 7, 

8]. 

Typical coatings grown by CVD are e.g. - and -Al2O3. Al2O3 exhibits high temperature 

hardness, chemical inertness and low thermal conductivity, which makes it a very suitable 

coating for cutting tools. It has several crystallographic modifications, where the metastable 

orthorhombic -phase and the stable rhombohedral -phase are predominating for coatings 

on cutting tools [12-14].  

However, there is further potential for improvement of these hard coatings by applying suit-

able post-deposition treatments. These treatments can be divided into two major groups; (i) 

mechanical and (ii) thermal methods. Using mechanical methods, like wet- or dry-blasting, 

not only an improvement of the surface topography can be achieved but also tailoring of the 

residual stresses is possible [15]. Thermal treatments can be used to improve the micro-

structure and to modify the surface in order to reduce the friction between work-piece and 

coating.  

The present work comprises an attempt to optimize both, the deposition process and the 

hard coatings. In order to make coating synthesis efficient, targets with high sputtering or 

evaporations rates are required. Thus, the influence of two different sputter target types 

(i.e. powder metallurgically produced compound targets and cast mosaic targets) on the 

deposition process as well as on the structure and properties of the obtained coatings was 

investigated in detail. For further optimization of the sputter deposited Ti1-xAlxN coatings, a 

series of coatings with stresses ranging from tensile to compressive was synthesized using 

different bias voltages. The samples were vacuum annealed and the influence of the residual 
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stresses and the grain size on the spinodal decomposition of the metastable coatings was 

illuminated. Coating optimization by post-treatment was also investigated on other PVD and 

CVD hard coatings. Arc evaporated TiAlTaN coatings were thermally post-treated in methane 

in order to improve the friction behavior, while the effect of dry-blasting using different 

blasting materials and pressures was investigated on - and -Al2O3 CVD hard coatings.   
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2. Coating Deposition 

2.1. Physical Vapor Deposition 

Physical vapor deposition (PVD) processes can basically be described by three main steps; (i) 

Formation of vapor, (ii) Transportation of the vapor from its source to the substrate and (iii) 

Film growth on the substrate. Depending on the physical method used for transferring a sol-

id material, called target, into vapor phase, PVD processes can be classified into sputtering 

and evaporation [5].  

The outstanding qualities of these processes are the versatility of both, potential substrate 

and coating materials. Using PVD it is possible to deposit nearly every kind of material; met-

als, alloys and compounds as well as several organic materials [5]. PVD processes also offer 

the option of reactive deposition. In this case a reactive gas is injected into the vacuum 

chamber, which forms a chemical compound with the evaporated or sputtered material [16]. 

The substrate temperatures can be varied within a wide range, allowing also the use of tem-

perature sensitive substrates [5].  

 

2.1.1. Cathodic Arc Evaporation 

Using cathodic arc evaporation, the vapor is produced by an arc - a high current, low voltage 

electrical discharge - between two electrodes in a vacuum chamber, where the target forms 

the cathode (Fig. 1a) [17]. The point of high current density (106 to 1012 A/m²), where the arc 

meets the target, is called cathode spot. The cathode spot moves randomly and rapidly over 

the cathode surface. The high current density concentrated on the small spot (10-8 to 10-4 m) 

leads to a fast heating of the surface, resulting in an explosive evaporation. The ionization 

rates are depending on the material and can be up to 100 %. The plasma produced at the 

cathode spots contains multiply ionized atoms and expands quickly into the vacuum [19-21]. 

A main disadvantage of cathodic arc evaporation is the emission of droplets of molten target 

material from the cathode spot [21]. These droplets are incorporated as defects into the 

growing film, acting as renucleation sites leading to voids and microstructural coarsenings 

(Fig. 1b). The developing structures on the one hand provide high diffusivity paths and on 

the other hand represent mechanically weak spots [23]. Additionally, the droplets are re-

sponsible for the high surface roughness of arc evaporated coatings. An approach to prevent 

droplets is to separate them from the flux of ions by magnetic filtering [21]. 
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The main benefits of cathodic arc evaporation are the high degree of plasma ionization and 

the high ion energies reached, resulting in very dense coatings with increased wear re-

sistance [24, 25].  

(a) (b) 

  

Fig. 1: (a) Illustration of a cathodic arc source and the cathode spot [18]. (b) Droplet and its 

effect on coating growth [22]. 

 

2.1.2. Sputter Deposition 

Using sputter deposition, the transfer of the solid deposition material into the vapor phase is 

achieved by bombarding the target surface with energetic ions. The process is based on en-

ergy and momentum transfer from the impinging ions to the surface atoms of the target. 

This results either in direct ejection of surface atoms or in a collision cascade finally leading 

to ejection of surface atoms (Fig. 2), if the energy of the scattered atoms is higher than the 

surface binding energy. The ejected particles are mainly neutrals. In order to provide the ion 

bombardment, an inert working gas (e.g. Ar) is introduced into the vacuum chamber. By ap-

plying a voltage between target (cathode) and substrate holder (anode), a glow discharge is 

ignited, resulting in the ionization of the working gas. The ionized working gas is called plas-

ma [5, 19].  
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Fig. 2: Illustration of the basic momentum transfer processes during sputtering [5]. 

The main advantages of sputter deposition compared to arc evaporation are the smooth 

coating surface and the fact that the formation of vapor is realized by momentum transfer 

and not thermally, thus even materials with high melting points can be sputter deposited 

[18].  

 

2.2. Chemical Vapor Deposition 

Using chemical vapor deposition (CVD), gaseous precursors are introduced into a reaction 

chamber, where the coating is deposited. The main steps of a CVD process are illustrated in 

Fig. 3. Dissociation and chemical surface reactions of the precursors, which are required for 

deposition of the coatings, are mainly thermally activated, e.g. by high temperatures or by 

laser-assistance. Nevertheless, there are also less stable precursor materials, which react at 

lower temperatures, but these are mostly metal-organic compounds. Another possibility is 

the kinetic activation using plasma. In this case, the term plasma assisted chemical vapor 

deposition (PACVD) is used [26, 27]. The CVD reactor can be either a hot-wall reactor, where 

the substrate is placed into a heated furnace for indirect heating, or a cold wall reactor, 

where only the substrate is heated (either inductively or resistively). Another important pro-

cess parameter is the deposition pressure, as the internal gas stream velocities and thus, the 

residence time and the reactant diffusion to the substrate surface are depending on the 

pressure [27].  
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Fig. 3: Illustration of the main process steps during CVD. (1) Gas feed, (2) heterogeneous re-

action, comprising (2a) the transport of the reactants through the boundary layer and ad-

sorption, (2b) chemical reactions at the substrate surface, (2c) nucleation and growth and 

(2d) desorption of by-products. (3) Homogeneous gas phase reaction, (4) gas exhaust [27]. 

A main advantage of CVD is the high throwing power, which describes the ability to coat sub-

strate regions which are not in the line-of-sight and consequently, the ability to coat also 

irregularly shaped substrates [5]. Further advantages are the possibility to coat great quanti-

ties of substrates and to achieve high coating thicknesses.  
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3. Thin Film Growth 

After the species from the vapor phase, produced by physical methods (PVD) or provided by 

gaseous precursors (CVD), impinge on the substrate surface, they are either reflected or, if 

they lose enough energy to the substrate lattice, they become loosely bonded. These loosely 

bonded species diffuse over the surface until they are either desorbed or they reach other 

loosely bonded species and build stable nuclei or condense at already existing nuclei. Nuclei 

are preferably formed at low energy sites, like lattice defects, atomic steps or scratches in 

the surface. The mobility of the species on the surface depends on their kinetic energy, the 

substrate temperature and the intensity of interactions between species and substrate. The 

nuclei density and the nuclei growth mode determine the contact area between coating and 

substrate and thus, the adhesion. After nucleation, the nuclei grow and coalesce, resulting in 

a continuous layer [5, 16].  

The film formation occurs according to one of the three basic growth modes shown in Fig. 4: 

(i) Island (Volmer-Weber) growth occurs when the binding energy between the deposited 

species is stronger than between the species and the substrate. (ii) Layer-by-layer (Frank-van 

der Merwe) growth takes place when the opposite is the case; the deposited species are 

more strongly bound to the substrate than to each other. (iii) Mixed layer-island (Stranski-

Krastanov) growth is a combination of the two other modes, where first one or more mono-

layers are formed, but then further layer growth becomes unfavorable and island growth 

occurs [18]. 

 

Fig. 4: Thin film growth modes: (a) layer-by-layer, (b) island and (c) mixed layer-island growth 

[18]. 
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The nucleation and growth kinetics are strongly influenced by the deposition parameters 

and determine the coating structure and consequently, also the properties of the coating. 

Movchan and Demchishin [28] were the first to propose a structure zone model (SZM), 

which associates the observed structure and the growth parameters. They investigated thick 

coatings grown by thermal evaporation and related their structure to the homologous tem-

perature (Ts/Tm), where Ts is the substrate temperature and Tm is the melting temperature. 

They distinguished three characteristic zones [28]. Thornton [29] adapted their model by 

considering the inert sputtering gas pressure and introduced a fourth zone, the so called 

transition zone T, which is formed between zone 1 and 2. Zone 1 is characterized by small 

surface mobility of the condensed species; thus the growth is significantly affected by shad-

owing effects, resulting in a porous columnar structure. In zone T the surface diffusion is 

more pronounced and competitive growth develops, leading to a denser and fibrous struc-

ture. In zone 2 surface diffusion is dominating, leading to a dense film consisting of columnar 

crystals expanding from bottom to top of the film. Zone 3 is determined by bulk diffusion, 

resulting in a recrystallized structure with equiaxed grains and further densification of the 

film [5, 29, 30]. Messier et al. [31] modified Thornton’s SZM, by introducing the substrate 

bias potential instead of the inert sputtering gas pressure. Anders [32] recently proposed an 

extended SZM, illustrated in Fig. 5a, based still on the original three structure zones and 

zone T. Additionally, this SZM includes energetic deposition, characterized by a large flux of 

ions. There, the structure is related to the generalized temperature T*, the normalized ener-

gy flux E* and the net film thickness t*. T* is defined as the homologous temperature plus 

the characteristic temperature of a heated region caused by the potential energy of particles 

arriving on the coating surface. E* is a measure for displacement and heating effects caused 

by the kinetic energy of the arriving particles on the coating surface. There are two “non-

accessible regions” in the diagram. One is at very low T* and high E*, since all energy forms 

brought to the surface by impinging particles lead to heating of the film and thus, shift the 

working point to a higher temperature. The second region is at very low E*, because the ions 

from the plasma have a certain velocity and consequently also a certain energy. 

The three typical structures of CVD coatings are shown in Fig. 5b. In zone 1 the film consists 

of columnar grains with dome-like caps. This structure occurs at high deposition tempera-

tures and is a result of high surface diffusion and uninterrupted grain growth. The structure 

in zone 2 is also columnar, but due to lower diffusion and/or higher supersaturation the 

grains are more faceted and angular. In zone 3 the film consists of fine equiaxed grains. This 

structure is achieved at high supersaturations and low temperatures as well as low pres-

sures, minimizing the diffusion processes [33]. 



Nina Schalk  Thin Film Growth 

9 
 

(a) (b) 

 

 

Fig. 5: Structure zone models proposed by (a) Anders [32] and (b) Pierson [33]. 
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4. Hard Coatings 

4.1. Ti1-xAlxN Coatings 

Ti1-xAlxN coatings are mainly deposited by PVD processes. Since these are thermodynamically 

non-equilibrium processes, the composition range is basically not limited and metastable 

solid solutions can be synthesized [34, 35]. TiN crystallizes in the face centered cubic (fcc) 

structure, while the stable form of AlN is the wurtzite (w) structure [34, 36, 37]. The for-

mation of metastable Ti1-xAlxN is based on the substitution of Ti by Al atoms in the fcc-TiN 

lattice. Single-phase fcc-Ti1-xAlxN is formed up to Al contents of x ~ 0.67 (Fig. 6). Further in-

creasing of the Al content yields a dual-phase structure followed by a single-phase wurtzite 

structure, where the Ti atoms substitute for the Al atoms in the w-AlN lattice [39-42]. Within 

the cubic regime, alloying of Al to the TiN system leads to enhanced mechanical properties 

such as hardness and wear resistance. Also the oxidation resistance remarkably increases 

with increasing Al content, due to the formation of a stable oxidation barrier of Al2O3 at the 

surface [36, 43, 44]. However, when the wurtzite structure is formed, these properties dete-

riorate [41-45]. 

 

Fig. 6: Structural development of Ti1-xAlxN with increasing Al content [38]. 

At elevated temperatures (≥ 800 °C) the metastable Ti1-xAlxN solid solution decomposes into 

fcc-TiN and fcc-AlN domains, leading to age hardening due to coherency strains between the 

matrix and the formed small coherent domains. This behavior is known as spinodal decom-

position. Further increasing of the temperature leads to the transformation of the metasta-

ble fcc-AlN into the stable w-AlN, resulting in a hardness loss [41, 42, 46]. 

In the recent years, the deposition of Ti1-xAlxN coatings by CVD has gained increasing inter-

est. The development of a suitable deposition process was a challenging task, since conven-

tional thermal CVD is not possible due to the high necessary process temperatures, which 

would lead to decomposition of the Ti1-xAlxN coating. Nowadays, CVD processes for the dep-

osition of Ti1-xAlxN coatings are available, which are in general based on low pressures 
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(~100 mbar) and moderate deposition temperatures (800 – 900 °C) [47-50]. Using CVD, the 

deposition of Ti1-xAlxN coatings with x-values up to 0.9, showing remarkable results in cutting 

tests, is possible. These coatings exhibit a dual-phase structure or more precisely, the struc-

ture consists of alternating fcc-Ti1-xAlxN and w-AlN lamellae [50]. Nevertheless, deposition of 

Ti1-xAlxN by PVD is still predominant and was also used within the present work.  

 

4.1.1. TiAlTaN 

The properties of the Ti1-xAlxN coating system can be further improved by the addition of 

different alloying elements [2, 7, 8]. Alloying with Ta has beneficial effects on the mechanical 

and tribological properties, as it fosters the formation of the fcc phase at the expense of the 

wurtzite phase [7]. At elevated temperatures, the metastable fcc-TiAlTaN solid solution de-

composes, in analogy to Ti1-xAlxN, into fcc-Ti1-zTazN-enriched and fcc-AlN-enriched domains. 

Nevertheless, the addition of small amounts of Ta (up to 10 at.-%) to the Ti1-xAlxN system 

leads to an increase of the onset temperature for the formation of w-AlN by up to 300 °C, 

depending on the Ta amount. Since the hardness maximum, due to age hardening, is gener-

ally observed ~100 °C prior the formation of w-AlN and since the Ta containing coatings 

show significantly higher hardness values in as-deposited state, compared to Ti1-xAlxN, higher 

hardness values are obtained up to higher temperatures [51]. Further, a significantly im-

proved tribological behavior at temperatures exceeding 900 °C can be observed for TiAlTaN 

coatings. This is due to a higher oxidation resistance compared to Ti1-xAlxN. The formed oxide 

scale contains -Al2O3, rutile-type TiO2 and anatase-type TiO2. The oxide scale is divided in 

an Al-rich top-layer and a Ti-Ta-rich sublayer, where the Ta is incorporated in the TiO2 lattice. 

In the rutile-type TiO2 the Ti4+ is replaced by Ta5+, leading to a reduced amount of O-

vacancies and thus, a decreased mass transport of O in rutile to the oxide-nitride interface 

and consequently to a slower oxidation of Ti [2, 8].  

 

4.2. Al2O3 Coatings 

Due to its unique combination of properties, such as high hot hardness, chemical inertness 

and low thermal conductivity, Al2O3 is a common coating material for cemented carbide cut-

ting tools [12-14]. In addition to the stable -phase, Al2O3 exists in several metastable poly-

morphs (, , , ,  and ) [52]. Al2O3 coatings are mainly deposited using CVD, where the 

- and the -phase are prevalent. However, using CVD the deposition temperatures are in 

the range of ~1000 °C, limiting the choice of substrate materials. Thus, the synthesis of Al2O3 

by PVD is an interesting alternative which is, due to the electrically insulating nature of 
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Al2O3, still a challenge [53]. Using PVD, temperatures between 350 and 550 °C are necessary 

to grow crystalline -Al2O3. Coatings deposited at lower temperatures are reported to be X-

ray amorphous [54-57]. For the deposition of the desired stable -Al2O3, deposition temper-

atures of ~700 °C are required [58, 59]. Sputter deposited -Al2O3 coatings have a high ther-

mal stability, without any phase transformation up to 1000 °C [53]. Nevertheless, CVD is still 

the dominating method for synthesis of Al2O3 coatings and was also used for the deposition 

of the Al2O3 coatings within the present thesis.  

 

4.2.1. -Al2O3 

-Al2O3 belongs to the trigonal crystal system and has a rhombohedrally centered hexagonal 

lattice. The crystal structure of -Al2O3 is often described as an approximately hexagonal 

close-packed (ABAB…) oxygen superlattice, where the Al atoms occupy two thirds of the oc-

tahedral interstices [60, 61]. In general, Al2O3 coatings are grown on intermediate layers of 

Ti(C,N), which favors the nucleation of -Al2O3 [60-63]. Thus, a nucleation (oxidation) step is 

necessary, after deposition of this Ti(C,N) interlayer, in order to nucleate and grow -Al2O3 in 

a controlled way [61]. This nucleation step is of crucial importance for the microstructure 

and wear properties of the -Al2O3 coating [61]. In older publications [12, 60, 63, 64] it is 

often stated that -Al2O3 exhibits a quite large grain size and rather high porosity. This is due 

to the fact, that in earlier attempts to deposit -Al2O3, the coating nucleated as -Al2O3 and 

the obtained and investigated -Al2O3 coatings were a result of → transformation [61, 

62]. Optimized nucleation of -Al2O3 results in small grains without porosity and considera-

bly improved wear properties [61].  

 

4.2.2. -Al2O3 

The crystallographic structure of -Al2O3 is primitive orthorhombic with an ABAC… stacking 

sequence of almost close-packed oxygen planes [12, 60, 62, 63]. At elevated temperatures, 

e.g. during the deposition process, thermal post-treatments or metal cutting, the metastable 

-phase transforms into the stable -phase. This → transformation occurs by a nuclea-

tion and growth process, where existing thermal cracks (due to a misfit between the thermal 

expansion coefficient of the coating and the substrate) act as nucleation sites. The → 

transformation is accompanied by a volume shrinkage of ~7 %, leading to a secondary crack 

network, consequently deteriorating coating performance [60, 61, 64]. If the → trans-

formation can be avoided, the -phase exhibits advantages compared to the -phase, e.g. 

lower thermal conductivity resulting in a more efficient thermal barrier during high speed 
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cutting [12]. The → transformation is mainly influenced by the deposition temperature, 

the deposition time and the contamination of the precursor gas mixture, but also mechani-

cal activation and stresses introduced during cutting can initiate the transformation. Doping 

with elements like B or Ti retards the transformation [14, 65].  
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5. Post-deposition Treatment 

Further improvement of hard coatings can be achieved by post-deposition treatments, 

where mechanical and thermal methods can be distinguished. Mechanical treatments ena-

ble to enhance the surface topography and to tailor the residual stresses [15, 66-70]. For 

example, it is beneficial to smoothen the rather rough surface of arc evaporated coatings 

(compare subsection 2.1.1.) or to introduce compressive stresses into CVD coatings, as they, 

in general, exhibit tensile stresses after deposition, which is unfavorable during application. 

Mechanical post-treatments can be e.g. polishing or brushing with abrasive media or blast-

ing processes, where the coating surface is bombarded by granulate material (Fig. 7). This 

can be done in dry or wet environment [15, 66-70].  

 

Fig. 7: Illustration of wet-blasting process [modified 69].  

Bouzakis et al. [66-70] comprehensively investigated the influence of both, wet- and dry-

blasting on the mechanical properties and on the wear during milling of PVD coatings. They 

reported on a significant increase of tool life due to dry-blasting with Al2O3 particles [66-68]. 

Investigations on samples wet-blasted using different pressures and sharp-edged Al2O3 par-

ticles with two different grain sizes revealed, that the coarser blasting material or a higher 

blasting pressure lead to higher compressive stresses [69]. Further, they investigated the 

effect of dry-blasting with sharp-edged Al2O3 and spherical ZrO2 particles on the wear behav-

ior. Due to the smooth spherical surface of the ZrO2, the abrasion was less intense and the 

coating material deformation higher compared to the treatment with the sharp-edged Al2O3, 
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resulting in decreased film ductility and consequently deteriorating cutting performance 

[70]. Barbatti et al. [15] investigated the influence of wet-blasting with Al2O3 particles on the 

microstructure and residual stresses of CVD -Al2O3 coatings. No → transformation in-

duced by the blasting treatment could be observed. The effects of the blasting treatment 

were confined to the top layer, where crack formation and propagation due to the treat-

ment could be detected. The tensile as-deposited residual stresses were not affected by the 

blasting treatment. Additionally, there are also a few reports available dealing with the 

depth-resolved determination of the compressive stresses introduced by blasting treatments 

[71-73]. However, in conclusion it is difficult to compare results of different blasting treat-

ments, since they strongly depend on a variety of parameters, e.g. wet- or dry-blasting, 

blasting material (grain size, shape, hardness, …), number of nozzles, working angle, blasting 

time and blasting pressure. 

Thermal post-deposition treatments can be used to improve the microstructure and to mod-

ify the surface, e.g. by annealing in different atmospheres, in order to reduce the friction 

between work-piece and coating. Besides annealing in inert or vacuum environments to 

study thermal stability of metastable hard coatings like Ti1-xAlxN (compare subsection 4.1), 

no detailed reports on modifying the surface of hard coatings by thermal treatments in con-

trolled reactive atmospheres are available.  
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6. Summary and Conclusion 

The aim of the present thesis is to improve the efficiency of coating deposition and to opti-

mize the hard coatings for more economic cutting processes. In order to improve the effi-

ciency of coating synthesis, the sputter targets play a crucial role. Thus, the influence of two 

different sputter target types (i.e. powder metallurgically produced compound TiAl targets 

and mosaic TiAl targets prepared by casting) on the deposition process as well as on the 

structure, the mechanical and tribological properties of the synthesized Ti1-xAlxN coatings 

was investigated. While the decomposition of metastable Ti1-xAlxN coatings at elevated tem-

peratures is well known, all coatings discussed in literature exhibit compressive residual 

stresses in the as-deposited state. Thus, a series of coatings with stresses ranging from ten-

sile to compressive was successfully synthesized using different bias voltages. The influence 

of these residual stresses on the spinodal decomposition was investigated by vacuum an-

nealing treatments and subsequent X-ray diffraction measurements. Another approach to 

improve the cutting performance is based on low-friction surfaces, where an alternative to 

existing complex and consequently quite expensive deposition processes for low-friction 

coatings was developed. Arc evaporated TiAlTaN coatings were thermally treated in me-

thane, which resulted in formation of a carbon deposit on the coating surface. This carbon 

deposit is expected to positively affect the friction behavior. A different possibility to en-

hance the coating performance is based on blasting treatments. The relaxation of the com-

pressive stresses, introduced by dry-blasting of - and -Al2O3 CVD hard coatings using dif-

ferent blasting pressures and materials, at elevated temperatures was investigated as well as 

the effects of these dry-blasting treatments on the friction behavior.  

Using compound targets, a ~44 % higher deposition rate than for the mosaic targets could be 

obtained. Additionally, the Ti1-xAlxN coatings grown from the compound targets showed re-

duced friction and higher wear resistance compared to the mosaic targets. The differences 

can be related to a different sputtering behavior of the targets. For metastable Ti1-xAlxN solid 

solutions, spinodal decomposition at elevated temperatures leads to enhanced coating per-

formance due to age hardening, while the onset of the formation of w-AlN results in the 

degradation of the coating performance. Tensile residual stresses promote the formation of 

more volume consuming fcc-TiN domains during decomposition, whereas compressive 

stresses foster the formation of smaller fcc-AlN domains. Smaller grain sizes were found to 

cause earlier precipitation of w-AlN. In a next step, commercial TiAlTaN coatings were ther-

mally treated in methane at 900 °C to combine the beneficial effects of both, age hardening 

and friction reduction due to the formation of a carbon deposit on top. As a result, friction 

coefficients comparable to values for DLC and MoS2, tested under similar conditions, could 
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be obtained. For dry-blasted - and -Al2O3 CVD coatings the degradation of the introduced 

compressive stresses during high-temperature exposure plays a decisive role for the coating 

performance. The stress relaxation strongly depends on the blasting medium. For -Al2O3 

dry-blasted using a globular medium, a complete stress relaxation could already be observed 

after annealing at 500 °C, while for -Al2O3 dry-blasted using an edged medium as well as for 

-Al2O3 an annealing temperature of 900 °C was necessary for stress relaxation. A drop of 

the friction coefficient at ~700 °C could be observed, which was due to softening of the 

blasting material transferred to the coating surface. 

While this thesis presents several attempts to establishing the basis for further optimization 

of hard coatings, it also allows to point out several areas of possible future work. Within the 

present theses, the residual stresses were determined utilizing a conventional X-ray diffrac-

tometer and the sin² method and thus, are average stress values. Especially for the thick 

dry-blasted - and -Al2O3 CVD coatings, it would be interesting to obtain information about 

the stress gradient over the coating thickness. Possibilities for the depth-resolved determi-

nation of stresses exist. However, up to now they have not been sufficiently used and they 

have also not been accessible within the present work. Additionally, for coating optimization 

there is a need to correlate the basic findings on coating microstructure and properties as 

well as their degradation with the evaluation of the coating performance in cutting tests.  
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Abstract 

The aim of this work is to illuminate the influence of two widely applied target types, i.e. TiAl 

compound targets produced by powder metallurgy and mosaic TiAl targets, on the sputter 

deposition process as well as structure and properties of the obtained coatings. After devel-

opment of a sputter process for the compound targets by optimization of cathode power 

and nitrogen partial pressure, this process was compared to the commercially applied mosa-

ic target process by taking into account the sputter yields of Ti and Al and the respective 

deposition rates. The deposition rate achieved with the compound targets was ~ 44 % higher 

than that obtained for the mosaic targets. The Al content in the coatings deposited from the 

compound targets was slightly higher and the domain size of the formed cubic Ti1-xAlxN solid 

solution considerably larger than for the coatings deposited from the mosaic targets. The 

coatings grown from the compound targets showed, in contrast to those synthesized from 

the mosaic targets, tensile stresses. While the hardness of the coatings sputtered from the 

compound targets was slightly below that of the coatings synthesized from the mosaic tar-

gets, both their friction and wear behavior was slightly improved. In summary, it could be 

shown that using compound TiAl targets manufactured by powder metallurgy, Ti1-xAlxN coat-

ings with mechanical and tribological properties comparable to those grown from commer-

cially applied mosaic targets can be deposited at significantly higher growth rates.  

 

Keywords: Sputtering, TiAlN coatings, sputter target, structure, properties  
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1. Introduction 

High-performance cutting tools contribute to the reduction of machining costs by their long-

er lifetime and higher cutting speeds [1]. Transition metal nitride based hard coatings like Ti1-

xAlxN or Cr1-xAlxN have enabled significant progress in this field, where the quest for new and 

improved coating materials is one of the major driving forces for the coating community [2]. 

On the other hand, coating synthesis has to be done efficiently to reduce deposition time, 

where target manufacturers have to provide targets with high sputtering or evaporation 

rates which are able to withstand the imposed high thermal loads. Various types of targets 

for sputter processes are available, which can be manufactured by different processing 

techniques. Alloy or dual-phase targets are, for example, made by casting or powder metal-

lurgical techniques. Other possibilities are mosaic targets, e.g. with holes filled by additional 

elements, enabling to vary coating composition through the number and position of holes 

[3]. 

Very limited reports are available in literature on the performance of sputter target types, 

although they may affect the sputtering behavior as well as the structure and properties of 

the synthesized coatings. To illuminate the role of the target type in a sputter process under 

industrial conditions, we studied within this work the effect of macroscopically homogene-

ous compound TiAl targets manufactured by powder metallurgical methods as well as mosa-

ic TiAl targets prepared by casting on deposition process characteristics as well as structure 

and mechanical/tribological properties of the obtained Ti1-xAlxN hard coatings.  

 

 

2. Experimental Details 

2.1 Coating Deposition 

Two different types of TiAl targets were used for the present work: powder metallurgical 

compound targets produced by PLANSEE Composite Materials in Lechbruck, Germany, re-

ferred to as PM targets in the following, and ingot metallurgically produced mosaic targets 

provided by CemeCon in Würselen, Germany, referred to as CC targets. Both types of targets 

have a size of 500 × 88 mm2 and a total thickness of 10 mm. In case of the mosaic targets of 

CemeCon type TiAl48GM, the target matrix material is Ti and 48 holes positioned in the cen-

ter of the erosion track are filled with Al inserts. This mosaic target is 6 mm thick and bonded 

to a 4 mm thick copper backing plate. The PM compound targets contain 60 at.-% Al and 

40 at.-% Ti and are on a macroscopic scale homogeneous, but consist microscopically of two 

phases, where Ti grains are embedded into an Al matrix [4]. The usable depth of the erosion 
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track may be close to 10 mm, thus providing a longer target lifetime compared to the mosaic 

targets.  

All coatings for the present work were deposited by reactive unbalanced magnetron sputter-

ing using an industrial-scale CemeCon CC800/9MLT sputtering system equipped with either 

four mosaic or four PM targets. The substrates used were ground and polished powder met-

allurgically produced high-speed steel (HSS) disks (Ø 30 × 10 mm) of type HS14-3-5-11 

(S290PM grade supplied by Böhler Edelstahl, Kapfenberg, Austria). Additionally, Si (100) 

sheets with the dimensions 7 × 21 × 0.38 mm3 were coated. Prior to deposition, the sub-

strates were ultrasonically cleaned in acetone and ethanol. After mounting them on the car-

ousel and evacuating the chamber to a base pressure of ≤ 4 mPa, the substrates were 

cleaned through a heating step and subsequently by Ar+ ion etching for 30 min. A unipolarily 

pulsed bias voltage of -650 V with a pulse frequency of 250 kHz and a reversal time of 1.6 μs 

was used. The argon flow was set to 200 sccm and the temperature was approximately 

450 °C. 

For coating deposition, the nitrogen fraction in the process gas was added to a constant ar-

gon flow; thus, the process-controlled total pressure is directly related to the nitrogen partial 

pressure. For the mosaic targets a standard process was available, where the unipolarily 

pulsed d.c. bias voltage was set to -50 V, the pulse frequency to 350 kHz and the reversal 

time to 1 µs. Each pair of cathodes was bipolarily pulsed at a frequency of 20 kHz with a duty 

cycle of 50 % and a cathode power of 7 kW per target. The argon flow was 200 sccm and the 

total pressure was set to 580 mPa. For the PM targets, each pair of cathodes was bipolarily 

pulsed at a frequency of 35 kHz with a duty cycle of 50 %; the cathode power and the total 

pressure were systematically optimized to find an efficient parameter combination with re-

spect to stable process conditions. The flow of the argon working gas was held constant at 

230 sccm. The bias voltage was set to -40 V, using the same pulse frequency and reversal 

time as for the mosaic targets. For both targets, the substrate temperature was 525 … 

550 °C, as measured by the softening of quenched steel samples after deposition. While for 

the mosaic targets a deposition time of 2.5 h was chosen, it had to be reduced to 1.5 h for 

the PM targets to obtain coating thicknesses in the range of 2.5 – 3.8 µm. 

 

2.2 Coating Characterization 

The coating thickness was determined by means of the ball cratering technique using a CSM 

CaloTest. Energy-dispersive X-ray emission spectroscopy (EDX) utilizing an Oxford Instru-

ments INCA extension in a Zeiss EVO 50 scanning electron microscope (SEM) was used to 
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determine the coating composition. The crystallographic structure was investigated by X-ray 

diffraction (XRD) using Cu K radiation in Bragg-Brentano as well as grazing incidence 

(GIXRD) configuration. The investigations were carried out with a Siemens D500 diffractome-

ter. For the GIXRD measurements, an angle of incidence of 2° was chosen. Domain size and 

strain were determined by the single-line method for analysis of XRD peak broadening using 

the Pseudo-Voigt function [5]. Film adhesion was determined by Rockwell C indentation ad-

hesion tests according to the VDI guideline [6] utilizing a Mitutoyo DT-10 hardness tester. 

Hardness and Young’s modulus were determined with a UMIS Nanoindenter (Ultra Micro 

Indentation System) from Fischer-Cripps Laboratories, which is equipped with a Berkovich 

tip. A plateau test was carried out with maximum and minimum forces of 40 and 2 mN, re-

spectively, with an increment of 2 mN. To measure the biaxial residual stresses, the coated Si 

substrates were examined by the wafer curvature method using the modified Stoney equa-

tion [7, 8]. The tribological investigations were carried out using a CSM ball-on-disk tribo-

meter. All samples were investigated at room temperature; the humidity was 27 ± 1 %. A 

wear track radius of 7 mm, a sliding distance of 300 m and a normal load of 5 N were chosen. 

The linear speed was 10 cm/s. 6-mm-diameter Al2O3 balls were used as counterparts. Follow-

ing the ball-on-disk test, the resulting wear tracks were examined by optical profilometry 

using a Veeco Wyko NT1000 white light interferometer in vertical scanning interferometry 

mode. The surface roughness was determined using a NanoFocus μSurf confocal white light 

interferometer. 

 

3. Results and Discussion 

3.1 Process Optimization 

The optimization of the cathode power and total pressure for the deposition process with 

the PM targets was done stepwise, starting at 4.5 kW per target through 6 up to 7 kW, while 

for each level the total pressure (i.e., the nitrogen partial pressure, since the argon flow was 

held constant) was varied. At cathode power levels of 4.5 and 6 kW, the increase of the 

cathode voltage versus deposition time was much more pronounced with less nitrogen, 

while more nitrogen resulted in a less marked increase. Additionally, the absolute values of 

the bipolarily pulsed cathode voltage decreased with increasing total pressure. Depla et al. 

observed such a decrease of the cathode voltage for nitrogen mole fractions lower than the 

critical one for target poisoning [9]. They attributed it to a modification of the plasma condi-

tions, defined as the “gas or plasma effect”. Thus, taking also into account the measured 

deposition rates (see below), we have to conclude that the selected nitrogen fractions are 

below the onset for target poisoning. 
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At 7 kW, only a slight increase of the cathode voltage versus time could be observed for a 

total pressure of 580 mPa. Also some arcs could be identified [10]. At 600 mPa, the cathode 

voltage was already constant versus time and at 620 mPa also no arcs could be detected 

anymore. Fig. 1(a) shows the cathode voltage of one representative cathode following the 

ramp to avoid overloading, versus time of the process run at a cathode power of 7 kW and a 

total pressure of 620 mPa. There, the process characteristics are comparable to the run with 

the mosaic targets (see Fig. 1(b)) with respect to the arcing behavior and the constant cath-

ode voltage. However, it has to be mentioned that the average level of the cathode voltage 

is significantly higher for the PM targets compared to the mosaic targets. This can be ex-

plained by the different target types, where the copper backing plate might result in a higher 

average electrical conductivity of the mosaic targets. 

 

Fig. 1: Cathode voltage, cathode current and substrate current evolution for the (a) PM tar-

get process (cathode power: 7 kW, total pressure: 620 mPa, bias voltage: -40 V) and (b) the 

mosaic target process (cathode power: 7 kW, total pressure: 580 mPa, bias voltage: -50 V). 

These stable conditions reached for the PM targets are also expressed by the evolution of 

the cathode current versus time (compare Figs. 1(a) and (b)). Due to the higher cathode 

voltage, significantly lower cathode current levels are obtained for the PM targets. Also a 

higher substrate current was found for the mosaic targets, as shown in Fig. 1, which can in 

part be explained by the higher bias voltage of the process applied for the mosaic targets. 

However, it should also be related to the by ~ 17 % higher cathode current [11], where the 

higher target ion flux density should also provide more ions being attracted by the substrate 

bias voltage. 

The development of the deposition rate versus the total pressure is shown in Fig. 2. Basical-

ly, it can be seen that at constant cathode power the deposition rate slightly decreases with 

increasing total pressure. In general, such a smooth decrease in deposition rate at high total 

pressures, which corresponds to an increased nitrogen partial pressure in the sputtering sys-

tem used, can be related to an increasing number of collisions and scattering effects of the 



Nina Schalk  Publication I 

31 
 

sputtered species [12]. Besides, it is obvious that the deposition rate determined for the mo-

saic target process is significantly lower than those obtained for the deposition runs with PM 

targets. The process, which was done with the PM targets at the same cathode power and 

total pressure, shows a ~ 60 % higher deposition rate. Even the deposition rate of the pro-

cess optimized according to Fig. 1(a), which was run at an increased total pressure of 

620 mPa, was ~ 44 % higher. The significantly higher deposition rate should be connected to 

a higher sputtering rate. As a result of the higher bias voltage used for the process with mo-

saic targets and the higher substrate current (see Fig. 1(b)), re-sputtering of film-forming 

species from the film surface might also play a role, reducing the deposition rate [13]. A con-

tribution of collisions and scattering effects in the transport phase can be widely excluded 

since both deposition runs are done at the same total pressure [14]. 

 

Fig. 2: Evolution of the deposition rate versus total pressure at different cathode powers for 

PM targets and for the process using the mosaic (CC) targets. 

To illuminate contributions from the different sputtering behavior, the SRIM (Stopping and 

Range of Ions in Matter) code [15] was applied to calculate the sputtering yields for the dif-

ferent target materials as a function of ion energy. Assuming single-charged ions, their kinet-

ic energy when bombarding the target surface corresponds to the difference between cath-

ode voltage and plasma potential [16]. The values obtained by SRIM represent number and 

energy of the sputtered atoms leaving the target surface, but do not consider energy losses 

due to scattering processes and differences in adsorption at the substrate. At a cathode 

power of 7 kW, the argon/nitrogen partial pressure ratio variation done for the depositions 

with the PM targets corresponds to values between 70:30 and 60:40, while it was held con-

stant for the mosaic targets at 60:40. To ensure comparison, the following calculations have 

been done for a constant argon/nitrogen pressure ratio of 60:40. The cathode voltage for 

the PM targets was in average -600 V during negative pulsing, while the cathode voltage for 
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the mosaic targets was approximately -500 V (see Fig. 1). Neglecting the plasma potential, 

the sputtering yield calculated for an ion energy of -500 eV is for Al ~ 37 % higher than for Ti; 

at -600 eV it is even 49 % higher (see Fig. 3). As the PM target has a composition of 60 at.-% 

Al and 40 at.-% Ti, it consists on a microscopic scale of an Al matrix with Ti grains embedded, 

while the mosaic target represents a Ti matrix with Al inserts. Thus, the significantly higher 

sputtering yield of Al can be assumed to be responsible for the higher deposition rate ob-

tained for the PM targets, which overbalances the lower cathode current shown in Fig. 1. 

Furthermore, contributions from different secondary electron emission of Ti and Al, both in 

metallic and nitride state, might play a role.  

 

Fig. 3: Sputtering yield calculated by SRIM [15] as a function of the kinetic energy of a mix-

ture of Ar/N ions of 60:40 sputtering Al and Ti targets. 

 

3.2 Coating Microstructure  

Those three coatings deposited at a cathode power of 7 kW from the PM targets were exam-

ined by EDX and had basically the same composition. They contained ~ 50 at.-% N, ~ 31.5 at.-

% Al and ~ 18.5 at.-% Ti, corresponding to an Al/Ti atomic ratio of 63:37 and a composition 

of Ti0.37Al0.63N. The Al/Ti atomic ratio of the coatings is thus slightly higher than the target 

ratio, which is in agreement with earlier publications on sputtered Ti1-xAlxN coatings [17, 18] 

and attributed to the higher sputtering yield of Al compared to Ti (see Fig. 3). The chemical 

composition of the coating grown with the mosaic targets was ~ 51 at.-% N, ~ 27.2 at.-% Al 

and ~ 21.4 at.-% Ti. Hence, the Al/Ti atomic ratio of this coating is 56:44 and the composition 

is Ti0.44Al0.56N. Establishing a correlation to the target composition is not possible due to the 

unknown effect of the arrangement of the Al inserts and the increasing erosion depth on the 

sputtering behavior. In summary, all investigated coatings showed compositions close to 

stoichiometry. The coatings deposited with the PM targets contain more Al than those 
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grown with the mosaic targets. This difference might be an effect of the higher cathode volt-

age of the PM targets (-600 V) compared to the mosaic targets (-500 V), which results ac-

cording to Fig. 3 in preferred sputtering of Al compared to Ti atoms. The higher Al content 

might have a significant and positive effect on mechanical and tribological properties as well 

as on the oxidation behavior [3, 17].  

Fig. 4 shows the XRD patterns of the coatings deposited at 7 kW using the PM targets at total 

pressures of 580, 600 and 620 mPa and by the process run with the mosaic targets, again at 

7 kW and 580 mPa. The peak positions for face-centered cubic (fcc) TiN (JCPDS 00-038-1420) 

and fcc AlN (JCPDS 00-025-1495) are plotted as dashed lines. All coatings consist of the sin-

gle-phase cubic Ti1-xAlxN solid solution, as there are no peaks of the hexagonal phase [17]. 

For the coatings deposited from the PM targets, the intensity of the (111) peak derived from 

investigations in Bragg-Brentano geometry, increases with increasing total pressure. Com-

paring the pattern of the coating grown using the mosaic targets with those synthesized us-

ing the PM targets, it is evident that the (111) peak of the mosaic target process is less pro-

nounced than for the PM processes, while the (200) peak is predominant. Furthermore, the 

peaks of the coating grown in the mosaic target process are slightly shifted to lower diffrac-

tion angles compared to the PM process. Such a peak shift to the left indicates compressive 

stress within the coating. Besides, the coating deposited in the mosaic target process con-

tains less Al, which also explains the peak shift towards the TiN position [17, 19, 20]. The 

difference in microstructure evolution of the coatings deposited with PM targets or mosaic 

targets, respectively, can be attributed to the different target types and their different prop-

erties and, thus, to different growth conditions. These are strongly influenced by the sub-

strate ion energy and the substrate ion/atom flux ratio. Petrov et al. [21] observed for 

Ti0.5Al0.5N a change from (111) to (200) orientation by increasing one or both of these varia-

bles. This trend corresponds well to the findings described above, where the higher bias 

voltage and the higher substrate current observed for the mosaic compared to the PM tar-

get process, as already shown in Fig. 1, fosters growth in (200) direction.  
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Fig. 4: GIXRD patterns of the coatings deposited using the PM targets at different total pres-

sures and the process run with the mosaic (CC) targets. In all cases the cathode power was 

7 kW. 

Fig. 5 summarizes the domain sizes calculated by applying Pseudo-Voigt single-line analysis 

to the Ti1-xAlxN peaks. Basically, it can be seen that with increasing total pressure the domain 

size decreases. For the coating grown using the mosaic targets the domain size was three 

times lower than for the coating deposited from the PM targets. This should again be related 

to the higher bias voltage and higher substrate current used for the mosaic targets and cor-

responds well to literature [22]. 
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Fig. 5: Comparison of domain sizes obtained for the coatings grown at different cathode 

powers from the PM targets at different total pressures and the process run with the mosaic 

(CC) targets. 

 

3.3 Coating Properties 

The coating adhesion was excellent for all coatings deposited from the PM targets, as adhe-

sion classes according to the VDI Rockwell C test between HF1 and HF3 could be obtained. 

No significant trends for the different total pressures used for deposition could be observed. 

The adhesion of the coatings deposited from mosaic targets was also excellent; an adhesion 

of class HF1 was found. 

For the coatings deposited using the PM targets, tensile stresses in the range of 300 to 

850 MPa were determined. For the coating grown from the mosaic targets, compressive 

stresses of -950 MPa were measured, corroborating the XRD peak shift observed in Fig. 4. 

The formation of these compressive stresses is caused by the higher bias voltage and sub-

strate current used for the mosaic targets, which results in higher defect density and a densi-

fication of the coating microstructure [22]. Obviously, the lower substrate current observed 

for the PM targets (Fig. 1(a)) is not high enough to result in an ion peening effect sufficient 

for the generation of compressive stresses [23].  

The values for hardness and Young’s modulus were determined for the coatings of the 7 kW 

cathode power series deposited with the PM targets and for the mosaic target reference 

process. The hardness (Fig. 6(a)) as well as the Young’s modulus (Fig. 6(b)) of the coatings 

deposited from the PM targets decrease slightly with increasing total pressure, although it 

has to be mentioned that the decrease is in the range of the standard deviation and, hence, 

probably not very significant. The highest hardness of 35.3 ± 1.5 GPa was measured for the 
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coating deposited in the process using the mosaic targets. According to Fig. 5, the domain 

size of the Ti1-xAlxN phase is significantly smaller than that of the PM series coatings, which 

indicates that the Hall-Petch effect [2, 24] might play a role. Furthermore, as already men-

tioned, for the coating deposited from the mosaic targets, compressive residual stresses 

were determined, while for the PM coatings tensile stresses were detected. Coatings with 

compressive residual stresses commonly show increased hardness values compared to coat-

ings with tensile stresses [2, 24-26]. Besides, the (111) orientation of TiN has been reported 

to show slightly lower hardness values than the (100) orientation [27], which might also con-

tribute to the observed hardness difference. 

 

Fig. 6: Evolution of (a) hardness and (b) Young’s modulus versus total pressure for the PM 

target processes run at 7 kW and the mosaic (CC) target process. 

The friction coefficients summarized in Fig. 7(a) are the mean values and standard deviations 

determined by the CSM InstrumX software of the used tribometer. The friction coefficient 

shows a slight increase with total pressure for those coatings deposited from the PM targets. 

However, here it should be mentioned again that this increase is in the same range as its 

standard deviation and, thus, probably not very significant. The friction coefficient obtained 

for the coating deposited from the mosaic targets is slightly higher than those values ob-

tained for the PM targets. The wear coefficients shown in Fig 7(b) increase with increasing 

total pressure for those coatings deposited using the PM targets, which agrees well to the 

observed hardness decrease (see Fig. 6(a)). The value obtained for the coating deposited 

from the mosaic targets is slightly higher than those obtained for the coatings grown from 

the PM targets. In general, both the friction and the wear coefficients correspond well to 

literature [17, 28-31].  
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Fig. 7: Evolution of the (a) friction coefficient and (b) wear coefficient versus total pressure 

for the PM target processes run at 7 kW and the mosaic (CC) target process. 

SEM micrographs of the surface of the coatings deposited from the PM targets at 7 kW and 

620 mPa (Fig. 8(a)) and the mosaic targets at 7 kW and 580 mPa (Fig. 8(b)) were taken to 

further explain the differences in their tribological properties. Here it should be noted, that 

the thicknesses of both coatings are quite comparable (3.2 µm for the PM and 3.7 µm for the 

mosaic target coating). Fig. 8 shows that the surface of the coating deposited from the PM 

targets is rougher (Ra = 100 nm) than the one of the coating deposited from the mosaic tar-

gets (Ra = 17 nm). This can be explained by the higher bias voltage and higher substrate cur-

rent used for the process run with the mosaic targets. Both result in more and higher ener-

getic ions bombarding the film surface which in turn is well known to result in smaller do-

main sizes (see Fig. 5 and refs. [22, 32]). The slightly worse tribological behavior of the coat-

ing deposited from the mosaic targets may be related to the smoother surface and thus, the 

larger real contact area between coating and counterpart [33, 34].  

 

Fig. 8: SEM micrograph of the surface of (a) the coating deposited with the PM targets (cath-

ode power: 7 kW, total pressure: 620 mPa) and (b) the coating deposited with the mosaic 

targets (cathode power: 7 kW, total pressure: 580 mPa). 
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4. Conclusions 

Ti1-xAlxN coatings were deposited on high-speed steel and silicon (100) substrates from two 

different types of targets, i.e. powder metallurgically prepared compound as well as mosaic 

TiAl targets, to elucidate the effect of different target types on deposition as well as struc-

ture and properties of the coatings. After optimization of cathode power and nitrogen par-

tial pressure, the deposition rate obtained with the compound targets was ~ 44 % higher 

than for the mosaic targets, which is explained by the higher sputtering yield of the alumi-

num matrix of the compound targets compared to the titanium matrix of the mosaic tar-

gets.  

All coatings showed a single-phase cubic Ti1-xAlxN solid solution, with slightly lower alumi-

num content for the coatings deposited from the mosaic targets. A more pronounced (200) 

orientation of the Ti1-xAlxN phase was found for the coatings grown from the mosaic targets, 

whereas those coatings deposited from the compound targets exhibit a (111) preferred ori-

entation. The hardness of the coating deposited with the mosaic targets was slightly higher 

than that of the coatings synthesized with the compound targets, which is directly related 

to its lower domain size and to the change in preferred orientation. While for the coating 

deposited with the mosaic targets compressive stresses were determined, tensile stresses 

were obtained for the coatings grown from the compound targets. The differences in pre-

ferred orientation, domain size and stress could be related to the higher bias voltage and 

considerably higher substrate ion current used for the mosaic targets process. However, 

both the friction coefficients and the wear coefficients were slightly lower for the coatings 

deposited with the compound targets. 

In summary, it could be shown that using compound TiAl targets manufactured by powder 

metallurgy, Ti1-xAlxN coatings with mechanical and tribological properties comparable to 

those grown from commercially applied mosaic targets can be deposited at significantly 

higher growth rates. 
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Abstract 

At elevated temperatures, the metastable Ti1-xAlxN solid solution decomposes in cubic AlN 

and cubic TiN. Within this work, the effect of residual stresses on the decomposition of sput-

tered Ti1-xAlxN coatings was investigated. Using different bias voltages, a series of Ti1-xAlxN 

coatings (x = 0.63) with stresses ranging from +630 to -2500 MPa was synthesized on Si (100) 

substrates. Vacuum annealing treatments and subsequent X-ray diffraction measurements 

showed that tensile stresses foster the formation of more volume consuming cubic TiN do-

mains, while compressive stresses promote the formation of smaller cubic AlN domains. The 

influence of the grain size has been considered by investigations of free standing films using 

differential scanning calorimetry. Smaller grains lead to faster decomposition and earlier 

precipitation of wurtzite AlN.  

 

Keywords: sputtering, Ti1-xAlxN coatings, residual stresses, spinodal decomposition, grain size 
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1. Introduction 

Metastable Ti1-xAlxN coatings are widely used as hard and wear protective coatings in differ-

ent machining applications. The formation of metastable Ti1-xAlxN is based on the substitu-

tion of Ti by Al atoms in the fcc-TiN lattice. Single-phase cubic Ti1-xAlxN is formed up to Al 

contents of x ~ 0.67. Higher Al contents lead to dual-phase coatings followed by a single-

phase wurtzite structure, where the Ti atoms substitute for Al atoms in the wurtzite (w) AlN 

lattice [1-5]. Within the cubic regime increasing Al contents lead to enhanced coating prop-

erties, like higher hardness and oxidation resistance. When the wurtzite structure is formed, 

these properties deteriorate [3-5].  

During annealing, the metastable fcc-Ti1-xAlxN solid solution decomposes into fcc-TiN and 

fcc-AlN domains. This behavior, known as spinodal decomposition, leads to age hardening 

due to coherency strains between the matrix and the formed small coherent domains. If the 

temperature is further increased, the metastable fcc-AlN transforms into the stable w-AlN, 

resulting in a hardness loss [3, 4, 6]. 

It has been reported that the decomposition of metastable fcc-Ti1-xAlxN is not only influ-

enced by the chemical driving force but also by the elastic strain energy and the surface en-

ergy [7]. The chemical contribution has been comprehensively investigated [3, 4, 6-9] and 

there are several reports available dealing with the contribution of strain [7, 10-12] and 

compressive stress formation [13]. However, all coatings discussed in literature exhibit com-

pressive residual stresses in the as-deposited state. Within the present work, sputtered Ti1-

xAlxN coatings with tensile as well as compressive residual stresses could successfully be syn-

thesized by using different bias voltages. To illuminate the influence of the as-deposited re-

sidual stresses on the spinodal decomposition in detail, vacuum annealing treatments and 

subsequent X-ray diffraction measurements were conducted as well as differential scanning 

calorimetry investigations, where attention was also paid to the effect of the grain size of 

the obtained coatings. 

 

2. Experimental Details 

Five Ti1-xAlxN coatings were deposited using an industrial scale CemeCon CC800/9MLT un-

balanced magnetron sputtering system equipped with four powder metallurgically produced 

compound targets (PLANSEE Composite Materials, Germany) with a target composition of 

40 at.% Ti and 60 at.% Al. A 30 min Ar+ ion etching step was implemented prior to the depo-
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sition process to clean the substrates. More detailed information on the etching process can 

be found in ref. [14]. During deposition, the magnetrons were bipolarily pulsed at a frequen-

cy of 35 kHz and a duty cycle of 50 %. The power was set to 7 kW per target. An asymmetric 

bipolarily pulsed d.c. bias voltage of -40, -50, -60, -70 and -80 V, respectively, was applied to 

synthesize the five different coatings. The coatings were deposited in a mixed Ar/N2 atmos-

phere, where the Ar flow was held constant at 230 sccm and the process-controlled total 

pressure was 620 mPa. The substrate temperature was ~550 °C and the deposition time 

1.5 h.  

Two different substrates types were used; Si (100) platelets with the dimensions 7 x 21 x 

0.5 mm³ and mild steel foil with a thickness of 50 μm. The coated Si samples were used for 

coating characterization and annealing treatments. The mild steel foil was removed chemi-

cally in 10 mol.% nitric acid in order to gain a powdered coating, which was used for differ-

ential scanning calorimetric and X-ray diffraction measurements. 

The coating thickness was determined by the ball-crater-technique using a CSM CaloTest. 

The chemical composition was investigated by means of glow discharge optical emission 

spectroscopy (GDOES) utilizing a Horiba Jobin-Yvon JY10000RF spectroscope. For the investi-

gation of the crystallographic structure, a Bruker-AXS D8 Advance diffractometer was used. 

The X-ray diffraction (XRD) measurements were performed in Bragg-Brentano as well as in 

grazing incidence (GI) geometry (incidence angle 2°). To obtain information about the mi-

crostrain and the size of coherently diffracting domains, the Pseudo-Voigt function [15] was 

applied to all cubic peaks of the XRD patterns obtained in Bragg-Brentano geometry from 

the powdered samples in the measured range between 20 and 85°. Subsequently, the 

gained data was analyzed using the Williamson-Hall method [16]. The residual stresses were 

determined using the sin² method [17] utilizing a Seifert PTS-3000 diffractometer equipped 

with polycapillary primary optics, long Soller slits, secondary graphite monochromator and 

scintillation counter. Because the X-ray elastic constants (XECs) of Ti1-xAlxN phases are not 

known, XECs of TiN [18] were used to calculate the residual stresses from the measured X-

ray elastic strains. Since the XECs of Ti1-xAlxN may differ from those of TiN, the stress magni-

tudes obtained for the different coatings demonstrate the relative differences in stresses but 

are only approximate on the absolute scale.  

The annealing treatments were conducted in a vacuum furnace (HTM Reetz, base pressure 

< 5x10-4 Pa), starting at 700 °C in 50 °C steps up to 1000 °C, using a heating rate of 20 K/min, 

a holding time of 15 min and a cooling rate of 60 K/min. After each annealing step, the crys-

tallographic structure of the coatings was ex-situ investigated using XRD. The (200) peak of 

all coatings was investigated in more detail at all annealing temperatures by applying the 
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Pseudo-Voigt function, in order to be able to observe any asymmetric peak broadening or 

formation of shoulders and thus, the onset of spinodal decomposition. Further, the cubic 

lattice parameter of all coatings for all annealing temperatures was calculated from the (200) 

fcc-Ti1-xAlxN peak.  

A Setaram Labsys EVO differential scanning calorimeter (DSC) was used to detect the micro-

structural changes in the powdered coatings during heating. As a first step, a powdered 

sample of every coating was heated in Ar atmosphere up to 1500 °C; the heating rate was 

23 K/min and the cooling rate 50 K/min. To get a better understanding of the different par-

tial reactions that take place, three further powder samples of every coating were annealed 

up to 900, 1150 and 1350 °C, respectively, in the DSC. Subsequently, the samples were inves-

tigated using XRD and compared to each other as well as to the as-deposited sample and the 

sample heated to 1500 °C. A virgin sample with ~30 mg mass was used for every measure-

ment.  

The coating hardness was determined using a UMIS (Ultra Micro Indentation System) 

Nanoindenter from Fischer-Cripps Laboratories, equipped with a Berkovich tip. A plateau 

test was conducted, where the load was decreased from a maximum load of 30 mN in in-

crements of 2 mN to a minimum load of 2 mN.  

 

3. Results and Discussion 

The coating thickness was ~3 μm for all coatings; there was no detectable difference of the 

growth rate for the coatings deposited using different bias voltages. Also the chemical com-

position was the same for all coatings. They contained 18 at.% Ti, 31 at.% Al and 51 at.% N, 

which corresponds to an Al/Ti atomic ratio of 63/37. Thus, the Al content is slightly higher in 

the coating than in the target, which is in good agreement with literature [5, 19]. In Fig. 1a 

and b, the GI-XRD patterns of the coatings deposited using -40 and -80 V bias voltage, re-

spectively, are shown with annealing temperature increasing from bottom to top. The re-

spective patterns at the bottom belong to the as-deposited coatings. There, it can be seen 

that both coatings consist of a single-phase fcc Ti1-xAlxN solid solution in the as-deposited 

state. In Fig. 1b, a pronounced peak at a slightly lower diffraction angle (~33°) than the posi-

tion of w-AlN can be identified; this is an additional Si peak originating from the substrate 

which appears also in some other patterns shown in Fig. 1a and b. By comparing the two 

patterns of the as-deposited coatings, it can be seen that the peaks of the coating deposited 

at -80 V bias voltage are much lower and broader than the ones of the coating grown at -40 

V bias voltage. Such a peak broadening indicates a smaller domain size and/or a larger mi-



Nina Schalk  Publication II 

47 
 

crostrain, since the higher bias voltage results in more and higher energetic ions bombarding 

the film surface, which usually causes a smaller domain size and/or larger microstrain [20].  

 

Fig. 1: XRD patterns of the coatings deposited at (a) -40 V bias voltage, showing tensile resid-

ual stresses and (b) -80 V bias voltage, showing compressive stresses for the as-deposited 

state and after different annealing temperatures. 

In order to qualitatively assess the bias-voltage-induced relative changes of domain size and 

microstrain in the films, Williamson-Hall (WH) plot [21] analysis was performed on powder 

samples characterized in Bragg-Brentano geometry (Fig. 2). According to the assumptions 

from ref. [16, 21], it was supposed for simplicity that the domain size broadening does not 

depend on the diffraction vector length |d*| and the strain broadening does [21]. In that 

case the intercept on the β* axis (of total integral breadth in the reciprocal space) corre-

sponds usually to the inverse domain size 1/D, whereby the microstrain is proportional to 

the WH plot slope (Fig. 2). The slopes ** / d  in Fig. 2 unambiguously indicate that with 

increasing bias voltage the microstrain increases in the Ti1-xAlxN coatings. This qualitative 

result documents that the higher bias voltages, with more intensive ion peening effect, re-

sult in a more pronounced formation of strains of II and III order, caused usually by na-

noscale crystallographic defects. The domain size analysis in Fig. 2 results in very large unre-

alistic values and becomes even negative. This phenomenon can be interpreted by the 

known effect of partial coherence in nanocrystalline thin films reported by Rafaja et al. [22, 

23]  
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Fig. 2: Williamson-Hall plot for coatings grown at different bias voltages indicating qualita-

tively a decreasing domain size D and an increasing microstrain e with increasing bias volt-

age. 

Fig. 3 indicates that the coatings deposited at bias voltages of -40 and -50 V exhibit tensile 

stresses, while the coatings grown at higher bias voltages show compressive stresses. Here, 

it has to be mentioned that the higher bias voltage also results in an increasing substrate 

current. Apparently, the substrate currents obtained for the coatings deposited at low bias 

voltages are too low to cause an ion peening effect sufficient to generate compressive 

stresses [24].  

 

Fig. 3: Evolution of the residual stresses as a function of the bias voltage. 

In addition to the GI-XRD patterns of the -40 V bias coating having tensile as-deposited 

stresses and the -80 V bias coating having compressive stresses, Fig. 1 shows GI-XRD pat-

terns of these coatings annealed at different temperatures. For the coating with tensile 

stresses (Fig. 1a), no major changes can be identified up to ~800 °C. However, after anneal-

ing at 850 °C there is a shoulder visible on the left hand side of the Ti1-xAlxN peak and also a 

small w-AlN peak can be observed. For the coating with compressive stresses (Fig. 1b), also a 

w-AlN peak can be identified after annealing at 850 °C. In addition, after annealing at 950 °C 
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a shoulder is evident, which is formed - in contrast to the -40 V sample - on the right hand 

side of the Ti1-xAlxN peak. Further, it has to be noted that for the coating with compressive 

stresses (Fig. 1b) there is much more w-AlN present after annealing at 1000 °C than for the 

coating with tensile stresses (Fig. 1a); there are already peaks at higher diffraction angles 

visible.  

To investigate the spinodal decomposition in more detail, the (200) peak was subjected to 

peak fitting using the Pseudo-Voigt function. In Fig. 4 the peaks of the coating with tensile 

(left) and compressive stresses (right) are shown, from bottom to top with increasing anneal-

ing temperature. 800 °C was chosen as first temperature, because after annealing to this 

temperature both coatings still do not show any evidence of spinodal decomposition. After 

annealing to 850 °C, the coating with the tensile stresses shows a small shoulder on the left 

hand side of the Ti1-xAlxN peak. This indicates that for this coating the spinodal decomposi-

tion starts with formation of fcc-TiN domains. On the other hand, the coating with compres-

sive stresses does not show any apparent sign of spinodal decomposition. After annealing to 

900 °C, the shoulder on the left hand side of the Ti1-xAlxN peak is more pronounced for the 

coating with the tensile stresses, but there is still no sign of spinodal decomposition visible 

for the coating with the compressive stresses. After annealing to 950 °C, there are distinct 

shoulders visible on both sides of the peak for the coating with tensile stresses. For the coat-

ing with compressive stresses, there is a shoulder recognizable; however, this shoulder is on 

the right hand side of the peak, which means that for this coating the decomposition starts 

with the formation of fcc-AlN domains. The different decomposition behavior can be ex-

plained by the fact, that fcc-TiN domains are more volume consuming than the fcc-Ti1-xAlxN 

matrix, while fcc-AlN domains are smaller [6, 25]. Consequently, fcc-TiN domains form first in 

coatings with tensile stresses, while compressive stresses foster the formation of fcc-AlN 

domains. After annealing to 1000 °C, the Ti1-xAlxN peak of the coating with the tensile stress-

es is clearly shifted to the left and there is a pronounced fcc-AlN shoulder visible. For the 

coating with the compressive stresses, the Ti1-xAlxN peak is even more shifted to the left and 

there is only a very small fcc-AlN shoulder visible. The reason for this is, as already men-

tioned, that for the coating with the compressive stresses there is already a significant frac-

tion of w-AlN present after annealing to 1000 °C (Fig. 1).  
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Fig. 4: Development of the (200) XRD peak with increasing temperature for a coating with 

tensile (left) and one with compressive residual stresses (right). The peaks were fitted using 

the Pseudo-Voigt function. 

The out-of-plane lattice parameters of the cubic phase for all coatings and annealing tem-

peratures are shown in Fig. 5. Additionally, the theoretical values of fcc-TiN [26], fcc-AlN [27] 

and the lattice parameter of Ti0,37Al0,63N calculated assuming a Vegard-like behavior are indi-
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cated. It can be seen that in the as-deposited state the lattice parameter increases with in-

creasing bias voltage. The lattice parameter of the coatings with tensile stresses is lower 

than the theoretical one, while that of the coatings with compressive stresses is higher. That 

fits very well considering that compressive stresses result in a peak shift to lower diffraction 

angles in the XRD pattern, which consequently results in a larger lattice parameter of crystal-

lographic planes oriented parallel to the substrate surface. With increasing annealing tem-

perature, the lattice parameters slightly decrease and finally reach their minimum. Accord-

ing to Rachbauer et al. [10] this decrease of the lattice parameter cannot only be attributed 

to defect annihilation and recovery processes, but also to the starting spinodal decomposi-

tion and the accompanying development of microstrains. They found a strain increase of 

~60 % for the annealed coatings compared to the as-deposited ones at the temperature, 

where the lattice parameter is at its minimum. This is also in agreement with the results 

from ref. [13], where at early stages of the spinodal decomposition the annealing results in 

the formation of tensile macrostrains and the out-of-plane lattice parameter decreases. 

Consequently the formation of fcc-TiN- and fcc-AlN-rich domains can be assumed to start 

already at lower temperatures than visible in the XRD patterns (Fig. 1 and Fig. 4).  

 

Fig. 5: Lattice parameter of the fcc-Ti1-xAlxN phase for the coatings deposited on Si substrate 

using different bias voltages obtained from the XRD patters of the as-deposited sample and 

after annealing to different temperatures. 

At about 850 °C, the lattice parameters start to increase. This increase is steeper for the 

coatings with compressive as-deposited residual stresses than for the coatings with tensile 

stresses. According to Fig. 4, fcc-TiN domains form first for the coatings with tensile stresses, 

as they are more volume consuming than the Ti1-xAlxN matrix. It can be assumed that the low 

tensile stresses turn now into compressive [13], which slows down the following decomposi-

tion. On the other hand, smaller fcc-AlN domains form first for the coatings with compres-

sive as-deposited residual stresses (Fig. 4). It can be assumed that tensile areas appear 
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around these fcc-AlN domains, fostering the following decomposition. However, the for-

mation of these fcc-TiN and fcc-AlN domains is also superimposed by the precipitation of w-

AlN, which starts when the lattice parameter is at its minimum [10]. According to Fig. 5 that 

is the case at about 800 – 850 °C, which is in good agreement with the first appearance of 

the w-AlN peak in the XRD patterns shown in Fig. 1. Besides, more w-AlN could be observed 

at lower temperatures for the coating with the compressive as-deposited stresses (Fig. 1). An 

explanation for this can be found in the fact that the lattice parameter of the coating with 

tensile stresses is closer to the value of fcc-AlN than that of the coating with compressive 

stresses (Fig. 5). This means that for the coating with compressive stresses the coherency 

strain and consequently the driving force for precipitation of w-AlN is higher than for the 

coating with the tensile stresses.  

In Fig. 6 the heat flow as a function of the sample temperature is shown for all coatings. At 

lower temperatures the heat flows of the different coatings are quite similar, but above 

~900 °C there are differences. Especially the last peak, which is very pronounced for the 

coatings with tensile stresses, is much less distinct for the coatings with compressive stress-

es. To investigate the different partial reactions and differences between the coatings in 

more detail, three further powder samples of every coating were annealed to 900, 1150 and 

1350 °C and subsequently investigated using XRD. 

 

Fig. 6: Heat flow measured during DSC of Ti1-xAlxN. Three further powder samples of every 

coating were annealed in the DSC to the temperatures denoted in the diagram. 

The GI-XRD patterns of the powder before and after annealing in the DSC to 900, 1150, 1350 

and 1500 °C, respectively, are shown in Fig. 7 from bottom to top. Fig. 7a and b present the 

patterns of the coatings with tensile and compressive as-deposited stresses, respectively. 

Before annealing, both coatings consist of a single phase cubic Ti1-xAlxN solid solution. After 

annealing to 900 °C, the pattern of the coating with tensile stresses (Fig. 7a) shows a pro-

nounced shoulder on the left hand side of the Ti1-xAlxN peak. After annealing to 1150 °C, 
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there is a shoulder on the right hand side of the Ti1-xAlxN peak and for the first time a w-AlN 

peak is visible. After annealing to 1350 °C, there is no fcc-AlN left. For the coating with the 

compressive stresses (Fig. 7b), there is a small shoulder on the left hand side of the Ti1-xAlxN 

peak visible after annealing to 900 °C, and also a w-AlN peak can already be identified. After 

annealing to 1150 °C, a small shoulder on the right hand side of the Ti1-xAlxN peak can be 

observed and after 1350 °C no fcc-AlN is left. Annealing to 1500 °C leads just to sharper 

peaks for both coatings. However, it has to be considered that for the DSC measurements 

the coatings were chemically removed from substrates and thus only the intrinsic stresses of 

second and third order are left. Hence, it can be assumed that the high compressive stresses 

have relaxed, which explains the differences between these patterns and the ones shown in 

Fig. 1.  

 

Fig. 7: XRD patterns of the powdered samples before and after annealing in the DSC to differ-

ent temperatures (a) of the coating deposited at -40 V bias voltage, showing tensile as-

deposited residual stresses and (b) of the coating grown at -80 V bias voltage, showing com-

pressive stresses. 

In Fig. 8 the DSC signals of the coating grown at -40 V bias voltage, having tensile as-

deposited residual stresses and the coating synthesized using -80 V bias voltage, revealing 

compressive stresses, were fitted using the Gaussian function in order to show the different 

partial reactions that take place. Based on the results presented, the DSC peaks can be in-

terpreted as follows: As up to temperatures of ~800 °C there is no apparent sign of spinodal 

decomposition visible in the XRD patterns (Fig. 1 and Fig. 4), the reactions below this tem-

perature have mainly to be due to defect annihilation and recovery effects. Nevertheless, it 

has to be considered that the reactions overlap and that formation of small fcc-AlN and fcc-

TiN enriched domains due to spinodal decomposition has also started at these temperatures 
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[10]. The reactions between ~850 and ~1150 °C can be attributed to the spinodal decompo-

sition, where the influence of the different domain sizes becomes significant. Rachbauer et 

al. [28] could recently prove by three-dimensional atom probe tomography that the fcc-AlN 

enrichment is faster at column or grain boundaries, compared to the bulk. According to 

Fig. 8, the decomposition is faster for the coating with the compressive as-deposited stress-

es, as the fourth peak is shifted to lower temperatures compared to that of the coating with 

tensile stresses. This effect can be attributed to the smaller domain size of the coating with 

compressive stresses in relation to that with tensile stresses and the fact that a smaller do-

main size results in a higher grain boundary volume. 

 

Fig. 8: DSC signal and Gaussian fit of the five exothermic partial reactions during DSC includ-

ing the sum fit (indicated in grey) of (a) the coating deposited using -40 V bias voltage, show-

ing tensile residual stresses and (b) the coating synthesized at -80 V bias voltage, having 

compressive stresses. The vertical solid line at 900 °C was added to simplify comparison of 

the two diagrams. The dashed lines show that the fourth peak is shifted to lower tempera-

tures for (b) with respect to (a). 

Further, a smaller domain size means also that there are more nucleation sites available 

which is, additionally to the higher lattice parameter, an explanation for the earlier precipita-
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tion of w-AlN for the coatings with compressive as-deposited residual stresses. From the XRD 

patterns in Fig. 7b it could be seen that after annealing to 1150 °C there is only a small fcc-

AlN shoulder left for the coating with the compressive as-deposited stresses. This infers that 

already a considerable amount of the fcc-AlN has transformed into w-AlN at this tempera-

ture. Thus, the reaction corresponding to the transformation of fcc-AlN into w-AlN has also 

to be included within the pronounced peak between 900 and 1150 °C for the coating with 

compressive stresses in Fig. 8. The small peak at temperatures above 1200 °C has to be due 

to grain growth as the XRD peaks become only sharper at these high temperatures. For the 

coating with the tensile as-deposited stresses there is still a lot of fcc-AlN present at temper-

atures of 1150 °C (Fig. 7a), which has to transform into w-AlN. This reaction is responsible for 

the pronounced peak in the DSC signal (Fig. 8) at ~1200 °C for the coating with tensile stress-

es.  

Finally, hardness measurements of as-deposited samples and samples annealed to 1000 °C 

were conducted. From Fig. 9 it can be seen that the hardness of the annealed samples is 

higher than that of the as-deposited samples, which is in good agreement with literature [6, 

10, 29]. After annealing to 1000 °C, the spinodal decomposition is already advanced and 

leads - as a result of coherency strains between matrix and the formed coherent small do-

mains - to age hardening [6]. Additionally, it can be seen that the difference between as-

deposited and annealed samples is more pronounced at lower bias voltages. This can be 

explained by the different as-deposited residual stresses. The coatings deposited at lower 

bias voltages showed tensile as-deposited residual stresses. In general, coatings with tensile 

stresses show lower hardness values compared to coatings with compressive stresses [30-

33]. After annealing to 1000 °C, fcc-TiN domains and w-AlN precipitations have formed. As 

both are more volume consuming than the Ti1-xAlxN matrix, it can be assumed that the ten-

sile stresses turn into compressive, which has an additional positive influence on the hard-

ness. The coatings deposited at higher bias voltages exhibit compressive as-deposited resid-

ual stresses. After annealing to 1000 °C, fcc-AlN domains and w-AlN precipitations have 

formed. The fcc-AlN domains are smaller but the w-AlN precipitations are more volume con-

suming than the Ti1-xAlxN matrix. Thus, it can be assumed that the compressive stresses 

slightly increase, which also positively affects the hardness. However, the influence on the 

hardness is much more pronounced for the coatings with tensile as-deposited stresses.  



Nina Schalk  Publication II 

56 
 

 

Fig. 9: Evolution of the hardness of coatings versus bias voltage measured on Si samples in 

as-deposited state and after annealing to 1000 °C. 

 

4. Conclusion 

Sputtered Ti1-xAlxN coatings with residual stresses ranging from tensile to compressive could 

successfully be synthesized by using different bias voltages. It could be shown that tensile 

stresses promote the formation of more volume consuming fcc-TiN domains during decom-

position of the metastable Ti1-xAlxN solid solution, while compressive stresses foster the for-

mation of smaller fcc-AlN domains. Emphasis was also laid on the different domains sizes 

obtained as a result of the different bias voltages. Smaller domain sizes were found to cause 

faster spinodal decomposition and earlier precipitation of w-AlN. The hardness increase due 

to age hardening is more pronounced for those coatings showing tensile stresses, which is 

attributed to the significant contribution of more volume consuming fcc-TiN domains com-

pared to fcc-AlN.  
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Abstract 

For severe cutting applications, the reduction of friction between work-piece and tool sur-

face is of vital importance. Within this work, the surface of arc evaporated TiAlTaN coatings 

was modified by thermal treatment in methane. The modified coatings were investigated 

with respect to their weight gain, composition, microstructure and friction behaviour. The 

weight gain is attributed to the formation of an up to ~500 nm thick discontinuous carbon 

deposit, which consists of an amorphous layer adjacent to the TiAlTaN coating and a graphit-

ic layer on top. The friction coefficient was reduced from 0.66 for the as-deposited coating to 

0.25 after the treatment in methane, where the low friction behaviour is stable for sliding 

distances up to 1000 m. 
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1. Introduction 

Economical and ecological demands of the machining industry for still higher cutting speeds 

and feed rates as well as for the reduction of the use of coolants and lubricants have pro-

moted significant progress for coatings in the metal cutting industry [1-3]. In general, there 

are two different approaches for tailoring coatings for cutting applications. One is based on 

hard and wear resistant coatings in the form of transition metal nitrides, carbides or oxides 

[4]. Ti1-xAlxN is an important example, which has been widely used in the last years. The 

properties of Ti1-xAlxN coatings can be further improved by alloying with different elements 

like Ta, V, Si or B. Ta has beneficial effects on its mechanical and tribological properties, as it 

fosters formation of the face-centred cubic (fcc) phase at expense of the wurtzite phase. 

Further, a significantly improved tribological behaviour at temperatures exceeding 900 °C 

can be observed, which is due to higher oxidation resistance compared to Ti1-xAlxN [2, 5-9]. 

Another approach is based on low-friction coatings like diamond like carbon (DLC). The term 

DLC comprises various types of carbon based coatings which can be divided into two major 

groups; (i) hydrogenated (a-C:H) and (ii) hydrogen free (a-C) carbon [4, 10-13]. Drawbacks of 

these coatings are high compressive stresses and rather poor adhesion for coating thick-

nesses above 2 μm. A possibility to overcome these disadvantages are metal-containing DLC 

(M-C:H) coatings. These coatings contain additions like Ti, Ta, W or Nb in M/C ratios of up 

to ~0.3, which leads to better adhesion and lower compressive stresses [4, 14, 15]. Another 

example of a low-friction coating is MoS2, which is commonly used as solid lubricant, espe-

cially in vacuum and space applications [16, 17]. 

Hard coatings with a thin low-friction layer on top, e.g. MoS2 or WC/C, have been suggested 

to combine low friction and high wear resistance [1, 18]. Further, the co-deposition of a hard 

coating, e.g. TiN or TiB2, and MoS2 has been proposed, with the aim to achieve a hard matrix 

to maintain the structural integrity and to obtain solid lubrication throughout the whole 

coating thickness [17, 19-23]. Another alternative yielding low-friction surfaces are nano-

composite coatings, where a nanocrystalline phase (e.g. TiC or TiCN) is embedded into an a-

C:H matrix [24-26]. 

However, the synthesis of these low-friction coating systems requires sophisticated deposi-

tion processes and is consequently quite expensive. Within the present work, an alternative 

to these rather complex deposition techniques is presented. Arc evaporated TiAlTaN hard 

coatings were thermally post-treated in methane, which results in formation of a carbon 

deposit on the coating surface. This carbon layer is expected to positively affect the friction 

behaviour, which was verified using ball-on-disc tests. To illuminate the formation of these 
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carbon deposits, the coatings were additionally investigated using a precision balance, X-ray 

diffraction, Raman spectroscopy, scanning electron microscopy, energy dispersive X-ray 

spectroscopy and transmission electron microscopy. The proposed process could be benefi-

cial for low-temperature cutting applications [1, 27]. 

 

2. Experimental Methods 

TiAlTaN coatings with a thickness of ~3 μm were synthesized using an industrial scale Oer-

likon Balzers RCS cathodic arc evaporation plant. An additional ~300 nm thick TiN layer was 

used as bonding layer to enhance adhesion to the cemented carbide substrates. The TiAlTaN 

coatings were deposited from powder metallurgical targets with target compositions (in 

at. %) of Ti40Al60 and Ti38Al57Ta5 yielding a metal content in the coating (in at. %) of Ti40Al60 

and Ti38.3Al58.1Ta3.6 [2]. As a result of substrate rotation, the coatings exhibit a compositional-

ly modulated nanolayered structure [28]. The depositions were performed in pure nitrogen 

atmosphere at a pressure of 3.2x10-2 mbar [2]. Prior to deposition, the cemented carbide 

substrates (11 % cobalt, 12 % composite carbides, 77 % tungsten carbide) in SNUN geometry 

(according to ISO 1832), were ground and ultrasonically cleaned.  

After deposition, the samples were thermally treated in methane at ambient pressure for 

one hour. An annealing temperature of 900 °C was chosen, considering that at this tempera-

ture the TiAlTaN coating exhibits a hardness maximum due to age hardening [29]. The 

treatment was conducted in a tube furnace which was flushed with argon during heating-up. 

The methane was introduced when reaching the desired annealing temperature of 900 °C. 

The weight of the samples was determined before and after the thermal treatment using a 

precision balance and the mean weight change was calculated in mg/cm². The crystallo-

graphic structure of the as-deposited and the modified samples was investigated using a 

Bruker-AXS D8 Advance X-ray diffractometer (XRD) in grazing incidence geometry (incidence 

angle 2°). Information about the bonding structure of the carbon layer was gained by Raman 

spectroscopy utilizing a Horiba Jobin-Yvon LABRAM confocal Raman spectrometer equipped 

with a frequency-doubled Nd-YAG laser (λ = 532.2 nm). The diameter of the used Raman 

spot was ~0.7 μm. The obtained Raman spectra were subjected to peak fitting using the 

Gaussian function, utilizing the Origin software, in order to distinguish the existing peaks 

[30]. Lamellas for transmission electron microscopy (TEM) were prepared by means of an 

Orsay Physics Cobra Z-05 focused ion beam (FIB). The TEM investigations were conducted 

using a monochromated FEI Tecnai F20 TEM utilizing a Schottky cathode operated at 200 kV. 

For electron energy loss spectroscopy (EELS) the TEM is equipped with a high resolution Ga-
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tan imaging filter. The EELS measurements were recorded in imaging mode of the TEM; the 

C2 aperture was 150 μm, the objective aperture 40 μm and the entrance aperture of the 

Gatan imaging filter 2.5 mm. The energy dispersion of the spectra is 0.3 eV/channel. 

The friction behaviour was investigated by means of a CSM ball-on-disc tribometer at room 

temperature. A wear track radius of 3.4 and 5.0 mm, a normal load of 5 and 10 N and a slid-

ing distance of 300 and 1000 m, respectively, were chosen. For both test sets, the linear 

speed was 10 cm/s and the relative humidity 37 ± 2 %. Al2O3 balls with a diameter of 6 mm 

were used as counterparts. The resulting wear tracks as well as the surface of the thermally 

treated samples were examined using a Zeiss Auriga field emission gun - scanning electron 

microscope (FEG-SEM) equipped with an Apollo 40+ extension for energy-dispersive X-ray 

spectroscopy (EDX).  

 

3. Results and Discussion 

After thermal treatment of the TiAlTaN coated samples in methane, a mean weight gain of 

0.37 ± 0.05 mg/cm² was determined. It was obvious that the coating surface was modified as 

there was a dark layer visible with the bare eye. In Fig. 1a, the SEM micrograph of a fracture 

cross-section of a thermally treated sample is shown, where a discontinuous top layer can be 

seen. Using EDX, the layer could be identified as carbon, which originates from the decom-

position of methane at elevated temperatures [31]. With the higher magnification used for 

the micrograph shown in Fig. 1b, the substrate, the TiAlTaN coating and a partial area of the 

discontinuous carbon layer on top can clearly be distinguished. It can be assumed that high 

internal stresses within the carbon layer cause delamination between the coating and the 

carbon layer and are, thus, responsible for its discontinuous structure [32, 33]. 
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Fig. 1: SEM micrographs showing the fracture cross-sections and surfaces of a sample ther-

mally treated in methane. (a) Overview, showing the discontinuous carbon islands on the 

coating surface. (b) Detail, were the substrate, the TiAlTaN coating and a part of the carbon 

layer can be identified. 

In order to investigate the influence of the thermal treatment on the crystallographic struc-

ture of the coating, XRD measurements were performed on samples thermally treated in 

methane and for comparison also on as-deposited samples and samples annealed in argon. 

The corresponding gracing incidence XRD patterns in Fig. 2 show that in the as-deposited 

state the coating consists of a single-phase fcc TiAlTaN solid solution. The peak positions for 

fcc-AlN (ICDD 00-025-1495), wurtzite AlN (ICDD 01-076-0702) and fcc-TiN (ICDD 00-038-

1420) are plotted as dashed lines. After annealing in argon, a peak broadening and a shoul-

der on the right hand side of the TiAlTaN peak can be identified, which indicates the onset of 

spinodal decomposition of the metastable solid solution [34]. The small peaks which are not 

marked (e.g. at diffraction angles of ~32° and ~48°) belong to the cemented carbide sub-

strate. After annealing in methane, the pattern looks similar to that after annealing in argon 

with the exception of the broad peak at low diffraction angles, which indicates deposition of 

carbon. 
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Fig. 2: Comparison of gracing incidence XRD patterns of an as-deposited sample, a sample 

annealed for 1 hour at 900 °C in argon and a sample annealed for 1 hour at 900 °C in me-

thane. 

The bonding structure of the carbon layer was determined using Raman spectroscopy 

(Fig. 3). Two pronounced peaks at ~1350 and ~1590 cm-1 are identified, which can be related 

to the so-called D and G peak of disordered graphite. The G peak results from stretching vi-

bration of sp2 sites, whether in chains or in six-fold aromatic rings, while the D peak is relat-

ed to the breathing mode of the aromatic rings. Existing sp3 sites influence the disorder of 

sp2 sites; thus, the peak intensity ratio of D peak to G peak (ID/IG) corresponds roughly to the 

sp2/sp3 bonding ratio [10, 35]. The ID/IG ratio determined from the heights of the respective 

peaks in Fig. 3 is 1.09. The quite high intensity between the two peaks can be attributed to 

the so-called D3 peak at ~1500 cm-1, which is due to an amorphous carbon fraction [30]. Ad-

ditionally, a broad peak between 2300 and 3300 cm-1 can be observed, which might also be 

divided into two peaks at ~2700 and ~2900 cm-1, respectively. These are second order peaks 

of graphitic lattice vibrations [30]. 
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Fig. 3: Raman signal gained from the surface of a sample thermally treated in methane in-

cluding Gaussian peak fits. 

For a more thorough analysis of the coating and the carbon layer after the thermal treat-

ment in methane, TEM investigations were performed. Fig. 4a shows an overview of a TEM 

lamella. At the bottom of the micrograph the substrate can be identified, followed by the 

~300 nm thick TiN bonding layer, the ~3 μm thick TiAlTaN layer, the ~500 nm thick carbon 

layer and finally a platinum layer on top. The platinum layer is necessary for an accurate FIB 

preparation, in order to protect the top region of the lamella. There are many light spots 

visible in the TiAlTaN layer, which are mainly located at column boundaries (Fig. 4a). These 

light spots are pores, which are due to the onset of spinodal decomposition (Fig. 2). The 

formation of fcc-AlN domains occurs faster at column or grain boundaries compared to the 

bulk. In addition, the fcc-AlN domains are smaller than the TiAlTaN matrix, leading to pores 

[34, 36, 37]. EELS measurements in the coating region near the carbon layer and also at grain 

boundaries and pores indicated no carbon diffusion into the coating. The detail of the TEM 

lamella presented in Fig. 4b allows to distinguish two different layers within the carbon de-

posit.  
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Fig. 4: TEM micrographs of a sample thermally treated in methane. (a) Overview, showing 

the substrate, the TiAlTaN coating, the carbon layer and the platinum layer on top. In the 

enlarged detail bright spots indicating pores are visible at column boundaries. (b) Detail, indi-

cating that the carbon deposit consists of two differently structured layers. 

The high-resolution TEM micrograph in Fig. 5a shows an amorphous carbon layer adjacent to 

the TiAlTaN coating and a graphitic structure on top. This is also corroborated by EELS meas-

urements (Fig. 5b) on both layers, which show the typical K-edge for amorphous and graphit-

ic carbon, respectively [38]. Further, the EELS measurements in the amorphous carbon layer 

revealed the presence of cobalt and oxygen. It can be assumed that the incorporation of 

these elements is responsible for the amorphous structure of the layer, as they prevent a 

wide-range order of the carbon atoms. Obviously, the argon flushing at atmospheric pres-

sure during heating-up is not sufficient to remove all oxygen from the tube-furnace. The 

origin of the cobalt has to be found in the cemented carbide substrate. EDX depth profiles 

measured on FIB cross-sections of coatings annealed for comparison at 900 °C for 3 hours 

showed a slight diffusion gradient of cobalt (with a plateau at ~0.8 at. % above a distance of 

1 μm from the interface) and also of tungsten (~1.9 at. %). Hörling et al. [39] reported on the 

diffusion of cobalt from cemented carbide substrates (6 % cobalt) through ~3 μm thick arc 

evaporated TiAlN coatings. They propose that the presence of droplets is responsible for 

cobalt diffusion. These droplets disturb coating growth, result in shadowing processes and 

represent re-nucleation sites. Consequently, voids surrounding them and/or growth of 

coarse-grained areas above them are formed, which provide high-diffusivity paths. In the 

high-resolution TEM micrograph of the amorphous layer shown in Fig. 5c, dark crystalline 

areas are visible, where slight enrichment in cobalt and also in tungsten could be determined 
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by EDX. Iwamura et al. [40] observed similar Co-rich clusters in sputter deposited Co:a-C 

coatings. With increasing distance from the coating surface the presence of out-diffused 

cobalt becomes less likely and after a certain time the residual oxygen available within the 

furnace is consumed. From that point, the carbon layer is assumed to be essentially free of 

impurities. Thus, the wide-range order is no longer disturbed and a graphitic structure de-

velops. 

 

 

 

Fig. 5: (a) High-resolution TEM micrograph of the carbon layer, showing an amorphous struc-

ture adjacent to the TiAlTaN coating and a graphitic structure on top. (b) Comparison of EELS 

spectra for the amorphous and the graphitic layer, including a detail of the K-edge of carbon. 

(c) High-resolution TEM micrograph of the amorphous carbon layer showing dark crystalline 

areas. 
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In Fig. 6 the friction coefficient as a function of the sliding distance for an as-deposited coat-

ing and a sample treated in methane is shown. After a short running-in period, the friction 

coefficient of the as-deposited sample reaches a value of ~0.66 and shows quite high scatter-

ing. Nevertheless, it stays constant over the whole sliding distance with slightly decreasing 

scattering. The friction coefficient of the methane treated sample shows also a short run-

ning-in period and levels off at a value of ~0.22. The scattering is much lower and the friction 

coefficient stays constant over a sliding distance of ~700 m. Then, the scattering increases 

and finally at ~900 m also the friction coefficient increases slightly. However, the methane 

treated sample shows a significantly lower friction coefficient over the whole sliding distance 

than the as-deposited sample. It should be noted that the observed friction coefficients are 

comparable with literature values for DLC and MoS2 coatings tested under similar conditions 

[21, 41-43]. 

 

Fig. 6: Friction coefficient as a function of the sliding distance for an as-deposited sample and 

a sample thermally treated in methane. 

Back-scattered electron SEM micrographs of the wear tracks after ball-on-disc tests over a 

sliding distance of 300 and 1000 m are shown in Figs. 7a and b, respectively. The parallel 

grooves visible across the wear tracks are due to the grinding process prior deposition. EDX 

measurements were performed on different positions of the wear tracks, marked in Fig. 7. 

Within bright areas, no carbon could be detected (EDX 1); however, since the surface sensi-

tivity of EDX is limited, the presence of a very thin (nm range) carbon film cannot be exclud-

ed. Carbon was found in scratches appearing grey and dark (EDX 2 and 3) and high carbon 

concentrations have been found at the border of the wear tracks (EDX 4). The comparison of 

the two micrographs in Fig. 7 indicates that there is more carbon (i.e. more dark areas) pre-

sent after a sliding distance of 300 m (Fig. 7a). Nevertheless, even after 1000 m there is still 

carbon present in the wear track, which is mainly located in the scratches (Fig. 7b).  
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Fig. 7: Back-scattered SEM micrographs of the wear track after ball-on-disc tests of samples 

thermally treated in methane. EDX measurements were performed in the areas marked EDX 

1 to EDX 4. (a) Sliding distance of 300 m and a load of 5 N. (b) Sliding distance of 1000 m and 

a load of 10 N. 

The presence of carbon within these scratches was confirmed by a FIB cross-section through 

the wear track after the 300 m ball-on-disc test (see Fig. 8). This suggests a mechanism simi-

lar to that of surface texturing. There, reservoirs are incorporated into the coating structure, 

e.g. using a focused laser beam, which are filled with solid lubricants. In the process of wear, 

the stored lubricants are released, consequently leading to lower friction coefficients [44]. 

 

Fig. 8: SEM micrograph of a FIB cross-section through the wear track after a ball-on-disc test 

with a sliding distance of 300 m. 

In Fig. 9, the Raman signals obtained from the wear tracks after ball-on-disc tests with the 

different sliding distances are compared. The signals look similar to that obtained for the 

unaffected surface shown in Fig. 3. Again two pronounced peaks at the respective positions 

of the D and G peak of disordered graphite can be identified. The high intensity between the 

two peaks corresponds again to the D3 peak and is due to an amorphous carbon fraction. 

The ID/IG ratio after 300 m ball-on-disc test was determined to 1.09 (Fig. 9a), which is the 
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same value as for the unaffected surface (see Fig. 3). After the 1000 m ball-on-disc test 

(Fig. 9b), an ID/IG ratio of 1.33 was obtained. Thus, a slight graphitization of the remaining 

carbon has occurred [45]. In Fig. 9b, an additional broad but small peak below 500 cm-1 can 

be identified, which stems from the TiAlTaN coating [46].  

 

Fig. 9: Raman signal gained from the wear track of samples thermally treated in methane 

after ball-on-disc tests with (a) a sliding distance of 300 m and a load of 5 N and (b) a sliding 

distance of 1000 m and a load of 10 N, including Gaussian fits. 

 

4. Conclusion 

An alternative to sophisticated and thus expensive deposition techniques for low-friction 

coatings is presented. Annealing of TiAlTaN coated cemented carbide samples in methane 

for one hour at 900 °C resulted in formation of a two-layered carbon deposit; an amorphous 

layer adjacent to the TiAlTaN coating and a graphitic layer on top. Ball-on-disc tests showed 

a significantly lower friction coefficient of ~0.25 over a sliding distance of 1000 m for the 

sample thermally treated in methane compared to the as-deposited sample, which showed a 

friction coefficient of ~0.66. The obtained friction coefficient is comparable to values for DLC 

tested under similar conditions. The presented thermal post-deposition treatment has the 

potential to be applied to other hard coating materials as well.  
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Abstract 

Post-deposition blasting treatments of cemented carbide cutting tools coated by chemical 

vapor deposition have gained increasing interest. Within the present work, - and -Al2O3 

coatings dry-blasted using different pressures as well as globular and edged blasting materi-

als were investigated. A higher pressure resulted in an increase of the compressive residual 

stresses, as determined by X-ray diffraction. Both blasting materials had a minor influence 

on the roughness of -Al2O3, while the edged material caused a significant roughness in-

crease for -Al2O3. For -Al2O3 dry-blasted using the globular material, complete stress re-

laxation could be observed after annealing at 500 °C, whereas for -Al2O3 dry-blasted using 

the edged material as well as for the -Al2O3 an annealing temperature of 900 °C was neces-

sary for stress relaxation. The friction coefficient of the dry-blasted samples first increases 

with increasing temperature, due to increasing plastic deformation of the blasting material 

transferred onto the coating surface, until it decreases again above 700 °C, due to softening 

of the transferred material. 

Keywords: Al2O3, CVD, post-treatment, blasting, stress relaxation, ball-on-disc test
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1. Introduction 

Due to its high hardness, chemical inertness and low thermal conductivity, Al2O3 is widely 

used as wear protective hard coating for cemented carbide cutting tools. Al2O3 coatings are 

mainly synthesized using chemical vapor deposition (CVD). They exist in several crystallo-

graphic modifications, where the stable -phase (rhombohedral) and the metastable -

phase (orthorhombic) are prevalent. At elevated temperatures, the metastable -Al2O3 

transforms into the stable -Al2O3, which is accompanied by a volume shrinkage of 7 %, con-

sequently deteriorating coating performance [1-5]. If the → transformation during appli-

cation can be avoided, the -phase exhibits several advantages compared to the -phase, 

e.g. lower thermal conductivity resulting in a more efficient thermal barrier during high-

speed cutting [1]. Consequently, both modifications are commercially applied for cemented 

carbide cutting tools [1, 5, 6]. 

Further potential for improvement of these hard coatings is achieved by post-deposition 

treatments like wet- or dry-blasting. The influence of both, wet- as well as dry-blasting on 

the wear during milling and on the mechanical properties of coatings grown by physical va-

por deposition was comprehensively investigated by Bouzakis et al. [7-10]. Barbatti et al. 

[11] reported on the effect of wet-blasting using Al2O3 particles on the microstructure and 

residual stresses of CVD -Al2O3 coatings. Riedl et al. [12] discussed the tribological proper-

ties of CVD - and -Al2O3 coatings modified by blasting using AlSi particles. Additionally, 

there are a few reports available dealing with the depth-resolved determination of the com-

pressive stresses introduced by blasting treatments [13, 14]. However, a comprehensive un-

derstanding of the effect of blasting on coating surface topography, friction performance 

and the relaxation of the introduced stresses during high-temperature exposure is not avail-

able in literature. 

Thus, the aim of the present work is to investigate (i) the relaxation of the compressive 

stresses, introduced by dry-blasting using different blasting materials and pressures, at ele-

vated temperatures and (ii) the effects of these dry-blasting treatments on the friction be-

havior. - and -Al2O3 coated cemented carbide samples were dry-blasted using three dif-

ferent blasting pressures and two different blasting materials; i.e. a globular and an edged 

one. The dry-blasted samples were annealed in a vacuum furnace and subsequently the 

stresses were determined and compared to the stresses prior to the thermal treatment. In 

addition, ball-on-disc tests were performed at different temperatures to illuminate the ef-

fect of surface topography modified by blasting.  
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2. Experimental Methods 

The coatings were deposited using a SuCoTec SCT600TH industrial-scale CVD plant. - and -

Al2O3 coatings with a thickness of ~8 μm were synthesized from AlCl3-CO2-H2-H2S precursors 

at a temperature of 1000 °C and a pressure of 75 mbar [5, 6]. The TiCN base-layer, with a 

thickness of ~9 and ~11 μm beneath the - and -Al2O3, respectively, was grown using medi-

um-temperature CVD from TiCl4-CH3CN-H2-N2-CO precursors at 900 °C and 100 mbar [15]. 

Prior, a ~400 nm thick TiN bonding layer was deposited to improve the adhesion to the sub-

strate. The coatings were grown on cemented carbide substrates, containing 11 wt.-% co-

balt, 12 wt.-% mixed carbides and 77 wt.-% tungsten carbide, in SNUN 120412 (according to 

ISO 1832) and disc (Ø 30 x 4 mm) geometry. Additionally, small cemented carbide discs (Ø 14 

x 2 mm) with a composition of 9 wt.-% cobalt, 0.75 wt.-% mixed carbides and 90.25 wt.-% 

tungsten carbide were coated for X-ray diffraction (XRD). 

After deposition, the samples were dry-blasted using two different blasting materials; (i) 

globular particles (see Fig. 1a, type Keramikperlen supplied by Kuhmichel Abrasiv GmbH, 

composition: ~62.0 % ZrO2, ~27.8 % SiO2, ~4.6 % Al2O3, remaining fraction ceramic impuri-

ties) and (ii) sharp-edged (in the following called edged) particles (see Fig. 1b, type Alodur 

ZK40 supplied by Treibacher Schleifmittel GmbH, composition: ~54.5 % Al2O3, ~41.5 % ZrO2, 

remaining fraction ceramic impurities). The globular medium has an average particle diame-

ter d50 of 125 – 250 μm and a hardness of ~700 HV, while the mesh grit size of the edged 

medium is 180/220 and the hardness ~2000 HV. Three different blasting pressures (0.8, 1.2 

and 1.5 bar) were used. The blasting time was 14 s and the working angle 15°.  

 

Fig. 1: SEM micrographs of (a) the globular and (b) the edged blasting material. 
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The average arithmetical surface roughness Sa of the as-deposited as well as the dry-blasted 

samples was determined using a Leica DCM3D dual-core profilometer. A Zeiss Auriga Cross-

beam field emission gun - scanning electron microscope (FEG-SEM) equipped with an Apollo 

40+ extension for energy-dispersive X-ray emission spectroscopy (EDX) was used to investi-

gate the coating surfaces and fracture cross-sections. As-deposited as well as dry-blasted 

samples were annealed in a vacuum furnace (HTM Reetz, base pressure <5x10-4 Pa) at 500, 

700 and 900 °C, using a heating rate of 20 K/min, a holding time of 15 min and a cooling rate 

of 60 K/min. The residual in-plane stresses of as-deposited, dry-blasted and annealed sam-

ples were determined using the sin² method [16] utilizing a Panalytical Empyrean X-ray-

diffractometer. A CSM ball-on-disc tribometer was used to investigate the friction behavior 

at room temperature (RT), 500, 700 and 900 °C. The sliding distance was 300 m, the normal 

load 5 N and the linear speed 10 cm/s. A wear track radius of 7 mm was chosen for the tests 

performed at RT, 500 and 700 °C, while the tests at 900 °C were done at a radius of 4.5 mm. 

Al2O3 balls with a diameter of 6 mm were used as counterparts. Cross-sections through the 

coating within the wear track were prepared by the means of an Orsay Physics Cobra Z-05 

focused ion beam (FIB) system.  

 

3. Results and Discussion 

In Figs. 2a and b, SEM micrographs of the fracture cross-sections of as-deposited - and -

Al2O3 coatings, respectively, are shown. The substrate, the TiN bonding layer, the TiCN base-

layer and the Al2O3 top-layer can clearly be distinguished.  

 

Fig. 2: SEM micrographs of the fracture cross-sections of as-deposited (a) -Al2O3 and (b) -

Al2O3. 
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The average arithmetical surface roughness Sa for - and -Al2O3 in as-deposited state and 

after dry-blasting with the different blasting materials and pressures is compared in Fig. 3. In 

the as-deposited state, the roughness of -Al2O3 (Fig. 3a) is with a value of 0.13 µm slightly 

lower than that of -Al2O3 with 0.15 µm (Fig. 3b). No significant roughness changes have 

been observed for -Al2O3 after blasting with the globular medium, while blasting with the 

edged material leads to a slightly decreased surface roughness. The different blasting pres-

sures did not yield in a significant influence. However, a much more pronounced effect was 

found for the roughness of -Al2O3 (see Fig. 3b), where rising Sa values are found for increas-

ing blasting pressures. This evolution is even more distinct for the edged blasting material.  

 

Fig. 3: Arithmetical average surface roughness Sa of as-deposited samples and after dry-

blasting with different blasting materials and pressures. (a) -Al2O3 and (b) -Al2O3. 

In Fig. 4, SEM micrographs of the surface of - and -Al2O3 coatings in the as-deposited state 

and after dry-blasting with the globular as well as the edged blasting material at 1.5 bar are 

compared. After blasting with these materials, extended areas covered with transferred 

blasting material are seen and the original surface structure is no longer visible. Blasting of 

-Al2O3 with the edged material at 1.5 bar results in split-offs of coating material. By com-

paring the micrographs in Fig. 4 it can be stated that the higher the blasting pressure is, the 

more transferred blasting material is present on the surface and the less of the original sur-

face structure is visible.  
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Fig. 4: SEM micrographs of the surface of as-deposited and dry-blasted -Al2O3 and -Al2O3. 

To illustrate the effect of different blasting pressures, Fig. 5 presents micrographs of the sur-

face of -Al2O3 dry-blasted with the globular material at 0.8, 1.2 and 1.5 bar, indicating in-

creasing fractions of the surface covered by transferred blasting material. 

 

Fig. 5: SEM micrographs of the surface of -Al2O3 dry-blasted with the globular material and 

different blasting pressures. 

The effect of different blasting pressures on the residual stresses in -Al2O3 is shown in 

Fig. 6a for both blasting materials. The tensile stresses in the as-deposited state turn into 

compressive after blasting. The higher the blasting pressure is, the higher are the introduced 

compressive stresses, where the edged blasting material has a more pronounced influence. 

In Fig. 6b, the effect of increasing annealing temperatures on the residual stresses of -Al2O3 

is shown for the as-deposited state and after blasting with different pressures and materials. 

For the as-deposited sample, only a slight relaxation of the tensile stress can be observed 

after annealing. Although first stress relaxation was already observed after annealing at 

500 °C, no complete relaxation took place up to 900 °C, which can be explained by the still 

higher deposition temperature of 1000 °C. For the samples blasted with the globular materi-
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al, a complete relaxation of the introduced compressive stresses can already be observed 

after annealing at 500 °C, independent of the blasting pressure. In contrast, for the edged 

material only the onset of stress relaxation was observed after annealing at 500 °C for the 

sample blasted at 1.5 bar. For a complete stress relaxation of the samples blasted with the 

edged material annealing up to 900 °C was necessary.  

 

Fig. 6: Residual stresses in -Al2O3 coatings. (a) Comparison of the as-deposited coating and 

the coatings dry-blasted at different pressures with the edged and the globular medium. (b) 

Evolution of the residual stresses with increasing annealing temperature. 

A comparison of the residual stresses determined for -Al2O3 in the as-deposited state and 

after blasting with different pressures and materials is shown in Fig. 7a. In the as-deposited 

state, -Al2O3 samples are almost free of stresses. Increasing blasting pressures result in ris-

ing compressive stresses, where again the edged material has a more pronounced influence. 

Fig. 7b shows the effect of increasing annealing temperatures on the residual stresses of -

Al2O3 in the as-deposited state and after blasting with different pressures and materials. 

While annealing did not significantly affect the (almost zero) stresses in the as-deposited 

sample, a slight relaxation can already be observed for the dry-blasted samples at 500°C. 

After annealing to 900 °C, the stresses in all samples are completely relaxed. 
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Fig. 7: Residual stresses of -Al2O3 coatings. (a) Comparison of the as-deposited coating and 

the coatings dry-blasted at different pressures with the edged and the globular medium, re-

spectively. The stresses measured for the as-deposited state origin from two different sam-

ples. (b) Evolution of the residual stresses with increasing annealing temperature. 

The friction coefficient as a function of the ball-on-disc testing temperature for - and -

Al2O3 in the as-deposited state and after blasting with the edged and the globular material 

using different pressures is shown in Figs. 8a to d. For the as-deposited -Al2O3 sample (Fig. 

8a), the friction coefficient increases with increasing temperature, most probably due to 

promoted plastic deformation of the softening coating and counterpart material [12]. How-

ever, at 900 °C a slight decrease was observed. Fig. 9a presents a FIB cross-section through 

the wear track of this sample after ball-on-disc test at 900 °C. There, a crack crossing the 

whole Al2O3 layer is visible. The bright rim corresponds to TiO2, as determined by EDX. In the 

top region of the crack, the bright rim becomes wider; and also in the area of the coating 

surface surrounding the crack, TiO2 can be found. This observation is in good agreement with 

Hochauer et al. [17], who reported on the diffusion of titanium from the TiCN base-layer 

through the thermal crack network of the -Al2O3 layer. Oxidation during high-temperature 

exposure leads to formation of rutile TiO2 [17], which explains the reduction of the friction 

coefficient at 900 °C. 

For the -Al2O3 samples dry-blasted with the edged and the globular material (Figs. 8a and 

b), the friction coefficient also increases with increasing temperature, but it drops already at 

700 °C. This drop is related to the blasting material transferred to the coating surface. SEM 

and EDX investigations of the wear tracks indicated that there is still transferred blasting 

material present after the ball-on-disc tests. The initially already softer globular blasting ma-

terial (hardness 700 HV), which is expected to soften considerably at 700 °C and even higher 

temperatures, can be assumed to be more efficiently smeared over the surface than the 

harder edged material (hardness 2000 HV). This is confirmed by the nearly mirror-polished 
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surface of the wear track shown in Fig. 9b, consequently leading to lower friction coefficients 

compared to the as-deposited sample and to the samples blasted with the edged material 

(see Figs. 8a and b). At 900 °C, the friction coefficients of the samples blasted with both, the 

globular and the edged material, decrease further, indicating further thermal softening of 

the blasting material. Additionally, TiO2 was found on the surfaces surrounding thermal 

cracks through the Al2O3 top-layer, similar to the as-deposited samples. It has to be noted 

that at 900 °C the friction coefficient shows a dependence on the blasting pressure, which is 

contrary for the different blasting materials. For the samples blasted with the globular mate-

rial, the friction coefficient is the lower the higher the blasting pressure is (Fig. 8a). This can 

be explained by the increasing fraction of areas covered by transferred blasting material 

with increasing pressure (see Fig. 5), which means that there is more softened material 

available to fill up surface irregularities (Fig. 9b). In contrast, for the samples blasted with the 

edged material, the friction coefficient is the higher the higher the blasting pressure is (Fig. 

8b). This can be explained by the higher surface damage caused by blasting with the edged 

material compared to the globular one, fostering formation of wear debris acting as abrasive 

particles in the sliding contact. This interpretation is corroborated by the SEM micrograph of 

the rough and flaky wear track on -Al2O3 dry-blasted with the edged material at 1.5 bar 

after ball-on-disc testing at 900 °C in Fig. 9c.  
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Fig. 8: Friction coefficient as a function of the ball-on-disc testing temperature. (a) -Al2O3 

dry-blasted with the globular and (b) with the edged material. (c) -Al2O3 dry-blasted with 

the globular and (d) with the edged material. 

Similar to the as-deposited -Al2O3, the friction coefficient of the as-deposited -Al2O3 also 

first increases with increasing testing temperature, due to promoted plastic deformation of 

the softened coating material [12], but decreases again above 700 °C. SEM investigations 

after the ball-on-disc test at 700 °C showed extended areas of TiO2 coverage on the wear 

track surface (Fig. 9d), which are responsible for the decrease of the friction coefficient [17]. 

It has to be mentioned that the -Al2O3 shows already in the as-deposited state small frac-

tions of -Al2O3, as determined by XRD. Since the → transformation occurs by a nuclea-

tion and growth process [4] and since there is already -Al2O3 present, only minor thermal 

activation is required for further → transformation. This transformation is accompanied 

by a volume shrinkage, leading to new secondary cracks, in addition to the already existing 

thermal cracks in CVD coatings [3, 4]. Since oxidation of the TiCN base-layer starts at tem-

peratures in the range of 500 – 600 °C [18], this additional secondary crack network acceler-

ates oxidation, leading to the TiO2 found on the surface. At 900 °C, the friction coefficient is 

further decreased (see Fig. 8c), which is due to promoted diffusion of titanium through the 

-Al2O3 top-layer and formation of rutile [17].  
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Fig. 9: (a) Back scattered SEM micrograph of a FIB cross-section trough the wear track of as-

deposited -Al2O3 after a ball-on-disc test at 900 °C showing a thermal crack with a bright 

TiO2 rim. Secondary electron SEM micrographs of the wear tracks of (b) -Al2O3 dry-blasted 

with the globular material at 1.5 bar and (c) -Al2O3 dry-blasted with the edged material at 

1.5 bar, after a ball-on-disc test at 900 °C. (d) Back scattered SEM micrograph of the wear 

track of as-deposited -Al2O3 after a ball-on-disc test at 700 °C, showing a large bright area 

consisting of TiO2. 

Similar to -Al2O3, the friction coefficient of -Al2O3 dry-blasted with the globular material 

increases with increasing temperature, due to promoted plastic deformation of the trans-

ferred blasting material (Fig. 8c). Likewise, the decrease observed at temperatures of 700 

and 900 °C can be related to softening of this transferred material. However, it should be 

noted that the drop at 700 °C is not as pronounced as it is for the -Al2O3 dry-blasted with 

the globular material (compare Figs. 8a and c). This can be related to the increased surface 

roughness generated by dry-blasting of -Al2O3 (see Fig. 3b), which cannot easily be filled up 

by the softened transferred blasting material. The dependence of the friction coefficient on 

the blasting pressure at 900 °C is similar to the -Al2O3 dry-blasted with the globular materi-

al. The higher the blasting pressure, the more transferred material is present on the coating 

surface, providing more material to soften and to be smeared over surface irregularities, 

resulting in lower friction coefficients. The friction behavior of -Al2O3 dry-blasted with the 
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edged material is comparable to that of the samples blasted with the globular material. Also 

TiO2 could be found on the surface surrounding the thermal cracks after high-temperature 

ball-on-disc testing. However, differences have been found for the dependence of the fric-

tion coefficient on the blasting pressure for ball-on-disc testing at 900 °C compared to globu-

lar material. Blasting with the edged material causes already at low blasting pressures split-

offs (see Fig. 4), leading to formation of wear debris, an increased surface roughness (see 

Fig. 3b) and consequently also higher friction coefficients.  

 

4. Conclusion 

- and -Al2O3 coated cemented carbide samples were dry-blasted using globular as well as 

edged blasting materials and three different blasting pressures and the effects on surface 

topography, stresses, stress relaxation and friction behavior were explored. In general, a 

higher pressure resulted in higher compressive residual stresses. Vacuum annealing of the 

dry-blasted samples showed a complete relaxation of the introduced compressive stresses 

of -Al2O3 dry-blasted with the globular material already at 500 °C. For -Al2O3 dry-blasted 

using the edged material as well as for the -Al2O3, a complete stress relaxation could only 

be observed at 900 °C, independent of the blasting pressure. Ball-on-disc tests showed a 

decrease of the friction coefficient of the dry-blasted samples at ~700 °C, due to softening of 

the blasting material transferred onto the coating surface. 
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