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1 Introduction 
 

The current debate about climate change and its possible consequences, the continuous 

depletion of oil and gas deposits demanding for increasingly complex oil production methods 

with all its environmental impacts, rising oil prices and the geopolitical implications following 

from the dependence of developed countries on oil has led to the widely accepted view that a 

change in energy resources from fossil fuels to sustainable sources such as solar, wind and 

hydropower is inevitable. While many different kinds of energy sources can be utilized, 

energy storage and transport – either in electrical or in chemical form – pose major 

technological and financial challenges. Progress in battery and hydrogen research is 

constantly advancing but whether the energy systems of the future will be based on these 

technologies is still an open question. While the transition to sustainable energy sources may 

still need decades to come, the aim for the near-term future is to utilize available resources in 

a more efficient way. In all these respects fuel cells may play an important role in that they 

can be used as highly-efficient chemical-to-electrical conversion devices that may be operated 

with a variety of energy carriers such as hydrogen or carbon-based fuels. 

 

The aim of this thesis was the characterization and testing of novel cathode materials for solid 

oxide fuel cells. In the following introduction a brief overview of the different types of fuel 

cells is given in which solid oxide fuel cells (SOFCs) are covered in more detail. The 

requirements for state of the art SOFC-cathode materials are given together with a motivation 

for the promising material class of rare earth nickelates investigated in this work. An in-depth 

discussion of structure and properties of nickelates and the theoretical background for the 

characterization techniques employed in this work are provided in chapter 2. Chapter 3 deals 

with the experimental details and contains results from preliminary testing with respect to the 

experimental setup, sample preparation and measurement conditions. Results and discussion 

are presented in chapter 4. A short summary with main conclusions is given in chapter 5. 

Publications that originated from research activities in connection with nickelate cathodes and 

other SOFC-related topics are appended. 

 

It should be mentioned that many research efforts are currently devoted to SOFCs operated in 

reverse mode, that is solid oxide electrolyzer cells (SOECs) working as high-temperature 

electrolyzers for electrical-to-chemical energy conversion [1,2]. If successfully developed 

these devices would provide a means to store electrical energy in chemical form such as 
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hydrogen or synthesis gas, which may be reformed to lower hydrocarbons that could be 

distributed through already existent infrastructure. 

 

 

1.1 Fuel cells 

Fuel cells are devices that convert chemical energy into electrical energy. While this 

description applies to batteries as well, they differ in the mode of fuel supply. Batteries are 

‘batch-devices’ with a fixed amount of chemical energy available, whereas fuel cells are 

operating in a continuous mode where the reactants are externally supplied and reaction 

products constantly removed from the cell. Fuel cells offer a clean, highly-efficient and low-

noise production of energy without moving parts. When operated with pure hydrogen, water 

is emitted as exhaust gas. 

 

Several types of fuel cells have been developed which are classified with respect to the kind 

of electrolyte material employed. All of them have essentially the same underlying operation 

principle but differ in the operating characteristics and constraints originating mainly from the 

nature of the electrolyte. In particular, the operating temperature of a fuel cell is essentially 

adjusted to the domain in which the conductivity of the electrolyte is sufficiently high and 

predominantly ionic. Tab. 1.1 gives an overview of the five main fuel cell types including 

some basic operating parameters. Fuel cell types with operating temperatures below 250°C 

are referred to as low-temperature fuels cells (PEMFC, AFC and PAFC) while high-

temperature fuel cells have working temperatures above 500°C (MCFC and SOFC). 

 

 

Tab. 1.1  Different types of fuel cells with operating characteristics [3]. 

Type 
Operating 

temperature / °C 
Fuel Electrolyte 

Ionic charge 
carrier 

Polymer electrolyte 
membrane fuel cell (PEMFC) 

70 – 110 H2, Methanol 
Sulfonated 
polymers 

H aq  

Alkaline fuel cell (AFC) 100 – 250 H2 Aqueous KOH OH- 

Phosphoric acid fuel cell 
(PAFC) 

150 – 250 H2 H3PO4 H+ 

Molten carbonate fuel cell 
(MCFC) 

500 – 700 
H2, hydrocarbons, 

CO 
(Li,K)2CO3 CO  

Solid oxide fuel cell (SOFC) 600 – 1000 
H2, hydrocarbons, 

CO, alcohols 
(Zr,Y)O2-δ O2- 
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The principle of the fuel cell was first described by the English William R. Grove in 1839 and 

co-discovered by German chemist Christian Friedrich Schönbein, who investigated fuel cell 

reactions in acidic electrolytes [4]. Nowadays various types of fuel cells exist showing 

different levels of development and commercialization. The alkaline fuel cell was the first 

practical fuel cell and was employed by NASA on the Apollo space vehicle and in the Space 

Shuttle [5]. Much research effort has been devoted to the development of the PEMFC mainly 

for automotive applications and PEMFCs from Siemens have been installed in German 

submarines. A variant of the PEMFC is the direct methanol fuel cell (DMFC) which is highly 

attractive due to its operation with liquid fuel without preceding reforming. PAFCs were the 

first fuel cells to be commercialized and are mainly used for stationary applications [6]. High-

temperature MCFCs have been constructed as stationary power plants and are commercially 

available in the USA and asia. Much R&D effort has been put into SOFCs which are the 

focus of this work and are discussed in more detail in the following sections. 

 

 

1.2 Solid oxide fuel cells 

The SOFC is a high-temperature fuel-cell presently operating at temperatures between 800 

and 1000°C. Such high temperatures are necessary for a sufficient ionic conductivity of 

zirconia-based electrolytes first proposed by Baur and Preis in 1937 [7,8]. Contrary to the 

molten-carbonate fuel cell the SOFC is an all-solid-state device which implies less corrosion 

issues and provides easier handling. Due to the high temperatures thermally activated 

electrode processes are sufficiently fast and the use of expensive catalysts is not required. 

SOFCs offer high fuel flexibility due to internal reforming and can be operated with hydrogen 

as well as hydrocarbons or alcohols. Furthermore, SOFCs are ideal for combined heat and 

power applications which utilize both electrical power and high-quality heat. On the other 

hand, the high operating temperatures implicate long start-up and shut-down times and large 

thermal stress, which makes requirements for functional materials more stringent than those 

of low-temperature fuel cells. 

 

Fig. 1.1 shows the working scheme of a single SOFC-cell. While fuel is supplied to the anode 

side the cathode compartment is flushed with air or oxygen. When using hydrocarbons as 

energy carrier the fuel is preprocessed by an internal reformer that produces a mixture of H2, 

CO, CO2 and water fed to the cell. During operation, oxygen is diffusing through the porous 

cathode to the electroactive region near the electrolyte and after dissociation and reduction 
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steps is being incorporated into the electrolyte as oxide ions. The oxide ions migrate through 

the dense electrolyte to the anode side oxidizing the fuel (e.g. H2, CO) and the reaction 

products are continuously removed from the porous anode. Due to the low electronic 

conductivity of the electrolyte the electronic current generated by the redox-reaction is 

diverted through the external load performing electrical work. 

 

 

 

Fig. 1.1  Working scheme of a solid oxide fuel cell. 

 

 

Each of the cell components must meet several structural and functional requirements offering 

adequate chemical and structural stability during cell operation and cell fabrication [9]. The 

electrolyte has to provide a gastight barrier between both gas compartments while featuring 

low electronic and high oxide ionic conductivity. Electrodes must exhibit high electronic 

conductivity as well as good catalytic activity for the respective oxygen reactions and possess 

sufficient porosity to allow for an effective transport of gas species between the gas stream 

and the electrode-electrolyte interface. Often electrodes are applied as multilayers with 

optimized microstructure. Moreover, good compatibility and low chemical reactivity between 

different cell components as well as matching thermal expansion coefficients are necessary. 

Sustaining such structural and functional requirements at temperatures around 800°C with 

sufficient stability over the whole lifetime poses a challenge to material development and 

processing. For mobile applications 5000-10,000 hours of operation are demanded while 

40,000-100,000 hours are targeted for stationary applications [10]. Conventional materials 
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employed as SOFC-electrolytes are fluorite-type oxide ceramics usually based on ZrO2 [11]. 

Perovskite materials have been widely used as cathode in SOFCs and a typical compound is 

lanthanum manganite LaMnO3 doped with alkaline earth elements. In almost all cases a 

nickel-electrolyte cermet is used as anode. 

 

The maximum cell voltage delivered by a SOFC is about 1.2 V depending on temperature, 

fuel composition and load. Since this is insufficient for most applications, cells are stacked in 

series and in parallel to build up the necessary voltages and currents. Electrical connections 

between the single cells are established by interconnects, which were for a long time made of 

La-chromite ceramics for operating temperatures between 800°C and 1000°C. Interconnects 

face stringent requirements such as high electronic and low ionic conductivity, low 

permeability for oxygen and thermal and chemical compatibility with other cell components. 

Similar to electrolytes, interconnects separate both fuel and air compartments and thus have to 

be stable in both reducing and oxidizing atmospheres.  

 

The two most common cell designs developed for SOFCs correspond to planar and tubular 

cell geometries. Both types are depicted in Fig. 1.2 where the cell stacking has been indicated. 

In the conventional tubular design the cell tube is closed at one end and the oxidant is 

introduced through a ceramic injector tube inserted into the cell. Other cell designs have been 

proposed such as the planar segmented design [12], ribbed-tubular design [9] or the 

SOFCRoll design [13]. 

 

 

 

Fig. 1.2  Planar (left) and tubular (right) SOFC-cell designs. Cell stacking is indicated. 
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Planar cells are easy to manufacture and allow for a compact stacking of single cells with 

short current paths. The planar cell design offers high power densities but requires high-

temperature gas sealings at the edges of the plates to avoid leakage of both fuel and oxidant. 

The main advantage of the tubular cell design is that it dispenses with the need for high-

temperature sealings. Major drawbacks are high manufacturing costs combined with lower 

power density. 

 

In self-supporting SOFC-cells one of the cell components has to act as the structural support 

which usually makes it the thickest layer in the cell assembly. Thus, cells can be 

manufactured as anode-, cathode- or electrolyte supported cells. More recently, metal-

supported cell designs have been explored which appear to be promising with respect to 

power density and robustness. 

 

The current trend in SOFC-research is to lower the operating temperature to the intermediate 

temperature (IT) region of 500-800°C [14-16]. One advantage arising from the temperature 

reduction is the use of metallic materials for interconnects with lower material and fabrication 

costs, easier and more complex shaping and structuring capabilities, better electrical and 

thermal conductivity and less deformation issues [17]. Furthermore, operating SOFCs in the 

IT-range permits the use of a broader set of materials, is less demanding for seals and balance-

of-plant components, simplifies thermal management, results in faster start-up and cool-down 

cycles and may afford lower degradation rates of cell and stack components [16]. However, 

electrode kinetics and internal resistance of the cell are compromised at reduced temperatures. 

In particular, electrolyte resistance and cathode polarization losses have been identified as 

major contributions to the overall increase in the internal cell resistance [14,18] which 

stimulated the development of new materials that show sufficient electrochemical 

performance at lower temperatures. To decrease the ohmic loss in the electrolyte, new 

materials based on ceria or La-gallates have been proposed featuring higher oxygen ion 

conductivity at reduced temperatures than the classical electrolyte material yttria-stabilized 

zirconia (YSZ). Furthermore, anode or metal supported cell designs allow for an application 

of thin electrolyte layers [19]. On the cathode side mixed ionic-electronic conducting (MIEC) 

ceramics have been proposed to overcome the increased polarization loss in IT-SOFC 

cathodes as discussed in the following section. 
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1.3 Cathodes 

In the course of lowering the operating temperature of SOFCs to the IT-range of 600-800°C, 

special attention has been drawn to the cathode polarization resistance as a limiting factor for 

efficiency [20]. The standard cathode material (La,Sr)MnO3 (LSM) cannot be used at such 

reduced temperatures as it is too inactive for the oxygen reduction reaction due to its low 

oxygen ion conductivity. One remedy is to use a porous composite consisting of an 

electronically conducting cathode material and an appropriate amount of ionically conducting 

electrolyte material such as LSM-YSZ. Another strategy proposed early on by Takeda et al. 

[21] employs mixed ionically-electronically conducting materials which reduce the cathodic 

polarization resistance by extending the active zone of the electrode reaction from the 

immediate triple phase boundary (TPB) to part of the cathode-gas interface. The different 

types of SOFC-air electrodes are compared in Fig. 1.3 [22]. Using cathodes with pure 

electronic conduction the oxygen reduction reaction is limited to the triple phase boundaries 

between cathode, electrolyte and gas phase (Fig. 1.3, left). While electrolyte particles 

dispersed within the cathode structure increase the length of the TPB-region and thus the 

number of electrochemically active reaction sites [23] (Fig. 1.3, center), MIEC-ceramics 

integrate both types of conduction in one material, thus extending the electrochemically active 

zone into the cathode layer and reducing cathodic polarization effects [24,25] (Fig. 1.3, right). 

 

 

Fig. 1.3  Oxygen reduction mechanisms for different kinds of cathode materials with pure 

electronic conductivity (left) and with both electronic and ionic conductivity using composite 

materials (center) or mixed ionic-electronic conductors (right) [22]. 
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So far, the dominating material class for MIEC-cathodes comprises perovskite-type oxide 

ceramics and a great number of compounds with different compositions and doping levels 

have been investigated. More recently, mixed conducting rare earth nickelates Ln2NiO4+δ have 

attracted considerable interest as alternative cathode materials for IT-SOFCs. 

 

 

1.4 Nickelates 

Rare earth nickelates adopt the perovskite-related K2NiF4-structure and feature fast oxygen 

surface exchange and diffusion as well as high electrocatalytic activity for oxygen reduction 

[26-28]. Chemical and thermal expansion are rather low for nickelates and thermal expansion 

coefficients match reasonably well with those of common electrolytes such as yttria-stabilized 

zirconia or gadolinia-doped ceria [26,29,30]. The most significant feature of the nickelates is 

their ability to accommodate additional oxygen on interstitial positions located inside 

rock salt-type layers (see chapter 2). Since oxygen diffusion in nickelates takes place mainly 

via interstitials, substitution with strontium or other alkaline earth ions is not required for 

efficient oxygen transport as it is in the case of perovskite-type materials. The absence of 

alkaline earths might be beneficial with respect to long-time stability issues since many 

degradation processes in cathode materials involve alkaline earth metals. Such degradation 

mechanisms include segregation of Sr to the surface [31,32], formation of low-conducting Sr-

zirconates at the cathode-electrolyte interface [33,34], formation of carbonates or hydroxides 

at exposed surfaces [35,36], poisoning with chromium from stainless steel interconnects 

[20,37,38], formation of Sr-sulfates from SO2 in air or other sources [37,39,40] or 

development of Sr-silicate layers with silicon emanating from sealing materials [41,42]. 

However, it should be mentioned that reactivity with electrolyte materials have been reported 

for unsubstituted nickelates at temperatures relevant for cell fabrication [43-49]. Furthermore, 

sensitivity of Nd2NiO4+δ against chromium and silicon have been reported by Schuler et al. 

[50,51] and detrimental effects of H2O/Si and sulfur on oxygen transport properties of 

Nd2NiO4+δ and La2NiO4+δ have been observed in this work (see chapter 4). 

 

Performance measurements on single cells with electrodes of rare earth nickelates show 

promising results [43,52-54]. Pr2NiO4+δ shows excellent performance for IT-SOFC/SOEC 

applications [28,55-57] but suffers from limited phase stability (see chapter 4). However, 

providing conclusive comparisons of cell test results is difficult since cathode performance 

depends significantly on the microstructural details. For example, the area-specific resistance 
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of La2NiO4+δ-electrodes on YSZ-electrolyte was lowered more than one order of magnitude 

by optimizing the electrode microstructure [54]. 

 

Rare earth nickelates are frequently doped on the rare earth and/or nickel-site to adjust or 

modify chemical and physical properties for applications as SOFC-cathodes or ceramic 

membranes. For example, doping with alkaline earths like Sr or Ca on the lanthanide site 

increases the rather moderate electronic conductivity of nickelates (~100 Scm-1) [58-66] and 

improves the phase stability [59,61,67,68] while partial substitution of nickel by Cu enhances 

sinterability [69-71] and Co-doping yields higher surface exchange rates and diffusivities of 

oxygen at low temperatures [72-74]. However, since such substitutions may also lead to 

undesired side effects, this work is focusing on chemically simple systems and hence only 

undoped rare earth nickelates have been investigated. 
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2 Theory 
 

2.1 Crystal structure of rare earth nickelates 

Undoped rare earth nickelates La2NiO4+δ, Pr2NiO4+δ and Nd2NiO4+δ crystallize in the so-called 

K2NiF4-structure type first described by Balz and Plieth for the compound K2NiF4 [75]. The 

K2NiF4-structure is considered to be a perovskite-related structure because it can be thought 

of being constituted on the basis of the building block given in Fig. 2.1 (left), which 

corresponds to the unit cell of a cubic perovskite (Pm-3m, SG 221). As is well known, the 

unit cell of an ideal cubic perovskite oxide ABX3 in B-centered representation (Fig. 2.1, left) 

consists in A-cations residing on the corners of the cell (red), a body-centered B-cation 

(purple) and X-anions arranged on the centers of the cell faces (blue). In the perovskite 

structure B-cations are octahedrally coordinated by the X-anions while A-cations are 

surrounded by a cuboctahedral arrangement of the anions X. Fig. 2.1 (middle) shows the unit 

cell of the ideal tetragonal K2NiF4-structure (I4/mmm, SG 139) outlined in yellow. The 

perovskite building block is apparent in the middle of the K2NiF4-unit cell, where each Ni-ion 

is octahedrally coordinated by 6 fluoride anions (green octahedra). Above and below the 

center further perovskite blocks are located, but shifted in the (a,b)-plane with respect to the 

center block in order to maximize electrostatic attraction between the fluoride anions and 

potassium cations (red). 

 

Fig. 2.1 (right) displays a stacking plot of the K2NiF4 unit cell which illustrates the two-

dimensional character of the compound consisting of single perovskite layers stacked along 

the crystallographic c-axis. Adjacent perovskite layers are shifted by (½, ½) in the (a,b)-plane 

for closest approach of fluoride anions in one perovskite layer and potassium cations in the 

next layer. Closer scrutiny of the inter-layer region between adjacent perovskite layers shows 

that the geometric arrangement of potassium and fluoride ions corresponds to that of rock salt. 

Hence, K2NiF4 can be described as an intergrowth compound between perovskite and rock 

salt structures. 
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Fig. 2.1  The unit cell of the ideal perovskite structure (left) is the basic building block of the 

ideal tetragonal K2NiF4-structure. Stacking the K2NiF4-unit cell (middle) along the (a,b)-

directions displays the two-dimensional character of the K2NiF4-structure (right). Unit cells 

are outlined yellow. 

 

 

The K2NiF4-structure can be considered as the first member of the so-called Ruddlesden-

Popper (RP) series differing in the number n of perovskite layers that make up the perovskite 

slabs of the structure. Fig. 2.2 shows unit cells and stacking plots for n = 2 (left) and n = 3 

(right). Although higher RP-homologues of the K2NiF4 compound exist, they have first been 

reported for Sr2TiO4 [76] by Ruddlesden and Popper who published the crystal structures of 

Sr3Ti2O7 (n = 2) and Sr4Ti3O10 (n = 3) [77]. Formally, the perovskite structure may be 

considered as a limiting member of the series corresponding to n = ∞. The generic formula of 

the RP-oxide series is An+1BnO3n+1 (= (AO)(ABO3)n) and the highest-symmetric 

crystallographic space group is I4/mmm for all members. 
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Fig. 2.2  Crystal structures of second-order (n = 2, left) and third-order (n = 3, right) 

Ruddlesden-Popper phases for An+1BnO3n+1. A-ions are shown as red spheres, BO6-units are 

plotted as green octahedra, unit cells are outlined yellow. Both unit cell and packing plot are 

depicted for each structure type. 

 

 

Rare earth nickelates Ln2NiO4+δ (Ln = La, Pr, and Nd) are often found to crystallize in lower-

symmetry space groups caused by tilting of the rigid Ni-O octahedra. Fig. 2.3 (middle) shows 

a perspective view of the unit cell of stoichiometric La2NiO4 (i.e. La2NiO4+δ with δ = 0) as 

determined by neutron diffraction at room temperature [78]. The left and right pictures are 

projections along the a- and b-direction, respectively, showing the Ni-oxygen octahedra to be 

rotated cooperatively around the a-axis. Such tilting is a characteristic feature of the 

nickelates and originates in a slight mismatch in the bond distances of Ni-O and Ln-O, where 

the Ln-O distance in the rock salt layer is too small with respect to the NiO2-layer and the 

corresponding interlayer strain is partially relieved by a buckling of the octahedra network 

[79]. Due to the lanthanide contraction, this mismatch increases in the lanthanide series with 

Sm already being too small to give a stable structure, as undoped Sm2NiO4+δ does not exist 

[72]. Due to the symmetry reduction caused by tilting and distortion of the NiO6-octahedra a 

different axes-setting has to be chosen where the (a,b)-axes are rotated by ca. 45° with respect 

to axes in the ideal K2NiF4-structure, thus doubling the cell volume (Fig. 2.3). 
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The interlayer strain between LnO- and NiO2-single layers can be characterized by the 

Goldschmidt tolerance factor t defined in analogy to perovskite compounds [80,81] 

 

√2
 (2.1) 

 

where ,  and  are the ionic radii of Ln3+, Ni2+ and O2--ions, respectively. A perfect 

radii match gives 1 for the ideal tetragonal structure. Based on Shannon’s ionic radii [82] 

tolerance factors for La2NiO4+δ, Pr2NiO4+δ and Nd2NiO4+δ are 0.89, 0.88 and 0.87, 

respectively, which indicates that the NiO2-layer is under compressive stress resulting from 

stretched La-O bonds. For more precise calculations of t the oxygen non-stoichiometry as 

well as different valencies and spin-states of nickel ions have to be considered. 

 

 

 

Fig. 2.3  Crystal structure of La2NiO4 at 295 K (Bmab, SG 64). La-ions are plotted in grey, 

NiO6-octahedra (blue) are tilted around the a-axis by ±4.5° [78]. 

 

 

The most significant feature of the nickelates is their ability to accommodate excess oxygen 

as has been established on the basis of precise density measurements [83], coulometric 

titration [84], thermogravimetric analysis [26,85], iodometric titration [26] and neutron 

diffraction [78,86]. It has been suggested early on that excess oxygen is residing inside the 

rather open rock salt layers, since the close-packed perovskite structure does not allow for 

accommodating oxygen interstitials. However, there has been some controversy about the 



14 

type of oxygen defect and its exact lattice site within the rock salt layer. Several oxygen 

defect species have been proposed such as  (oxide), ,  (superoxide) and  

(peroxide) but experimental evidence [78,85] as well as results from DFT-calculations [87] 

point to oxide ion interstitials. Jorgensen et al. established the precise crystallographic 

position of the oxygen interstitials in La2NiO4+δ based on Rietveld refinement of neutron 

diffraction patterns [78]. Fig. 2.4 (left) outlines the interstitial location for the ideal tetragonal 

structure in the center of the tetrahedral space made up by four cations of adjacent perovskite 

slabs. Fig. 2.4 (right) shows the actual oxygen interstitial position for orthorhombic 

La2NiO4.18 as experimentally determined by Jorgensen et al. [78], where the distortion of the 

local structure around the interstitial defect is omitted in the figure [78,88,89]. It is interesting 

to note that oxygen interstitials are also tetrahedrally surrounded by four regular oxygen ions 

on apical sites. 

 

The amount of oxygen incorporated into the nickelate compound depends on the rare earth 

element, A- and B-site doping, temperature and oxygen partial pressure. For example, 

stoichiometric La2NiO4 has been obtained by annealing in hydrogen [78], while La-nickelate 

with oxygen excess as high as δ = 0.25 has been prepared by electrochemical intercalation of 

oxygen in aqueous solutions [90-93]. Under normal conditions with respect to temperature 

and oxygen partial pressure the oxygen overstoichiometry for rare earth nickelates ranges 

roughly between 0.05 and 0.25. The strong tendency towards oxygen incorporation can be 

explained by a reduction of the size mismatch between perovskite and rock salt layers due to 

(i) a decrease of the average Ni-O bond distance caused by partial oxidation of Ni2+ to Ni3+ 

and (ii) an increase of the average Ln-O distance due to a higher average coordination number 

of the lanthanide ions [94]. The oxygen hyperstoichiometry in Pr2NiO4+δ and Nd2NiO4+δ is 

generally higher than that of La2NiO4+δ due to the smaller ionic radii of Pr and Nd, which 

results in a stronger driving force to relieve the interlayer-strain by oxygen incorporation. 
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Fig. 2.4  The left picture indicates the interstitial position located in the center of the 

tetrahedron inside the rock salt layer of the K2NiF4-structure. Experimental confirmation was 

first obtained for La2NiO4+δ (right) where the tetrahedral coordination of the interstitial oxide 

ion by four La-ions is shown in red [78]. 

 

 

Many structural and physical properties of nickelates are very sensitive to the actual oxygen 

stoichiometry. For example, changes in oxygen content have a strong impact on the electronic 

conductivity due to electronic charge compensation (see section 4.2.1). La2NiO4+δ has been 

thoroughly investigated due to its structural and electronic similarity to La2CuO4+δ which 

forms the basis for several high-temperature superconducting compounds [95]. Despite the 

very similar electronic configurations of Ni and Cu, high-temperature superconductivity has 

not been found in nickelates [96]. It is interesting to note that while La2CuO4+δ cystallizes in 

the K2NiF4-structure type, Nd- and Pr-cuprates adopt a different crystal structure [79]. 

 

A great many publications about La2NiO4+δ deal with the crystallographic aspects as a 

function of oxygen content, which in turn depends on temperature and oxygen partial pressure 

[78,86,91,92,94,97-109]. Many structural investigations have also been published for 

Pr2NiO4+δ [88,94,110-114] and Nd2NiO4+δ [94,115-117]. The detailed interdependency 

between structure and oxygen content in the nickelate system is rather intricate, several phase 

transitions have been described in the literature with some discrepancies between reported 

space groups, which is further complicated by the occurrence of two-phase regions due to 

phase segregation caused by miscibility gaps between nickelates of different oxygen content 

[105,107,108,113]. 
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From a practical viewpoint phase transitions in nickelates appear to be relevant with respect to 

thermo-mechanical stability and compatibility with other components, for example regarding 

adhesion to the electrolyte during heat-up or cool-down of an SOFC. While K2NiF4-type 

nickelates of La and Nd appear to be stable at temperatures and oxygen partial pressures of 

interest for SOFC-application, Pr2NiO4+δ suffers from a severe thermodynamic instability at 

elevated temperatures which is discussed in more detail in section 4.1.4. 

 

Many publications deal with structural, thermodynamic and physical properties of second- 

and third-order Ruddlesden-Popper phases of rare earth nickelates [72,81,118-137]. 

Successful preparation of RP-homologues (La,Pr,Nd)n+1NinO3n+1 with n ≥ 4 as bulk 

compounds has not been reported in the literature, although they have been observed as 

intergrowth defects in disordered La3Ni2O7 and La4Ni3O10 by HRTEM analysis [118]. Several 

higher-order RP-nickelates have been investigated with respect to their applicability as SOFC-

cathodes [72,127,128,135,136]. Furthermore, a great many studies deal with rare earth 

nickelates doped on the A- and/or B-site by alkaline earth and transition metals, respectively, 

whereby the structural, electronic and oxygen transport properties of the materials can be 

modified. However, those materials are outside the scope of this work. 

 

 

2.2 Oxygen diffusion in rare earth nickelates 

Due to the layered structure of rare earth nickelates the oxygen transport is expected to be 

highly anisotropic. This has been confirmed by Bassat et al. [138] for single crystals of 

La2NiO4+δ by using 16O/18O isotopic exchange and secondary ion mass spectroscopy (SIMS) 

for the determination of the oxygen composition profile. Diffusion within the (a,b)-plane was 

found to be isotropic with no significant difference between tracer diffusion coefficients along 

the a- and b-axes, while diffusion coefficients along the c-axis were roughly two orders of 

magnitudes smaller at 900°C. Surprisingly, activation energies of tracer diffusion coefficients 

were significantly lower in the c-direction [138]. Fast in-plane diffusion has also been 

reported for oriented thin films of La2NiO4+δ prepared by epitaxial deposition on single 

crystals of SrTiO3 and NdGaO3 [139] and similar findings were obtained for isostructural 

(La,Sr)2CuO4 [140]. While in-plane oxygen diffusion is expected to take place through ion 

hopping between interstitial oxygen sites within in the rock salt layers of the structure, oxygen 

diffusing along the c-axis has to traverse perovskite blocks via oxygen vacancies. Since the 

vacancy concentration is supposed to be rather low in oxygen hyperstoichiometric compounds 
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such as undoped nickelates a much lower diffusivity in c-direction is to be expected. While 

this picture is in agreement with experimental data, it is difficult to establish the details from 

experiments alone. Further insight in oxygen diffusion mechanisms has been obtained by 

atomistic modeling of La2NiO4+δ [141-143] and Pr2NiO4+δ [144]. 

 

Minervini et al. [141] concluded from theoretical calculations that the in-plane diffusion 

mechanism is not a direct interstitial hopping process but rather an interstitialcy mechanism 

where an interstitial oxygen ion displaces an apical oxygen ion which in turn moves into an 

adjacent interstitial site (path a in Fig. 2.5, left). Results from molecular dynamics 

calculations support the interstitialcy migration mechanism for in-plane oxygen diffusion in 

La2NiO4+δ [143] (Fig. 2.5, right) and Pr2NiO4+δ [144]. Minervini et al. [141] proposed a 

cascaded interstitialcy mechanism for cross-plane diffusion along the crystallographic c-axis 

(path b in Fig. 2.5, left) while Cleave et al. considered oxygen vacancy pathways for 

stoichiometric La2NiO4 [142]. 

 

 

Fig. 2.5  Oxygen diffusion paths in La2NiO4+δ based from theoretical calculations. Minervini 

et al. [141] proposed interstitialcy mechanisms for in-plane and cross-plane oxygen diffusion 

(left). In-plane interstitialcy diffusion was confirmed by molecular dynamics simulations 

(right) showing curved oxygen paths within the rock salt layers (red color) [143]. 

 

 

Of course, for polycrystalline materials investigated in this work diffusion is effectively 

isotropic with the overall diffusion coefficient given as weighted average of the individual 

diffusion coefficients in the different crystallographic directions. 
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2.3 Transport equations for mass and charge transport 

The starting point for the following treatment of solid-state mass and charge transport is the 

theory of linear irreversible thermodynamics. This theory supposes a linear relationship 

between generalized forces  and corresponding fluxes (flows) . The flux is defined as the 

amount of some extensive physical quantity flowing per time through a plane of unit area 

normal to the direction of flow. Fluxes are assumed to be caused by the presence of some 

generalized driving forces, usually expressed as negative gradients of corresponding potential 

functions (intensive scalar physical quantities as a function of space and time). Examples are 

the negative gradient of electrical potential (electric field), gradients in pressure, temperature 

or chemical potential. In the realm of linear irreversible thermodynamics these cause-effect 

relationships are assumed to be linear. However, linearity is not an inherent property of most 

systems but rather an approximation valid for sufficiently small forces close to equilibrium 

where the range of validity has to be established separately for each type of system 

investigated. 

 

In the general case the assumption of linear flux-force equations give rise to the so-called 

phenomenological equations (Onsager equations) 

 

1. .  (2.2) 

 

or in matrix notation 

 

⋮
⋯

⋮ ⋱ ⋮
⋯

⋮  (2.3) 

 

where the constants of proportionality  are called phenomenological coefficients (transport 

coefficients, Onsager coefficients). According to the theory of linear irreversible 

thermodynamics the flux-force pairs have to be chosen in a way that the sum over the 

corresponding products  equals the rate of entropy production per volume  [145]. 

 

 (2.4) 
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Based on the principle of microscopic reversibility, Onsager [146,147] derived a symmetry 

relation between the phenomenological coefficients  

 

 (2.5) 

 

which holds in the absence of magnetic or Coriolis forces. Thus, the coefficient matrix in 

Eq. (2.3) is symmetric. 

It can be seen from Eq. (2.2) that in general a flux  of the irreversible process i is depending 

not only on its corresponding force , but also on forces  corresponding to all other 

fluxes in the system. Examples are the Soret-effect or thermodiffusion due to interference 

between gradients in temperature and concentration and thermoelectric effects caused by 

interacting thermal and electrical potential gradients [145]. 

 

As a special case  and  (i = 1...3) may be components of two linearly related vector 

quantities  and  and in this case the phenomenological coefficients are the components of a 

second-rank tensor relating both vector quantities. Examples of well-known transport 

phenomena that fall into this category are 

 

(i) Ohm’s law 

 

 (2.6) 

 

where the flux is the current density , the ‘force’ is the negative gradient of the 

electrical potential  (electric field) and the transport coefficient is the electrical 

conductivity tensor . 

 

(ii) Fourier’s law of heat conduction 

 

 (2.7) 

 

where the heat flux  is caused by a gradient in temperature  and the transport 

coefficient 	is the thermal conductivity tensor. 

 



20 

(iii) Ficks first law of diffusion 

 

 (2.8) 

 

where the transferred amount of substance  is caused by a gradient in 

concentration  and the transport coefficient 	is the diffusion coefficient tensor. 

 

As will be discussed further below the appropriate driving force for the diffusion process is 

not the gradient in concentration but rather the gradient in chemical potential. Nevertheless, 

Eq. (2.8) is important as it serves as the definition for the diffusion coefficient. 

 

It follows from the Onsager symmetry principle (2.5) that representation matrices of the 

tensor quantities ,  and  in Eqs. (2.6) to (2.8) are necessarily symmetric. 

 

It is well-known from equilibrium thermodynamics that one way of characterizing the 

condition of thermodynamic equilibrium inside a phase or between phases is the spatial 

uniformity of the chemical potential  for each component i 

 

          (within phase)                   
(2.9) 

               (between phases  and ) 

 

In the case of charged species, chemical potentials have to include the effect of electrical 

potential on the charges and the chemical potentials are extended to electrochemical potentials 

 through 

 

≡  (2.10) 

 

where  is the charge number of component i and F is Faraday’s constant. For charged 

components in the presence of electrical fields the equilibrium condition can be expressed 

similar to Eqs. (2.9) as 

 

          (within phase)                    
(2.11) 

               (between phases  and ) 
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For constant chemical or electrochemical potentials no macroscopic transport of components 

takes place, otherwise the system would not have been in equilibrium. It appears therefore 

natural to assume that mass transport is caused by a deviation from the equilibrium conditions 

(2.9) or (2.11). Furthermore, if the system is still sufficiently close to equilibrium it can be 

assumed that a flux caused by non-uniformity in electrochemical potential depends linearly on 

the spatial change of the electrochemical potential, i.e. its gradient. Thus, the fundamental 

equation for mass transport of a charged species in the frame of linear irreversible 

thermodynamics is 

 

 (2.12) 

 

or, with Eq. (2.10) 

 

 (2.13) 

 

For a neutral component or vanishing gradient in electrical potential, Eq. (2.12) simplifies to 

 

 (2.14) 

 

However, it is important to note that electrochemical potentials may have to be used for 

charged particles even in the absence of external electric fields since the movement of 

charged particles can generate an internal electric field which affects all other mobile charged 

species in the system as described below for the ambipolar diffusion process. 

 

Considering the physical dimensions of the flux-force pairs in Eqs. (2.6), (2.7), (2.12) and 

(2.14) it is obvious that they actually do not satisfy Eq. (2.4). The reason is that those flux 

equations have already been simplified based on additional assumptions with respect to 

temperature. For example, in Eq. (2.12) the correct thermodynamic force is actually the 

negative gradient of the electrochemical potential divided by the absolute temperature T [145] 

 

 (2.15) 
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but since diffusion measurements are usually conducted in the absence of thermal gradients, T 

can be incorporated into the Onsager coefficient ′. In the case of heat conduction the general 

flux equation according to linear irreversible thermodynamics is [145,148] 

 

1
 (2.16) 

 

which can be transformed to 

 

 (2.17) 

 

where the temperature dependence of the thermal conductivity /  may be neglected 

for small temperature gradients. 

 

Continuing with Eq. (2.12) for a charged component, some important relations between L and 

other quantities can be established. For the special case of a vanishing gradient in chemical 

potential, Eq. (2.12) reduces to 

 

 (2.18) 

 

Taking into account the relation between the molar flux  of charged particles and the 

corresponding charge flux (i.e. current density)  

 

 (2.19) 

 

the combination of Eqs. (2.18) and (2.19) yields 

 

 (2.20) 

 

Comparing Eq. (2.20) with Eq. (2.6) gives an expression of L in terms of the isotropic 

electrical conductivity  

 

 (2.21) 
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Since electrical conductivity can be expressed by the concentration of charge carriers c and 

their electrical mobility u according to the fundamental equation 

 

| |  (2.22) 

 

the transport coefficient can be expressed as 

 

| |  (2.23) 

 

Another important relation for the transport coefficient can be derived by assuming constant 

electrical potential in Eq. (2.12) and expressing the chemical potential as a function of 

activity a 

 

∘ ∘  (2.24) 

 

where  is the activity coefficient. If the activity coefficient is independent of position, 

Eq. (2.14) reduces to 

 

 (2.25) 

 

Comparison of Eq. (2.25) with Eq. (2.8) for isotropic diffusion yields 

 

 (2.26) 

 

where  is called self-diffusion coefficient to distinguish it from other types of diffusion 

coefficients to be introduced further below. 
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Therefore, the phenomenological equation for mass transport (2.12) can be equivalently 

expressed in terms of conductivity, electrical mobility or diffusivity, according to 

 

 (2.27) 

 

| |  (2.28) 

 

 (2.29) 

 

Moreover, Eqs. (2.21), (2.23) and (2.26) give relations between the diffusion coefficient and 

the electrical quantities, namely the Einstein relation 

 

| |
 (2.30) 

 

and the Nernst-Einstein equation 

 

 (2.31) 

 

The Einstein relation is a consequence of the assumption that the transport coefficients L in 

Eqs. (2.18) and (2.25) are actually identical. This follows from Eq. (2.12) and the fact that the 

electrochemical potential is the appropriate quantity for indicating thermodynamic 

equilibrium [145]. 
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2.3.1 Chemical and ambipolar diffusion 

So far in the discussion mass transfer of a single component has been treated. However, very 

often mass transport involves more than one component and Eqs. (2.12) or (2.14) have to be 

extended to the general form of Eq. (2.2). Setting up the phenomenological equations for a 

system of direct relevance to mixed ionic-electronic conducting oxides investigated in this 

work gives 

 

 
(2.32) 

   

 

where  and  are the fluxes of oxygen ions and electrons, respectively.  and  are 

the transport coefficients proper and  and  are the so-called cross-coefficients of 

mass transport. According to the symmetry principle given in Eq. (2.5) 	 . 

Cationic species of the compound are assumed to be immobile and serve as a frame of 

reference for the movement of the mobile components. 

 

It is often assumed that the cross-coefficients between ions and electrons are practically zero, 

however, this assumption is not of general validity and has to be verified experimentally for 

each system under consideration. It is often found to hold for ions with constant valency and 

moderate electric currents [145]. In this work electron-ion cross-coefficients are neglected for 

a description of oxygen transport in rare earth nickelates. However, it should be mentioned 

that Kim and Yoo obtained significant cross-coefficients for La2NiO4+δ from ion-blocking 

polarization experiments at 800°C [149]. 

 

Setting 	 0 in Eq. (2.32) gives two decoupled transport equations for the 

oxygen ions and the electrons. Rewriting Eq. (2.32) in terms of conductivities 

 

4
 

(2.33) 
 

 

where  and  are the electrical conductivity of oxygen ions and electrons, respectively. 
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However, the decoupling between ionic and electronic fluxes is not a complete one because of 

the lower electrical mobility of oxygen ions compared to that of electrons. The difference in 

the corresponding velocities of the carriers in the initial phase quickly builds up an internal 

electric field which accelerates the slower moving ions and retards the motion of the electrons 

until some average velocity is attained. Hence, the electrical term of the electrochemical 

potential must not be neglected. Eq. (2.33) is restated in the following formulas by expanding 

the electrochemical potential according to Eq. (2.10) 

 

4 2
 

(2.34) 
 

 

where  is the internally generated electrical field. 

 

In addition, the flows of ions and electrons are coupled to maintain electroneutrality in the 

bulk. The electroneutrality condition can be treated in the context of the continuity equation as 

follows. The local version of the continuity equation reads 

 

∙  (2.35) 

 

that is, a change of ‘concentration’ of some physical quantity around a point can be caused by 

a flow  through the closed surface into the point or by the ‘generation’  of the quantity per 

volume and time at the point. 

 

When applying Eq. (2.35) to electrical charge, the concentration of charge becomes the 

charge density , the charge flux is the current density  and the source term must be zero due 

to charge conservation 

 

∙  (2.36) 

 

Contrary to the situation at internal and external interfaces of a sample the electroneutrality 

condition in the bulk is usually strictly observed, that is  = 0 in Eq. (2.36). From the 
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vanishing divergence of the current density it follows that the current density is constant 

within the bulk 

 

 (2.37) 

 

A constant internal net current can be sustained if balanced by an outer electronic current, i.e. 

when the sample is part of an electronic circuit. In the case of pure diffusion, there is no 

external current and the current density in Eq. (2.37) has to be zero. Since the current is the 

sum of the electronic and ionic partial currents, which in turn are related to the electronic and 

ionic flows by Eq. (2.19), it follows that the electronic and ionic flows are linked by 

 

2 0  (2.38) 

 

It should be mentioned that, strictly speaking, the existence of an internal electrical potential 

and perfect electroneutrality are inconsistent, since it is the deviation from electroneutrality 

that gives rise to internal electric fields. However, since even a very small amount of charge 

separation can create large fields, the electroneutrality condition can be assumed to hold. 

 

Eliminating the internal potential in Eq. (2.34) and including the electroneutrality condition 

via Eq. (2.38) leads to an expression for the flux of oxygen ions 

 

1
4

2  (2.39) 

 

For a further simplification it is assumed that the classical relationships of equilibrium 

thermodynamics still hold at each point in the system, although the system is clearly not in 

thermodynamic equilibrium due to non-vanishing gradients of electrochemical potentials. In 

other words the system is assumed to be in a state of local equilibrium, which is not a 

contradiction to the system as a whole being out of equilibrium [148]. This can be appreciated 

from the fact that equations in classical thermodynamics do not involve spatial gradients of 

state variables and is further based on the assumption that, despite of flux divergences, 

concentrations are still close to their equilibrium values [150]. 
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The external oxygen equilibrium is described by 

 

1
2

2 ⇆  (2.40) 

 

and the corresponding equilibrium condition reads 

 

1
2

2  (2.41) 

 

Since Eq. (2.40) is balanced with respect to charge, electric terms of the electrochemical 

potential cancel in Eq. (2.41) with the result 

 

1
2

2  (2.42) 

 

Taking the gradient of Eq. (2.42) gives 

 

1
2

2  (2.43) 

 

Including the reaction between molecular and atomic oxygen 

 

⇆ 2  (2.44) 

 

with the corresponding equilibrium condition 

 

2  (2.45) 

 

gives a relation between gradients of oxygen and charged components of the material 

according to 

 

1
2

2  (2.46) 
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and plugging Eq. (2.46) into Eq. (2.39) yields the fundamental transport equations for the 

oxygen flux 

 

2
1
4

2

 

1
4

1
8

 

 

(2.47) 

 

The conductivity factor in Eq. (2.47) is the so-called ambipolar conductivity  

 

≡  (2.48) 

 

which corresponds to a series connection of ionic and electronic currents, expressing the fact 

that both currents are necessary for the transport process [151]. 

 

The link to the diffusion coefficient can be established by expressing the gradient in oxygen 

chemical potential as the corresponding gradient in concentration in Eq. (2.47) 

 

4 4
∂
∂

c  (2.49) 

 

Comparing Eq. (2.49) with Eq. (2.8) gives 

 

4
∂
∂ 4

∂
∂

 (2.50) 

 

where  is the chemical or ambipolar diffusion coefficient of oxygen. Alternative 

notations for  are  and . Chemical diffusion is diffusion as a response to a gradient 

in chemical composition. Ambipolar diffusion, on the other hand, is the coupled diffusion of 

at least two different kinds of charged particles or charged defects. Although, strictly 

speaking, ambipolar diffusion and chemical diffusion describe different processes, this 

differentiation is usually not observed in the literature and for any process where there is 
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coupling between fluxes, the terms chemical diffusion and chemical diffusion coefficient are 

used almost exclusively [152]. 

 

The derivative  in Eqs. (2.49) and (2.50) is the so-called thermodynamic factor Γ , which 

is an important quantity used for converting the chemical diffusion coefficient to the self-

diffusion coefficient as is shown further below. The thermodynamic factor can be expressed 

in various ways 

 

Γ ≡
∂
∂

1 ∂
∂

∂
∂

 

1 ∂

∂
1
2
∂
∂

1
2
∂
∂

 (2.51) 

 

The last expression in Eq. (2.51) forms the basis for the experimental determination of the 

thermodynamic factor by means of thermogravimetric analysis or coulometric titration. Thus, 

measuring the oxygen concentration of a material in equilibrium with the surrounding gas 

phase at an oxygen partial pressure pO2 allows the determination of Γ  as long as a reference 

point for the oxygen concentration  is known. For example, using thermogravimetric 

analysis  can be obtained by transforming the material to well-known reduction products by 

exposure to hydrogen-containing atmospheres. 

 

The derivative  in Eqs. (2.49) – (2.51) can be separated into contributions of ionic and 

electronic components according to 

 

1 ∂
∂

4  (2.52) 

 

where ≡
	

	
 and ≡ 	

	
 are thermodynamic factors of oxygen ions and 

electrons, respectively, which differ significantly from unity [151]. 

 

The ambipolar conductivity (Eq. (2.48)) can be couched in various ways when introducing 

transport numbers (transference numbers) , which are defined as the fraction of partial 
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current  that a charge carrier i contributes to the total current  or, equivalently, as the ratio 

of the partial conductivity  to the total conductivity . 

 

The transport number of oxygen ions reads 

 

≡  (2.53) 

 

and similar for electronic charge carriers  

 

≡  (2.54) 

 

where  and . 

Hence, the ambipolar conductivity in Eq. (2.48) can be expressed as 

 

 (2.55) 

 

In the case of predominantly electronic conductors like SOFC-cathodes,  is ~1 and thus 

, whereas for ionic conductors like SOFC-electrolytes  is ~1 and 

. 

 

Hence, for mixed conductors with predominantly electronic conduction, the chemical 

diffusion coefficient in Eq. (2.50) becomes 

 

4
 (2.56) 

 

and using the Nernst-Einstein equation (2.31) yields 

 

 (2.57) 

 

where  is called the self-diffusion coefficient or component diffusion coefficient of oxygen. 

The self-diffusion coefficient describes diffusion in absence of a driving force based solely on 
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statistical and uncorrelated atomic jumps. Thus, for predominantly electronic conductors the 

thermodynamic factor establishes the connection between chemical diffusion coefficient and 

self-diffusion coefficient of oxygen if the thermodynamic factor of oxygen at the 

corresponding temperature and oxygen partial pressure is known. 

 

So far all mobile species have been treated on the component level. However, the transport 

equations can also be expressed in terms of defects [150] if some knowledge of the defect 

structure of the material under consideration is available. Relations between chemical 

potentials of ionic and electronic defects can be established on the basis of local equilibrium 

for the appropriate defect-chemical equations and the calculation of the flux equations 

proceeds along the same lines as given above for the components. However, a somewhat 

different approach is used below without drawing upon the concept of internal electrical 

potential and instead using electrochemical potentials to express defect equilibria. 

 

The following discussion deals with the rather general case of an oxide ceramics with oxygen 

vacancies and oxygen interstitials as ionic defects and conduction electrons and holes as 

electronic defects. The ionic defects are assumed to be in a Frenkel-type defect equilibrium, 

according to 

 

⇆ ⋅⋅  (2.58) 

 

where Kröger-Vink notation has been used for structure elements [153]. 

 

Rewriting Eq. (2.58) in terms of building elements gives 

 

	 ⇄ ⋅⋅  (2.59) 

 

Assigning electrochemical potentials to charged building units, the equilibrium condition for 

Eq. (2.59) reads 

 

⋅⋅ 0  (2.60) 

 

where ⋅⋅ ≡ ⋅⋅  and ≡  are building units of oxygen vacancies and 

interstitials, respectively. 
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Electronic defects, which may either be localized on ions in the material or may be 

accommodated in electron bands, are created or annihilated according to  

 

⇄ ⋅  (2.61) 

 

where  and ⋅ are electronic building units. The equilibrium condition for Eq. (2.61) is 

 

⋅ 0  (2.62) 

 

Moreover, external equilibrium with gaseous oxygen is assumed according to 

 

1
2

⋅⋅ ⇆ 2 ⋅  (2.63) 

 

or in terms of building units 

 

1
2

⋅⋅ ⇆ 2 ⋅  (2.64) 

 

In equilibrium the corresponding electrochemical potentials are related by 

 

1
2

⋅⋅ 2 ⋅  (2.65) 

 

The external oxygen reaction equation can be framed in various ways differing from 

Eqs. (2.63) – (2.65) in the type of ionic or electronic defect species used. However, these 

equations are all equivalent by virtue of Eqs. (2.58) – (2.62). 

 

The flux equations for the defects are 

 

⋅⋅
⋅⋅

4
⋅⋅

4
 

 

(2.66) 
⋅

⋅
⋅ 					 
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The electroneutrality condition in the absence of external currents gives 

 

2 ⋅⋅ ⋅ 2  (2.67) 

 

and the net oxygen flux is given as the difference between oxygen interstitial and vacancy 

flows as 

 

⋅⋅  (2.68) 

 

Combining Eqs. (2.66) – (2.68) and assuming local equilibrium (Eqs. (2.60), (2.62), (2.65)) 

gives 

 

4 4
∂
∂

c  (2.69) 

 

similar to Eq. (2.49). However, the ambipolar conductivity is now 

 

≡
⋅⋅ ⋅

⋅⋅ ⋅
 (2.70) 

 

where ≡ ⋅⋅ 	and ≡ ⋅  are the total ionic and electronic 

conductivity, respectively. 

 

Expressions for the chemical diffusion coefficient and thermodynamic factor are identical to 

Eqs. (2.50) and (2.51), respectively. An interesting result is obtained when expanding  in 

Eq. (2.69) in terms of defects for dilute conditions. In this case concentrations can be used 

instead of activities [150] and thus thermodynamic factors of the defects approach unity, 

yielding 

 

1 ∂
∂

1
⋅⋅

4
⋅

 (2.71) 
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Eq. (2.71) is to be compared with the corresponding description on the component level 

(Eq. (2.52)) where the above simplification does not apply. A more general treatment 

considers interaction between ionic and electronic defects (trapping) which generates oxygen 

defects of different valence such as , , ⋅  and  [150]. While some of these defect 

species might be relevant for rare earth nickelates [141] and have to be considered for a 

correct interpretation of the diffusion coefficient, their presence does not change the essential 

form of the equations used to model conductivity relaxation transients. 

 

Many oxides can be considered as special cases of the generic description given above. 

Taking as an example perovskite-type oxides like La1-xSrxCoyFe1-yO3-δ relevant defect species 

are oxygen vacancies and electron holes and thus the following simplifications can be applied 

to the equations given above 

 

0, 0

 

0, 0

 (2.72) 

 

Considering Ln2NiO4+δ (Ln = La, Pr, Nd) as another example and assuming oxygen 

interstitials, oxygen vacancies and electron holes as relevant defects, the contribution of 

electron defects can be neglected 

 

0, 0  (2.73) 

 

2.3.2 Tracer diffusion 

Tracer diffusion is a diffusion process that is caused by a concentration gradient while 

maintaining constant chemical composition. This can be achieved by using different isotopes 

of an element, for example 18O diffusing into a sample containing mostly 16O 

 

∗
∗  

(2.74) 

 

where ∗  is the tracer diffusion coefficient of oxygen. Since no change in composition takes 

place and assuming isotopic mass effects to be negligible, activities can be replaced by 

concentrations. If the atomic jumps are uncorrelated, that is the probability of a single 
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elementary jump does not depend on the previous jumps, as is the case for a dilute interstitial 

diffusion mechanism, then the tracer diffusion coefficient ∗  is equal to the self-diffusion 

coefficient . If the jumps are correlated, e.g. for vacancy-based diffusion mechanisms, both 

diffusion coefficients are related by a correlation factor  according to 

 
∗  (2.75) 

 

In the case of tracer diffusion via vacancies the correlation factor expresses the backwards 

directed tendency in the diffusion process. The atomistic interpretation of this ‘drag-effect’ is 

that after a successful jump, where vacancy and tracer atom have changed place, it is more 

likely for the tracer to jump back into its previous position than the probability that a newly 

arrived vacancy is available for a next forward jump of the tracer. Correlation factors for 

several lattice types are given by Philibert [154]. For oxygen diffusion via vacancies in 

perovskite materials the correlation factor has been estimated as 0.69 [155]. For interstitial 

oxygen diffusion like rare earth nickelates 1 [154,156]. 

 

 

2.3.3 Conductivity diffusion coefficient 

The Nernst-Equation Eq. (2.31) establishes the connection between the self-diffusion 

coefficient and the partial electrical conductivity. More accurately, however, it is rather the 

conductivity diffusion coefficient  ( ) which is obtained by measuring the 

dc-conductivity and converting it to a diffusivity by means of the Nernst-Einstein equation 

[157] 

 

 
(2.76) 

 

 is linked to the tracer diffusion coefficient ∗ by the Haven ratio , which is defined as 

the ratio between the two types of diffusion coefficients 

 

≡
∗  

(2.77) 
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Usually 1 but in special situations  can exceed 1 [157]. Typically, Haven ratios lie in 

the range of 0.6-0.8 [158] and thus are often neglected considering the usually much higher 

experimental uncertainties. 

 

 

2.3.4 Temperature dependence of transport properties 

Diffusion is a thermally activated process and the temperature dependence of the self- 

diffusion coefficient of oxygen  is described by the Arrhenius equation 

 

 (2.78) 

 

where  is activation energy for the diffusion process and  is the pre-exponential factor. 

 may show a slight variation with temperature which is usually neglected due to the 

dominant contribution of the exponential factor. 

 

Since  (Eq. (2.57)) the activation energy of the chemical diffusion coefficient 

 contains contributions from both self-diffusion  and the thermodynamic factor . 

Empirically, a sufficiently linear 	 		 .		 -relationship is often observed and thus the 

temperature dependence of  is usually modeled by an Arrhenius-type equation of the 

form of Eq. (2.78). In the case of nickelates and many mixed conducting perovskites  is 

found to decrease with increasing temperature and therefore the activation energy of Dchem is 

somewhat smaller than for the corresponding self-diffusion coefficient. Similarly, for oxygen 

surface exchange coefficients – introduced further below – an Arrhenius-type temperature 

dependence is usually found. 

 

Inserting Eq. (2.78) into the Nernst-Einstein equation Eq. (2.31) gives the temperature 

dependence of the ionic conductivity 

 

 
(2.79) 

 

where  and  are the activation energy and the pre-exponential factor, respectively, of the 

ionic conductivity.  
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2.4 Experimental determination of diffusion coefficients in solids 

Diffusion coefficients can be obtained by direct application of Fick’s first law. For example, 

analyzing the steady state particle flux through an oxygen-conducting ceramic membrane 

affords the determination of the chemical diffusion coefficient of oxygen. However, more 

often it is the combination of Fick’s first law with the continuity equation whose solutions, 

under appropriate boundary and initial conditions, form the basis for interpretation of 

experiments and derivation of diffusivities. The full expression of the continuity equation has 

already been mentioned above where it has been used to link changes in the charge density 

with electrical current. Eq. (2.35) can be applied to mass flux as well which yields in the 

context of oxygen mass transport 

 

∙
 

(2.80) 

 

and states that the rate of concentration change of oxygen at a certain point in space is the 

result of oxygen entering or leaving a volume element around that point through its closed 

surface	 ∙  or the production or annihilation of the component inside the volume 

element . The divergence term includes fluxes caused by diffusion, migration and 

convection. Convection is relevant for fluid systems but is obviously of minor significance in 

solids. The second term  lumps together sources and sinks for the oxygen species under 

consideration like defect chemical reactions, electron or hole trapping (i.e. reduction or 

oxidation of oxygen) or ionic trapping processes such as the immobilization and thus 

withdrawal of the oxygen species from the transport process by forming vacancy-dopant 

complexes or clusters. 

 

For example, considering an oxide with Frenkel disorder on the oxygen sublattice (Eqs. (2.58) 

and (2.59)) the application of the continuity equation (2.80) to both oxygen vacancies and 

interstitials yields 

 

⋅⋅

∙ ⋅⋅ ⋅⋅

 

∙

 

(2.81) 
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where neither ⋅⋅  nor  are zero due to internal Frenkel-type defect reaction (despite the 

assumption of local equilibrium [150]). However, it was shown by Maier and Schwitzgebel 

[159] that for certain linear combinations of defect concentrations (conservative ensembles) 

the source term in the continuity equation can be dropped. For Frenkel-type defect equilibria 

the appropriate choice of the conservative ensemble of oxygen is ≡ ⋅⋅  (and 

similarly for the oxygen flux ≡ ⋅⋅ ) and it is easily seen from Eq. (2.59) that the 

source term ⋅⋅  vanishes. A comprehensive treatment of conservative 

ensembles with respect to oxygen transport processes in oxides including oxygen defects of 

various charge and the correct interpretation of results from electrochemical transport 

measurements has been given by Maier [150,160-162]. 

 

Assuming that defect reactions and trapping mechanisms are either inactive or have been 

accounted for by introducing conservative ensembles of oxygen, Eq. (2.80) reduces to 

 

∙
 

(2.82) 

 

Plugging in Fick’s first law for the flux  yields 

 

∙
 

(2.83) 

 

where the actual type of diffusion coefficient is left unspecified in Eq. (2.83) and depends on 

the kind of experiment conducted (e.g. tracer or chemical diffusion). Eq. (2.83) is called 

Fick’s second law or diffusion equation. It is a partial differential equation of first order in 

time and second order in space and its solution – based on the appropriate boundary and 

initial conditions – gives the concentration of oxygen as a function of space and time. If the 

diffusion coefficient is considered independent of the spatial coordinates or at least 

| | ≪ | |, Eq. (2.83) is considerably simplified to  

 

 
(2.84) 
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which in Cartesian coordinates can be explicitly written as 

 

 
(2.85) 

 

Finally, if the experimental arrangement or the sample dimensions are chosen so that 

diffusion is taking place in one dimension only, one arrives at 

 

 
(2.86) 

 

which is Fick’s second law in its most simplified form. Eq. (2.86) is the starting point for the 

development of solutions used in this work for the determination of chemical diffusion 

coefficients and – introduced through corresponding boundary conditions – for chemical 

surface exchange coefficients, as discussed below. Starting from the one-dimensional 

solutions extensions to higher dimension are straightforward in rectangular systems. 
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2.5 Sample geometries 

Electrochemical measurements have been performed on densely sintered samples using the 

four point technique in galvanostatic mode. With this method an electrical connection to the 

sample is accomplished by four different electronic contacts. Two contacts serve as constant 

current source and sink and the other two as voltage probes that carry practically no current, 

provided a high-impedance voltmeter is used for measurement. This separation eliminates the 

contributions of non-ohmic contact and polarization resistances, which affect only the current-

carrying contacts but not the probes. 

 

Two sample geometries with different contact arrangements and sample geometries have been 

employed in this work (Fig. 2.6). In the linear four-point geometry the sample is cut as an 

elongated rectangular parallelepiped where the two current contacts cover the front faces and 

the voltage probes are wound around the sample with some distance from the current contacts 

(Fig. 2.6, right). The distance between the voltage probes should be as large as possible to 

give maximum voltage signals. However, the probes should also be located at some distance 

from the current-carrying contacts to allow for homogenization of the current paths, which are 

assumed to be parallel to the sample axis when traversing the sample cross sections where the 

probes are located. Taking into considering the two opposing trends mentioned above, the 

probes were symmetrically placed at a distance of one third of the bar length [163]. 

 

In the van der Pauw geometry the sample is shaped as a thin slab with the four contacts 

located at the circumference of the sample (Fig. 2.6, left). In principle, sample shape as well 

as contact positions at the sample boundary are arbitrary, the only requirements from theory 

being a constant sample thickness and point-like contacts. For practical reasons, samples 

prepared in van der Pauw geometry were usually more or less square slabs with roughly 

equally spaced contacts at their four corners. 

 

 

 

 

 



42 

 

 

 

Fig. 2.6  Four-point contact arrangements used in this work; van der Pauw geometry (left) and 

linear four-point geometry (right). 

 

 

The following discussion summarizes the advantages and disadvantages of both sample 

geometries from a practical point of view as well as the requirements to be fulfilled for a 

correct determination of electrical and transport parameters from the measurements. The 

theoretical treatment of the transport processes for both sample geometries is given in detail 

further below. 

 

As mentioned above the application of the four-contact technique eliminates errors introduced 

by both polarization effects and contact resistances at the interfaces of current-carrying 

electrodes. 

 

 

2.5.1 Linear four-point geometry 

For the determination of the electrical conductivity the sample should have a constant cross-

section over the entire sample length and the lateral dimensions of the bar as well as the 

distance of the voltage probes have to be known. This puts a somewhat higher demand on 

sample preparation when compared to samples in van der Pauw geometry. The main 

drawback is the difficulty in attaching the voltage probes at a constant distance along the 

sample axis. This is complicated by the application of contact paste necessary to establish a 

good electronic contact to the ceramic material, where the paste may be difficult to apply as a 

thin band along the probe wires which makes the probe distance somewhat ill-defined. In this 

work, a precise positioning of the voltage probes was facilitated by cutting small grooves into 

the sample surface by a diamond wire saw before attaching the probe wires. However, 

applying a thin line of contact paste still remains an issue. 
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For the determination of oxygen transport properties by the conductivity relaxation technique 

it is important to limit the diffusion process to two-dimensional diffusion normal to the 

sample axis, while oxygen diffusion must not take place parallel to the axis. Although 

analytical solutions to the diffusion equation for three-dimensional diffusion are readily 

obtained, the simple relation between mass relaxation and conductivity relaxation is lost when 

the above mentioned limitation is not satisfied. This restriction may be lifted if the distance 

between current-carrying contacts and voltage probes is significantly larger that the diffusion 

length of oxygen along the sample axis during a relaxation measurement. It can then be 

assumed that the current lines perturbed by the non-homogeneous oxygen distribution along 

the sample axis have been homogenized at the position of the voltage probes. For bar-shaped 

samples prepared in this work the entire sample fronts were covered by thin gold foils, thus 

preventing oxygen exchange at the two front faces. Contrary to the thin sample necessary for 

van der Pauw measurements, bar-shaped specimens can be made rather thick, which is 

advantageous for measuring diffusion coefficients of materials that tend to have 

predominantly surface controlled oxygen exchange kinetics. 

 

 

2.5.2 Van der Pauw geometry 

The van der Pauw technique was originally developed for precise measurements of electronic 

conductivity and Hall-coefficients of semiconductors [164]. Later on, its use has been 

extended to the determination of the electrical conductivity for mixed ionic-electronic 

conductors [165-167]. The main advantage is its independence from the precise locations of 

the electronic contacts as long as they are positioned at the circumference of the sample and 

are designed sufficiently small. The sample geometry is limited to slabs of a constant 

thickness but otherwise no constraints have to be imposed on the sample shape. The 

measurement itself is more complicated than for linear samples because current and voltage 

probes have to be switched at least once by 90 degree which makes more advanced electronic 

equipment or switching devices necessary for automated measurements. 

 

It has been shown by Preis et al. [168] that measurements on MIECs in van der Pauw 

geometry can be used for conductivity relaxation measurements as well. Similar to the linear 

four-point geometry given above, the direction of diffusion has to be restricted in order to 

maintain the equivalence between transients in the relaxation of mass and conductivity. For 

samples in van der Pauw geometry the diffusion flow is to be limited normal to the plane of 
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the disk and must not take place parallel to it. This can be ensured by blocking the lateral 

faces by some material that is electronically insulating and impervious to oxygen. For samples 

with a side length-to-thickness ratio around 10:1 or above lateral diffusion can be neglected 

[169]. 

 

As a general rule it can be established that in conductivity relaxation measurements diffusion 

may only take place normal to lines or planes of current flow, but not parallel to them in 

order to transfer the analytical solutions derived for mass exchange to the transients in 

electrical conductivity. An illustration of this rule is given in Fig. 2.7 for the two geometries 

under consideration. 

 

 

 

 

Fig. 2.7  Restrictions that have to be placed on diffusion flows for allowing to apply analytical 

expressions derived for mass relaxation equally for conductivity transients; specimens are 

shown in van der Pauw (left) and bar-shape geometry (right). 
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2.6 Determination of the electrical conductivity 

 

2.6.1 Linear four-point geometry 

The calculation of the electrical conductivity is simple due to the defined geometry of the 

sample and the contacts 

 

1
 (2.87) 

 

where  is the measured resistance of the sample,  is the cross section of the bar and  the 

distance of the voltage probes. The resistance can in principle be determined from a single 

current-voltage measurement according to Ohm’s law 

 

 (2.88) 

 

where  is the applied current and  is the potential difference measured between the voltage 

probes (see Fig. 2.6, right). However, for increased accuracy and to eliminate voltage offsets 

from e.g. thermo-voltages it is preferred to perform several measurements at various current 

strengths and determine  from the slope of the regression line to the  data points. 

 

 

2.6.2 Van der Pauw geometry 

For samples in van der Pauw geometry the theoretical treatment for the determination of the 

electrical conductivity from  measurements is more complicated. The approach put 

forward by van der Pauw [164] was to first solve the problem for a particularly simple 

geometry that allows a rather straightforward derivation of the corresponding equations and 

then to demonstrate that the obtained results apply equally well to samples with arbitrary 

shape. 

 

The sample geometry adopted for the first step is that of a flat sheet of constant thickness with 

semi-infinity extent (Fig. 2.8, left). If the four electrodes are assumed to be vertical line 

contacts at arbitrary positions along the boundary of the sample, the potential distribution is 
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constant over the sample thickness and from a mathematical point of view the problem can be 

treated as two-dimensional (Fig. 2.8, right). 

 

 

 

 

 

Fig. 2.8  Section of a hypothetical semi-infinite slab of conducting material with 4 vertical 

line electrodes at the sample boundary; constant current is applied via two adjacent contacts 

and the voltage is measured between the remaining electrodes; perspective view (left), top 

view and two-dimensional mathematical representation with equipotential lines (right). 

 

 

In the following it is assumed that current is applied through contacts A and B in the polarity 

given in Fig. 2.8 (right). Since electroneutrality is maintained in the bulk, the continuity 

equation for charge flow in Eq. (2.36) reads 

 

∙ 0  (2.89) 

 

If electrical conduction in the material is ohmic, the relation between the electrical potential 

and the current flow is given by Ohm’s law 

 

 (2.90) 

 

where the conductivity  is assumed to be isotropic, either because the solid has a cubic 

crystal structure or is a polycrystalline material, in which case  can be considered as some 

kind of average over the conductivities in different crystallographic directions. 

 

  



47 

Plugging Eq. (2.90) into Eq. (2.89) gives 

 

0  (2.91) 

 

and assuming that the conductivity is independent of position the Laplace-equation 

 

0  (2.92) 

 

is obtained as a starting point for the derivation of the potential distribution. 

 

Focusing on contact  in Fig. 2.8, where a current  is injected into the sample, the potential 

distribution around  can be assumed to be of cylindrical symmetry for semi-infinite 

geometry. Expressing Eq. (2.92) in polar coordinates gives 

 

1
0  (2.93) 

 

where  is the radial distance from contact A. Solving Eq. (2.93) gives 

 

φ  (2.94) 

 

with two integration constants  and . 

 

 depends on the reference value chosen for the potential and – since only differences in 

potential are of interest – can be set to zero.  is determined from the condition that, in order 

to be preserve electroneutrality, the current that flows through each surface surrounding  

equals the injected current . Calculating the current flow through an arbitrary equipotential 

surface around  and considering that no current flow takes place through the sample 

boundary, yields 

 

 (2.95) 

 

where  is the sample thickness. 
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Thus, the potential distribution developed around point  is given by 

 

φ  (2.96) 

 

Similarly, when a current  is leaving the sample through contact  the potential distribution 

around  is 

 

φ  (2.97) 

 

According to the superposition principle the potential at an arbitrary point inside the sample 

after applying a current between electrodes  and  can be calculated from the sum of 

Eqs. (2.96) and (2.97) 

 

φ φ φ  (2.98) 

 

 

 

 

 

Fig. 2.9  Van der Pauw wiring scheme of both current-source and voltmeter to four contacts 

A-D at the boundary of a flat sample of semi-infinite extension. Small letters denote inter-

electrode distances. 
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Applying Eq. (2.98) to the configuration in Fig. 2.9 (left) yields an expression for the voltage 

measured between  and C 

 

V φ φ

  (2.99) 

 

where ,  and  are the distances between the contacts as shown in Fig. 2.9. 

 

Repeating the calculation after all contacts have been shifted one position to the right, where 

connection at  wraps around to  (Fig. 2.9, right), yields a similar expression for the voltage 

measured between  and  when applying a current at  and  

 

V φ φ

  (2.100) 

 

Finally, when Eqs. (2.99) and (2.100) are combined according to the following equation, 

electrode distances cancel yielding the so-called van der Pauw equation 

 

, , 1  (2.101) 

 

where , ≡ ⁄  and , ≡ ⁄ . 

 

It has been shown by van der Pauw [164] that Eq. (2.101) is equally valid for a flat sample of 

arbitrary shape with line contacts at the circumference. This can be established on the basis of 

the Riemann mapping theorem, which states that for every singly connected domain there 

exists an analytic mapping which maps the region one-to-one and conformally (i.e. angle-

preserving) onto the unit disk [170]. Thus, there exists a bijective and conformal mapping for 

any arbitrary pair of singly connected domains in the complex plane. Since conformal 

mapping necessarily maps boundaries onto boundaries and preserves both the validity of the 
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Laplace-equation (2.92) and the boundary conditions (Eqs. (2.99) and (2.100)), the van der 

Pauw equation (2.101) holds for any other sample shape as well. The only qualification is that 

the sample may not contain isolated holes, corresponding to the mathematical assumption of 

singly connected domains. 

 

 

Fig. 2.10  Application of the van der Pauw theory derived for semi-infinite flat sample (top 

row) to real samples of arbitrary shape (bottom row). The connection is established by means 

of conformal mapping between the two sample geometries. 

 

 

Fig. 2.10 summarizes the relationship between the two contacting schemes of a hypothetical 

semi-infinity sample (top row) and their corresponding counterparts for a finite-sized 

specimen (bottom row), correlated by conformal mapping. The circular arrow in Fig. 2.10 

denotes the 90° rotation of current and voltage leads. 

 

The van der Pauw equation cannot be analytically solved for , unless , , ≡ . 

For this special case Eq. (2.101) can be rewritten as 

 

2
 (2.102) 
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In general the van der Pauw equation has to be solved numerically for  by iterative methods 

and Eq. (2.102) can be used to calculate a starting value for the conductivity by setting 

, , 2⁄ . 

 

As already described for the linear four-point geometry, voltages have to be corrected for 

thermal offsets. In van der Pauw measurements this is achieved by repeating each 

measurement after current reversal and averaging resistances for each value of ,  and 

, . 

 

The technique can be further improved by switching contacts in full-circle, that is 4 × 90°, 

whereby four resistances , , , , ,  and ,  are obtained. According to the 

reciprocity theorem of passive multipoles [164], resistances measured after interchanging 

current and voltage leads, i.e. after a 180° rotation of contacts, are supposed to be equal 

 

, ,  
(2.103) 

, ,  

 

Of course, the identities in Eq. (2.103) are not perfectly satisfied for experimentally 

determined values, but they may help to discover gross measuring errors. Moreover, by 

averaging the corresponding resistances accuracy may be increased. 

 

The derivation of the van der Pauw equation assumes infinitely thin line electrodes located at 

the perimeter. In his seminal paper van der Pauw states several relations for estimating 

relative errors introduced by different types of non-ideal contacts [164]. An in-depth 

investigation of the contact size effects on the accuracy was given by Chwang et al. for 

semiconductors [171] and by Grientschnig and Sitte for mixed conductors [165]. Based on 

their results a relative error in conductivity of around 5% is expected for a square-shaped 

sample with four triangular electrodes (Fig. 2.6, left) covering ~15% of the sample surface. 

 

It should be mentioned that the van der Pauw method can also be employed for electrodes 

pressed on top of a flat sample provided that the contacts are sufficiently close to the 

boundary and the sample thickness is much smaller than the distances between the contacts. 
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2.7 Conductivity relaxation technique 

In this work oxygen transport parameters were determined by the conductivity relaxation 

technique [168,172-188], first proposed by Dünwald and Wagner [189]. In this method the 

sample is brought to equilibrium with the surrounding atmosphere with respect to temperature 

and oxygen partial pressure. During the measurement the electrical conductivity of the sample 

is recorded as a function of time. After a conductivity baseline of the equilibrated sample has 

been established, the oxygen partial pressure pO2 in the gas phase is abruptly changed. 

Oxygen is incorporated or released from the MIEC, depending on whether the pO2 of the gas 

phase has been increased or decreased, respectively, and the material relaxes to a new 

equilibrium state (Fig. 2.11). According to defect-chemical equations given further below, 

variations in oxygen content also change the concentration of electronic charge carriers in the 

sample, which affects the electronic conductivity of the material. Nonlinear regression of the 

corresponding diffusion equations to the conductivity transient of the relaxation process 

allows to extract  and  as adjustable fitting parameters. Both the van der Pauw 

and linear four-point contacting schemes can be employed to obtain transport properties such 

as chemical diffusion coefficients  and chemical surface exchange coefficients of 

oxygen , provided the restrictions with respect to diffusion flow are observed, as 

detailed above. 

 

 

Fig. 2.11  Illustration of the conductivity relaxation method. The change in oxygen partial 

pressure around an equilibrated sample can be considered as the system input while the 

sample response is the change in electrical conductivity caused by oxygen incorporation or 

release. 
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Modeling of the relaxation process is based on several assumptions. Oxygen incorporation 

and release proceeds by two serially connected processes: one is the oxygen exchange 

between the gas phase and the immediate sample surface, the other is the diffusion of atomic 

oxygen within the sample. Oxygen diffusion proceeds via defects such as oxygen vacancies 

and interstitials, depending on the defect chemistry of the material, and is quite well 

understood. Its contribution is usually derived from Eq. (2.84), applied to the case of chemical 

diffusion of oxygen 

 

 
(2.104) 

 

where it is assumed that the chemical diffusion coefficient is practically constant during the 

relaxation process. 

 

The oxygen exchange process comprises several elementary steps such as adsorption of 

molecular oxygen from the gas phase at the sample surface, dissociation, reduction and 

incorporation into the material [190]. The details of the mechanism are less well known than 

for diffusion, as is the rate determining step, which may be different for different materials 

and may even change for the same material with temperature or oxygen partial pressure [191]. 

As a result the surface exchange process is usually modeled by a simple linear rate law 

 

 (2.105) 

 

where  is the time-dependent concentration of oxygen in the immediate surface layer of the 

sample and  is the oxygen concentration in the sample after relaxation has been completed 

and the new equilibrium state has been attained. Eq. (2.105) is more motivated by 

mathematical convenience rather than being supported by the underlying reaction mechanism, 

since it allows for an analytic solution of the mathematical problem. However, even though 

the correct expression of the surface exchange flux may differ from Eq. (2.105), it can be 

assumed that for sufficiently small pO2-steps Eq. (2.105) represents the ‘small-signal’ limit. 

 

Therefore, pO2-steps should be as small as possible in order that Eqs. (2.104) and (2.105) hold 

and both  and 	 can be considered as characteristic values rather than some kind of 

average over the pO2-range employed. Further reduction of the oxygen partial pressure swings 
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will result in too low signal-to-noise ratio of the voltage signals. While this can be partially 

compensated by increasing the applied current, the concomitant increase in Joule-heating of 

the sample as well as the necessity to keep the burden voltage of the current source below the 

material’s decomposition voltage places a limit to that. 

 

It is obvious that for a precise determination of 	 and  from a single relaxation 

measurement both diffusion and surface exchange must contribute to the relaxation transient. 

Since both processes are connected in series, a reduction of the kinetics of one process results 

in the fact that this process will increasingly dominate the overall kinetics up to the point 

where it becomes ‘rate-determining’ and no information about the faster process can be 

obtained from the measurement. Thus, the overall relaxation process can take place in three 

different regimes, called surface controlled, diffusion controlled and mixed controlled regime. 

Only in the latter case it is possible to extract both transport parameters from a single 

measurement, while the former two regimes allow the determination of only one quantity 

 or , respectively. 

 

Bouwmeester et al. [192] introduced the notion of a characteristic thickness Lc for a steady 

state flux of oxygen through ceramic membranes 

 

 (2.106) 

 

where  is the self-diffusion coefficient of oxygen and  the surface exchange coefficient of 

oxygen. For predominantly electronically conducting ceramics and in the limit of small pO2-

gradients across a membrane, Lc can be used as a measure to distinguish between surface 

controlled and diffusion controlled oxygen permeation, depending on whether the membrane 

thickness is below or above Lc, respectively. 

 

This parameter has been transferred to oxygen relaxation measurements [178], where the 

characteristic length is defined in accordance with Eq. (2.106) using the chemical diffusion 

and exchange coefficient 

 

 (2.107) 
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and quantitative criteria for the transition between the different control regimes can be based 

on the ratio 

 

 (2.108) 

 

where a is the total sample thickness L or half the sample thickness L/2, depending on 

whether oxygen exchange takes place from only one side of the sample or through two 

opposite sides, respectively. 

 

According to den Otter et al. [178], /  should be between 0.03 and 30 to allow for a 

simultaneous determination of  and  while Song et al. [183] stated boundaries of 

0.1 and 10 of /  to obtain reliable values for both transport parameters. In case that data on 

both  and  are available, Eq. (2.107) can be used to calculate the sample thickness 

necessary for relaxation measurements to be in the mixed regime, but it should be noted that 

the characteristic thickness depends on the temperature and oxygen partial pressure, since the 

activation energy of  is usually larger than that of  and the surface exchange 

coefficient is also more sensitive to changes in pO2. 

The above criterion is often applied ‘in reverse’, that is if a relaxation measurement is 

evaluated assuming mixed controlled oxygen exchange and the corresponding value of /  

satisfies the criteria given above, the assumption of mixed control is – somewhat ‘after the 

fact’ – retrospectively justified. 
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2.8 Modeling oxygen exchange 

 

2.8.1 Mixed controlled oxygen exchange 

In the following the analytical solution for the concentration relaxation of oxygen for one-

dimensional two-sided diffusion is derived in the time-domain. An alternative approach is to 

take the Laplace-transform of the corresponding equations and solve them in the Laplace-

domain. While the calculations are usually much easier in the Laplace-domain, back-

transformation to the time domain is often rather difficult and may not pay off unless the 

experiment itself is performed in the frequency domain. However, the Laplace-transform 

technique is used below as a convenient tool to convert the solution of the relaxation 

transients following an ideal pO2-step to more general pO2-‘inputs’. 

 

Analytical expressions for many diffusion problems have been given by Crank [193] and by 

Carslaw and Jaeger [194]. The latter book actually deals with heat conduction but the 

solutions can be easily transcribed to diffusion due to the isomorphic nature of the governing 

differential equations. 

 

 

Fig. 2.12  Oxygen concentration vs. position inside a sample of thickness L, where c0 denotes 

the concentration at t = 0 and c∞ the concentration at the end of the relaxation experiment. 

The graphical overlay illustrates the case of oxygen incorporation from the gas phase into the 

sample due to a stepwise change to higher pO2. 
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Fig. 2.12 shows a two-dimensional section of a sample of thickness  where oxygen can be 

transferred across opposite surfaces, located at  and . The oxygen exchange 

process is modeled based on the one-dimensional diffusion equation (2.86) 

 

 
(2.109) 

 

where ,  is the concentration of oxygen ions in the material as a function of position 

and time. The oxygen surface exchange flux between the sample and the gas phase form the 

boundaries conditions (BCs) of the problem and are accounted for by Eqs. (2.8) and (2.105) 

 

, ,

, ,
		  

 

(2.110) 
 

 

If the sample is in equilibrium with the gas phase the concentration of oxygen ions is uniform 

throughout the sample, which yields the initial condition (IC) of the problem 

 

, 0  (2.111) 

 

 and  in Eqs. (2.110) and (2.111) are constants denoting the initial oxygen concentration 

in the sample and the (asymptotically approached) final oxygen concentration corresponding 

to the new oxygen partial pressure in the atmosphere, respectively. 

 

It is possible to simplify calculations by taking full advantage of the symmetry of the system 

and setting up a somewhat more restricted set of BCs than those given in Eq. (2.110). Since 

for symmetry reasons there can be no oxygen flow through the central plane in the sample at 

0 (Fig. 2.12) the BCs can be simplified to 

 

, ,

0, 0
	  

 

(2.112) 
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It is interesting to note that Eqs. (2.112) are also the boundary conditions for the related 

problem of a sample of thickness  where the surface at 0 is impervious to oxygen. 

Therefore, the solutions derived for two-sided diffusion for a sample of thickness  and 

uniform initial oxygen concentration can be applied to one-sided diffusion by substituting  

by /2 in the analytic solutions. 

 

Before starting to solve the problem it is expedient to get rid of the -term in the BCs, which 

can be achieved by the substitution ̃ , ≡ , . The transformed diffusion 

equation with BCs and IC expressed in terms of ̃ ,  is thus 

 

̃ ̃  
(2.113) 

 

̃
̃ ,

̃
0

 

(2.114) 
 

 

̃ , 0  (2.115) 

 

where from now on the -index is being omitted from the transport parameters to 

simplify notation. 

 

As a first step a particular solution to Eq. (2.113) is determined through separation of 

variables, assuming that ̃ can be expressed as the product of two factors, one being a function 

of time and the other being a function of space 

 

̃ ,  (2.116) 

 

Plugging Eq. (2.116) into Eq. (2.113) and dividing by  gives 

 

1 1 1  
(2.117) 
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where each side in the equation must equal a constant. This constant has to be negative in 

order that Eq. (2.116) will satisfy the BCs for , , 0 and non-vanishing ̃ and can 

therefore be written as –  ∈  

 

1 1 1  
(2.118) 

 

Thus, the partial differential equation (2.113) has been reduced to two ordinary differential 

equations 

 

 
(2.119) 

0
 

(2.120) 

 

which can be easily solved as 

 

           (2.121) 

 (2.122) 

 

where  and  are constants of integration to be determined by the initial and boundary 

conditions. 

 

Plugging Eq. (2.116) into the BCs (2.114) the time function  cancels, yielding 

 

0

 

(2.123) 
 

 

Eqs. (2.120) and (2.123) together constitute a so-called Sturm-Liouville problem and 

according to Sturm-Liouville theory there is a countable infinite number of solutions which 

form an orthogonal and complete set on the interval 0, . 
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Solving Eq. (2.120) along with Eq. (2.123) gives the eigenfunctions of the problem 

 

 (2.124) 

 

where  is the n-th eigenvalue satisfying the condition 

 

tan
 

(2.125) 

 

To remove the parameter  from the l.h.s. of Eq. (2.125) the eigenvalue  is substituted 

according to ≡  and Eqs. (2.124) and (2.125) are rewritten as 

 

 (2.126) 

 

tan ≡
 

(2.127) 

 

where  is just the / -ratio discussed above. 

Thus, one solution to Eq. (2.113) is 

 

̃ ,
 

(2.128) 

 

which does satisfy the BCs, but not the initial condition Eq. (2.115). However, due to the 

linearity of the diffusion equation (2.113) a more general expression can be used 

 

̃ ,
 

(2.129) 

 

where the sum runs over the infinite number of positive eigenvalues  defined by Eq. (2.127) 

and numbered by ∈ . 
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Since the eigenfunctions form a complete set, the initial condition can be expanded in terms 

of the eigenfunctions 

 

̃ , 0  
 

(2.130) 

 

where the coefficients  are determined by means of the orthogonality property of the 

eigenfunctions 

 

cos cos	

0

2

 

 

(2.131) 

 

as can be confirmed by direct calculation. Applying Eq. (2.131) to Eq. (2.130) gives 

 

2

cos
 

(2.132) 

 

and inserting Eq. (2.132) into Eq. (2.129), considering , ̃ , , yields the final 

expression 

 

,
2

cos
 

 
(2.133) 

 

Eq. (2.133) is commonly stated by using the normalized concentration ̅ ,  

 

̅ , ≡
,

1
2

cos
 

 

tan ≡  

 

(2.134) 

 

The eigenvalues  have to be numerically calculated from the transcendental equation 

(2.127) with high precision to avoid systematic errors for  and  obtained through curve 



62 

fitting [195]. An iterative algorithm used for calculating eigenvalues was given by den Otter 

et al. [195]. Fig. 2.13 shows the distribution of the first eight eigenvalues corresponding to the 

zeros of the plotted function. It is interesting to note that the eigenvalues  approach 

1  for large values of n. For the numerical evaluation of the infinite series an abort 

criterion for the summation has to be defined. In this work the breaking condition was based 

on the absolute value of the added values with limits set to 10-7 for single sums and 10-5 for 

non-separable double sums (in case of two-dimensional mixed or diffusion controlled oxygen 

exchange with flush time correction applied). 

 

 

 

Fig. 2.13  Illustration of the distribution of the first eight eigenvalues  ( 2.5, see 

Eq. (2.127)) in units of  corresponding to the zeros of the plotted function (red); gray 

vertical lines are asymptotes. 
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The above derivation can be easily extended to two-dimensional mass transport. The spatial 

part in the corresponding diffusion equation can be factored into two one-dimensional 

differential equations and solved along the same lines as given above. The result for mixed 

controlled oxygen exchange in perpendicular directions along the x- and y-axis is 

 

̅ , , ≡
, ,

1
2

cos	
	

2

cos	
	  

 

1
2

cos	
	 	 2

cos	
	 	

 

 

 

tan 		,				 tan ≡ , ≡  

(2.135) 

 

where for each spatial dimension a separate set of eigenvalues  and  has to be calculated. 

 and  denote the lateral dimensions of the sample in the x- and y-direction, respectively, and 

correspond to either the full side length or half that value depending on whether diffusion is 

one-sided or two-sided in the corresponding direction. 
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2.8.2 Diffusion controlled oxygen exchange 

Pure diffusion control occurs if the actual sample thickness is well above its characteristic 

length or / ≫ 1. In this case diffusion is the rate determining process and the sample 

surface can be assumed to attain its final oxygen concentration  immediately after the gas 

switch. The mathematical description of the process is similar to that give above for mixed 

control but with more simple boundary conditions, due to the absence of the surface exchange 

process. 

 

 
(2.136) 

 

,

0

 

(2.137) 

 

 

, 0 							  (2.138) 

 

The solution to Eqs. (2.136) – (2.138) proceeds in a similar manner as given above for the 

mixed controlled case. However, the calculation of the eigenvalues simplifies to 

 

2 1
2

 (2.139) 

 

and the eigenfunction development of the initial condition reduces to a Fourier series 

expansion. Thus, the analytical expression for one-dimensional diffusion is 

 

̅ , ≡
,

1
4 1

2 1
cos 2 1

2
 

 

(2.140) 
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The analytical expression for two-dimensional diffusion corresponds to a straightforward 

extension of Eq. (2.140) and is given by the double Fourier-series 

 

̅ , , ≡
, ,

 

1
16 1

2 1
1

2 1
cos 2 1

2
cos 2 1

2
	 

	 	 	
 

 

1
16 1

2 1
cos 2 1

2
	  

1
2 1

cos 2 1
2

 

(2.141) 

 

As discussed above,  is either the sample thickness  or /2 along the x-axis, depending on 

whether two- or one-sided diffusion is considered, respectively. A similar condition holds for 

. 

 

It is interesting to note that Eqs. (2.140) and (2.141) can also be directly derived from 

Eqs. (2.134) and (2.135), respectively, by taking the limit for → ∞. 

 

Experimentally, the oxygen exchange process can be rendered diffusion controlled by either 

preparing sufficiently thick samples or by increasing the surface exchange process through 

surface modification. 
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2.8.3 Surface controlled oxygen exchange 

When the surface exchange process of oxygen determines overall oxygen exchange there is 

no diffusion involved and the exchange process is governed solely by Eq. (2.105). 

Concentration gradients cannot build up because the concentration of oxygen inside the 

sample is infinitely fast homogenized when oxygen is entering or leaving the material. 

 

Thus, oxygen exchange is described by 

 

 (2.142) 

 

where  is the oxygen flux (positive for oxygen leaving the sample) and  and  are the 

homogeneous concentration of atomic oxygen inside the sample at time  and after relaxation 

is finished, respectively. Combining Eq. (2.142) with the continuity equation (2.82) and 

integrating over the sample volume  yields 

 

∙ 	  
 

(2.143) 

 

where  denotes the total sample surface. Since  is a function of time only, Eq. (2.143) gives 

 

 
(2.144) 

 

which upon integration and considering the initial condition 0  yields 

 

̅ ≡ 1
 

(2.145) 

 

In the case of a flat sample oxygen is transferred mainly through two opposite sides (see 

Fig. 2.7, left) and Eq. (2.145) becomes 

 

̅ 1
 (2.146) 

 

Eq. (2.146) can also be derived by taking the limit for ⟶∞ in Eq. (2.134). 
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It should be mentioned that in the case of surface exchange control there exists an analytical 

equation for the more general situation where  depends linearly on the oxygen concentration. 

Indeed, when performing the appropriate substitution in Eq. (2.144) 

 

 
(2.147) 

 

where  and ,  are constants that establish the linear dependence of  on the 

concentration. Integration of Eq. (2.147) and including 0  gives 

 

̅ 1

 

≡ ≡

 

(2.148) 

 

where  and  correspond to the exchange coefficient at the beginning and after conclusion 

of the relaxation process, respectively. For , Eq. (2.148) simplifies to Eq. (2.145). 
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2.9 Relaxation techniques 

Different experimental techniques have been applied to follow the temporal evolution of the 

relaxation process. However, these techniques do not measure the oxygen concentration 

directly but rather some physical property depending on the concentration. Furthermore, it is 

difficult to measure the concentration simultaneously as a function of both time and space and 

only a few cases are reported in the literature where spatially resolved concentration profiles 

have been recorded [196]. In most cases the physical quantity measured in a relaxation 

experiment is an integral property that averages over the concentration distribution in the 

sample. This latter category includes weight [197-199] and conductivity relaxation techniques 

[168,172-188] as well as those based on following changes in pO2 in the gas phase like 

coulometric titration and carrier gas coulometry [200-202]. Hence, the equations derived 

above have to be integrated over the sample volume in a way that is consistent with the kind 

of averaging inherent in the applied relaxation technique. 

 

Probably the most straightforward calculation is required for weight relaxation. In this case 

changes in mass can be easily linked to changes in oxygen concentration according to the 

general relation 

 

≡
∭ , 1

̅ , 	  
 

(2.149) 

 

where  is the atomic mass of oxygen and  is the sample volume. The weight relaxation 

technic itself puts no restrictions on the sample geometry, but of course the geometry has to 

be chosen in a way that is amenable to modeling the relaxation transient. 

 

In the case of conductivity relaxation the relationship between oxygen concentration and bulk 

conductivity is more complicated. Firstly, some additional assumptions regarding the relation 

between oxygen concentration and electronic conductivity have to be made, which depends 

on the defect chemistry of the material. Secondly, the overall resistance (or conductance) of 

the sample has to be derived from the conductivity profile. To obtain analytical solutions, the 

current flow in the sample must be restricted to patterns that permit analytical integration of 

the corresponding resistance-conductivity relationship. This is shown in the following section 

for both the linear and the van der Pauw geometry. 
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It might appear from the above-said that methods like weight relaxation or carrier gas 

coulometry are to be preferred in relaxation measurements since they dispense with the 

additional assumptions that are required for the application of the conductivity relaxation 

technique. However, there are several experimental issues that prevent straightforward 

application of the weight relaxation technique like more complicated setup, difficulties with 

low-noise measurement of masses in a reactor permanently flushed with gas and in particular 

the large flush-times of the inherently larger reactor volumes that complicate or may even 

prohibit relaxation measurements [178]. Coulometric titration techniques suffer from 

inaccuracies through oxygen leakage through glass sealings and permeation through the 

electrolyte membrane due to finite electronic conductivity. Furthermore, the temperature 

range is limited to 600-800 °C due to the low oxygen conductivity of solid electrolytes below 

600°C and the high oxygen permeation and reactivity of glasses above 800°C [202]. 

However, it should me mentioned that both methods allow a simultaneous determination of 

changes in the oxygen stoichiometry of the material which cannot be achieved by 

conductivity-based techniques. 

 

  



70 

2.10 Correlation between oxygen non-stoichiometry and conductivity 

For a correct modeling of conductivity relaxation transients in mixed ionic-electronic 

conductors the relationship between oxygen content and electronic conductivity has to be 

established. Conductivity relaxation experiments are usually performed in galvanostatic mode 

and it is assumed that the applied current does not interfere with the diffusion process of 

oxygen. The latter assumption is permissible for predominantly electronically conducting 

mixed conductors. 

 

Due to local electroneutrality, the concentration of charged particles balance according to 

 

2 ⋅ 2 ⋅⋅  (2.150) 

 

where brackets denote concentrations, and acceptor and donor subsume contributions from 

aliovalent acceptor and donor dopants, respectively. 

 

In the case of unsubstituted rare earth nickelates in the high-pO2 region the major ionic and 

electronic defects are oxygen interstitials  and defect electrons ⋅  and electrical 

conduction is carried by electron holes. Thus, changes in the concentration of electron holes 

are linearly coupled to changes in the concentration of oxygen interstitials 

 

∆ ∙ ∝ ∆  (2.151) 

 

where in this case the constant of proportionality is 2. Considering predominantly 

electronically conducting MIEC materials for which a detailed knowledge of the defect 

structure is not available, a relation of the general form 

 

∆ ∝ ∆  (2.152) 

 

may often be assumed on the basis of local electroneutrality, where  is the concentration of 

either conduction electrons or holes and  denote oxygen defects such as vacancies or 

interstitials. The simple proportionality (2.152) fails in the mixed p/n-regime and the 

correlation between oxygen non-stoichiometry and electronic defect concentration becomes 

more complex [183,203]. It should be noted that Eq. (2.152) is not affected by the presence of 

immobile aliovalent acceptor or donator dopants with fixed valence. 
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The relation between concentration and electronic conductivity is established by the 

fundamental equation 

 

 (2.153) 

 

where e is the elementary charge and  is electrical mobility of the electronic defect. If the 

mobility of the electronic carriers does not depend on oxygen non-stoichiometry (i.e.  is 

independent of carrier concentration) the relationship between oxygen concentration and 

electronic conductivity can be established by combining ∆ ∝ ∆  and ∆ ∝ ∆  to 

 

∆ ∝ ∆  (2.154) 

 

During a relaxation experiment ∆  as well as ∆  are to be considered time dependent local 

properties ∆ ,  and ∆ , . 

 

 

2.10.1 Linear four-point geometry 

For the sample geometry shown in Fig. 2.6 (right), the calculation of the total conductance of 

the sample from the conductivity distribution is straightforward, provided that the direction 

oxygen diffusion has no component parallel to that of the current flow (see section 2.8.2). In 

this case the current is flowing along straight lines between the two opposite current-carrying 

electrodes. Fig. 2.14 (left) shows such a current path of infinitesimal thickness. Its 

contribution  to the total conductance  is 

 

, ,  (2.155) 

 

, ,  is constant along the infinitesimal volume because the oxygen concentration is 

constant due to the diffusion pattern shown in Fig. 2.7 (right). 
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Fig. 2.14  Bar-shaped sample contacted with planar electrodes at both ends for applying 

current (left) and two wires wound around the specimen used as voltage probes (right). A 

linear current path is sketched within the sample bulk. 

 

 

Since the total current is made up of such infinitesimal current lines connected in parallel, the 

total conductance is the sum of the individual contributions according to 

 

1
, ,  (2.156) 

 

 

However, if the voltage is measured between separate voltage probes, as is usually done 

(Fig. 2.14, right), the probe distance d is used instead of Lz 

 

1
, ,  (2.157) 

 

where  is the current applied between the outer electrodes and  is the voltage measured 

between the probes. 

 

It is expedient to introduce the normalized conductance ̅ , which is identical to the 

normalized conductivity , since the geometric factor relating conductance and conductivity 

cancels on normalization 

 

̅ ≡  (2.158) 
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Commonly, the so-called normalized conductivity  is used instead of the normalized 

conductance ̅ . This may be motivated by formally defining  as 

 

≡  (2.159) 

 

where the tilde denotes spatial averages over the sample volume. When evaluating Eq. (2.159) 

it turns out that in all cases of practical importance  is indeed identical to ̅ . 

 

Plugging Eq. (2.157) into Eq. (2.158) yields 

 

≡
1
4

, ,
  (2.160) 

 

which – by means of Eq. (2.154) – can be converted into a relation between the normalized 

conductivity and the oxygen concentration profile 

 

1
4

̅ , ,  (2.161) 

 

Through Eq. (2.161) the oxygen profiles derived above for different rate-determining 

processes can be transformed into an equation describing the relaxation transients of the 

normalized conductivity. 

 

It can be seen that the integral in Eq. (2.161) is actually a special case of the mass transient 

given in Eq. (2.149) for ̅  and thus in this case 

 

 (2.162) 

 

However, it is important to note that this identity is by no means obvious or self-evident and 

requires separate justification as was presented above. For example, Eq. (2.162) does not hold 

if the oxygen flux has a component parallel to the z-axis in Fig. 2.14. 
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Applying Eq. (2.161) to the concentration profiles derived above for the linear configuration 

yields for the conductivity transient under mixed control 

 

1
2 2

 

 

1
2

	 	 2
	 	

 

 

 

tan 		,				 tan ≡ , ≡  

(2.163) 

 

while in the case of diffusion controlled oxygen exchange Eq. (2.163) simplifies to 

 

1
64 1

2 1
1

2 1
 

 

1
64 1

2 1
1

2 1
 

 

(2.164) 

 

  



75 

If the relaxation process is dominated by the surface exchange of oxygen the transient is 

described by Eq. (2.165) 

 

1 1
 (2.165) 

 

and in the more general case where the surface exchange coefficient is a linear function of the 

oxygen concentration, Eq. (2.166) holds 

 

1

 

1

 

 

(2.166) 

In Fig. 2.15 relaxation transients are plotted as normalized conductivity  vs. time for the 

three major models for two-dimensional oxygen exchange. Using linear axes the curve shapes 

are quite similar and good data quality is necessary to identify the correct model (Fig. 2.15, 

left). A very useful representation is obtained when plotting 	 1  against time (‘semi-

logarithmic plot’) shown in Fig. 2.15 (right). At large times all transients become linear in the 

semi-logarithmic representation while showing different characteristics in the short-time 

region (inset in Fig. 2.15, right). This demonstrates the importance of accurate data right after 

the pO2-switch for a correct identification of the control mechanism. While ideal k-controlled 

oxygen exchange gives a straight line in the semi-logarithmic plot, diffusion controlled 

relaxation processes show a pronounced convex shape (downward-bending) at the beginning 

of the relaxation experiment. For oxygen exchange processes under mixed control the 

curvature in the short-time region ranges between these limiting cases and the curvature 

depends on the relative contribution of the surface- and diffusion-process to the overall 

exchange kinetics. 
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Fig. 2.15  Conductivity relaxation transients for different relaxation models for two-

dimensional oxygen exchange.  is plotted on linear axes (left) and in semi-logarithmic 

representation (right). 

 

 

Slopes and intercepts of linear sections in the semi-logarithmic representation can be easily 

derived from the corresponding relaxation equations. For example, from Eq. (2.165) for pure 

surface exchange control 

 

	 1
1 1  

(2.167) 

 

is obtained, which holds during the whole relaxation period. 

 

For two-dimensional diffusion controlled oxygen exchange only the first exponential term in 

Eq. (2.164) remains relevant at large times, giving 

 

1
64

4
1 1

 (2.168) 

 

in the limit of → ∞. Thus, a y-axis intercept of the asymptote of -0.42 ≈ ln(64/π4) indicates 

diffusion controlled oxygen exchange and the diffusion coefficient can be calculated from the 

corresponding slope. A similar expression can be derived from Eq. (2.163) for the model of 

mixed controlled oxygen exchange but may be of less importance since it does not allow 

calculating kchem and Dchem from the slope in the long-time region. However, the intercept at 

the y-axis must lie within the interval of 	 0.42…0 for the mixed control model to apply. 
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For the case of surface controlled oxygen exchange with variable kchem three relaxation curves 

are shown in Fig. 2.16 (left) corresponding to ,  and  (k-control). 

Characteristic differences can be better appreciated from transients in semi-logarithmic 

representation (Fig. 2.16, right) which show upward- or downward-bending in the short-time 

range, depending on whether  is above or below , respectively. For  a straight 

line is obtained. 

 

 

Fig. 2.16  Conductivity relaxation transients for surface controlled oxygen exchange where 

kchem is a linear function of the oxygen concentration and runs from  to  during the 

relaxation process. The curves are plotted on linear axes (left) and in semi-logarithmic 

representation (right) for  (i.e. ideal k-control),  and . 

 

 

The link between the characteristic bending of the variable-k exchange model in semi-

logarithmic representation and the exchange parameter  and  is illustrated in Fig. 2.17 

for one-dimensional two-sided oxygen exchange. As can be derived from Eq. (2.166) the 

slopes of the tangent at 0 and for → ∞ are proportional to  and , respectively. 
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Fig. 2.17  Conductivity relaxation transient for surface controlled oxygen exchange with kchem 

depending linearly on the oxygen concentration. kchem changes from  to  during the 

relaxation measurement with  and  being proportional to the slopes in the short- and 

long-time regions, respectively. The convex shape of the relaxation transient is due to 

. 
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2.10.2 Van der Pauw geometry 

It has been shown by Preis et al. [168] that the van der Pauw-type electrode arrangement can 

be employed for conductivity relaxation measurements as well, provided the current is 

flowing perpendicular to the direction of oxygen diffusion (see section 2.8.2). 

 

 

 

Fig. 2.18  Rectangular flat sample of thickness 2a contacted in van der Pauw geometry. A 

layer of infinitesimal thickness dz is shown in the perspective view (left). The right diagram 

gives a top view showing equipotential lines (boundaries between colored regions) as well as 

current density vectors [204]. 

 

 

This can be shown on the basis of Eq. (2.99), which was derived for a flat sample of thickness 

d but can equally well be applied to a sheet of infinitesimal thickness dz (Fig. 2.18, left), since 

the conductivity is constant within the layer when oxygen flow is restricted parallel to the z-

axis in Fig. 2.18 (see also Fig. 2.7, left) 

 

V
1

	
1
,

1
,

  (2.169) 

 

In Eq. (2.169)  includes all factors that are constant over the sample thickness, including the 

logarithmic term containing the geometric arrangement of the electrodes. The effect of the 

finite size of the electrodes – as indicated in Fig. 2.18 – is neglected in the theoretical 

treatment where infinitely thin line contacts are assumed. Errors in conductivity caused by 

extended contacts have been discussed in section 2.6.2. 
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Thus, the conductance of a layer of thickness dz is 

 

,  (2.170) 

 

and since the sample slab can be assembled by stacking such layers electrically connected in 

parallel, the infinitesimal conductances add up according to  

 

,  (2.171) 

 

Inserting Eq. (2.171) into the definition of  gives 

 

≡
1
2

,
 (2.172) 

 

and taking into account the relationship between electrical conductivity and oxygen 

concentration (Eq. (2.154)) yields 

 

1
2

̅ ,  (2.173) 

 

Similar to the linear sample geometry, the integral in Eq. (2.173) can be considered as a 

special case of the weight relaxation transient given in Eq. (2.149) for ̅ , . Thus 

 

 (2.174) 

 

but it is again emphasized that Eq. (2.174) cannot be taken for granted but has to be derived 

separately based on the local current-voltage relationship within the sample. Indeed, if oxygen 

is flowing normal to the z-axis in Fig. 2.18, Eqs. (2.173) and (2.174) become invalid. 
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Applying Eq. (2.173) to the various expressions of ̅ derived for one-dimensional oxygen 

transport (i.e. Eqs. (2.134), (2.140), (2.146) and (2.148)) yields equations of the corresponding 

transients to be applied to conductivity relaxation measurements on van der Pauw contacted 

samples. 

 

For the case of mixed controlled oxygen exchange Eq. (2.175) is obtained 

 

1
2

 

tan ≡

 

(2.175) 

 

which in the case of pure diffusion control simplifies to 

 

1
8 1

2 1
  (2.176) 

 

For surface controlled oxygen exchange with constant kchem Eq. (2.177) holds 

 

1
 (2.177) 

 

while for the more general case of a k-controlled exchange where the surface exchange 

coefficient linearly depends on the oxygen concentration, Eq. (2.178) is obtained 

 

1
 

(2.178) 

 

In the above relaxation models a is identical to the sample thickness L for one-sided oxygen 

exchange but has to be substituted by L/2 in case of two-sided oxygen flux. 
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Fig. 2.19 shows transients for different types of exchange control in linear and semi-

logarithmic representation. The characteristic features are similar to those discussed above for 

the linear electrode arrangement. 

 

 

Fig. 2.19  Conductivity relaxation transients of relaxation models for one-dimensional oxygen 

exchange.  is plotted on linear axes (left) and in semi-logarithmic representation (right). 

 

 

At large times relaxation transients become linear in a semi-logarithmic representation. For k-

controlled oxygen exchange 

 

1
 

(2.179) 

 

while for the model of diffusion controlled exchange the long-time approximation yields 

 

1
8

4
for → ∞ 

 
(2.180) 

 

with an y-axis intercept of -0.21 ≈ ln(8/π2). For mixed controlled oxygen exchange the 

intercept at the y-axis is between 0 and -0.21. 
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It is interesting to note that for the model of diffusion controlled oxygen exchange a short-

time approximation is available 

 

2

√
√ for √ ≪  (2.181) 

 

which holds in the initial stage of the diffusion process where the diffusion length √  is 

significantly below the sample thickness and the system does not yet perceive the 

impenetrable boundary at the far end. 
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2.11 Flush time correction 

In the case of conductivity relaxation measurements the reactor volume necessary to 

accommodate the sample, wirings, thermocouples and possibly an oxygen sensor can be made 

rather small. Therefore, the pO2-change inside the reactor after a gas switch can usually be 

assumed to follow an ideal step function (Fig. 2.20, right). 

 

However, such an approximation is becoming inaccurate for specimens showing fast 

relaxation behavior as observed for thin samples or at high temperatures. In this case 

corrections should be applied to the models to take into account the flush time of the reactor. 

This is achieved by considering the flushing behavior of a continuous ideally stirred tank 

reactor (CISTR) as illustrated in Fig. 2.20. 

 

 

Fig. 2.20  Illustration of the flushing process inside a reactor of volume Vr where the oxygen 

partial pressure of the inflow is  and the O2-pressure of the gas leaving the reactor relaxes 

from the initial value  to  (left). The right diagram compares the ideal pO2-step (blue 

line) with that of a reactor with a time-constant τr = 3 s (red line), showing the normalized 

oxygen partial pressure ̅ ≡ /  as a function of time. 

 

 

Setting up the mass balance of oxygen for the empty reactor and converting amounts to partial 

pressures via the ideal gas equation gives 

 

 (2.182) 

 

where  is the total volumetric gas flow into and out of the reactor. 
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Solving Eq. (2.182) with the initial condition 0  yields 

 

 (2.183) 

 

and normalizing the oxygen partial pressure in Eq. (2.183) in analogy with ̅  and ̅  

leads to 

 

̅ ≡ 1  (2.184) 

 

where ≡  is the so-called reactor flush time, i.e. the time constant of the reactor. The 

larger the reactor volume and the smaller the gas flow through the reactor are, the longer it 

takes to replace the gas inside the reactor. It should be noted that  is not identical to the flow 

adjusted by means of flow controllers outside the furnace, because the volumetric gas flow is 

a function of temperature according to 

 

 (2.185) 

 

where  is the total gas flow through the flow controllers at temperature  and  is the 

reactor temperature (both in Kelvin). Thus, the time constant of the reactor can be estimated 

from 

 

 (2.186) 

 

if the reactor volume is known [178]. Conversely, Eq. (2.186) allows to estimate the reactor 

volume after the time-constant of the reactor has been determined by fitting Eq. (2.184) to an 

experimental pO2-transient of the empty reactor recorded with an oxygen sensor. Fig. 2.20 

(right) shows the normalized pO2-transient of a CISTR compared with an ideal pO2-step. 

 

It should be mentioned that the assumption of a certain pO2-transient of the empty reactor, be 

it unit step, exponential or any other, neglects the contribution of the sample which itself 

absorbs or releases oxygen after a change of the gas composition. Hence, it is assumed that 



86 

the gas flows and/or the reactor volumes are large enough to buffer or to quickly purge or 

replenish the oxygen released or absorbed by the sample and thus oxygen starvation or 

accumulation effects around the sample surface do not occur. 

 

To take into account the non-ideal gas change around the sample the analytical equations of 

all conductivity transients given above could be recalculated from scratch after incorporating 

Eq. (2.183) into the boundary conditions. However, den Otter et al. provided an elegant way 

by which the updated equations can be derived on the basis of the existing ones using linear 

response theory [178]. This theory applies to all different types of transients given above, 

except for the case of surface controlled oxygen exchange with variable kchem in Eq. (2.166), 

because of the non-linearity of the corresponding differential equation (2.147). 

 

Thus, the sample can be viewed as a linear system that takes a (normalized) pO2-profile as 

input and whose response or output is a change in (normalized) conductivity. According to 

linear response theory this interrelation between input and output can be described by a 

simple expression when transformed to Laplace-space 

 

̅  (2.187) 

 

where  is the so-called transfer function of the linear system which establishes the 

relation between the Laplace transforms of an arbitrary input ̅  and the corresponding 

output ̅ .  and  denote the independent variables in the Laplace-domain and time-

domain, respectively, and will be omitted in the following. Once Eq. (2.187) is established for 

a single input-output pair, the transfer function of the system can be obtained and the response 

to any other input function can be calculated. 

 

Applying Eq. (2.187) to the relaxation curves derived above, which are the response to the 

normalized ideal pO2-step, gives 

 

1
 (2.188) 

 

where 1⁄  is the Laplace-transform of the unit-step function. 

 



87 

Thus, the transfer function is 

 

 (2.189) 

 

where  is the Laplace-transform of the conductivity transient obtained for an ideal pO2-

step. The response to the pO2-input of the CISTR can now be determined as 

 

1 1
 (2.190) 

 

where  is the Laplace-transform of ̅  for the CISTR (Eq. (2.184)). 

Plugging Eq. (2.189) into Eq. (2.190) gives 

 

1 1
 (2.191) 

 

Finally, considering that multiplication in Laplace-domain corresponds to convolution in the 

time domain, Eq. (2.191) can be transformed back to the time domain, yielding 

 

1 	 1
  (2.192) 

 

Thus, any of the Eqs. (2.163), (2.164), (2.165), (2.175), (2.176) and (2.177) can be converted 

to include the reactor flush time correction by calculating the convolution integral given in 

Eq. (2.192). 

 

The generic form of the relaxation equations for bar-shaped samples contacted in linear four-

point geometry including flush time correction is 

 

1
	

,
,

,

,
	
	   (2.193) 
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and a similar expression is obtained for flat samples in van der Pauw geometry 

 

1
	

 (2.194) 

 

where ,  and  are the pre-exponential factors in the corresponding series, ,  and  

are time constants in the exponential terms of the model function and  is the flush time of 

the reactor. Eqs. (2.193) and (2.194) include k-controlled transients as well, in which case the 

sums can be considered to consist of a single term. It should be mentioned that the double 

sum in Eq. (2.193) cannot be factored into single sums for 0 which makes the numerical 

evaluation more cumbersome and slows down computation. 

 

Fig. 2.21 shows conductivity relaxation transients with a reactor flush time of 3 s calculated 

according to Eq. (2.194). The flushing process of the reactor manifests itself in a slight 

inflection of the transients at the beginning of the experiment [181]. 

 

 

  

Fig. 2.21  Calculated conductivity transients of relaxation models for one-dimensional oxygen 

exchange and a reactor flush time  = 3s.  is plotted on linear axes (left) and in semi-

logarithmic representation (right). Insets give magnified views of short-time data showing the 

characteristic curvature caused by reactor flushing. 

 

 

It is important to note that flush time corrections cannot be adopted to correct for arbitrarily 

large reactor volumes. If the time constant of the reactor is too large compared to the 

relaxation time of the sample itself, crucial information contained in the short time range of 
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the conductivity transient is lost which makes results obtained from non-linear fitting 

ambiguous. This point is further elaborated in the experimental chapter. According to an 

estimation given by den Otter et al. flush time correction can be neglected if the duration of 

the experiment is at least 500 or 5000 times larger than  for diffusion and surface controlled 

oxygen exchange, respectively [178]. Moreover, the authors present criteria when flush-time 

correction can and should be performed and when it becomes impossible to obtain both kchem 

and Dchem from a single experiment [178]. 
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3 Experimental 
 

3.1 Setup 

Fig. 3.1 gives an illustration of the setup used for electrical conductivity and conductivity 

relaxation measurements. Experiments were performed in a quartz reactor placed in a 

horizontal tube furnace equipped with a temperature controller (Eurotherm Mod. 2416). 

During each measurement the reactor was flushed with appropriate oxygen-argon gas 

mixtures at total flow rates of 2-8 L/h (STP). Gas mixtures were either taken directly from the 

gas bottle as delivered by the gas supplier or were established by means of mass flow 

controllers (MFCs) mixing oxygen and argon in the appropriate ratio. Sample temperature and 

oxygen partial pressure (pO2) were measured with a potentiometric oxygen sensor with 

integrated S-thermocouple (MicroPoas, Setnag) placed close to the sample. The oxygen 

sensor has an internal oxygen reference (Ir/IrO2 solid state buffer) with linear temperature-

voltage characteristics in the operating range between 700 and 900°C. For measuring the 

sensor signal a high-impedance voltmeter (Keithley Mod. 2000) was used since a minimum 

internal resistance of 1 GΩ is specified by the sensor manufacturer. A National Instruments 

device (NI 9211 with 9162 USB-Carrier) was used for converting the thermocouple signal 

into temperature and interfacing with the computer. In some cases sample holders without 

oxygen sensors (S-thermocouple only) as well as ball-flowmeters with needle valves were 

employed when using pre-mixed gases from the supplier. 

 

The dc conductivity was measured using the four-point method in either van der Pauw or 

linear electrode geometry. Van der Pauw measurements were performed using a source-meter 

(Keithley Mod. 2400) acting both as current source and voltmeter. Automated I/U-switching 

between contacts was performed by changing between front and rear panel linked by wires in 

90° rotational displacement. In some cases a voltmeter (Keithley Mod. 2000) with plug-in 

scanner card was used to allow for a complete 4×90° scan for increased accuracy and to check 

the quality of the electronic contacts. Currents of 100-500 mA were applied, depending on the 

sample resistance, and each I-U measurement was repeated in reversed current direction to 

eliminate thermal offsets by subsequent averaging. 

 

Four-point dc conductivity relaxation measurements were conducted by oxygen partial 

pressure steps of factor 2 or smaller while recording the transient voltage signal as a function 

of time. Currents were applied using a current source (Keithley Mod. 2400 or Knick J 152) 
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and the voltage was measured with a nano-voltmeter (Keithley Mod. 182 or 2182). Using a 

sensitive digital voltmeter in conductivity relaxation measurements is important for obtaining 

stable and low-noise voltage transients, considering that the changes in voltage are usually 

below 1 mV, sometimes as low as 50 µV. 

 

A four-way valve was used for manually switching between different gas streams, feeding 

one gas flow into the reactor while venting the other. For degradation investigations in humid 

atmospheres the gas streams were passed through water flasks before entering the reactor. The 

flasks were filled with deionized water and thermostatted at a temperature corresponding to 

the desired pH2O under equilibrium conditions. 

 

 

Fig. 3.1  Setup used for conductivity and conductivity relaxation measurements: 1 – gas 

supply, 2 – mass flow controllers (MFCs), 3 – manual four-way valve, 4 – gas bypass through 

thermostatted water flask used for humidification, 5 – furnace with temperature controller, 6 – 

sample, 7 – oxygen sensor with integrated S-type thermocouple (TC), 8 – quartz reactor with 

flange and mounted sample holder. Blue arrows denote gas flows. Components are not to 

scale. 
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Materials for piping, fittings, flanges and valves in the gas supply were Cu or Cu-alloys 

except when using SO2-containing gases, where stainless steel components had to be 

employed due to the reactivity of sulfur with Cu. Sample and oxygen sensor were mounted on 

an alumina rod inserted in the quartz reactor and sealed by a flange with centering ring and 

O-ring gasket. The alumina rod contains 8 capillaries used for inserting leads to the sample 

and O2-sensor. Gold wires were used to establish contacts to the sample while the leads of 

oxygen sensor and thermocouples were Pt-based. All measuring devices were interfaced to a 

computer via GPIB or USB. Data acquisition was performed with software developed in-

house using LabView ®. 
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3.2 Equipment 

Density measurements of the raw powder were performed by helium-pycnometry 

(Quantachrome Ultrapycnometer 1000). Particle size distribution of the raw powder was 

determined by laser-diffractometry using a particle size analyzer (CILAS 1064). Powders 

were milled in a planetary ball mill (Fritsch, Pulverisette 7) using zirconia-lined milling cups 

with zirconia balls (Ø 2mm) in ethanol. Sintering curves and thermal expansion coefficients 

of the compounds were measured with a dilatometer (Netzsch DIL 402 PC) using Al2O3 as 

reference material. Thin silver layers were deposited onto the sample surface using a 

sputtering machine (Baltek MED 020). 

 

Chemical composition and microstructure were determined by scanning electron microscopy 

(SEM; Cambridge Stereoscan 250 MK3) with energy dispersive X-ray spectroscopy (EDX; 

Oxford Instruments 6272). Crystal structure and phase purity was investigated by X-ray 

diffraction (XRD; Bruker AXS D8 Advance) using Cu-Kα radiation in the range 

10° ≤ 2θ ≤ 100° with a step size of 0.020° and acquisition time of 2-3 s per step. 

 

The chemical composition of the sample surface was quantified by X-ray photoelectron 

spectroscopy (XPS). The measurements were carried out at room temperature in ultrahigh 

vacuum at a base pressure of 2·10-10 mbar utilizing a Thermo MultiLab 2000 spectrometer 

equipped with an alpha 110 hemispherical analyzer from Thermo Electron, operated in the 

constant analyzer energy mode at a pass energy of 100 eV corresponding to 2.5 eV overall 

resolution. The analysis spot size was set to 500-600 µm. XPS-spectra were collected using 

Al Kα (1486.6 eV) or Mg Kα radiation (1253.6 eV) The chemical composition was obtained 

from peak areas in survey scans, performing a linear background subtraction and taking into 

account Scofield sensitivity factors for each constituent [205]. Depth profiles were obtained 

by an EX05 Ion Gun from Thermo Electron providing a 3 keV argon ion beam, irradiating a 

ca. 2×2 mm² surface area at an ion current of 1.0-2.5 µA. 
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3.3 Sample preparation 

Powders as well as sintered pellets of La2NiO4+δ, Pr2NiO4+δ and Nd2NiO4+δ were obtained 

from different commercial and non-commercial sources.  

 

Applications of mixed-conducting ceramics may require densely sintered components, as in 

the case of oxygen-separating membranes, or rather porous structures, as for SOFC- and 

SOEC-electrodes. However, regardless of the structural features of the final product, it is 

important to use densely sintered bodies for the investigation of basic materials properties or 

otherwise some kind of average quantity of both material and pores will be obtained. For 

example, using porous samples for materials characterization will give too low electrical 

conductivities, since pores are non-conducting, and may yield too high oxygen diffusion 

coefficients, since gas phase diffusion is faster than solid state diffusion. While in the case of 

electrical conductivity correction formulas have been proposed in the literature to account for 

sample porosity [66,206,207], such formulas are not available for diffusivities. 

 

A convenient measure to specify the amount of porosity in a sintered body is the relative 

density, which is the ratio of the actual density and the theoretical density as calculated from 

the crystal structure. While densities of arbitrarily shaped bodies can be determined by 

different techniques such as Archimedes method or helium-pycnometry, care should be taken 

to choose a technique that does not exclude parts of the porosity from the result as, for 

example, helium penetrating into open pores. In this respect the most reliable way to 

determine the density is probably using the sample mass and dimensions and calculating a 

geometric density, which of course requires rather regularly shaped bodies. Samples with 

relative densities above 95% are usually considered to be sufficient since they can be assumed 

to possess no open porosity [208] and are expected to yield reliable results in diffusion 

measurements [70]. 

 

In the case of unsubstituted nickelates samples with relative densities of above 95% were 

obtained after isostatic pressing at 200-300 MPa and sintering at 1350°C for 4-10 hours with 

heating and cooling rates of 2 K/min. From the sintered tablets slabs or bars were cut with a 

diamond wire saw, ground with a diamond grinding disk and polished on polymer-embedded 

diamond lapping films with 30, 6, and 1 µm particle size. After the final polishing step the 

sample was cleaned for 10 min in acetone in an ultrasonic bath. 
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Electrical contacts were established by attaching four gold wires (Ø 0.1mm, twisted) to the 

sample with gold paste (Metalor T-10112). The gold paste was burned in for 15 min at 850°C 

after a drying step at 150°C for 10 min, with heating and cooling rates of 2°C/min. The 

contact quality can be assessed by measuring the resistance between each pair of gold wires at 

room temperature with a multimeter. Well established contacts show a resistance below 1 Ω. 

 

XRF-analysis of the gold paste showed Bi, Cd and Pb as additives. Bi was regularly detected 

by post-test XPS-analyses on the surface of samples contacted with the gold paste. No traces 

of Cd or Pb were detected by XPS-analysis on the sample surfaces, either due to the higher 

volatility of Cd- and Pb-oxides or because of a possibly higher reactivity of Bi with the 

nickelate compounds. However, an impact of Bi on the electronic conductivity or oxygen 

transport parameters was not observed. 

 

In the case of Pr2NiO4+δ it was necessary to keep the temperature below 700°C during sample 

preparation due to a phase decomposition process observed above that temperature. Contacts 

were initially prepared by using silver paste (dmc2, Degussa) as a contact paste, burned in at 

600°C for 1 hour with heating and cooling rates of 2°C/min. However, results from 

thermogravimetric investigations suggested that the phase decomposition might be suppressed 

in the absence of oxygen in the gas phase. Thus, an alternative contacting method was tested 

for Pr2NiO4+δ where the gold paste was burned in under flowing argon according to the 

temperature profile stated above. This was done in two steps, where the gold paste was first 

burned in at 600°C under air, the sample mounted in the reactor and heated in-situ to 850°C 

while flushing the reactor with pure Ar. No increase of the compound’s electronic 

conductivity was observed after such heat treatment, indicating the absence of decomposition 

products in the material. A detailed discussion of the phase stability of Pr2NiO4+δ and its 

dependence on temperature and pO2 is given in chapter 4. 

 

Two different sample geometries have been employed to determine the electronic 

conductivity and perform conductivity relaxation experiments. One sample design was a flat 

slab contacted in van der Pauw electrode configuration. In this configuration the sample can 

be polished to a rather small thickness and samples as thin as 100 µm have been successfully 

prepared. Contacts have been established by attaching a twisted gold wire with a loop at its 

closed end to each corner of the sample using gold paste (Fig. 3.2, top left). The contacted 

sample was mounted in a hand-made quartz holder to fix the position and orientation of the 
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sample since the thin gold wires tend to deform at higher temperatures. The quartz holder was 

used to accommodate additional pieces of the material for subsequent analytical investigations 

(Fig. 3.2, top right). For thicker samples wire loop contacts became impracticable and an 

alternative contacting scheme consisted in cutting vertical grooves along the thin edges 

(Fig. 3.2, bottom left and right). 

 

 

  

  

  

Fig. 3.2  Contacting schemes for a flat sample design. For very thin samples gold wires were 

attached via gold loops to the sample corners (top left) with gold paste. Usually the sample 

was mounted in a quartz holder, which – if required – can be equipped with additional pieces 

of sample material for later investigation (top right). For thicker samples, vertical grooves are 

cut along the sample edges (bottom left) where silver paste was used in this case as contacting 

paste (bottom right). 
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The flat sample design was mainly used to obtain surface exchange coefficients of oxygen 

especially in connection with long-term investigations of degradation phenomena, which are 

usually limited to the sample surface and thus mainly affect the surface exchange process of 

oxygen. For a reliable determination of diffusion coefficients the preparation of thick samples 

was required. However, in the flat design the sample sheets cannot be made arbitrarily thick 

without violating the assumption of one-dimensional diffusion necessary in the evaluation of 

conductivity relaxation measurements (see section 2.5.2). Thus, bar-shaped samples were 

used to improve the accuracy for diffusion coefficients obtained by relaxation experiments. 

 

  

  

  

Fig. 3.3  Contacting scheme for bar-shaped samples. The dimension of the sample shown is 

roughly 4×4×10 mm3. Thin groves have been cut around the sample to improve positioning of 

wires used as voltage probes (top left). Large-area current-carrying contacts were established 

at the front faces of the sample using gold foils (top right). The finished sample is shown in 

the bottom left picture. To improve the oxygen surface exchange rate a thin silver layer was 

sputtered onto the sample surfaces (bottom right). 
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Bar-shaped samples were contacted at both front faces with gold wires and two layers of gold 

foil fixed with gold paste (Fig. 3.3, top right). The gold foils serve as large-area contacts for 

applying the current. Furthermore, they impede oxygen incorporation from the gas phase into 

the sample, thus precluding any diffusion along the sample axis along the current lines (see 

sections 2.5 and 2.10.1). Two thin grooves have been cut along the sample circumference for 

easier attachment of the voltage probes (Fig. 3.3, top left). The grooves were symmetrically 

positioned with a spacing of roughly one third of the bar length [163]. Gold wires were wound 

around the grooves and fixed with gold paste (Fig. 3.3, bottom left). In some cases silver was 

sputtered on the sample surface to improve the surface exchange rate of oxygen (Fig. 3.3, 

bottom right). 
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3.4 Particle size distribution 

Sample powders were characterized with respect to particle size distribution before sintering. 

To achieve a stable particle suspension 0.2 g of powder (or few drops of suspension from the 

milling cup) were mixed with 0.2 g NPA as dispersant (Na-polyacrylate, molecular mass 

2100) in 20 ml deionized water and treated with an ultrasonic rod for several minutes. 1 g 

NPA was dissolved in the circulating water flow of the particle analyzer before adding the 

nickelate suspension. The ultrasonic unit of the analyzer was turned on during the 

measurement. 

 

Fig. 3.4 (left) shows the particle size distribution of La2NiO4+δ as-delivered. The large-

diameter fraction of the bimodal distribution is most likely due to hard agglomerates which 

are detrimental for obtaining high sinter densities. The powder was milled in a planetary ball 

mill 6 times for 10 min at 900 rpm with intermittent cooling intervals of 30 min. This 

procedure effectively destroys large agglomerates and affords a unimodal size distribution 

with an average particle size of 1 µm (Fig. 3.4, right). 

 

 

Fig. 3.4  Particle size distribution of La2NiO4+δ before (left) and after milling (right). Hard 

agglomerates are destroyed by milling and an approximate log-normal distribution with a 

mean particle size around 1 µm is achieved. Black curves denote volume density functions 

(q3), red lines are the corresponding cumulative distributions (Q3). 
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3.5 Sintering behavior 

To determine optimal sintering conditions for dense samples, sintering curves have been 

recorded by dilatometry. The sintering behavior of La2NiO4+δ was investigated by recording 

the shrinkage of a powder compact up to 1400°C (3 h dwell) with heating and cooling rates of 

1 K/min (Fig. 3.5). From the first derivative of the sintering curve the temperature of 

maximum densification is found at 1330°C. Based on this result a sintering temperature 

slightly above that maximum of 1350°C appears appropriate for obtaining highly dense 

samples [209], which coincides with the sintering temperature frequently reported in the 

literature for rare earth nickelates. 

 

 

Fig. 3.5  Sintering curve of a green compact of La2NiO4+δ in air (black line) and its first 

derivative (blue line). On the basis of the derivative curve a sintering temperature of 1350°C 

was chosen for the preparation of densely sintered samples. 
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3.6 Reactor flush time 

Flush times of an empty reactor used for conductivity relaxation measurements were 

determined at 725°C for different oxygen partial pressures and flow rates. Fig. 3.6 shows 

results after pO2-steps for both increasing and decreasing oxygen partial pressures. Time 

constants  of the reactor have been obtained by fitting Eq. (2.184) to the data. 

 

 

Fig. 3.6  Flushing transients of a quartz reactor used for conductivity relaxation measurements 

in oxidizing (1%O2/Ar ⟶ O2, left) and reducing (O2 ⟶ 1%O2/Ar , right) directions at 725°C 

and a total gas flow of 1 L/h. Normalized oxygen partial pressures are shown as black lines 

while red lines correspond to fitting curves. 

 

 

Flushing experiments have been repeated at 725°C for several gas mixtures at total gas flows 

of 1 L/h and 2 L/h (Fig. 3.7). As a rule, flush times obtained for gas switches to lower pO2 

were slightly larger than those in the opposite direction. 

 

It can be seen from Fig. 3.7 that the average reactor flush time for 1 L/h gas flow was around 

4.75 s and is reduced to half of that value when the gas flow is doubled. Reactor volumes 

calculated from  according to Eq. (2.186) are around 4 cm3 which is in good agreement with 

the volume estimated from the reactor geometry. Of course, for real measurements the 

effective volume is somewhat lower due the presence of the sample and sample holder. 
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Fig. 3.7  Time constants  of the quartz reactor used for conductivity relaxation 

measurements at 725°C and a gas flow of 1 L/h (left) and 2 L/h (right). Gas mixtures stated in 

the diagrams were switched in both directions from low-to-high (ox) and high-to-low (red) 

oxygen partial pressures. 

 

 

The effective reactor flush time during a relaxation measurement is not solely a function of 

reactor volume, gas flow and temperature but is also influenced by the positioning and 

orientation of the sample. Two different arrangements have been investigated for a flat sample 

of La2NiO4+δ contacted in van der Pauw geometry (Fig. 3.8). The parallel-flow orientation 

(Fig. 3.8, left) obviously offers less resistance to the gas flow but the perpendicular-flow 

arrangement (Fig. 3.8, right) allows for a simpler connection to the leads. 

 

 

Fig. 3.8  Two different sample orientation tested for conductivity relaxation measurements: 

parallel-flow (left) and perpendicular-flow (right). Gold leads and the tip of the alumina rod 

are displayed. 

 

 

 



103 

Fig. 3.9 (left) shows conductivity relaxation curves at 700°C corresponding to parallel-flow 

and perpendicular-flow arrangements of the sample. Perpendicular-flow orientation causes 

larger effective reactor flush times as evidenced by differences in curvature in the short-time 

region of the transients. This is illustrated more clearly in the semi-logarithmic plots of the 

first 500 s of the relaxation experiment as shown in Fig. 3.9 (right). 

 

 

Fig. 3.9  Conductivity relaxation transients of La2NiO4+δ 700°C and a pO2-step of 0.01 ⟶ 

0.015 bar for two different sample orientation inside the reactor (see Fig. 3.8). Total gas flow 

was set to 2 L/h. 

 

 

Large reactor flush times may impede or even prevent an accurate determination of transport 

parameters by non-linear curve fitting. However, if the type of exchange control has already 

been established to be either diffusion or surface controlled, reliable values of the transport 

parameters may still be obtained since they are essentially determined by the slope in the 

linear region of the semi-logarithmic representation. 

 

However, special care must be taken when using such measurements to determine the type of 

control based solely on the fitting quality of the different models to the data. This is because 

large reactor flush times obscure the curve shape in the short time range, which contains the 

essential information regarding the dominating contribution to the exchange process. Since in 

the long-term range all relaxation models become linear in a semi-logarithmic representation 

(i.e. they all converge to an exponential form of type 1 ∙  at large times), that range 

cannot be used to determine the exchange control mechanism and by choosing the wrong 

model transport parameter mays be determined that are actually not contained in the data. 
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This is demonstrated in Fig. 3.10 (left) where the conductivity transient of a sample mounted 

perpendicular to the gas flow was fitted by a diffusion controlled model while the reactor 

flush time was treated as an additional fitting parameter. The quality of the fit is excellent, 

however the oxygen exchange is definitely not dominated by diffusion as has been established 

through separate relaxation measurements. Repeating regression analysis with the correct 

model, that is assuming surface controlled oxygen exchange, yields an equally good match 

with the data and the obtained surface exchange coefficient is in fairly good agreement with 

results from independent relaxation measurements (Fig. 3.10, right). 

 

In the case of mixed controlled relaxation the information contained in the short-time data is 

indispensable since kchem and Dchem cannot be unambiguously obtained from the linear slope in 

the semi-logarithmic plot. 

 

 

Fig. 3.10  Relaxation curve of a sample of La2NiO4+δ mounted perpendicular to the flow (see 

Fig. 3.8). The left diagram shows results assuming diffusion controlled oxygen exchange 

(Dchem = 8.8·10-6 cm2s-1,  = 89 s), the right plot gives results using the fitting model for 

surface control (kchem = 3.0·10-4 cm s-1,  = 39 s). The fitting quality is excellent in both cases, 

however, diffusion controlled oxygen exchange is the wrong model. 
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3.7 Oxygen depletion in the gas phase 

Problems may arise with conductivity relaxation measurements performed at low oxygen 

partial pressures because the oxygen uptake of the specimen may be actually limited by the 

amount of oxygen supplied by the gas flow rather than being controlled by the oxygen 

exchange kinetics between the gas phase and the sample. A relaxation experiment of 

La0.6Sr0.4CoO3-δ at 700°C and around 1·10-3 bar pO2 was investigated in more detail to check 

whether oxygen exchange may be limited by the oxygen capacity of the gas. According to 

oxygen stoichiometry data given by Bucher [210] the non-stoichiometry of the sample 

decreases by Δδ = -5.2·10-3 when switching from 1.0·10-3 to 1.5·10-3 bar pO2 at 700°C 

(Fig. 3.11). 

 

 

 

Fig. 3.11  Calculated change in oxygen stoichiometry of La0.6Sr0.4CoO3-δ as response to a pO2 

switch between 1.0·10-3 and 1.5·10-3 bar at 700°C [210]. 

 

 

For a surface exchange controlled relaxation process of La0.6Sr0.4CoO3-δ at 700°C and pO2 = 

1·10-3 bar a chemical surface exchange coefficient of 4.1·10-5 cm s-1 has been obtained 

(Fig. 3.12). 
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The electrical conductivity  of La0.6Sr0.4CoO3-δ is dominated by electronic conduction via 

holes ⋅ [211,212] 

 

⋅ ⋅ ⋅  (3.1) 

 

where  is the elementary charge, ⋅ the hole mobility and ⋅ the concentration of defect 

electrons. Applying the local electroneutrality condition gives 

 

⋅ 2 ⋅⋅  (3.2) 

 

and as  is constant, a linear relationship between ⋅ and ⋅⋅ (∝ ) can be established. 

Assuming that the electronic mobility is independent of hole concentration, Eqs. (3.1) and 

(3.2) entail a linear correspondence between σ and δ [211]. 

 

Thus, the normalized conductivity  is equal to the normalized oxygen non-stoichiometry  

 

≡ ≡  (3.3) 

 

and therefore 

 (3.4) 

 

The oxygen flux through the sample surface corresponds to the rate of change of  according 

to 

 

1 1
2  (3.5) 

 

where  and  are the sample surface and volume, respectively and  is the molar volume 

of the compound. 
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The molar flow of oxygen through the sample surface  is obtained by combining Eqs. 

(3.3) and (3.5) 

 

| 	 |
1
2

 (3.6) 

 

and the time dependence of  is modeled by k-controlled oxygen exchange 

 

1
 (3.7) 

 

Inserting Eq. (3.7) into Eq. (3.6) gives the total oxygen flow into the sample. With 

60	 , 32	 , 0.0052 and L = 0.02 cm the surface exchange 

coefficients results as kchem = 4.1·10-5 cm s-1. 

 

Such an oxygen demand is to be compared with what can be supplied by the gas stream 

through the reactor, which is calculated by 

 

 (3.8) 

 

where pO2 = 1·10-3 bar, 2	 /  (gas flow as measured by flow controllers) and the 

temperature 298	 . 

 

Fig. 3.12 (right) illustrates that for an oxygen partial pressure of 10-3 bar and a total gas flow 

of 2 L/h the oxygen supply is by a factor of 10 larger than the oxygen demand of the sample 

during the initial phase of the sample oxidation, where the oxygen influx rate is at its 

maximum. 
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Fig. 3.12  Relaxation transient of La0.6Sr0.4CoO3-δ at 700°C and pO2 1.0·10-3 ⟶ 1.5·10-3 bar is 

plotted in the left diagram including a fitting curve for surface controlled exchange (kchem = 

4.1·10-5 cm s-1). The right diagram shows the calculated molar flux of oxygen through the 

sample surface (green line) as well as oxygen flow rates in the gas supply at different pO2 for 

a total gas flow of 2 L/h (red and blue lines). 
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3.8 Oxidation vs. reduction measurements 

It is a common observation that relaxation processes for oxidizing steps are found to be faster 

than those in the reducing direction. Systematically faster oxidation kinetics have been 

reported by several authors [173,174,181,200,213,214] who proposed various explanations, 

such as experimental difficulties or a non-linear pO2-dependence of kchem and Dchem. This 

effect has also been observed for the nickelates investigated in this work and the dependence 

of the oxygen surface exchange rate on the magnitude of the pO2-step as well as on the gas 

flow rate has been studied in more detail. 

 

Fig. 3.13 (left) shows relaxation curves of oxidation and reduction experiments for a thin 

sample of Nd2NiO4+δ for both the largest and smallest pO2-steps performed. The results 

clearly demonstrate the influence of the magnitude of the pO2-jump on the oxygen exchange 

kinetics. While for a large pO2-step of factor 100 the reduction experiment is significantly 

slower, the transients are almost congruent for a rather small pO2-step of factor 1.3. 

Additional oxidation-reduction experiments using intermediate step-sizes in pO2 confirm the 

trend. Results are given in Fig. 3.13 (right) where ratios between the oxidation curves and the 

corresponding reductions transients are given as a function of time. As can be seen, /

-curves are consistently larger than 1 and decrease with decreasing magnitude of the 

pO2-step. 

 

 

Fig. 3.13  Relaxation curve of Nd2NiO4+δ for pO2-steps of 1·10-2 ⟷ 1 bar and 1·10-2 ⟷ 

1.3·10-2 bar (left). The right diagram shows differences between oxidation and reduction 

experiments by means of ratios of the corresponding relaxation transients. The lower pO2 was 

10-2 bar in all cases. All measurements were performed at 725°C and a total gas flow of 2 L/h. 
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While a definitive explanation of this effect is still lacking, it may be tentatively ascribed to 

the pO2-dependence of the oxygen surface exchange coefficient and possibly, albeit to a lesser 

degree, of the oxygen diffusion coefficient. Data reported by Wang et al. [174] show that 

values of kchem and Dchem determined for La0.5Sr0.5CoO3-δ by conductivity relaxation 

measurements are strongly dependent on the final oxygen partial pressure and less influenced 

by the starting pO2. The same finding has also been established in the case of La2NiO4+δ 

[186]. This, together with the general observation that kchem (and in some cases Dchem as well) 

increase for increasing oxygen partial pressures may account for the observed dependence of 

the exchange kinetics on the direction of the pO2-switch. 

 

It may be desirable to avoid the above-mentioned complications altogether by simply making 

the pO2-steps sufficiently small. However, there is some lower limit to the magnitude of the 

pO2-steps since smaller changes in conductivity result in an increasingly poor signal-to-noise 

ratio, as can be seen from the different noise levels of the experimental curves in Fig. 3.13 

(left). 
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3.9 Effect of gas flow rates on relaxation behavior 

Changing the gas flow rate is a simple way to check for oxygen starvation in the gas phase or 

detect insufficient oxygen removal during oxidation and reduction runs. However, no such 

effects could be observed when varying the flow rates between 2 and 8 L/h. Fig. 3.14 (left) 

compares relaxation curves of Nd2NiO4+δ for oxidation and reduction at 725°C. Virtually no 

difference could be observed between results for gas flow rates of 2 and 5 L/h. The same 

finding was obtained for measurements of La2NiO4+δ at 700°C and 800°C and flow rates of 2 

and 8 L/h (Fig. 3.14, right). After changing the gas flow rates care should be taken to re-adjust 

the temperature set-point of the furnace because variations of the gas flow result in shifts of 

the sample temperature up to several degrees centigrade due to changes in heat removal by the 

gas phase. Finally, it should be pointed out that the systematic difference in relaxation kinetics 

between oxidation and reduction experiments remains unaffected by changes in the gas flow 

rates as well, thus excluding mass transfer limitations of oxygen by the gas phase as the origin 

for the observed discrepancy between oxidation and reduction runs. Rather, this discrepancy 

appears to be related to the magnitude of the oxygen pressure swings as discussed in 

section 3.8. 

 

Fig. 3.14  Effects of variations of the gas flow rate on the oxygen exchange kinetics. The left 

diagram shows relaxation curves of Nd2NiO4+δ at 725°C and 0.01 ⟷ 0.02/0.025 bar pO2 for 2 

and 5 L/h gas flow rates. The right diagram compares results for La2NiO4+δ between flow 

rates of 2 and 8 L/h at 700°C and 800°C with 0.01 ⟷ 0.015 bar pO2. Insets show magnified 

parts of relaxation curves. 
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3.10 Effect of Ag-deposition on the oxygen surface exchange rate 

Even though surface exchange is rather fast for nickelates it dominates the overall oxygen 

exchange between gas phase and bulk at lower temperatures. This makes the surface 

exchange the bottleneck in the overall oxygen transport process and presents an obstacle to 

the reliable determination of chemical diffusion coefficients. One way to enhance the 

contribution of diffusion to the overall oxygen exchange process is to increase the thickness 

of the sample. However, there may be limits to the sample size given by the volume or 

diameter of the reactor used for relaxation experiments. Another way to render the diffusion 

process more dominant is by improving the surface exchange kinetics for oxygen. This has 

been reported by Li and Haugsrud [186], who used a La2NiO4+δ-sample coated with nano-

powder of the same material. A similar method is employed in this work where the surface 

exchange rate is increased by covering the surface with a thin layer of silver [215]. 

 

Silver layers of roughly 200 nm were sputtered on the surface of bar-shaped nickelate 

samples. After applying 100 nm the sample was turned around by 180° to avoid shadowing 

effects by the sample and to guarantee a uniform deposition of the Ag-layer. The layer 

thickness was monitored in-situ during the sputtering process by a quartz crystal 

microbalance. The accelerating effect of silver deposition can be observed most directly when 

comparing the normalized relaxation transient with and without applied Ag-layer (Fig. 3.15). 

It is interesting to note that not only is the surface exchange kinetics considerably enhanced 

by Ag-deposition but also the discrepancy between oxidation and reduction transients 

vanishes almost completely. 

 

Fig. 3.15  Comparison of relaxation curves for samples with and without Ag-surface layers 

for Nd2NiO4+δ at 600°C / 0.1 bar pO2 (left) and La2NiO4+δ at 700°C / 0.01 bar pO2 (right). 
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Fig. 3.16 compares surface exchange coefficients of La2NiO4+δ and Pr2NiO4+δ with and 

without Ag-layer. At 600°C the exchange coefficients are increased by roughly one order of 

magnitude due to silver deposition. The enhancing effect of silver is reduced at higher 

temperatures and a pronounced hysteresis effect is observed which is caused by the removal 

of silver at higher temperatures via volatile Ag2O-species [216]. For La2NiO4+δ a good 

agreement between oxygen exchange coefficients of uncoated nickelate and a silver-coated 

sample are observed in the cooling run (Fig. 3.16, left). For the Pr-compound the agreement is 

rather poor, most likely because of different stages of degradation due to the phase instability 

of Pr2NiO4+δ at higher temperatures (see chapter 4). 

 

 

 

Fig. 3.16  Effect of Ag-deposition on the chemical surface exchange coefficient of La2NiO4+δ 

(left) at pO2 = 0.1 bar and Pr2NiO4+δ (right) at pO2 = 0.01 bar. Arrows denote directions of 

heating and cooling, lines are guides for the eye. 

 

 

Visual inspection of the nickelate specimens after testing showed no traces of silver on the 

surface. XPS-depth profiles of La2NiO4+δ have been recorded in order to examine whether Ag 

diffuses into the bulk, thereby affecting the diffusivity of the material under investigation 

(Fig. 3.17, right). Depth profiles of a reference sample kept at 700°C in dry 1% O2 / Ar for 

1000 hours are presented for comparison in the left diagram of Fig. 3.17. Both samples show 

contaminations with bismuth originating from the contact paste and with ubiquitous carbon. 

Contaminations are more pronounced and extend to greater depths for the tested sample 

which is probably due to exposure to higher temperatures up to 850°C. Most importantly, 

however, XPS-depth profiles of the Ag-coated La2NiO4+δ-sample after experiments between 
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600 and 850°C show no indication of silver within the first 500 nm of the surface (Fig. 3.17, 

right). 

 

 

 

Fig. 3.17  XPS-depth profiles of La2NiO4+δ-surfaces of a silver-coated sample after testing 

between 600 and 850°C (right) and a reference sample after exposure to 700°C for 1000 hours 

(left). The oxygen partial pressure was 0.01 bar in both cases. Dashed lines mark nominal 

compositions. 
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4 Results and discussion 
 

4.1 Sample characterization 

 

4.1.1 Composition, density and microstructure 

The chemical composition of sintered pellets was checked by SEM/EDX for all nickelates 

with respect to their cation ratio. Results are collected in Tab. 4.1 together with density data. 

All relative densities were above 95% based on literature values of theoretical densities 

obtained from XRD-measurements. 

 

Tab. 4.1  Cation ratio and density data for sintered samples of Ln2NiO4+δ (Ln = La, Pr, Nd). 

 Ln : Ni geometric density / 
g cm-3 

theoretical density / 
g cm-3 

relative density / 
% 

La2NiO4+δ 1.95 : 1 6.76 7.08 95.5 

Pr2NiO4+δ 2.01 : 1 7.07 7.34 96.3 

Nd2NiO4+δ 1.97 : 1 7.33 7.53 97.3 

 

 

The microstructure of sintered nickelate samples was examined after thermal etching of 

polished cross sections (Fig. 4.1). Some inter-granular porosity is visible with pores mainly 

located at triple junctions of grain boundaries. La2NiO4+δ has been resintered several times at 

1350°C to increase the density and thus shows larger average grain sizes than the other 

nickelate samples. 

 

Fig. 4.1  Micrographs of polished cross sections of sintered La2NiO4+δ (left), Pr2NiO4+δ 

(center) and Nd2NiO4+δ (right) after thermal etching (SEM 3000×). 
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4.1.2 X-ray diffraction 

Room temperature X-ray diffraction (XRD) patterns of the investigated nickelates confirm the 

K2NiF4-structure. Phase purity was verified for La2NiO4+δ and Pr2NiO4+δ while in the case of 

Nd2NiO4+δ a small amount of Nd2O3 was detected as secondary phase (Fig. 4.2). Nd2NiO4+δ 

and Pr2NiO4+δ crystallize in an orthogonally distorted crystal structure as can be seen from a 

characteristic splitting of the reflection at 2θ ≈ 33° (separation of (200) / (020) reflections). 

Since a single (200)-reflection is observed for La2NiO4+δ this compound is either crystallizing 

in the ideal K2NiF4-structure at room temperature or the splitting of the reflection at 2θ ≈ 33° 

may be below the resolution of the XRD-pattern. A slight shift of the reflections to higher 

diffraction angles corresponds to a decrease in unit cell dimensions caused by a decrease in 

ionic radii due to the lanthanide contraction (r(La3+) = 1.216 Å, r(Pr3+) = 1.179 Å, r(Nd3+) = 

1.163 Å for coordination number 9 [82]). 

 

 

 

Fig. 4.2  Room temperature XRD-patterns of the investigated nickelates. 
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4.1.3 Thermal expansion 

Dilatometric analyses of unsubstituted nickelates have been performed in air between room 

temperature and 1250°C with a heating rate of 1 K/min (Fig. 4.3). Calibration was performed 

using an Al2O3-standard. Thermal expansion is found to be quite linear up to 800-1000°C, 

above which resintering becomes increasingly evident. Thermal expansion coefficients of 

around 15·10-6 K-1 were determined from linear regression to heating curves between 100°C 

and 900°C. Results are somewhat higher than values reported in the literature for rare earth 

nickelates [26] but still match reasonably well those of common solid electrolytes such as 

yttria-stabilized zirconia or gadolinia-doped ceria with TECs between 10·10-6 and 13·10-6 K-1 

[217]. No appreciable effect of the oxygen release on the TEC could be observed. It is 

surprising that the phase instability of Pr2NiO4+δ does not manifest itself in the expansion 

curve of Fig. 4.3, whereas dilatometric analyses reported by Kovalevsky et al. [218] show 

clear signs of the decomposition process above 800°C in air. This effect might have been 

obscured by the shrinkage caused by resintering above 800°C in this study or may require 

several thermal cycles in order to be observed by dilatometry. Such irregular behavior of 

thermal expansion is expected to be detrimental for an application as SOFC-cathode and may 

result in delamination from the electrolyte. 

 

 

 

Fig. 4.3  Thermal expansion of La2NiO4+δ (left), Pr2NiO4+δ (middle) and Nd2NiO4+δ (right) in 

air with heating rates of 1 K/min. Thermal expansion coefficients (red lines) are calculated as 

first derivatives of relative length changes (blue lines). 
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4.1.4 Thermogravimetric analysis 

Fig. 4.4 shows the relative mass change of nickelates between room temperature and 900°C in 

dry oxygen-argon mixtures (20 vol% O2) as determined by thermogravimetry (TG). Since the 

first heating cycle usually contains anomalies due to non-equilibrium oxygen stoichiometry 

and adsorbed gas species, only the second or third thermal cycles are interpreted. Good 

agreement between heating and cooling runs for La2NiO4+δ and Nd2NiO4+δ imply that true 

equilibrium data have been obtained. An irreversible mass increase was found for Pr2NiO4+δ 

which is discussed further below. Since oxygen incorporation in nickelates is an exothermic 

reaction [68,89,141], increasing temperatures cause oxygen to be excorporated from the 

material if exchange kinetics is sufficiently fast. Onset temperatures of oxygen release are 

found to be quite different for the investigated compounds. For Nd2NiO4+δ oxygen 

excorporation starts around 350°C, for Pr2NiO4+δ at 250°C, while for La2NiO4+δ an onset 

temperature as low as 200°C is observed. This is most likely caused by differences in particle 

size since planetary-ball milled La2NiO4+δ-powder was used for TG-measurements while 

powders of Pr2NiO4+δ and Nd2NiO4+δ were ground by pestle and mortar. 

 

For Nd2NiO4+δ a kink in the TG-curve at 550°C is caused by a reversible phase transition 

(low-temperature orthorhombic (LTO) to high-temperature tetragonal (HTT) structure), which 

has been reported in the literature based on XRD- and thermogravimetric investigations 

[26,116,219]. The precise transition temperature depends on the Nd-stoichiometry [26], 

oxygen partial pressure [116] and the thermal history of the sample [219]. Phase transition 

temperatures of Nd2NiO4+δ, as determined by thermogravimetry in this work and by Egger et 

al. [220] were 550 and 500°C in 20% O2 / Ar and pure Ar, respectively, 550°C in Boehm et 

al. [26] (TG in air), 570°C in Ishikawa et al. [219] (TG-DTA in air), 610°C in Toyosumi et al. 

[116] (XRD in air) and 620°C in Boehm et al. [26] (XRD in air). It is interesting to note that 

XRD-measurements consistently yield transition temperatures higher than those obtained 

from TG-analysis. Nd-deficient compounds Nd2NiO4+δ were investigated by Boehm et al. 

[26], where TG-data gave transition temperatures of 550°C for x=0, 555°C for x=0.05 and 

600°C for x=0.1 in air. Such phase transition might be detrimental during run-up and cool-

down phases in applications, however, it was shown that changes in lattice parameters leave 

the unit cell volume virtually constant [116]. 
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For Pr2NiO4+δ a similar phase transition takes place around 450°C. There is no indication of 

an analogous transition for La2NiO4+δ confirming a tetragonal structure at room temperature 

consistent with findings from XRD-analysis given above. 

 

 

 

Fig. 4.4  Thermogravimetric analyses of nickelates in dry Ar / 20 vol% O2 with temperature 

ramps of 5 K/min. Arrows denote directions of heating and cooling. Curves have been shifted 

along the ordinate for reasons of clarity. 

 

 

The TG-curve of Pr2NiO4+δ clearly shows an irreversible mass increase starting at 

temperatures above 700°C. For a more detailed analysis three consecutive runs of Pr2NiO4+δ 

powder in 20 vol% O2 / Ar with heating and cooling rates of 1 K/min between room 

temperature and 900°C have been performed (Fig. 4.5). 
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Fig. 4.5  Thermogravimetric profiles of three consecutive TG-cycles of Pr2NiO4+δ in 

20 vol% O2 (rest Ar) with 1 K/min heating and cooling rates. Arrows denote directions of 

heating and cooling. 

 

 

In the first TG-run (blue curve in Fig. 4.5) a slight decrease in mass can be observed around 

200°C, probably due to desorption of adsorbed species like H2O or CO2, after which a strong 

increase in weight takes place due to incorporation of oxygen. This indicates that the sample 

was not in its equilibrium state with respect to oxygen content, either due to fast cooling after 

sintering or due to sintering in reducing atmospheres. Both features mentioned above are not 

visible in the two subsequent temperature runs. 

 

Continuous oxygen release takes place upon further heating until around 450°C a reversible 

phase transition (LTO ⟶ HTT) [88,114] can be discerned in the TG-curves due to a 

concomitant oxygen release when transforming to the high-temperature phase. 

 

Between 550°C and 600°C a slight increase in mass is observed in the first run. This effect is 

ascribed to carbonate decomposition as was evidenced by a separate TG-analysis with 

coupled mass spectrometry (MS) under pure Ar (Fig. 4.6). The MS-signal of CO2 in Fig. 4.6 

clearly shows a peak between 500°C and 550°C, corresponding to the feature in the 

TG-profile around 600°C. Carbonate decomposition might be taking place at lower 
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temperatures in the TG-MS-run due to the pure argon atmosphere. The slight increase in mass 

despite a loss of CO2 could result from an accompanying uptake of oxygen due to the removal 

of blocking carbonates from the sample surface. This is substantiated by the TG profile in 

pure Ar (Fig. 4.6) which indeed shows a mass decrease upon carbonate decomposition when 

no oxygen is available in the surrounding atmosphere. As expected no carbonate 

decomposition is observed in the following TG-runs. 

 

Finally, a mass increase started above 800°C, which was less drastic in the first run but 

became more and more pronounced for subsequent temperature cycles. This effect is due to a 

decomposition of the nickelate as has been observed by several authors before 

[88,113,218,221-223]. The decomposition reaction has been proposed by Sullivan et al. [113] 

as 

 

3	 	 	⇄ 2 .  (4.1) 

 

where the K2NiF4-type nickelate phase transforms to its third-order Ruddlesden-Popper (RP) 

homologue Pr4Ni3O10-δ and Pr-oxide is expelled from the parent phase due to a decrease in 

Pr : Ni ratio for higher-order RP-phases. Decomposition products of Pr2NiO4+δ were reported 

by several groups [88,113,218,221,222] and are consistent with the chemical reaction given 

above. At elevated temperatures in air δ, δ' and δ'' in Eq. (4.1) are estimated as 0.15 [88,221], 

0.25 [221] and 0 [224], respectively, so that  in Eq. (4.1) is around 0.5, i.e. the observed 

phase decomposition is accompanied by oxygen uptake as confirmed by the TG-results. 

 

It is evident from Fig. 4.5 that the decomposition process is not reversible within the 

investigated temperature range. Furthermore, the decomposition rate seems to be increasing 

for each subsequent TG-run, which may be due to nucleation at Pr4Ni3O10-δ and/or PrO1.83-δ 

precipitates formed in the previous TG-cycles. However, at temperatures well above 1000°C 

it is to be expected that the K2NiF4-type phase Pr2NiO4+δ is thermodynamically stable [113] in 

analogy to La-nickelate [129]. In order to obtain phase pure Pr2NiO4+δ this suggests 

calcination and sintering at correspondingly high temperatures – typically at 1350°C in air – 

and quenching to room temperature to minimize phase decomposition during cooling. 

 

It is interesting to note that under pure Ar no mass increase is visible up to 900°C (Fig. 4.6). 

This is of course expected since only a very small amount of oxygen is available in the 



122 

surrounding atmosphere. However, the TG-results cannot elucidate whether the 

decomposition process still takes place or the phase decomposition is prevented altogether. 

Suppressing the phase decomposition of Pr2NiO4+δ by employing reducing atmospheres (e.g. 

N2 or Ar) would be relevant for sintering or for applying electrical contacts. 

 

This question was explored in more detail by monitoring the electronic conductivity of 

Pr2NiO4+δ at 600°C and 0.01 bar pO2 with intermittent heating steps to 750°C and 850°C in 

pure Ar-flow. As discussed in section 4.2.1 the electronic conductivity serves as a sensitive 

indicator to detect phase decomposition in Pr2NiO4+δ due to the higher conductivity of the 

decomposition products. No change in conductivity could be observed at 600°C before and 

after the heating cycle, confirming that phase decomposition of Pr2NiO4+δ can indeed be 

suppressed in reducing atmospheres. This observation was used for applying the gold contacts 

since heating to 850°C is necessary to burn in the gold paste (see section 3.3)  

 

 

 

Fig. 4.6  Coupled TG-MS analysis of Pr2NiO4+δ in pure Ar with 1 K/min heating rate. The 

black line is the relative mass change, blue and red curves correspond to MS-signals for O2 

and CO2, respectively. 

 

The above findings regarding the phase stability of Pr2NiO4+δ are consistent with results given 

by Sullivan et al. [113] who presented a stability plot for Pr-nickelate as a function of 
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temperature and oxygen fugacity (Fig. 4.7). In pure Ar (5.0 purity) a pO2 of roughly 10-5 bar 

is established which is inside the Pr2NiO4+δ single phase field throughout the temperature 

region of interest. The van’t Hoff-type oxidation boundary given by Sullivan et al. has been 

extrapolated to temperatures below 880°C to estimate the decomposition temperature of Pr-

nickelate in ambient air, which is expected to be around 780°C and shifts to higher 

temperatures at higher pO2-values. Of course, at temperatures significantly below the 

decomposition temperature the nickelate phase will be kinetically stabilized. With electronic 

conductivity measurements, the decomposition reaction was observed around 675-700°C at 

pO2 = 0.1 / 0.01 bar when heating the sample from 600°C (see section 4.2.1). The low-pO2 

boundary of the single phase region is close to the Ni/NiO-reduction boundary where 

Pr2NiO4+δ is reduced to metallic nickel and Pr2O3. This reaction is often used to establish a 

reference point for the determination of absolute values of oxygen stoichiometry for 

Pr2NiO4+δ in thermogravimetric measurements. 

 

 

Fig. 4.7  Stability field of Pr2NiO4+δ with respect to temperature and oxygen partial pressure 

(oxygen fugacity). The plot is based on a figure given by Sullivan et al. [113] in which the 

oxidation boundary has been extrapolated to temperatures below 880°C to estimate the 

decomposition temperature in air (see dotted lines). 
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4.1.5 Differential scanning calorimetry 

A qualitative thermal analysis of the nickelates has been carried out by differential scanning 

calorimetry (DSC) in air (Fig. 4.8). Since no temperature calibration has been performed, 

temperatures are only approximate. In agreement with TG-results presented above, the 

reversible phase transition for Nd2NiO4+δ is reproduced around 540°C in air, showing to be 

first-order with a slight temperature hysteresis effect. Since the LTO ⟶ HTT-transition is 

accompanied by a decrease in oxygen content (Fig. 4.4), the endothermic peak in the DSC-

curve during heating is consistent with the endothermicity of oxygen release. The same 

observation is made for Pr2NiO4+δ, where the first-order phase transition is taking place 

around 450°C with a small temperature hysteresis effect [114]. In the case of La2NiO4+δ no 

thermal signal is observed in agreement with TG-results. 

 

 

 

Fig. 4.8  DSC-curves of nickelates in air with heating and cooling rates of 5 K/min. The 

unsteady background signal observed for Nd2NiO4+δ is an artifact of the DSC-instrument. 

Arrows mark directions of heating and cooling. 

 

 

Between 800 and 1000°C a broad exothermic peak can be observed for Pr2NiO4+δ in air 

(Fig. 4.8), probably corresponding to the phase decomposition discussed above. To 

corroborate this speculation, the DSC-analysis of Pr-nickelate has been repeated in pure Ar as 
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shown in Fig. 4.9 in comparison with the profile obtained in air. It is evident that no 

exothermic signal is observed when heating in an argon atmosphere, confirming that the 

thermal signal originates in a sluggish phase decomposition of Pr2NiO4+δ. Since the 

decomposition reaction in air involves uptake of oxygen (see Fig. 4.5 and Eq. (4.1)), an 

exothermic peak is to be expected. Similar to TG-measurements, the decomposition reaction 

was observed to become increasingly apparent in the DSC-curves after repeated temperature 

cycles (not shown in Fig. 4.9). Moreover, heating in pure Ar shifts the phase transition to 

lower temperatures [114] and no thermal signal can be observed upon cooling, indicating that 

the HTT → LTO phase transformation is suppressed in the absence of oxygen. 

 

 

 

Fig. 4.9  DSC-profiles of Pr2NiO4+δ with 5 K/min heating and cooling rate in air (blue) and Ar 

(gray). Arrows mark directions of heating and cooling. Small steps observed in heating curves 

around 700°C are artifacts of the calorimeter. 
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4.2 Transport properties 

La2NiO4+δ, Pr2NiO4+δ and Nd2NiO4+δ were investigated with respect to electronic 

conductivity, surface exchange and diffusion of oxygen as a function of temperature and 

oxygen partial pressure. Special emphasis was put on the applicability of these compounds as 

IT-SOFC cathode materials and the conditions expected during SOFC-operation. 

Experimental studies were performed at temperatures between 600° and 850°C and oxygen 

partial pressures of 0.1 and 0.01 bar. The chosen pO2-range represents the expected condition 

in an SOFC-cathode operated with air, where the actual oxygen partial pressure decreases 

from the cathode-air interface to the cathode-solid electrolyte interface due to polarization 

under electrical load [225]. 

 

 

4.2.1 Electronic conductivity 

Fig. 4.10 (left) shows the electronic conductivity of Nd2NiO4+δ in the intermediate 

temperature regime at oxygen partial pressures between 0.01 and 0.2 bar. For Nd2NiO4+δ 

additional measurements in air and pure oxygen were performed at 725°C to demonstrate the 

effect of pO2-variation on the conductivity more clearly. Within the investigated ranges of 

temperature and pO2, the following trends can be observed: (i) the conductivity decreases for 

increasing temperature and (ii) the conductivity increases for higher oxygen partial pressures. 

Both effects are a consequence of the p-type electronic conduction in Nd2NiO4+δ [65,226]. 

Since the electric current in nickelates is predominantly electronic, a discussion of the 

observed changes in conductivity is based on the fundamental equation 

 

⋅ ⋅  (4.2) 

 

where  is the total electrical conductivity,  the electronic conductivity,  the elementary 

charge, ⋅ the number density of electron holes and ⋅ their mobility. Thus, any change in  

is a consequence of changes in ⋅, ⋅ or both. 
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The observed decrease in conductivity at lower pO2 is a direct consequence of the decrease in 

hole concentration due to the removal of oxygen from the structure, according to the defect 

chemical equation 

 

2 ⋅ ⇆
1
2

 (4.3) 

 

It has been established by Nakamura et al. [65] that the hole mobility ⋅ of Nd2NiO4+δ does 

not appreciably change with oxygen partial pressure between 1·10-4 and 1 bar in the 

temperature range 600-900°C. Hence, the pO2-dependence of  can be assumed to be solely a 

result of the change in the hole concentration. Raising the oxygen partial pressure leads to 

interstitial incorporation of oxygen into the material coupled with the creation of electron 

holes in accordance with Eq. (4.3). 

 

Rationalizing the temperature dependence of  is somewhat more complicated, since a change 

in temperature affects hole concentration and hole mobility simultaneously. Firstly, as 

reported by Nakamura et al. [65] for undoped Nd-nickelate, ⋅ increases with temperature 

between 300 and 600°C and starts to decrease at temperatures above 600°C. Secondly, raising 

the temperature also leads to oxygen being released from the sample, which lowers the 

concentration of electron holes according to Eq. (4.3). However, such changes in oxygen 

stoichiometry are only relevant for temperatures where kinetics permits oxygen exchange 

with the gas phase. Since the oxygen exchange kinetics of nickelates is frozen in at low 

temperatures (see Fig. 4.4),  initially increases with increasing temperature as expected for a 

semiconductor. Once the rate of oxygen exchange becomes significant upon heating, the 

conductivity is increasingly affected by the decrease in the number of holes due to oxygen 

release and  starts to decrease. Considering these competing contributions a maximum is to 

be expected when plotting conductivity vs. temperature. 

 

Boehm et al. [26] have measured electronic conductivities of Nd2-xNiO4+δ (x = 0, 0.05, and 

0.1) between 100 and 800°C in air and indeed found an increase in conductivity below 400°C, 

broad maxima between 400 and 550°C and a decrease in conductivity above 550°C 

(Fig. 4.10, right). This temperature dependence is consistent with results from 

thermogravimetric analysis presented in section 4.1.4. 
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Fig. 4.10  Temperature dependence of the electronic conductivity of Nd2NiO4+δ obtained from 

van der Pauw measurements (left). Data have been replicated in the right diagram, dashed 

lines represent results from Boehm et al. [26] for (a) Nd1.95NiO4+δ, (b) Nd1.90NiO4+δ and (c) 

Nd2NiO4+δ in air. 

 

 

A significant difference is observed between the absolute values of electronic conductivities 

of Nd2NiO4+δ determined in this work and in Boehm et al. [26] (Fig. 4.10, right). Differences 

in oxygen partial pressures can be excluded as a source of the discrepancy, because the effect 

of pO2-variation on the conductivity is not sufficiently pronounced to explain such a large 

deviation (see Fig. 4.10, left). However, Boehm et al. [26] showed in their work that a small 

amount of oxygen deficiency of Nd on the A-site has a strong impact on conductivity. For 

instance, changing A-site sub-stoichiometry x in Nd2-xNiO4+δ from 0 to 0.05 increases the 

conductivity by a factor of ~3 (Fig. 4.10, right). This is most likely due to an electronic charge 

compensation of Nd-vacancies, which increases the electron hole concentration in the bulk 

(another compensation mechanism being the decrease of oxygen stoichiometry in the sample). 

A similar increase in the electronic conductivity for small deviations from the stoichiometric 

A:B-ratio was also reported by Ullmann et al. [227] for various perovskite oxides. It is likely 

that the difference between electronic conductivities given in Boehm et al. [26] and this work 

is due to a small Nd-deficiency in the nickelate, resulting from either the use of a Nd-

substoichiometric starting mixture for synthesis or from the presence of a small amount of 

Nd2O3 secondary phase and the corresponding formation of a Nd-deficient main phase 

Nd2-xNiO4+δ (see Fig. 4.2). 

 

The electronic conductivity of La2NiO4+δ as a function of temperature and pressure (Fig. 4.11, 

left) shows the same characteristics as observed for the Nd-analogue and can be discussed 
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along the same lines as above. Fig. 4.11 (right) gives a comparison with data obtained from 

linear four-point measurements of a bar-shaped La2NiO4+δ-sample at pO2 = 0.01 bar. Both 

measurements agree within ~10 Scm-1, hysteresis between heating and cooling run indicates 

non-equilibrium of oxygen content. Boehm et al. [26] reported somewhat lower values for the 

conductivity of La2NiO4+δ (dashed line in Fig. 4.11, right). 

 

 

Fig. 4.11  Temperature dependence of the electronic conductivity of La2NiO4+δ obtained from 

van der Pauw measurements (left). In the right diagram data are replotted together with results 

obtained from a bar-shaped sample of La2NiO4+δ (solid line, pO2 = 0.01 bar) and data reported 

by Boehm et al. [26] (dashed line, in air). 

 

 

The electronic conductivity of Pr2NiO4+δ was measured by the van der Pauw method between 

600°C and 750°C at oxygen partial pressures around 0.1 and 0.01 bar (Fig. 4.12). 

Measurements were started at 600°C and temperature cycles to higher temperatures and back 

to 600°C were performed. The electronic conductivity turned out to be a very sensitive 

parameter with respect to the phase decomposition process detailed in section 4.1.4. The 

decomposition is accompanied by an increase in the electrical conductivity, as has been 

already observed by Odier et al. [221]. Similar to its La- and Nd-analogues, the electronic 

conductivity of single-phase Pr2NiO4+δ is around 100 S/cm under the conditions investigated. 

The conductivity of single-phase Pr2NiO4+δ decreases for increasing temperature and 

decreasing oxygen partial pressure within the investigated T- and pO2-range [214]. 
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At pO2 = 0.1 bar a slight increase in σ is observed at 650°C, which becomes more pronounced 

upon further heating. Keeping the sample at 700°C over a period of one week raised the 

conductivity to 200 S/cm, which is twice its initial value (Fig. 4.12). The origin of the 

enhanced conductivity is the formation of Pr4Ni3O10-δ with high metallic-type conductivity 

[123], following the general trend of decreasing resistivity with increasing n in Lnn+1NinO3n+1 

(Ln = La, Pr and Nd) [72,118,128]. While the electronic conductivity of PrO1.83-δ is below that 

of Pr2NiO4+δ [228,229], a rather high ionic conductivity of oxygen has been reported for 

Pr6O11 in air [229]. Thus, with respect to electrical conductivity the limited phase stability of 

Pr-nickelate may not pose a real obstacle for application as IT-SOFC cathode. 

 

Reducing the oxygen partial pressure lowers the rate of the decomposition reaction as can be 

seen in Fig. 4.12 from the less pronounced increase in the electronic conductivity at 

pO2 = 0.01 bar. This is probably due to slower decomposition kinetics of reaction (4.1) in 

atmospheres with lower oxygen content. In agreement with TG-results the decomposition is 

found to be irreversible. 

 

 

Fig. 4.12  Temperature dependence of the electronic conductivity of Pr2NiO4+δ between pO2-

values of 0.01 and 0.15 bar. An increase in the conductivity due to phase decomposition is 

illustrated by black arrows, gray arrows indicate the chronological order of measurements. 

Lines are for visual guidance. 
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4.2.2 Chemical surface exchange coefficient of oxygen 

The chemical surface exchange coefficient kchem of oxygen was measured at pO2-values of 0.1 

and 0.01 bar for both flat specimens contacted in van der Pauw geometry and for bar-shaped 

samples with linear four-point electrode arrangement. Arrhenius plots of kchem for La2NiO4+δ, 

Pr2NiO4+δ and Nd2NiO4+δ are given in Fig. 4.13. Measurements of samples in van der Pauw 

geometry were performed between ~600°C and 750°C within a full thermal cycle to assess 

the reproducibility of the kinetic parameters. Results presented for bar-shaped geometry were 

obtained from measurements in the cooling-run of Ag-coated samples from 850°C down to 

600°C, where the silver layer has been removed during the preceding heat treatment (see 

section 3.10). Relaxation processes for oxidizing steps were consistently found to be faster 

than those in the reducing direction, the effect being more pronounced for thin samples and 

less significant for the bar-shaped specimens. As can be seen from Fig. 4.13 exchange 

coefficients decrease at lower oxygen partial pressures. Slightly slower oxygen surface 

exchange kinetics at lower oxygen partial pressures have also been found by Li and Haugsrud 

for La2NiO4+δ [186]. 

 

Activation energies of kchem determined by regression analysis of linear regions in the 

Arrhenius plots are listed in Tab. 4.2. As a rule, activation energies obtained from bar-shaped 

samples are smaller than those of thin samples, except for the case of Pr2NiO4+δ, which is 

probably due to different stages of degradation caused by the phase instability of this 

compound. 

 

Little to no thermal hysteresis was found between cooling and heating runs except for Pr-

nickelate. Above 700°C a positive deviation from linearity in the Arrhenius plot was observed 

for Pr2NiO4+δ, most likely caused by the decomposition process which was also observed to 

start at 700°C for EC measurements (Fig. 4.12). When cooling the sample from 750°C at 

pO2 = 0.01 bar, kchem-values were similar to those of the heating run but an increase in 

activation energy was observed. At pO2 = 0.1 bar, the phase instability of Pr2NiO4+δ made an 

accurate determination of the exchange coefficients from thin samples impossible. 
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Fig. 4.13  Arrhenius plots of the chemical surface exchange coefficients of oxygen of 

La2NiO4+δ (top), Pr2NiO4+δ (middle) and Nd2NiO4+δ (bottom). The left column shows results 

obtained from thin samples measured in van der Pauw geometry, the right diagram displays 

data of bar-shaped samples including data points from the left diagram in gray color. Lines 

are linear fits to the data, activation energies calculated from the slopes are given in Tab. 4.2. 
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Tab. 4.2  Activation energies Ea (in kJmol-1) of kchem of Ln2NiO4+δ (Ln = La, Pr, Nd) in the 

intermediate temperature regime for oxidation (ox) and reduction (red) 

measurements and different sample geometries. 

 pO2 = 0.1 bar pO2 = 0.01 bar 
 van der Pauw linear four-point van der Pauw linear four-point 
 ox red ox red ox red ox red 

La2NiO4+δ 173 172 135 137 189 192 131 133 

Pr2NiO4+δ 164 139 82a 81a 151a 146a 197a 207a 

Nd2NiO4+δ 283b 283b 136 140 253 312 119 126 
a secondary phases Pr4Ni3O10-δ and PrO1.83-δ present due to phase instability 

b assuming k-controlled oxygen exchange over the whole temperature range 

 

Data reported by Li and Haugsrud [186] for kchem of La2NiO4+δ are in good agreement with 

those obtained in this work (Fig. 4.14). In particular, the surface exchange coefficient 

determined by pO2-steps from 1.0 to 0.2 bar is almost congruent with results in this work for 

relaxation measurements with pO2-steps between 0.1 and 0.15 bar. 

 

 

Fig. 4.14  Comparison of kchem of bar-shaped La2NiO4+δ in this work with kchem from Li and 

Haugsrud [186] for pO2-steps 1.0 ⟶ 1.9 atm (triangles, tip up) and 1.0 ⟶ 0.2 atm (triangles, 

tip down). Activation energies are plotted in the diagram. 
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Chemical surface exchange coefficients of Nd2NiO4+δ have been calculated from results of 

tracer experiments by Boehm et al. [26] according to Γ  [158,230]. Values of 

kchem are similar to results in this work, however, activation energies differ by a factor of ~2 

(Fig. 4.15). 

 

 

 

Fig. 4.15  Comparison of kchem of Nd2NiO4+δ in this work with kchem converted from tracer 

surface exchange coefficients k* (Boehm et al. [26]) by means of the thermodynamic factor Γ  

calculated from oxygen non-stoichiometry data given by Nakamura et al. [231]. Activation 

energies are shown in the diagram. 
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4.2.3 Chemical diffusion coefficient of oxygen 

Fig. 4.16 shows chemical diffusion coefficients of oxygen Dchem of La2NiO4+δ at pO2 = 0.01 

and 0.1 bar determined from a bar-shaped sample. A reliable determination of Dchem was 

possible only after deposition of a 200 nm Ag-layer on the sample surface, thereby increasing 

the surface exchange rate [20]. No diffusion coefficients could be determined from flat 

samples in van der Pauw geometry. Fig. 4.16 (right) includes data at pO2 = 1 atm reported by 

Li and Haugsrud [186], who employed a similar strategy of enhancing the surface exchange 

rate by covering the sample surface with nano-powder of La2NiO4+δ. Their results differ 

considerably both in absolute values as well as in activation energy from results in this work. 

An activation energy of 98 kJmol-1 was given by Li and Haugsrud [186] which is roughly 

twice as large as determined in this work (see Tab. 4.3). 

 

 

Fig. 4.16  Arrhenius plots of the chemical diffusion coefficient of oxygen of La2NiO4+δ at 

pO2 = 0.01 bar (left) and pO2 = 0.1 bar (right) obtained from a bar-shaped sample after Ag-

deposition. Star symbols denote data by Li and Haugsrud [186] of La2NiO4+δ coated with 

nano-La2NiO4+δ at pO2 = 1 atm (Ea = 98 kJmol-1). 

 

 

Values of Dchem for Pr2NiO4+δ were obtained at pO2 = 0.1 bar between 600 and 675°C 

(Fig. 4.17). Above 675°C the phase decomposition process became dominant resulting in a 

strong drift and a high noise level in the voltage signal, thus preventing any sensible 

evaluation of conductivity relaxation experiments. In the cooling run a decrease of Dchem by 

approximately one order of magnitude was found resulting from phase decomposition, where 

the relaxation process appeared to be limited by the diffusion kinetics (Fig. 4.17). However, it 
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should be mentioned that in an advanced state of decomposition the application of the 

conductivity relaxation technique becomes problematic since the equations used to model the 

relaxation process are not adequate to describe oxygen exchange and transport in multiphase 

materials. Moreover, some caution with the interpretation of diffusivities in Fig. 4.17 is 

appropriate since relaxation measurements were performed on thin samples which are subject 

to the same considerations as discussed below for Nd2NiO4+δ. A bar-shaped sample of 

Pr2NiO4+δ was prepared to obtain reliable diffusion coefficients but even after Ag-deposition 

the oxygen exchange kinetics was still found to be dominated by the oxygen surface exchange 

process, indicating very high diffusivities of this material. 

 

 

 

Fig. 4.17  Arrhenius plot of the chemical diffusion coefficient of oxygen of Pr2NiO4+δ at 

pO2 = 0.1 bar, obtained from a flat sample contacted in van der Pauw geometry. The arrow 

symbolizes a decrease in diffusivity due to the decomposition reaction. Lines are linear fits to 

data points between 600 and 650°C, calculated activation energies are given in Tab. 4.3. 

 

 

Fig. 4.18 shows Arrhenius plots of Dchem obtained from measurements of flat samples with 

van der Pauw electrode arrangement (left) and linear-four-point contact geometry of bar-

shaped samples of Nd2NiO4+δ. Limited data at pO2 = 0.1 bar are available in the left diagram 

due to an apparent change of the oxygen exchange mechanism from mixed controlled to k-
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controlled oxygen exchange below 675°C. The discrepancy between data from van der Pauw-

type relaxation measurements and those from bar-shaped samples is enormous, both with 

respect to absolute value and activation energies (Fig. 4.18, right). 

 

 

Fig. 4.18  Arrhenius plots of the chemical diffusion coefficients of oxygen of Nd2NiO4+δ. The 

left diagram shows results obtained from a thin sample measured in van der Pauw geometry, 

the right diagram displays data of a bar-shaped Ag-coated sample including data points from 

the left diagram plotted in gray color. Lines are linear fits to the data, calculated activation 

energies are listed in Tab. 4.3. 

 

 

Results for Ag-coated bar-shaped samples appear to be much more reliable than those of flat 

samples in van der Pauw geometry due to the pronounced contribution of diffusion to the total 

oxygen exchange process. Fig. 4.19 shows an example of a relaxation transient derived from 

bar-shaped Nd2NiO4+δ at 750°C which can be fitted with a diffusion controlled exchange 

model, thus leaving little doubt that real diffusion coefficients were determined. Furthermore, 

values of Dchem obtained from bar-shaped samples appear to be closer to results obtained from 

literature data and have much more reasonable activation energies (see Fig. 4.21 and 

Tab. 4.3). 
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Fig. 4.19  Conductivity relaxation transient of a bar-shaped Nd2NiO4+δ-sample with Ag-layer 

at 750°C after a pO2-step of 0.15 ⟶ 0.1 bar (black lines). Red lines represent fitting curves 

for two-dimensional oxygen exchange under pure diffusion control. 

 

 

It is likely that spurious diffusion coefficients were determined from relaxation measurements 

performed on thin samples. An upwards-curved transient in the semi-logarithmic plot is 

usually interpreted as a clear indication of a diffusion contribution to the overall oxygen 

exchange. However, it was discovered at a later phase in this work that such ‘bending’ of the 

relaxation curve in semi-logarithmic plot might also be caused by a surface controlled oxygen 

exchange, where the surface exchange coefficient is not constant during the relaxation process 

but is rather decreasing in the course of the relaxation process (see chapter 2). Indeed, re-

examining the data for Nd2NiO4+δ showed that the relaxation curves could in many cases be 

fitted with the variable-k model equally well or even better than with the mixed control 

exchange model and thus such non-constant kchem may have been mistaken for mixed 

controlled oxygen exchange. An extreme example is given in Fig. 4.20 for a van der Pauw 

contacted thin sample of Nd2NiO4+δ at the beginning of the measurement series. The convex 

shape of the transient in semi-logarithmic representation is evident and can be perfectly 

modeled with the variable-k model, while the mixed control model gives less good agreement 

with the data. It should be mentioned that for this particular measurement mixed oxygen 

exchange control can be excluded solely on the basis of the y-axis intercept of the regression 

line to the linear part of the semi-logarithmic plot, which gives -0.46 and is therefore far 

below the limit of 8 0.21⁄  for 1D-diffusion (see section 2.10.2). However, in 

cases with less pronounced curvature such a straightforward criterion will not be available. 
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Fig. 4.20  Different representations of the conductivity relaxation transient of a thin sample of 

Nd2NiO4+δ at 725°C after a pO2-step of 0.1 ⟶ 0.2 bar (black lines). Red lines represent fitting 

curves for mixed controlled oxygen exchange, blue lines show fitting results for the variable-k 

model. Fitting parameters were kchem= 1.0·10-3 cm s-1, Dchem = 2.3·10-6 cm2s-1 for the mixed 

control model and k0 = 3.0·10-4 cm s-1, k∞ = 1.5·10-4 cm s-1 for the variable-k model, the 

sample thickness was 0.467 mm. 

 

 

It has to be emphasized that at this stage the above discussion is just a speculation solely 

derived from the quality of the fit and no concrete microscopic mechanism can be proposed 

for explaining such a variation in kchem. Moreover, no clear trend has been observed for the 

parameters of the variable-k fitting model (i.e. k0 and k∞, see chapter 2). In particular, in 

almost all cases k0 was found to be higher than k∞ and no reversal between k0 and k∞ between 

oxidation/reduction measurements under otherwise identical experimental conditions has been 

observed, as might be expected when based on some underlying physical mechanism. Thus, it 

remains unclear if there is some real significance to the variable-k model or if it just happens 

to more closely reproduce the relaxation curves whose deviation from the ideal mixed 

control / k-control model is due to experimental issues or other causes. 

 

It is interesting to note, however, that superior fitting quality of the variable-k model was also 

observed during long-term measurements of La2NiO4+δ at 700°C when exposing the sample to 

humidified air. This might be an indication that the applicability of the variable-k model may 

be linked to degradation/reconstruction processes of the sample surface, but again this is 

solely based on the fitting results to relaxation data and no further experimental evidence or 

physical models are available to support this claim. 
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Tab. 4.3  Activation energies Ea (in kJmol-1) of Dchem for Ln2NiO4+δ (Ln = La, Pr, Nd) in the 

intermediate temperature regime for oxidation (ox) and reduction (red) 

measurements and different sample geometries. 

 pO2 = 0.1 bar pO2 = 0.01 bar 
 van der Pauw linear four-point van der Pauw linear four-point 
 ox red ox red ox red ox red 

La2NiO4+δ – – 58a 54a – – 51a 55a 

Pr2NiO4+δ 48b 110b – – – – – – 

Nd2NiO4+δ 220c 236c 64a 59a 198 179 97a,d 67a,d 
a Ag-coated sample 

b calculated from limited data at 675 ≤ T/°C ≤ 600 

c calculated from limited data at 725 ≤ T/°C ≤ 675 

d calculated from limited data at 700 ≤ T/°C ≤ 600 
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Fig. 4.21 shows chemical diffusion coefficients of La2NiO4+δ obtained from bar-shaped 

samples after Ag-deposition. The results are compared with data obtained by converting tracer 

diffusion coefficients ∗ by means of the thermodynamic factor Γ . Diffusion coefficients 

determined in this study are systematically above those derived from tracer data by a factor of 

2-4, while the agreement between activation energies can be considered acceptable. 

 

 

 

Fig. 4.21  Comparison of Dchem of La2NiO4+δ from this work with Dchem obtained from tracer 

surface exchange coefficients D* (Boehm et al. [26]) and the thermodynamic factor Γ  

calculated from oxygen non-stoichiometry data given by Naumovich et al. [84]. Activation 

energies are plotted in the diagram. 

 

 

A comparison of Dchem for Nd2NiO4+δ with chemical diffusion coefficients derived from tracer 

experiments is shown in Fig. 4.22. Values of Dchem differ by roughly one order of magnitude 

while activation energies are quite close. It is interesting to note that the discrepancy of Dchem 

determined in this work with literature data is similar to that found for La2NiO4+δ (see 

Fig. 4.21) insofar as values for Dchem are larger than those from literature by roughly one order 

of magnitude and feature somewhat lower activation energies. The reason for this systematic 

deviation is unclear, a diffusion of silver into the bulk of the specimens can be excluded on 
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the basis of surface depth-profiles of a La2NiO4+δ-sample obtained by XPS-analysis after 

testing (see section 3.10). 

 

 

 

Fig. 4.22  Comparison of Dchem of Nd2NiO4+δ from this work with Dchem obtained from tracer 

diffusion coefficients D* (Boehm et al. [26]) and the thermodynamic factor Γ  calculated from 

oxygen non-stoichiometry data given by Nakamura et al. [231]. Activation energies are 

plotted in the diagram. 
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4.2.4 Ionic conductivity 

The oxygen ionic conductivities of La2NiO4+δ and Nd2NiO4+δ were calculated by means of the 

Nernst-Einstein equation 

 

4
 (4.4) 

 

where  and  are the concentration and self-diffusion coefficient of oxygen, respectively. 

Dchem was converted to the self-diffusion coefficient of oxygen via thermodynamic factors 

obtained from oxygen non-stoichiometry data by Naumovich et al. [84] and by Nakamura et 

al. [231] for La2NiO4+δ and Nd2NiO4+δ, respectively. 

 

The ionic conductivity of La2NiO4+δ is shown in Fig. 4.23 as a function of temperature at 

oxygen partial pressures of 0.1 and 0.01 bar. A comparison with results from Shaula et al. 

[232] given in Fig. 4.23 (left) shows good agreement at 850°C, but increasingly large 

deviation at lower temperatures due to lower activation energies found in this work (Fig. 4.23, 

right). 

 

 

Fig. 4.23  Ionic conductivity of La2NiO4+δ from this work (open triangles) compared with data 

from Shaula et al. [232] (solid triangles). Activation energies were calculated from slopes as 

shown in the right diagram. 
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A comparison with results from Mauvy et al. [233] given in Fig. 4.24 (left) for Nd2NiO4+δ 

shows a discrepancy by somewhat less than one order of magnitude, but similar activation 

energies between 600 and 725°C (Fig. 4.24, right). Comparison of the ionic conductivities of 

both nickelates with the corresponding total conductivities (Fig. 4.10 and Fig. 4.11) shows the 

ionic contribution to be below 1%. 

 

 

Fig. 4.24  Ionic conductivity of Nd2NiO4+δ from this work (open triangles) compared with 

data from Mauvy et al. [233] (solid circles). Activation energies were calculated from the 

slopes as shown in the right diagram. 
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4.3 Long-term stability and degradation 

Long-term measurements have been performed on undoped rare earth nickelates for various 

gas compositions at temperatures and oxygen partial pressures that correspond to real 

operating conditions at the cathode side of an IT-SOFC. Since the surface exchange rate of 

oxygen is known to be quite sensitive to changes in the surface composition or morphology 

[23,24], the chemical surface exchange coefficient of oxygen was selected as a surface 

sensitive parameter and monitored over periods of thousand hours to characterize changes in 

the material surface. Moreover, the oxygen exchange coefficient is an important property in 

itself for assessing the performance of a mixed ionic-electronic conductor as cathode material 

for IT-SOFCs. The electrical conductivity was periodically measured to detect changes in the 

bulk of the material. At various stages during the testing period, XPS-depth profiles of the 

sample surface were determined over several hundred nanometers. Whenever gold contacts 

were applied to the samples using Metalor® T-10112 gold paste, small amounts of bismuth 

were identified by XPS or SEM/EDX in surface near regions after long-term measurements. 

For reasons of clarity the Bi-line has been removed from all XPS-depth profiles as shown 

below. Likewise, carbon was detected on most sample surfaces by XPS and has been omitted 

from depth profiles except for cases where high carbon levels were found to extend further 

into the sample. 

 

 

4.3.1 Phase instability of Pr2NiO4+δ 

The issue of limited phase stability of Pr2NiO4+δ has been treated in section 4.1.4. Fig. 4.25 

shows the XRD-pattern of a Pr2NiO4+δ-sample after experimental investigations at 

pO2 = 0.01 bar between 600 and 750°C. Additional reflections emerging after the test series 

are consistent with decomposition products of Pr2NiO4+δ proposed in the literature 

[88,113,218,221,222], namely Pr4Ni3O10-δ and PrO1.83 (i.e. Pr6O11). For a thorough 

investigation of the decomposition products with respect to their identity and relative amounts 

in the material, e.g. by Rietveld analysis, prolonged exposure to air at elevated temperatures 

would be necessary. Due to the limited phase stability of Pr2NiO4+δ under conditions relevant 

for the application as IT-SOFC cathode material, this compound was not included in the long-

term testing discussed further below. It should be mentioned that from an electrochemical 

point of view the phase instability may not exclude Pr2NiO4+δ from SOFC applications 

because Pr4Ni3O10-δ itself is a mixed conductor featuring an electronic conductivity that is 

higher than that of Pr2NiO4+δ [218,221] and a significant ionic conductivity has been 



146 

suggested based on results from permeation measurements [218]. Moreover, praseodymium 

oxides are known to be catalytically active for the oxygen reduction reaction [62,71]. 

However, with respect to thermo-mechanical compatibility with other cell components the 

phase decomposition is expected to be highly detrimental since it is accompanied by 

pronounced changes in volume [218]. 

 

 

 

Fig. 4.25  XRD-pattern of a Pr2NiO4+δ-sample after long-term measurements at 

pO2 = 0.01 bar. Arrows indicate positions of additional reflections from decomposition 

products. The reflection marked with an asterisk is due to gold residues from electrical 

contacts. 

 

4.3.2 Humid atmospheres 

The chemical stability of La2NiO4+δ and Nd2NiO4+δ against humidity was investigated by 

periodically measuring the electronic conductivity σ and the chemical surface exchange 

coefficient of oxygen at 700°C over a period of 1000 h in dry atmospheres, after which the 

gas streams were enriched with water vapor and monitoring was continued for another 1000 

hours. The surface exchange coefficient of La2NiO4+δ at 700°C is around 2·10-4 cm s-1 and no 

decrease in kchem was observed under dry conditions over a period of 1000 hours (Fig. 4.26, 

right). Results for Nd2NiO4+δ show stable oxygen exchange kinetics for 1000 hours under dry 
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conditions. This is in contrast to other promising cathode materials like La0.6Sr0.4CoO3−δ and 

La0.58Sr0.4Co0.2Fe0.8O3−δ where a decrease in kchem was observed even in dry atmospheres at 

600°C [36,42]. 

 

After humidification of the gas stream the surface exchange rate of both compounds starts to 

decline (Fig. 4.26, right). The degradation process levels off within the investigated period 

and a total decrease of the oxygen exchange rate by factor of ~3 was found for La2NiO4+δ. 

The decrease in kchem of La2NiO4+δ is slower and less pronounced as in the case of Nd2NiO4+δ, 

where the exchange coefficient drops by one order of magnitude in humid atmospheres. For 

the perovskite-type cathode materials La0.6Sr0.4CoO3−δ and La0.58Sr0.4Co0.2Fe0.8O3−δ a similar 

detrimental effect of water on the oxygen surface exchange is reported [36,42,234], though 

drawing quantitative comparisons is difficult due to different conditions in these studies with 

respect to temperature or pH2O. It is interesting to note that for thin films of La0.6Sr0.4CoO3−δ 

a short-time effect of water leading to an increase of the oxygen surface exchange rate was 

reported [235]. However, no such effect has been observed in this study after switching from 

dry to humid atmospheres. 

 

The electronic conductivity was not affected by long-term operation or humidity (Fig. 4.26, 

left) indicating that the degradation process is limited to the sample surface in contact with the 

gas phase. 

 

 

Fig. 4.26  Long-term behavior of the electronic conductivity (left) and the chemical surface 

exchange coefficient of oxygen (right) of La2NiO4+δ and Nd2NiO4+δ at 700°C and 

pO2 = 0.01 bar in dry and humid atmospheres (30% relative humidity). 
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To gain some insight into the surface degradation mechanism, XPS-depth profiles have been 

recorded at different stages along the period of investigation. Reference measurements were 

performed on freshly sintered samples and after 1000 hours in dry conditions. The effect of 

water on the material surface was determined after another 1000 hours in humid atmospheres. 

For the recording of each XPS-depth profile sputtering was continued until the elemental 

composition was found to be fairly constant, indicating that the sample bulk has been reached. 

Depth profiles were then calibrated using the compositions at higher sputtering depths where 

the nominal composition of the material can be assumed. 

 

Fig. 4.27 (top row) shows the results from XPS-analysis of La2NiO4+δ. The elemental 

distribution of La, Ni and O in an as-sintered sample is maintained throughout the topmost 

700 nm of the sample and shows a fairly constant La:Ni-ratio over the whole depth range. 

After 1000 hours in a dry Ar-O2 gas flow significant changes in composition within the first 

100 nm of the surface layer are observed (Fig. 4.27, middle row). An increase in the La:Ni-

ratio is evident from the profiles. A similar finding has also been reported by other authors 

[236] and may be caused by a formation of La2O3 at the gas-solid interface [89]. Interestingly, 

the surface exchange rate of oxygen appears to be not affected by such modification of the 

surface composition (Fig. 4.26, right). 

 

XPS-depth profiles were determined after exposing La2NiO4+δ to humid atmospheres over 

1000 hours (Fig. 4.27, bottom row). Despite the observed decrease in kchem no distinct 

differences between XPS-profiles from samples in dry and humid atmospheres are evident. 

Upon closer inspection, La-enrichment and nickel depletion appears to be somewhat more 

pronounced and reaches to greater depths of approx. 200 nm when compared with samples 

kept under dry conditions. Apart from this finding there seems to be no principal difference 

between depth profiles in dry and humid atmospheres and a clear-cut rationale for the 

detrimental effect of humidity on the oxygen exchange of La2NiO4+δ cannot be established. 

Results from prolonged exposure to humid atmospheres – as given further below – indicate 

that the drop in the oxygen exchange rate is reversible at least to some extent, since a partial 

recovery could be observed after switching back to dry atmospheres. 
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Fig. 4.27  XPS-depth profiles of La2NiO4+δ: main components (left column) and distribution 

of the cations (right column) of the as-sintered sample (top row), after 1000 hours in dry 

atmosphere (middle row) and after 1000 additional hours in humid atmosphere (30% rel. 

humidity, bottom row) at 700°C and pO2 = 0.01 bar. Dashed lines mark nominal 

compositions. 
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Similar observations have been made by a long-term study of Nd2NiO4+δ under dry 

conditions. The composition of the as-sintered Nd-nickelate is quite homogeneous throughout 

the profile except for the top 20 nm to the surface, where strong oxygen enrichment is 

observed which may originate from adsorption of H2O in the ambient atmosphere before 

testing (Fig. 4.28, top row). After 1000 hours in a dry gas flow a 50 nm wide region below the 

surface has formed where Nd is enriched with respect to Ni (Fig. 4.28, middle row), similar to 

the results given above for La2NiO4+δ. The chemically driven rare earth enrichment is 

expected to result from the higher thermodynamic stability of the corresponding oxides 

(∆ ⊝(Nd2O3) = -1808 kJmol-1, ∆ ⊝(La2O3) = -1794 kJmol-1) in comparison to NiO 

(∆ ⊝(NiO) = -240 kJmol-1) [237]. 

 

Despite such similar changes in surface composition at 700°C in dry Ar-O2-mixtures, there 

are pronounced differences in the distributions of the cations between both nickelate 

compounds after annealing in humid atmospheres. While cation distributions in La2NiO4+δ 

under both dry and humid conditions show La-enrichment at the surface, a strong decrease in 

Nd-content was observed for Nd2NiO4+δ in humid atmospheres (Fig. 4.28, bottom row). The 

most striking feature is a dramatic decrease in the Nd:Ni ratio from 2:1 in non-degraded 

Nd2NiO4+δ to 1:1 in the near-surface region of the degraded sample. Beyond 300 nm depth, 

the nominal bulk composition is found. When approaching the sample surface, a Ni-depleted 

zone is crossed between 300 and 100 nm depth, while in the top 50 nm the Nd:Ni ratio 

approaches unity. This substantial surface reconstruction of Nd2NiO4+δ goes parallel with a 

strong decrease of kchem in humid atmospheres (Fig. 4.26, right). Such discrepancy in the 

degradation behavior toward humidity is rather surprising considering the similarity of the 

investigated compounds. A detailed discussion of a possible degradation mechanism was 

presented by Egger et al. [238]. 
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Fig. 4.28  XPS-depth profiles of Nd2NiO4+δ: main components (left column) and distribution 

of the cations (right column) of the as-sintered sample (top row), after 1000 hours in dry 

atmospheres (middle row) and after 1000 additional hours in humid atmosphere (30% rel. 

humidity, bottom row) at 700°C and pO2 = 0.01 bar. Dashed lines mark nominal 

compositions. 
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To obtain further insight into the degradation mechanisms in humid atmospheres, a 

La2NiO4+δ-sample was subjected to a prolonged exposure to humid gas flows at an elevated 

humidity level of 75% over a period of 5000 hours. Fig. 4.29 shows the trend in the oxygen 

surface exchange rate over the whole testing period where data of the first 100 days are 

identical with those given in Fig. 4.26 (right). At the beginning the increase in water content 

of the gas phase caused a further reduction of kchem but shortly afterwards the surface 

exchange activity started to recover. This was, however, caused by some experimental 

problems since the water level in the thermostatted bubbler flask, which was used to establish 

a defined pH2O, was substantially lowered due to a high evaporation rate. Soon after 

replenishing distilled water in the bubbler kchem started to decrease again and continued in 

such a way without reaching a plateau. Before concluding the long-term study dry O2-Ar gas 

mixture was fed into the reactor which resulted in a strong increase in kchem, thus showing the 

degradation to be at least partially reversible. After switching back to 75% rel. humidity 

degradation continued. 

 

 

 

Fig. 4.29  Long-term measurements of La2NiO4+δ at 700°C and pO2 = 0.01 bar in dry and 

humid atmospheres (30 and 75% humidity). For details see text. 
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After degradation under such harsh conditions the La2NiO4+δ-sample was found to be covered 

by an opalescent layer (Fig. 4.30, left). The right picture of Fig. 4.30 was recorded with an 

optical 3D-surface microscope (Alicona InfiniteFocus), showing the peculiar surface pattern 

more clearly. 

 

 

 

Fig. 4.30  Sample pictures of La2NiO4+δ after annealing for 5000 hours at 700°C in 

atmospheres with 75% relative humidity at pO2 = 0.01 bar. The right picture was recorded 

with a 3D-surface microscope (Alicona InfiniteFocus). 

 

 

The XPS-depth profile of the strongly degraded specimen shows essentially the same features 

as discussed above for a sample in 35% rel. humidity (Fig. 4.31). However, La-enrichment 

has progressed to such an extent that practically no nickel is present within the first 50 nm of 

the sample (Fig. 4.31, right). Furthermore, high amounts of carbon have been detected by 

XPS over the whole depth range. Apart from small amounts of Bi and Cd (not shown in 

Fig. 4.31) originating from the gold paste no further elements were detected in XPS-scans. 
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Fig. 4.31  XPS-depth profiles of La2NiO4+δ after annealing for 5000 hours in humid 

atmospheres (75% rel. humidity) at 700°C and pO2 = 0.01 bar. Dashed lines mark nominal 

compositions. 

 

 

The origin of the high amount of carbon determined by XPS is unclear. However, due to the 

excellent resistance against carbonate-formation (see below) it is rather unlikely that the 

carbon contamination is the source for the strong decrease in surface exchange kinetics. 

Rather, the pronounced La-enrichment and the concomitant Ni-depletion of the surface may 

account for the surface exchange deactivation. Obviously water plays an important role in the 

degradation mechanism but it is difficult to conclude from the XPS-results whether water is 

involved in the formation of secondary phases or if it acts as a catalyst for transport processes 

as was proposed by Egger et al. for Nd2NiO4+δ [238]. From a thermodynamic perspective it 

seems unlikely that oxides or oxy-hydroxides of Ni or La should form at temperatures as high 

as 700°C. 

 

Further information was obtained from SEM/EDX-investigation and elemental distribution 

maps of a surface region of degraded La2NiO4+δ. As shown in Fig. 4.32 besides the bulk 

elements and bismuth, Na and Si have been identified as surface contaminants. There appears 

to be some difficulty in determining Si from XPS-spectra which is due to the rather low 

detection sensitivity for silicon and the overlap of Si-peaks with those of Bi and La. 

 

The presence of silicon on the sample is rather problematic and its detrimental effect on the 

cathode performance is well known [41,239-241]. The formation of a thin SiO2-layer may 

well account for the decrease in oxygen exchange activity by blocking parts of the surface 

area. However, considering the high amount of La on the surface, the formation of La-
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silicates such as La4(SiO4)3 or La2Si2O7 should be taken into account as well. Such 

mechanism was reported by Schuler et al. [50,51] for Nd2NiO4+δ, where decline in cathode 

performance was caused by the formation of Nd4Si3O12. 

 

The silicon source is most likely the quartz reactor used for performing the conductivity 

relaxation measurements. The critical role of water is shown by the fact that the surface 

exchange rate of the nickelates remains perfectly stable in dry gas flows (see Fig. 4.26). 

Hence, water affects surface degradation rather indirectly by forming volatile gas species with 

Si such as Si(OH)4 [242-244], thus permitting Si-poisoning of the material via gas phase 

transport and subsequent deposition on the sample surface. However, it is rather surprising to 

find the effect of Si-poisoning being reversible, which was observed for La2NiO4+δ when 

reverting to dry atmospheres (see Fig. 4.29). 

 

Despite Si-poisoning being a rather unintended side effect in this study the results are still of 

relevance for fuel cell applications since there is a number of potential Si-sources in an 

SOFC-system like glass sealings [37], high temperature alloys [245] or other components 

[246]. 

 

It should be mentioned that an equally detailed investigation as given above for La2NiO4+δ 

was not performed for Nd2NiO4+δ. Thus, no conclusive mechanism can be given for the 

degradation of Nd2NiO4+δ in humid atmospheres. Though it has not been confirmed in this 

work, it appears likely that Si-poisoning might account for the decrease in oxygen exchange 

activity for Nd2NiO4+δ as well. However, the observed surface composition of Nd2NiO4+δ with 

a Nd:Ni ratio close to unity is in strong contrast to findings for La2NiO4+δ under similar 

conditions and it is unclear whether this can be rationalized by the thermodynamic stability of 

silicate compounds of La, Nd and Ni. 
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Fig. 4.32  EDX-elemental distribution maps of strongly degraded La2NiO4+δ kept at 700°C 

and an oxygen partial pressure of 0.01 bar for 5000 hours in atmospheres with 75% rel. 

humidity. The top left picture shows a SEM-image of the selected surface region (width 

108.8 µm, magnification 1000×). 
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4.3.3 Chemical stability against CO2 

Stability of La2NiO4+δ and Nd2NiO4+δ against carbonate formation was examined by exposing 

the material to an Ar-O2-mixture containing 5 vol% CO2. For measuring the electronic 

conductivity and the oxygen surface exchange coefficient, the gas flows were switched 

between oxygen partial pressures of 0.01 and 0.015 bar in argon. Electronic conductivities of 

both nickelates at 700°C are close to those measured during degradation in humid 

atmospheres (Fig. 4.26, left) and remain virtually constant during the entire period of 

investigation (Fig. 4.33, left). Likewise, no effect of CO2 on the oxygen surface exchange 

coefficient of La2NiO4+δ is observed and a similar investigation for Nd2NiO4+δ also shows 

only a very small impact of CO2 on the surface exchange process (Fig. 4.33, right). 

 

 

Fig. 4.33  Electronic conductivity (left) and chemical surface exchange coefficients of oxygen 

(right) of La2NiO4+δ and Nd2NiO4+δ at 700°C and pO2 = 0.01 bar in CO2-free and CO2-

enriched atmospheres (5 vol% CO2). 

 

 

XPS-depth profiles determined for La2NiO4+δ after 1000 hours in CO2-rich atmosphere are 

very similar to those under dry conditions (Fig. 4.34) which confirms the excellent resistance 

against carbonate formation resulting from the absence of alkaline earths in the materials. 

High CO2-tolerance of La2NiO4+δ has also been reported by other authors [247,248]. 

 

 



158 

Fig. 4.34  XPS-depth profiles of La2NiO4+δ of the main components (left) and cation fractions 

(right) after 1000 hours in CO2-containing atmosphere (5 vol% CO2) at 700°C and 

pO2 = 0.2 bar. Dashed lines mark nominal compositions. 

 

 

Post-test XPS-surface investigations of CO2-treated Nd2NiO4+δ evidence a rather small 

influence of CO2 on the elemental distribution in the top 200 nm zone (Fig. 4.35). However, 

in the immediate surface layer there appears to be a slight local enrichment of Ni which is 

contrary to the trend for the oxygen-exposed specimen (Fig. 4.28). The small variation in 

composition is not directly related to a reaction with CO2 because the carbon level drops 

below the detection limit within the first few nanometer of the surface. Since the surface 

exchange rate was hardly affected by CO2-enriched atmospheres in the investigated time 

interval no further investigations were performed. It is, however, interesting to find again that 

the change in surface composition of Nd2NiO4+δ after long-term degradation measurements is 

significantly different from its La-analogue, though less pronounced as in the case of 

degradation in humid atmospheres and with much less effect on the surface exchange kinetics. 
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Fig. 4.35  XPS-depth profiles of Nd2NiO4+δ of the main components (left) and cation fractions 

(right) after 1000 hours in CO2-containing atmosphere (5 vol% CO2) at 700°C and 

pO2 = 0.2 bar. Dashed lines mark nominal compositions. 

 

 

A good stability of undoped nickelates against carbon formation is not surprising due to the 

absence of alkaline earth ions since alkaline earths are well known to readily form carbonates. 

A prominent example is (Ba,Sr)(Co,Fe)O3-δ which has been proposed as cathode material for 

IT-SOFCs [249] but features, among other disadvantages, a strong tendency for carbonate 

formation below 800°C [35,250]. 

 

To assess the thermodynamic stability of unsubstituted nickelates against CO2, experimental 

results of La2NiO4+δ were complemented by thermodynamic modeling. Predominance 

diagrams for gas atmospheres containing varying amounts of O2 and CO2 at 600 and 700°C 

and pH2O ≈ 30 mbar have been calculated using FactSage v6.2 [251]. Thermodynamic values 

for La2NiO4+δ were taken from Zinkevich et al. [129,132], data for La-oxycarbonate was 

obtained from Shirsat et al. [252]. Results from thermodynamic modeling show that 

La2NiO4+δ is expected to react with CO2 above a pCO2 of ≈ 0.01 bar at 600°C (Fig. 4.36, left) 

forming La2O2(CO3)2 and NiO. The equilibrium pCO2 is slightly shifted to a higher value 

when increasing the temperature to 700°C (Fig. 4.36, right). Thus, a concentration of 5 vol% 

CO2 in gas mixtures as used for degradation measurements appears to be close to the stability 

limit of La2NiO4+δ at 700°C. However, such high concentrations of carbon dioxide are not to 

be expected at the cathode side of a SOFC under real operating conditions since the CO2-

content of ambient air ranges between 0.03 and 0.04 vol% (300-400 ppmv). Hence, sufficient 

stability of La2NiO4+δ against CO2 is confirmed from a thermodynamic point of view for 

SOFC-applications. The situation might be different when using nickelates as oxygen-
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conducting membranes in oxyfuel and oxycoal processes where recirculated gas streams 

contain high amounts of CO2. 

 

In the case of Nd-nickelate a similar thermodynamic analysis was not possible due to the lack 

of thermodynamic data for carbonate compounds. 

 

 

Fig. 4.36  Predominance diagrams for La2NiO4+δ in an O2/CO2-atmosphere at 600°C (left) and 

700°C (right). The water partial pressure was set to 0.032 atm. A secondary phase of La2O3 is 

included in the diagrams due to requirements of the FactSage® software. Partial pressures 

corresponding to 0.04 and 5 vol% CO2 as well as a pO2 of 0.1 bar are marked by orange lines. 
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4.3.4 Sulfur tolerance of La2NiO4+δ 

Ambient air contains between 1 and 100 ppbv SO2. High SO2-concentrations can be found in 

world regions with strong air pollution such as industrial areas in countries with low 

environmental standards or ocean lanes with heavy shipping traffic. Despite the small SO2-

concentrations, SOFC-air electrodes can accumulate sulfur on the surface which may 

gradually deteriorate cathode performance. For perovskite-type cathode materials like 

(La,Sr)CoO3-δ, (La,Sr)(Co,Fe)O3-δ and (Sm,Sr)CoO3-δ the deteriorating effect of sulfur has 

been demonstrated by several authors and has been ascribed to the formation of SrSO4 

[39,40,253-255]. Nickelate compounds may thus offer higher sulfur tolerance due to the 

absence of alkaline earths. On the other hand the well-known affinity of nickel to sulfur might 

make nickelate compounds susceptible to sulfur poisoning. Engels et al. [248] investigated the 

effect of SO2 on the oxygen flux rate through La2NiO4+δ-membranes and found an almost 

complete break-down of oxygen permeation after adding 360 ppm SO2 to the sweep gas. 

Sulfur-containing compounds were detected on the nickelate surface by EDX but the phase 

composition could not be identified. 

 

In this work the effect of sulfur on the surface exchange coefficient of La2NiO4+δ was studied 

at 700°C by adding 50 ppm SO2 to the gas stream. Reference measurements in sulfur-free 

atmospheres at 700°C and pO2 = 0.1 bar showed excellent stabilities of the electronic 

conductivity and surface exchange rate over 1000 hours. However, after switching to a SO2-

containing gas flow, the contact resistances of the La2NiO4+δ-sample drastically increased 

from sub-ohmic range to several MΩ which rendered electrical measurements impossible. 

After 1000 hours in SO2-containing atmospheres the sample surface was investigated by XPS 

and a high level of sulfur was found extending to depths of around 400 nm (Fig. 4.37, left). 

Surprisingly, the topmost 50 nm were found to be completely free of any nickel, thus 

contradicting assumptions about the formation of Ni-S compounds (Fig. 4.37, right). XPS-

measurements were complicated by surface charging due to the insulating surface layer of the 

sulfur-degraded sample consisting mainly of lanthanum, oxygen and sulfur. 
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Fig. 4.37  XPS-depth profiles of La2NiO4+δ of the main components (left) and cation fractions 

(right) after 1000 hours in a pure O2-Ar gas flow (10 vol% O2, top row) and after additional 

1000 hours in an SO2-containing atmosphere (50 ppm SO2, bottom row) at 700°C. Dashed 

lines indicate nominal compositions. 

 

 

Elemental distribution maps of the SO2-degraded compound have been recorded by 

SEM/EDX and confirm the presence of sulfur as a continuous layer on the sample surface 

(Fig. 4.38). Despite the complete absence of nickel in the topmost 50 nm (Fig. 4.37), Ni is 

identified by elemental mapping since the penetration depth of the electron beam is ca. 1 µm 

at 20 kV acceleration voltage. 
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Fig. 4.38  EDX-elemental distribution maps of sulfur-exposed La2NiO4+δ annealed at 700°C 

and pO2 = 0.1 bar for 1000 hours in atmospheres with 50 ppm SO2. The top left picture shows 

a backscatter SEM-image of the selected surface region (width 108.8 µm, magnification 

1000×). 
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Further details of the surface modification were obtained from TEM/EDX measurements. 

Fig. 4.39 (left) shows the TEM-picture of a FIB-lamella cut from the surface of the SO2-

degraded sample. Below the Pt-layer (sputtered for preparation purposes) a rather dense 

degradation layer of approx. 1 µm thickness is visible, followed by a more dispersed 

degradation zone where individual particles can be discerned. A magnified view of the 

marked region is presented in the right picture of Fig. 4.39 which shows the formation of 

crystals embedded in the light-gray La2NiO4+δ parent phase. Judging from differences in the 

material contrast the dark-grey inclusions have a lower average atomic number than the 

nickelate matrix. 

 

 

Fig. 4.39  STEM-HAADF-pictures of a La2NiO4+δ-surface after 1000 hours in 50 ppm SO2 at 

700°C. A protection layer of Pt has been deposited on the sample surface for preparation of 

the FIB-lamella. The region marked by a red square in the left picture is reproduced on the 

right. Areas labeled 17A, 17B and 18B have been analyzed by EDX (see below). 

 

 

EDX-analyses have been performed on positions labeled 17A, 17B and 18B in Fig. 4.39. The 

EDX-spectrum of the light-gray phase (17B) is given in Fig. 4.40 and corresponds to the 

nickelate compound (La:Ni:O ≈ 2:1:4). Additional peaks of Fe and Co originate from the 

interior lining of the microscope, while the Cu-signal is caused by the sample holder. No 

sulfur can be detected in the La2NiO4+δ-phase. 

 

Pt 

18B 
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Fig. 4.40  EDX-spectrum of point 17B in Fig. 4.39. Quantitative analysis is in good 

agreement with the nominal composition of La2NiO4+δ. Fe/Co-peaks and Cu-signals are 

caused by the microscope interior and sample holder, respectively. 

 

 

According to EDX-spectra of the immediate surface layer and ~2 µm below the sample 

surface (areas 18B and 17A in Fig. 4.39) the degradation phases consist of La, S and O with 

appreciable amounts of sulfur while nickel is practically absent, in agreement with results 

obtained from XPS-analysis. Quantitative evaluation of the La- and S-signals shows the 

surface layer to contain a sulfur-rich compound with equimolar contents of lanthanum and 

sulfur (Fig. 4.41, left). Further down below the sample surface the decomposed phase appears 

to be less rich in sulfur and a La:S-ratio of roughly 2:1 is obtained (Fig. 4.41, right). This is to 

be expected considering that sulfur is supplied from the gas phase and has to diffuse into the 

material. There appears to be a rather sharp boundary between the sulfur-rich and the sulfur-

poor degradation phases as can be appreciated from the material contrast in Fig. 4.39 (left) 

where the darker shading of the surface layer indicates lower content of the heavy element 

lanthanum. 

 

 

17B net counts k‐factor (Si) wt% at% rel. at%

La‐L 2165 3.671 69.87 28.78 1.00

Ni‐K 1048 1.525 14.05 13.70 0.48

O‐K 859 2.13 16.08 57.52 2.00



166 

Fig. 4.41  EDX-spectra of points 18B (left) and 17A (right) in Fig. 4.39. Signals of La, S and 

O have been identified while Ni-K peaks around 7.5 keV are practically absent. Fe/Co-peaks 

and Cu-signals are caused by the microscope interior and sample holder, respectively. 

 

 

Further insight into possible reaction products was gained from calculated predominance 

diagrams of the system La-Ni-S-O-H based on partial pressures of O2 and SO2 at 600 and 

700°C. Thermodynamic data for the sulfate and oxysulfate of lanthanum have been added to 

the FactSage database based on results reported by Kellogg [256] and Grizik et al. [257]. 

 

Fig. 4.42 shows that even at very low partial pressures of SO2 the formation of 

thermodynamically stable degradation products is to be expected. Although the exact position 

of phase boundaries in the diagram may be inaccurate due to poor data quality for the La-

sulfate phases, the main features are supposed to be correct. Consistent with findings from 

XPS- and TEM/EDX-analyses, SO2 reacts preferentially with the La-component, forming 

La2O2SO4 and La2(SO4)3 at lower pSO2. Ni appears to be involved only at higher sulfur 

contents forming NiSO4. Hence, sulfur poisoning is to be taken into account for long-term 

operation of an IT-SOFC when using untreated ambient air as oxidation gas. 

 

Establishing a correlation between thermodynamics and quantitative EDX-results is difficult 

because it is unclear whether the degradation products correspond to equilibrium phases. The 

identity of the compound in the surface layer (18B in Fig. 4.39) with a roughly equimolar La-

S-ratio is unknown, it might be a mixture of different compounds or an intermediate phase on 

the transformation path to La2(SO4)3, which is the expected reaction product according to the 

predominance diagram at 700°C. The sulfur-containing phase further down below the surface 

18B net counts k‐factor (Si) wt% at% rel. at%

La‐L 794 3.671 81.35 50.18 1.00

S‐K 653 1.023 18.65 49.82 0.99

17A net counts k‐factor (Si) wt% at% rel. at%

La‐L 1988 3.671 90.86 69.64 1.00

S‐K 718 1.023 9.14 30.36 0.44



167 

(17A in Fig. 4.39) shows a La:S-ratio of 2:1 and might thus correspond to the oxysulfate 

La2O2SO4. 

 

A comparison of both predominance diagrams in Fig. 4.42 shows that by increasing the 

temperature from 600°C to 700°C the stability region of La2NiO4+δ is expanded and the onset 

of La-oxysulfate formation is shifted to higher pSO2. A similar observation has been made 

with respect to carbonate formation, though to a somewhat smaller extent (Fig. 4.36). Thus, 

from a thermodynamic viewpoint, the decrease in operating temperature for IT-SOFCs favors 

the formation of reaction products with minor constituents in ambient air. Of course, besides 

such purely thermodynamic considerations kinetic aspects have to be taken into account as 

well. 

 

 

Fig. 4.42  Predominance diagrams for La2NiO4+δ in an SO2-containing atmosphere at 600°C 

(left) and 700°C (right). A water partial pressure of 0.032 atm was assumed. Secondary 

phases of La2O3 are included in the diagrams due to requirements of the FactSage® software. 

Partial pressures corresponding to 100 ppb and 50 ppm SO2 as well as a pO2 of 0.1 bar are 

marked by orange lines. 
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Calculating the La-Ni-S-O-H predominance diagram for 800°C indicates that at this 

temperature a SO2-degraded cathode might be regenerated or sulfur poisoning may be 

prevented altogether assuming SOFC-operation with highly polluted ambient air containing 

100 ppb SO2 (Fig. 4.43). 

 

Although the focus is put on SOFC-applications in this work, the above findings might also 

be relevant for membrane applications as for example in oxycoal combustion processes where 

the ceramic membrane may be in contact with recirculated flue gas containing elevated levels 

of SO2. 

 

 

 

Fig. 4.43  Predominance diagram for La2NiO4+δ in SO2-containing atmospherea at 800°C 

assuming a water partial pressure of 0.032 atm. Secondary phases of La2O3 are included in the 

diagrams due to requirements of the FactSage® software. A SO2-partial pressure 

corresponding to 100 ppb SO2 as well as a pO2 of 0.1 bar are marked by orange lines. 
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5 Summary and conclusions 
 

Within this work unsubstituted rare-earth nickelates have been investigated with respect to 

fundamental material properties and long-term stability relevant for application as SOFC-

cathodes. External parameters such as temperature, oxygen partial pressure and gas phase 

impurities were adjusted to represent conditions expected in real intermediate temperature 

SOFCs. Long-term degradation experiments have been performed for at least 1000 hours to 

allow a reliable interpretation and a meaningful extrapolation to longer periods of operation. 

Although emphasis was put on the application of nickelates as SOFC-cathodes, the results 

may also be transferred to other applications as for example ceramic membranes used for 

oxygen separation. As a working hypothesis of this thesis it was assumed that the absence of 

alkaline earth elements in the investigated materials might be beneficial with respect to long-

term stability under realistic IT-SOFC operating conditions. Thus, investigations were limited 

to La2NiO4+δ, Pr2NiO4+δ and Nd2NiO4+δ as these compounds do not require partial substitution 

with alkaline earths or other elements to obtain phase-pure structures. Despite showing very 

promising results with respect to oxygen exchange kinetics, Pr2NiO4+δ was not further 

investigated in long-term degradation experiments due to its poor phase stability under IT-

SOFC operating conditions. 

 

The conductivity relaxation method has been proven as a useful method for determining 

oxygen transport parameters as well as for monitoring degradation phenomena occurring on 

the sample surface in various atmospheres. Two sample geometries with different contacting 

schemes have been employed in relaxation measurements, where appropriate sample and 

contact designs are necessary to ensure specific diffusion patterns within the sample required 

for a correct modeling of the oxygen exchange process. Particular caution was necessary 

when transferring models developed for weight relaxation measurements to conductivity 

relaxation experiments. Ag-coated samples of La2NiO4+δ and Nd2NiO4+δ were used to obtain 

reliable values for chemical diffusion coefficients. The conductivity relaxation method was 

also successfully employed for the investigation of long-term degradation phenomena. In this 

case, diffusion coefficients are assumed to be of less importance for characterizing 

degradation processes, which are expected to affect primarily the immediate sample surface. 

 

The investigated materials showed excellent stability against carbonate formation in CO2-rich 

atmospheres. Detrimental effects of water on the oxygen exchange kinetics of La2NiO4+δ 

turned out to be caused by silicon poisoning, where the quartz reactor is assumed to act as 
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silicon source. The observed partial reversibility of H2O-degradation after switching to dry 

atmospheres shows that it is probably not solely a Si-effect, which is expected to be 

completely irreversible under dry conditions. Separating the effects of H2O-degradation from 

silicon-poisoning would require reactors made from inert materials like alumina. However, 

combined H2O/Si-poisoning does quite accurately represent the conditions expected on the 

cathode side of a SOFC operated with undried ambient air, since stack components such as 

glass sealings or special alloys may act as silicon sources as well. The oxygen exchange 

performance of La2NiO4+δ was found to be strongly affected by SO2 in the surrounding gas 

atmosphere. Analytical investigations showed the formation of a rather dense and electrically 

insulating sulfate reaction layer covering the sample surface after prolonged SO2-exposition. 

 

Degradation investigations were complemented by thermodynamic modeling based on 

available literature data. In all cases thermodynamic calculations clearly showed that a 

decrease in temperature also reduces the extent of the stability regions of the investigated 

materials against minor constituents in the atmosphere. Thus, the current trend in SOFC-

development to lower operating temperatures – offering significant advantages with respect to 

metallic interconnects – appears to rather favor the formation of reaction products with 

contaminants at the cathode side when using ambient air as oxidant. 
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Stability of the SOFC Cathode Material „Ba,Sr…„Co,Fe…O3−�

in CO2-Containing Atmospheres
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The stability of the solid oxide fuel cell �SOFC� cathode material Ba0.5Sr0.5Co0.8Fe0.2O3−� in CO2-containing atmospheres
�4 � 10−4 � pCO2/bar � 5 � 10−2� is investigated by precision thermogravimetry �TG� and mass spectrometry �MS� as a
function of temperature �20 � T/°C � 950�. The desorption of O2 and CO2 from samples with different pretreatments is com-
pared. Oxygen exchange at 300 � T/°C � 700 is significantly impaired by CO2-containing atmospheres. At 600°C the kinetics
of carbonate formation in CO2-rich atmosphere is described by a linear-parabolic rate law. A pronounced dependence of the rate
constant on the CO2 content is suggested. Temperature cycles at 0 � pCO2/bar � 5 � 10−2 and pO2 = 0.2 bar, which show
effects due to oxygen exchange of the perovskite and due to CO2, are analyzed based on reference experiments in a CO2-free
atmosphere, and under consideration of the TG-MS results. The decomposition temperature of the carbonate in contact with an
atmosphere of pCO2 = 5 � 10−2 bar amounts to 807°C. Complementary, the impact of carbonate formation on the oxygen
exchange kinetics is investigated by conductivity relaxation measurements. A severe degradation of the surface oxygen exchange
coefficient is observed after 3–10 days of exposure to ambient air. Regeneration and activation of the oxygen exchange kinetics is
demonstrated after treatment in a CO2-free atmosphere at 825°C.
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The lack of cathodes with excellent efficiency for oxygen reduc-
tion at intermediate temperatures �IT�, i.e., 600–750°C, still repre-
sents a major obstacle toward lowering the operating temperatures
of solid oxide fuel cells �SOFCs�. In this regard,
Ba0.5Sr0.5Co0.8Fe0.2O3−� �BSCF� was recently suggested as a highly
promising candidate.1-3 However, the successful implementation of
BSCF will strongly depend on sufficiently low degradation rates
under real operating conditions.

Initially developed for oxygen permeable membranes,4-6 BSCF
is a mixed ionic-electronic conducting perovskite-type oxide with an
exceptionally high oxygen nonstoichiometry.7-12 A stable cubic per-
ovskite structure was reported from room temperature up to
700–1000°C at 10−5 � pO2/bar � 0.2.10,13,14 However, a recent
study indicated that a kinetically slow transformation from the cubic
to the hexagonal modification may occur during cooling from high
temperatures in air.15

Under CO2-free laboratory conditions, excellent oxygen ex-
change properties of BSCF in the IT range have been reported.7,16,17

Nevertheless, the long-term stability and robustness of the material,
especially in CO2-containing oxidants such as ambient air, is ques-
tionable. Investigations performed on oxygen permeable BSCF
membranes indicated a degradation of BSCF in atmospheres con-
taining CO2 or both CO2 and H2O.4,18 Early studies on the perfor-
mance of IT-SOFC cells with integrated BSCF cathodes at
450–750°C showed that the presence of relatively small quantities
of CO2 ��3 vol %� are sufficient to negatively affect the cell
performance.1,19 Regarding the nature of the products formed during
exposure of BSCF to CO2, a surface layer of Ba1−xSrxCO3

20,21 was
suggested. The carbonate layer is presumably separated from the
intact perovskite bulk by an intermediate phase of Co/Fe-enriched
perovskite or a complex oxide �Ba,Sr�x�Co,Fe�yOz with minor
amounts of CoO.18,22

Summarizing, indications of the degradation of BSCF in
CO2-containing atmospheres are evident throughout the literature.
However, the results are mostly derived from parameters obtained
from devices including components other than BSCF or operating
under nonequilibrium conditions �SOFC single cells, oxygen perme-
able membranes�. The following study is dedicated to the systematic
thermoanalytic investigation of the effects of different CO2 concen-
trations and pretreatments on BSCF. Complementarily, the impact of
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CO2 on the oxygen exchange kinetics will be unambiguously dem-
onstrated by conductivity relaxation measurements.

Experimental

Powder preparation.— BSCF powder was prepared by spray-
pyrolysis from an aqueous solution of stoichiometric amounts of the
metal nitrates at 500°C. After calcination at 950°C for 4 h in air, the
powder was milled 10 h in a planetary ball mill in isopropanol,
yielding an average particle size of d50 = 0.42 �m. The product was
characterized with regard to phase purity and elemental composition
by X-ray diffraction �XRD� and inductively coupled plasma-atomic
emission spectroscopy, respectively, as described elsewhere.23

Thermoanalysis.— Calcined BSCF powders were fired at
1130°C for 4 h in ambient air. Thermogravimetry �TG� was per-
formed using a symmetric precision thermobalance �Setaram, TAG
2416� with an in situ zirconia-based oxygen microsensor �Setnag�.
Simultaneous thermogravimetry-mass spectrometry �TG-MS� was
conducted via coupling to a quadrupole mass spectrometer �Pfeiffer
Vacuum, ThermoStar GSD 301 T1, maximum 100 amu� with a Far-
aday detector operated in multiple ion detection mode, scanning the
predefined m/z channels with a rate of 1 s channel−1. Oxygen partial
pressures were controlled by mass flow controllers �Mykrolis,
FC2700� via gas mixtures of O2 4.5 N �purity �99.995%�, Ar 5.0 N
�purity �99.999%�, and a commercial gas mixture of 1 vol % O2,
the rest Ar. Commercial gas mixtures of �i� 20 vol % O2
+ 5 vol % CO2, the rest Ar and �ii� 20 vol % O2 + 0.04 vol % CO2,
the rest Ar were used for investigating the stability of the powders vs
CO2. The usual sample mass was 30–40 mg. Experimental errors
are estimated to �T = �0.5 K, �pO2 = �2 rel %, ���m�
= �0.01 mass %.

Conductivity relaxation measurements.— Calcined BSCF pow-
der was isostatically pressed at 300 MPa, fired at 900°C for 1 h in
ambient air, and ground with a ball mill. The resulting powder was
uniaxially pressed ��8 mm diameter, �1 mm thickness� at
400 MPa and sintered 80 h in ambient air at 1000°C. Heating and
cooling rates were 2 and 1 K min−1, respectively. The sample thus
obtained had 93% of the theoretical density, 	theor = 5.75 g/cm3 �de-
termined by XRD, assuming the stoichiometric composition of oxy-
gen�. For dc conductivity relaxation �CR� measurements a thin
square �A � 0.5 cm � 0.5 cm� was cut from the sintered tablet us-
ing a precision diamond saw. Subsequently, the thickness was re-
duced to 200 �m by grinding down to 1 �m on diamond laps. Four
electrical contacts were mounted in van der Pauw geometry24 using
Au wires �Oegussa� and Au paste �Metalor�.



The kinetic parameters, i.e., the chemical diffusion coefficient of
oxygen Dchem and the surface oxygen exchange coefficient kchem,
were investigated by CR experiments at 600°C. Small oxidation and
reduction steps in the interval 0.01 � pO2/bar � 0.02 �estimated
error �pO2 = �2 rel %� were applied to study the oxygen exchange
kinetics close to equilibrium. Oxygen partial pressures were ad-
justed by mixtures of O2 4.5 N �purity �99.995%� and 1 vol % O2,
the rest Ar, using mass flow controllers �Hastings, HFC 302�. Fast
pO2 steps were realized by switching between two continuous gas
streams with flow rates of 2.0 L h−1, respectively. The transient re-
laxation of the sample was monitored via the voltage response at a
constant dc current of 10 mA using a sensitive digital voltmeter
�Keithley, 182� and a precision current source �Keithley, 2400�. A
zirconia-based oxygen microsensor �Setnag� was used for the in situ
measurement of the pO2 in close vicinity to the sample. For data
acquisition and instrument control, the software LabView 8.0 �Na-
tional Instruments, USA� was used. The finite flush time of the
empty quartz reactor was separately determined to 
R
= 3.1 � 0.5 s using an in situ oxygen microsensor �Setnag�. For the
evaluation of conductivity relaxation experiments a constant 
R of
3 s was assumed. The normalized electronic conductivity was ana-
lyzed by nonlinear least-squares fits to the solution function of the
appropriate diffusion equations, taking into account the finite flush
time of the reactor.25,26 The errors of the kinetic parameters were
estimated to �kchem = �3 rel % and �Dchem = �3 rel %.

Results and Discussion

Thermoanalysis.— BSCF powders were studied as a function of
pretreatment �PT� by simultaneous TG-MS in Ar 5.0 N at 20
� T/°C � 950 �Fig. 1-3�. This method provides a qualitative analy-
sis of the desorbed gas species and sensitive detection of their rela-
tive intensities as a function of temperature �MS�, as well as a pre-
cise quantitative detection of the corresponding mass changes �TG�.
The first derivative of the �m vs T curves, that is differential ther-
mogravimetric analyses �DTG�, allow separation of the superim-
posed effects and �at constant heating rates� are direct indicators of
the relative desorption rates.
PT 1: Powder cooled from 1130°C in static ambient air.— TG-MS
in Ar 5.0 N acquired on powder after PT 1, i.e., cooling with
5 K min−1 from 1130°C in static ambient air, shows the desorption
of O2 from the perovskite at 300 � T/°C � 950 �Fig. 1�. The oxy-
gen signal shows a low-temperature �LT� peak at T � 450°C and an
additional high-temperature �HT� peak at T � 800°C. These char-
acteristic features of BSCF have also been observed in oxygen

temperature-programmed desorption experiments, and are some-
times referred to as �- and �-O2 at LT and HT, respectively.4,5,9,10

The initial mass loss at 60 � T/°C � 200 can be ascribed to the
desorption of H2O. Various peaks of CO2 are observed at 130
� T/°C � 950, with the most pronounced CO2 desorption in the
range 550–820°C. The significance of the latter effect is indicated
by a distinct peak in the DTG signal, superimposing the oxygen
desorption of the perovskite in this T-range. Further increase of the
CO2 desorption is observed at T  800°C.

PT 2: Thermal cycling in dynamic CO2-rich atmosphere.— TG-MS
in Ar 5.0 N was performed after PT 1 and subsequent PT 2, i.e., two
heating/cooling cycles 20 � T/°C � 900 with 5 K min−1 in a
CO2-rich atmosphere of 20 vol % O2 + 5 vol % CO2, the rest Ar
�as described later�. The results are presented in Fig. 2. At 50
� T/°C � 200 the desorption of H2O occurs. Release of oxygen
from the perovskite lattice is observed at 350 � T/°C � 950. A
pronounced LT-CO2 peak occurs with a maximum at T � 330°C,
coupled to a decrease of the O2 signal. This indicates that after
desorption of CO2 from the surface, the sample becomes active in
consuming traces of oxygen from the carrier gas. The same effect,
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Figure 1. �Color online� TG-MS of BSCF powder in Ar 5.0 N after PT 1
�cooling from 1130°C in ambient air�; relative mass loss �TG� and its first
derivative �DTG�, and MS signals of H2O �m/z = 18�, CO2 �m/z = 44�, and
O2 �m/z = 32� as a function of temperature �heating rate 5 K min−1�.
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Figure 2. �Color online� TG-MS of BSCF powder in Ar 5.0 N after PT 2
�T-cycles in CO2-rich atmosphere�, relative mass loss �TG� and its first de-
rivative �DTG�, and MS signals of H2O �m/z = 18�, CO2 �m/z = 44�, and O2

�m/z = 32� as a function of temperature �heating rate 5 K min−1�.

0 200 400 600 800 1000

-2

-1

0

TG

DTG

�m
/%

T / °C

D
TG

/a
.u
.

Io
n
cu
rr
en
t/
a.
u.

32

18

44

Figure 3. �Color online� TG-MS of BSCF powder in Ar 5.0 N after PT 3
�T-cycles in synthetic air�, relative mass loss �TG� and its first derivative
�DTG�, and MS signals of H2O �m/z = 18�, CO2 �m/z = 44�, and O2 �m/z
= 32� as a function of temperature �heating rate 5 K min−1�.
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but much less pronounced, is perceptible with the sample after PT 1
at T � 320°C �Fig. 1�. After PT 2, a HT-CO2 peak is observed with
the maximum at T � 765°C, and a further increase of CO2 desorp-
tion occurs at T  835°C. The DTG signal indicates that the mag-
nitude of HT-CO2 desorption is almost on the order of the oxygen
desorption from the perovskite, that is, of the LT-O2 peak at T
� 475°C.

PT 3: Thermal cycling in dynamic synthetic air.— BSCF powder
was subjected to PT 1 followed by PT 3, that is, two heating/cooling
cycles 20 � T/°C � 900 with 5 K min−1 in dynamic synthetic air
of 20 vol % O2 + 0.04 vol % CO2, the rest Ar �as described below�.
Figure 3 shows the TG-MS in Ar 5.0 N obtained after PT 3. Oxygen
is released from the perovskite at 300 � T/°C � 950, with the
peaks of LT- and HT-O2 at T � 420 and 820°C, respectively. The
mass loss in the LT range 50 � T/°C � 200 can again be ascribed
to the desorption of H2O. Various minor peaks of LT-CO2 are evi-
dent, whereas no pronounced HT-CO2 peak is observed. Further
increase of the CO2 desorption rate does not start until T
 850°C. The DTG signal shows that �apart from the minor release
of H2O at T � 200°C� the mass loss of the sample is determined
almost exclusively by O2 desorption.

Discussion of different PTs.— The characteristics of all three ex-
periments are compared in Table I. The initial release of H2O at
50 � T/°C � 200 is observed with a mean magnitude of �m =
−0.15 � 0.03 mass %, irrespective of the PT. This may be due to
traces of superficially adsorbed H2O, as well as hydrates/hydroxides
of the cations, which can be formed from minor amounts of second
phases during storage at room temperature. SrO and BaO were re-
ported to be susceptible for the formation of hydroxides,5 but also
more complex compounds such as Sr3Co2O5�OH�x ·xH2O were
described.27,28 However, the small magnitude of the effect makes an
identification of the presumably small quantity of this second phase
difficult.

The total mass loss upon heating from 20 to 950°C after PT 1
�Fig. 1� is mainly determined by the increase of the oxygen nonsto-
ichiometry in the perovskite, but with noticeable superposition by
the decomposition of carbonates at HT. This indicates that carbon-
ates form during cooling from sinter temperatures in static ambient
air, and that even in a CO2- and O2-free atmosphere �Ar 5.0 N�
temperatures higher than 800°C may be required for complete de-
sorption of CO2 within reasonable time scales.

In comparison to PT 1, the sample subjected to high CO2 con-
tents during PT 2 �Fig. 2� shows a higher total mass loss upon
heating to 950°C. Compared to PT 1 and PT 3 �Fig. 3�, the relative
intensity of the LT-O2 peak �T � 475°C� with respect to the HT-O2
peak �T � 850°C� decreases significantly after PT 2. Presumably

Table I. Summary of TG-MS in Ar 5.0 N as a function of PT: Init
Ï TÕ°C Ï 950…; ratio of maximum intensities of LT- and HT-O2 pea

PT
�m�H2O�
�mass %�

�m�tot
�mass %

PT 1: Cooled from
1130°C in static
ambient air

−0.15 � 0.01 1.78 � 0

PT 2: T cycles in
dynamic CO2-rich
atmosphere

−0.10 � 0.01 1.94 � 0

PT 3: T cycles in
dynamic synthetic
air

−0.08 � 0.01 1.58 � 0

a Significant peak in MS, but not in differential thermoanalysis �DTA� sig
b Significant peaks in MS and DTA signals.
c Peaks insignificant in MS and DTA signals.
due to a significant surface degradation, less oxygen is released from
the perovskite during heating at 300 � T/°C � 700, after the expo-
sure to the CO2-rich atmosphere.

The pronounced HT-CO2 peak observed with the powders after
PT 1 and PT 2 �Fig. 1 and 2� is not observed after PT 3 �Fig. 3�. The
DTG signal of PT 3 indicates that the mass loss at T  200°C is
almost exclusively determined by O2 release. While CO2 desorption
can still be detected, its magnitude is comparatively small. Suppos-
edly, the dwell times of 2 h at 900°C applied during PT 3 �as later
described� lead to the decomposition of residual carbonates remain-
ing after PT 1 �Fig. 1�. The reversible formation of carbonate during
cooling with 5 K min−1 in the relatively CO2-lean atmosphere is
below the detection limit. Nevertheless, as will be discussed later,
the effect can be detected after several days of exposure at 600°C. In
direct comparison of the different PTs, the highest LT/HT-O2 peak
ratio, due to almost uninhibited oxygen exchange at LT �300
� T/°C � 700�, is observed after PT 3 �Table I�. In close correla-
tion, PT 3 exhibits the lowest total mass loss, due to negligible CO2
desorption.

Isotherms in a CO2-rich atmosphere.— A CO2-enriched test gas
with the nominal O2 content of ambient air �20 vol % O2
+ 5 vol % CO2, the rest Ar� was used to test the stability of the
powders at constant temperatures of 600–900°C. During 72 h of
exposure at 600 � T/°C � 800, BSCF shows a pronounced mass
increase due to CO2 �Fig. 4�. The single isotherms are characterized
by initial stages of mass loss, due to the increase of oxygen nonsto-
ichiometry of the perovskite with increasing T, followed by a pro-
gressive mass increase due to carbonate formation. The increments
of mass increase due to CO2 are 1.19 � 0.01 mass % �24 h,
600°C�, 3.18 � 0.01 mass % �24 h, 700°C�, and 2.33 � 0.01 mass
% �24 h, 800°C�. Figure 5 shows that the isotherm at 600°C, which
was acquired starting from the fresh sample, is well described by a
linear-parabolic rate law, �m/l + �m2/k = t, indicating that the ki-
netics of carbonate formation is controlled simultaneously by the
solid–gas interface reaction and by diffusion through the surface
�carbonate� layer.29 A fit to a parabolic rate law, �m2 = k � t, as-
suming exclusively the diffusion through the surface �carbonate�
layer to be rate-determining,29 is given for comparison. The differ-
ence plots between the experimental data and the two models clearly
state that the linear-parabolic rate law is more appropriate �Fig. 5�.

During heating to T  800°C a sharp onset of mass loss due to
the thermal decomposition of the carbonate occurs. The estimated
decomposition temperature in CO2-rich atmosphere is Td = 807°C
�Fig. 6�. Similarly, studies on BSCF-based devices reported that
CO2-induced degradation occurred at T � 800°C,4 and that regen-
eration of the performance is possible at 800°C.19
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Dynamic heating/cooling in a CO2-rich atmosphere.— Figures 7 and
8 show the relative mass changes of BSCF powder samples during
two consecutive heating/cooling cycles in a CO2-rich atmosphere
�20 vol % O2 + 5 vol % CO2, the rest Ar�, where contributions of
mass changes due to O2 and CO2 superimpose. For further analysis,
comparison with the analogous reference experiments in CO2-free
atmosphere �20 vol % O2, the rest Ar�, showing exclusively the ef-
fects due to the T-dependence of the oxygen nonstoichiometry, is
essential. During the first temperature cycle the initial mass of the
reference sample �CO2-free atmosphere� is by 0.18 � 0.01 mass %
smaller than the final mass �Fig. 7�. The starting material, that is,
powder cooled from 1130°C in ambient air, contains minor amounts
of H2O and LT-CO2 which are lost at T � 200°C �compare TG-MS
in Fig. 1�. The perovskite then becomes active for oxygen uptake in
the range 250–350°C, compensating the oxygen deficiency which
was created during cooling. Upon further heating the typical revers-
ible oxygen exchange characteristics of the perovskite are observed
at 350–900°C. During the cooling sequence in CO2-free atmosphere
oxygen uptake occurs down to 250°C.

The initial mass loss, due to H2O desorption at T � 200°C dur-
ing the first heating sequence in CO2-rich atmosphere, is identical to

the reference experiment �Fig. 7�. However, contrary to the
CO2-free atmosphere, the onset of oxygen uptake is shifted from
T � 250°C to higher temperatures, indicating that the decomposi-
tion of LT-CO2 is inhibited in the CO2-rich atmosphere. Mass loss
due to oxygen vacancy formation in the perovskite is observed at
475–600°C, which is superimposed by mass increase due to CO2
starting at 550–600°C �compare Fig. 9�. The most prominent differ-
ence to the reference sample is the pronounced mass uptake in the
interval 600–800°C, which is also observed under isothermal con-
ditions �Fig. 4�. During further heating, decomposition of the car-
bonate �superimposed by oxygen loss from the perovskite� is ob-
served at T � 810°C. Upon cooling, reversible mass increase due to
carbonate formation is starting at T � 810°C �superimposed by
oxygen uptake of the perovskite�. In the CO2-rich atmosphere, the
sample mass saturates at T � 350°C.

During the second heating/cooling cycle �as recently discussed in
more detail in Ref. 30�, the reference experiment is almost exclu-
sively determined by the highly reversible T-dependence of the oxy-
gen nonstoichiometry at T  350°C. The small thermal hysteresis
of the reference curve at T � 300°C is likely due to a minor oxygen
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Figure 4. �Color online� Mass increase of BSCF in CO2-rich atmosphere
�20 vol % O2 + 5 vol % CO2, the rest Ar� during isotherms at 600–800°C
and decomposition of carbonate upon heating to 900°C �compare detail in
Fig. 6�.
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corded after 2 h dwell times at 900°C. Heating/cooling rates were
5 K min−1.
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deficiency, as observed much more pronouncedly in the first tem-
perature cycle. During the second temperature cycle in the CO2-rich
atmosphere, the effects observed in the first sequence are qualita-
tively reproduced, quantitatively leading to a further increase of the
final sample mass due to progressive CO2 uptake �Fig. 8 and 9�. As
recently discussed,30 the mass changes, which can mainly be as-
cribed to the reversible oxygen nonstoichiometry changes in the
perovskite, are indicated by the parallel slopes in the �m vs T plots
during heating and cooling in both CO2-free and CO2-rich atmo-
spheres �Fig. 7 and 8�, and consequently by the horizontal sections
in the difference plot �Fig. 9�. Thus, the superposition of effects due
to CO2 can be detected at LT �300–500°C� and at HT �550–900°C�,
while the IT range �450–600°C� is mainly determined by oxygen
exchange of the perovskite. Post-test analysis of the powder by
TG-MS confirms the desorption of LT- and HT-CO2, while the IT
region is dominated by oxygen desorption �Fig. 2 and Table I�.
Isotherm in synthetic air.— A test gas with the nominal O2 and
CO2 content of ambient air, but with no further reactive components
�20 vol % O2 + 0.04 vol % CO2, the rest Ar� was used to test the
stability of BSCF powder in a CO2-lean atmosphere at 600°C. The
mass changes during exposure to synthetic air are close to the de-

tection limit of the method. Nevertheless, a progressive increase of
the sample mass is observed within 7.5 days �Fig. 10�. The TG
signal is superimposed by a 24 h periodic drift, due to minor
changes of room temperature. However, as will be discussed later
with electrical conductivity relaxation measurements, this appar-
ently small CO2 uptake is correlated to a significant degradation of
the oxygen exchange kinetics at 600°C. A tentative fit to the para-
bolic rate law provides a rough estimate of the pCO2-dependence of
the carbonate formation kinetics. At constant pO2 = 0.20 bar, mass
increase at 600°C in CO2-rich atmosphere �pCO2 = 5 � 10−2 bar;
Fig. 5� occurs with a parabolic rate constant k
� 10−5 mass %2 s−1. In comparison, k � 10−9 mass %2 s−1 is ob-
served in synthetic air �pCO2 = 4 � 10−4 bar� at 600°C �Fig. 10�.
The indicated pronounced dependence of the rate constants on pCO2
is in agreement with earlier studies on oxygen permeable BSCF
membranes which showed a pronounced increase of the degradation
rate with increasing CO2 concentration.18

Dynamic heating/cooling in synthetic air.— During the first heating
step in synthetic air, mass loss due to the desorption of H2O at T
� 200°C occurs, as observed under various experimental conditions
�e.g., Fig. 1-3 and 7�. Figure 11 shows the second temperature cycle
of BSCF in synthetic air, compared to the reference experiment in a
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Figure 8. �Color online� Second heating/cooling cycles of BSCF in
CO2-rich atmosphere compared to CO2-free atmosphere.30 The cooling
curves were recorded after 2 h dwell times at 900°C. Heating/cooling rates
were 5 K min−1.
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CO2-free atmosphere. Similar to the experiment in a CO2-rich at-
mosphere, the onset of oxygen vacancy formation is shifted toward
higher temperatures in synthetic air, indicating a CO2-induced pas-
sivation of the surface. The effect is confirmed by the desorption of
LT-CO2 in post-test analysis by TG-MS �Fig. 3�. Narrow thermal
hystereses, as previously discussed, occur in both curves at the on-
sets of oxygen release at 300 and 400°C, respectively.

Due to the relatively small mass changes induced by CO2, which
are close to the detection limit even during long-term exposure �Fig.
10�, the characteristics of both curves are mainly determined by the
comparatively high mass changes originating in the reversible oxy-
gen exchange of the perovskite �compare also the post-test analysis
by TG-MS in Fig. 3�. Nevertheless, characteristic features such as
the additional narrow hysteresis at T � 800°C, due to decomposi-
tion and reversible formation of HT-CO2, can be observed during
the experiment in synthetic air.

Conductivity relaxation measurements.— Conductivity relaxation
was studied on a thin, densely sintered BSCF sample �Ls
= 0.0200 cm� at 600°C as a function of PT. The kinetic parameters,
kchem and Dchem, as well as the characteristic length Lc
= Dchem/kchem,31 are summarized in Table II. The fresh sample was
heated to 700°C and cooled back to 600°C in a dynamic CO2-free
atmosphere with 2 K min−1. The kinetic parameters of the first mea-
surements performed on the as-prepared sample at 600°C in a de-
fined O2–Ar atmosphere �curves 1 in Fig. 12� indicate that the oxy-
gen exchange kinetics is on the borderline between the mixed-
controlled and the surface-controlled regime. Both kchem and Dchem
can be determined with the reduction process, but the small ratio

Ls/Lc � 7 indicates that the kinetics is close to the surface-
controlled regime �Table II�. From the corresponding oxidation pro-
cess, which occurs slightly faster than the reduction process, only
the parameter kchem can be reliably determined at the given Ls. To
assess the influence of CO2-containing atmospheres on the oxygen
exchange kinetics at 600°C, the sample was exposed to ambient air
for 3 days. Afterward, CR indicates a decrease of kchem for both
oxidation and reduction by a factor of 2–5 �Table II�. As a conse-
quence, the surface exchange becomes rate-determining in both pro-
cesses.

According to thermoanalysis, this degeneration can be ascribed
to the adsorption of CO2 and progressive carbonate formation of
BSCF in CO2-containing atmospheres, which can be expected to
strongly reduce the activity of the surface for oxygen reduction.
Another 7 days of exposure to ambient air at 600°C led to a further,
but less-pronounced decrease of the kchem values �curves 2 in Fig. 12
and Table II�. Similarly, electrochemical impedance spectroscopy
studies on a BSCF-based SOFC cell indicated a significant increase
of the interface resistance with CO2-containing oxidants at 600°C.19

Regeneration attempted at 600°C in a dynamic CO2-free atmo-
sphere �1 vol % O2, the rest Ar� resulted only in an insignificant
increase of the surface exchange coefficients �Table II�. This is in
agreement with our previous TG studies, providing evidence that
regeneration in a CO2-free atmosphere �20 vol % O2, the rest Ar� at
600°C is kinetically slow and that higher temperatures are required
for full recovery within reasonable time scales.30 Sensitive TG-MS
in a CO2- and O2-free atmosphere �Ar 5.0 N; Fig. 1 and 2� shows
the onset of HT-CO2 desorption at 550–575°C, with the rate of
regeneration increasing at T  600°C. For complete regeneration,
the sample was annealed for 7 days at 825°C, that is, well above the
onset of carbonate decomposition at 807°C determined by TG �Fig.
6�. After cooling back to 600°C, the sample showed strongly acti-
vated kinetics �curves 3 in Fig. 12�, which exceeded the initial val-
ues of the as-prepared state. The kinetic parameters of the regener-
ated sample are in good agreement with previous results on the
oxygen exchange kinetics of a macroscopic BSCF sample �Ls
� 0.0760 cm� obtained at 600°C in a CO2-free atmosphere7 �Table
II�. Obviously, the parameters obtained with the as-prepared sample
�sintered and stored in ambient air; conditioned at Tmax = 700°C and
cooled to 600°C� during the first measurement series represent an
intermediate between the degraded and the fully regenerated state
�after Tmax = 825°C�. Consistently, the kinetics of the as-prepared
sample is found between the mixed and the surface controlled re-
gime, the degraded sample shows unambiguously surface controlled
kinetics, and a mixed controlled regime is evident after regeneration.
Thus, in agreement with thermoanalysis, CR measurements show
that carbonates, which form during cooling and storage in ambient
air, may remain stable up to 700°C for considerable time scales,
inhibiting the surface oxygen exchange.

Conclusions

Significant carbonate formation of BSCF powders in
CO2-containing atmospheres is confirmed by precision TG. At

Table II. Surface oxygen exchange coefficients kchem, chemical diffusion coefficients Dchem, and characteristic lengths Lc = DchemÕkchem of BSCF
„Ls = 0.020 cm… at 600°C as a function of PT in comparison with literature data „Ls = 0.076 cm…. The errors of the kinetic parameters are
estimated to �kchem = ±3% and �Dchem = ±3%.

PT

Oxidation Reduction

kchem
ox /cm s−1 Dchem

ox /cm2 s−1 Lc
ox/cm kchem

red /cm s−1 Dchem
red /cm2 s−1 Lc

red/cm

As-prepared 5 � 10−5 — — 7.3 � 10−5 2.1 � 10−7 2.8 � 10−3

3 days ambient air 2.4 � 10−5 — — 1.6 � 10−5 — —
7 days ambient air 2 � 10−5 — — 1.3 � 10−5 — —
7 days O2–Ar at 600°C 2 � 10−5 — — 1.4 � 10−5 — —
7 days O2–Ar at 825°C 5.9 � 10−4 8.1 � 10−7 1.4 � 10−3 6.6 � 10−4 6 � 10−7 9 � 10−4

O2–Ar at 550–800°C7 4.7 � 10−4 3.5 � 10−6 7.6 � 10−3 4.2 � 10−4 2.1 � 10−6 5 � 10−3
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Figure 12. �Color online� Oxidation and reduction kinetics of BSCF at
600°C; the normalized electrical conductivities of �1� as-prepared sample,
�2� degraded sample �after 7 days in ambient air�, and �3� regenerated sample
�after 7 days at 825°C in CO2-free atmosphere� are compared. The corre-
sponding kinetic parameters are given in Table II.

B1223Journal of The Electrochemical Society, 155 �11� B1218-B1224 �2008� B1223



B1224 Journal of The Electrochemical Society, 155 �11� B1218-B1224 �2008�B1224
300–400°C the surface of BSCF is passivated with respect to oxy-
gen exchange at 4 � 10−4 � pCO2/bar � 5 � 10−2. A pronounced
mass increase at 600–800°C is observed in CO2-rich atmospheres
�20 vol % O2 + 5 vol % CO2, the rest Ar�. With decreasing pCO2,
the effect is still evident but less easily detected by TG. Comple-
mentary CR measurements can be regarded as a highly sensitive
probe, because the surface exchange kinetics of a dense sample
shows a significant decrease after exposure to small amounts of CO2
in ambient air at 600°C. Both TG and CR indicate consistently that
regeneration via decomposition of the carbonate is possible. Never-
theless, temperatures higher than 800°C are required for the process
to occur within reasonable time scales. The present results imply a
severe long-term degradation of the performance of BSCF cathodes
operated at IT �600–750°C� in ambient air. Because small amounts
of carbonate result in a substantial decrease of the activity of BSCF
for oxygen reduction, the application of these cathodes with
CO2-containing oxidants at T � 800°C cannot be recommended.
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Abstract

The oxygen nonstoichiometry of Ba0.5Sr0.5Co0.8Fe0.2O3−δ (BSCF5582)was investigated by thermogravimetry resulting in values of 2.40b (3−δ )b2.57
for the equilibrium oxygen content in the range 600≤T/°C≤900 and 1E−4bpO2/barb0.4. The oxygen exchange kinetics was studied by electrical
conductivity relaxation as a function of temperature in the range 550≤T/°C≤725 with chemical diffusion coefficients 1E−6bDchem/cm

2 s−1b3E−5 and
surface exchange coefficients 2E−4bkchem/cm s−1b3E−3. The activation energies of the kinetic parameters amount toEa(Dchem)=86±8 kJ mol

−1 and Ea
(kchem)=64±12 kJ mol−1. Self-diffusion and surface exchange coefficients, as well as ionic conductivities are estimated.
© 2008 Elsevier B.V. All rights reserved.
Keywords: Perovskite oxide; BSCF; Oxygen nonstoichiometry; Oxygen exchange; Conductivity relaxation
1. Introduction

The mixed conducting perovskite-type oxides (La,Sr)(Co,Fe)
O3−δ have been widely investigated with respect to basic mass and
charge transport properties as well as for application in solid oxide
fuel cells (SOFCs) and oxygen permeable membranes. While
SrCo0.8Fe0.2O3−δ exhibits the highest oxygen permeability in this
series [1], it has the disadvantage of undergoing a transition to the
oxygen vacancy ordered brownmillerite structure at Tb800 °C
[2,3]. The perovskite phase can be stabilised by Ba-substitution
leading to the composition ofBa0.5Sr0.5Co0.8Fe0.2O3−δ(BSCF5582),
which was proposed as a superior SOFC cathodematerial [4,5] and
as a high-performance oxygen permeable membrane [6–9]. The
cubic perovskite structure with disordered oxygen vacancies
is maintained in BSCF5582 even at exceptionally high oxygen
deficit (0.3b δb0.8 at 600bT/°Cb900) [7,9,10]. This
clearly exceeds typical values of comparable perovskites, e.g.
La0.6Sr0.4Co0.8Fe0.2O3−δ with 0.15bδb0.40 at 700–900 °C and
1E−4bpO2/barb1 [11].

So far, the oxygen exchange properties of BSCF5582 have
mainly been investigated by the permeation method [6–9],
⁎ Corresponding author.
E-mail address: Edith.Bucher@mu-leoben.at (E. Bucher).

0167-2738/$ - see front matter © 2008 Elsevier B.V. All rights reserved.
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studying the steady-state oxygen permeation flux in a high pO2

gradient, while investigations by non-steady-state methods
close to equilibrium are scarce [12]. For potential application in
intermediate temperature SOFC cathodes the dependence of the
oxygen exchange properties on temperature and on oxygen
partial pressure under operating conditions of the SOFC are of
special interest. In a recent study we applied the conductivity
relaxation method to investigate the oxygen partial pressure
dependence of the chemical surface exchange coefficients
(kchem) and the chemical diffusion coefficients (Dchem) at 600
and 700 °C [13]. The present work will focus on the kinetic
parameters as a function of T between 550 and 725 °C. In
combination with thermogravimetric investigations of the
oxygen nonstoichiometry as a function of T and pO2 self-
diffusion coefficients and oxygen exchange coefficients as well
as ionic conductivities will be estimated.

2. Experimental

BSCF5582 powder was prepared by spray pyrolysis and
characterised with regard to phase purity and elemental
composition by XRD and ICP-AES, respectively [13].

The oxygen nonstoichiometry δ was investigated by use of a
precision thermobalance (Setaram, TAG 2416) as a function of

mailto:Edith.Bucher@mu-leoben.at
http://dx.doi.org/10.1016/j.ssi.2008.01.089


Fig. 1. Oxygen nonstoichiometry δ and thermodynamic factor of oxygen γO
(Eq. (1)) of BSCF5582 at 600–900 °C. Results from isotherms (half filled
symbols) are compared with isobars (open symbols). The reference point ( )
was obtained by total reduction in Ar–H2. The experimental error is estimated to
δ±0.007. Lines are a guide to the eye.
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temperature and oxygen partial pressure. During isobaric
experiments two temperature cycles were performed, heating
from 20 to 900 °C and cooling back to 20 °C with rates of 1.3–5 K
min−1. Temperature ramps were chosen sufficiently low to obtain
negligible thermal hystereses of δ (below ±0.004 in the range
600≤T/°C≤900). Dynamic sequences were followed by dwell
times of 1–2 h, where mass changes were usually below ±1 μg.
Isothermal experiments were performed by equilibration of the
sample at various oxygen partial pressures 1E−4bpO2/barb0.4
until the corresponding mass signal was constant within ±1 μg.
Sequentially, the pO2 stepswere performed from oxidising towards
reducing atmospheres. Depending on T and pO2, the required
equilibration times between successive pO2 steps were 1–24 h.
Defined gas atmospheres were obtained by mixing Ar (5.0), O2

(4.5), and Ar+1 vol.% O2 using mass flow controllers (Mycrolis,
FC2700). As a reference point the absolute oxygen nonstoichio-
metry was determined by equilibration of a sample at 700 °C and
pO2=0.37 bar and subsequent total reduction in a mixture of Ar
(5.0) andAr+3 vol.%H2 at 900 °C. The oxygen partial pressure of
the reducing Ar/H2 atmosphere amounted to pO2=2.6E−21 bar.
The mass loss during reduction at 900 °C was monitored until the
sample mass remained constant within ±1 μg for 24 h. XRD of the
residue confirmed the total decomposition of the perovskite phase
and showed characteristic reflections of Co/Fe.

The temperature dependences of the kinetic parameters (Dchem

and kchem) were investigated by dc conductivity relaxation
experiments as a function of temperature (550≤T/°C≤725).
During cooling from 700 to 550 °C experiments were performed at
constant temperatures in intervals of 50 K. Subsequently, a heating
run was performed with experiments in intervals of 25 K, from 550
up to 725 °C. Results obtained upon cooling were in good
agreement with those obtained upon heating. Small oxidation
and reduction steps between pO2,Hi=2.1E−2 bar and pO2,Lo=
9.0E−3 bar were alternately applied to study the oxygen exchange
kinetics close to equilibrium. Usually, a sequence of 2–3 reduction/
oxidation cycleswas performed at eachT. Intermittent to successive
pO2 steps, the sample signal was monitored to ensure that complete
equilibrium with the gas phase was obtained. The minimum factor
of equilibration time relative to the duration of the experiment was
3. During the equilibration intervals between successive experi-
ments the normalised electronic conductivity remained constant
within ±1%.Oxygen partial pressureswere adjusted bymixtures of
O2 (4.5) and Ar+1 vol.%O2 usingmass flow controllers (Hastings,
HFC 302). Fast pO2 steps were realised by switching between two
continuous gas streams with flow rates of 1.6 l h−1. The experi-
mental relaxation curves of a dense disc shaped sample (thickness
0.760 mm) with 4 point-contacts in van der Pauw geometry [14]
weremonitored via the voltage response at constant dc current with
a combined high-impedance multimeter and power source
(Keithley, 2400). The transient response of the gas phase (finite
flush time of the reactor) was separately determined in a series of
experiments with the empty reactor using the in-situ oxygen sensor
described below. An average flush time τ=4.8±0.5 s was obtained,
where reduction experiments were usually slightly faster than
oxidation experimentswith a difference of approximately 0.5 s. The
normalised electronic conductivity was analysed by nonlinear least
squares fits to the solution function of the appropriate diffusion
equations, taking into account the finite flush time of the reactor
[15,16], using a constant τ=5 s.

For in-situ measurements of the oxygen partial pressure in
both thermogravimetry and conductivity relaxation experiments
potentiometric oxygen sensors with Ir/IrO2 reference (Setnag)
were applied. Estimated experimental errors ΔT=±0.5 K,
ΔpO2=±2%, and Δδ=±0.007, and propagated errors are given
as one standard deviation.

3. Results and discussion

3.1. Oxygen nonstoichiometry

The oxygen deficit of Ba0.5Sr0.5Co0.8Fe0.2O3−δ is given as a
function of T and pO2 in Fig. 1. Isothermal experiments at 700–
900 °C and intersections of isobaric experiments at 600–900 °C
are in good agreement with each other. The oxygen nonstoichio-
metry increases continuously with increasing temperature and
decreasing pO2. No evidence for a transition to an ordered
brownmillerite structure (ABO2.5) at δ→0.5 was observed.

In literature few studies on the oxygen nonstoichiometry of
BSCF5582 are available. While trends in δ vs. pO2 and vs. T are
similar, discrepancies on the absolute values of δ are found. For
example, data obtained at 700 °C by thermogravimetry range from
δ=0.26 (pO2=0.21 bar) [7] and δ=0.34 (pO2=1.0 bar) [10] to
δ=0.68 (0.21 bar) [9]. Vente et al. [9] also reported values
determined by in-situ neutron diffraction at 700 °C, e.g. δ=0.69
(pO2=1.0 bar). The oxygen nonstoichiometry as determined in the
present study at 700 °C, δ=0.46 (pO2=0.21 bar), Fig. 1, is between
the upper and lower limits of currently available literature data.

The thermodynamic factor of oxygen γO [17] was obtained
according to

gO ¼
1
2

A ln pO2

A ln 3� dð Þ
� �

T

ð1Þ

by linear regression. With good linear correlation of ln pO2 vs.
ln (3−δ) (R2N0.98), γO was assumed constant over the pO2



Fig. 3. Arrhenius plot with calculated mean activation energy (solid line) for
chemical diffusion coefficients of BSCF5582. Oxidation and reduction steps
between pO2,Hi=2.1E−2 bar and pO2,Lo=9.0E−3 bar are compared. Dashed
lines represent Ea(Dchem

[ox] )=95±6 kJ mol−1 and Ea(Dchem
[red] )=80±8 kJ mol−1.

Self-diffusion coefficients are estimated via the thermodynamic factor, error bars
indicate one standard deviation.
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range under investigation. Values obtained at 600–900 °C are
given in Fig. 1.

Fig. 2 shows derivatives of cooling curves obtained after
equilibration at 900 °C and different oxygen partial pressures
4E−2bpO2/barb4E−1. The high temperature region 600–
900 °C is characterised by a continuous mass loss. The
pronounced high temperature maximum with subsequent
relaxation dδ/dT→0 which is characteristic for the perovs-
kite–brownmillerite transition of SrCo0.8Fe0.2O3− δ [6,18] is
absent. The low temperature maximum at approximately 380 °C
coincides with a change in the thermal expansion coefficient
and a maximum in the electronic conductivity vs. T [13]. At
Tb175 °C the oxygen exchange is frozen in due to kinetic
reasons and dδ/dT→0. Oxygen nonstoichiometries at room
temperature vary between δRT=0.33 (pO2=3.8E−1 bar) and
δRT=0.37 (pO2=3.9E−2 bar).

3.2. Oxygen exchange kinetics

The activation energies of Dchem and kchem were determined
from the temperature dependences of both parameters in the range
550≤T/°C≤725, Figs. 3 and 4, to 86±8 and 64±12 kJ mol−1,
respectively. With increasingly fast kinetics the accessible upper
temperature was limited by the finite flush time of the reactor.
Towards lower temperatures the deviations between experimental
data and the present diffusion model increased. Possible reasons
are kinetic limitations, or a change in the diffusion mechanism,
e.g. grain boundary limited diffusion [19].

At constant T, the surface exchange coefficient is by
approximately 2 orders of magnitude higher than the chemical
diffusion coefficient. Both parameters exceed those of state-of-the-
art IT-SOFC cathode materials, e.g. La0.6Sr0.4Co0.2Fe0.8O3−δ with
2E−6bkchem/cm s−1b1E−3 and 5E−8bDchem/cm

2 s−1b2E−6 at
700 °C [20], or (La0.6Sr0.4)0.99Co0.2Fe0.8O3−δ with 6E−5bkchem/
cm s−1b4E−4 and 2E−6bDchem/cm

2 s−1b6E−6 at 800 °C [21].
In Fig. 3 an offset between Dchem obtained from oxidation

and reduction steps is observed. The same effect is percepti-
ble with kchem at 600–725 °C in Fig. 4. Similar discrepancies
for conductivity relaxation experiments on La0.5Sr0.5CoO3− δ,
Fig. 2. Numerical derivatives of the oxygen nonstoichiometry δ of BSCF5582
vs. temperature. Curves were obtained upon cooling after equilibration at 900 °C
and various oxygen partial pressures (I–IV). Cooling rates were 5Kmin−1 (I–III)
and 2.5 K min−1 (IV).
La0.6Sr0.4Co1− yFeyO3− δ, and La0.5Sr0.5Fe0.8Ga0.2O3− δ were
attributed to the determining influence of the target pO2 and
limitations of the experimental setup [20,22–25]. Since in our
study systematically Dchem

[ox] NDchem
[red] and mostly kchem

[ox] Nkchem
[red] , the

offset could originate in the pronounced positive pO2 dependences
of the parameters, e.g. Dchem∞pO2

(0.6 ± 0.1) and kchem∞pO2
(0.6 ± 0.1)

at 700 °C [13]. Further studies with systematic variation of the
magnitude and direction of the pO2 step would be required to
investigate this effect.

Within the limits of error, no explicit temperature dependence of
Lc in the range 550≤T/°C≤725 can be given. The mean critical
length resulting from the ratio Dchem/kchem of experimental data in
Figs. 3 and 4 is Lc=0.055±0.027 mm. Comparison of Lc with half
the sample thickness Ls /2=0.380 mm confirms that the oxygen
exchange kinetics in the T and pO2 ranges under investigation is
determined by both Dchem and kchem (mixed regime).
Fig. 4. Arrhenius plot with calculated activation energy for chemical surface
exchange coefficients of BSCF5582. Oxidation and reduction steps between
pO2,Hi=2.1E−2 bar and pO2,Lo=9.0E−3 bar are compared. Self surface
exchange coefficients are estimated via the thermodynamic factor, error bars
indicate one standard deviation.
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Via the thermodynamic factor, Fig. 1, self-diffusion coeffi-
cients DO and surface exchange coefficients kO at 600 and
700 °C (Figs. 3 and 4) were estimated from Dchem=DOγO and
kchem≈ kOγO [26,27]. Further, the ionic conductivity was
obtained fromDO according to the Nernst–Einstein relation [17]

rO ¼ 4F2 3� dð ÞDO

RTVm
ð2Þ

where Vm=38.3±0.3 cm3 mol−1 was used as the mean molar
volume based on available XRD data in air and argon [8,10]. The
calculated ionic conductivities amount to σO=0.006±0.002 S
cm−1 (600 °C) and σO=0.018±0.008 S cm−1 (700 °C).
4. Conclusions

At 550≤T/°C≤725 the kinetic parameters of BSCF5582
1E−6bDchem/cm

2 s−1b3E−5 and 2E−4bkchem/cm s−1b3E−3
are higher than those of comparable IT-SOFC cathode materials,
e.g. La0.6Sr0.4Co0.2Fe0.8O3−δ. BSCF5582 combines exception-
ally fast oxygen exchange kinetics in the intermediate temperature
range with moderate activation energies Ea(Dchem)=86±8 kJ
mol−1 and Ea(kchem)=64±12 kJ mol−1. With 0.43bδb0.60 at
600–900 °C and 1E−4bpO2/barb0.4 bar BSCF5582 exhibits a
high concentration of oxygen vacancies in a stable perovskite
matrix. Estimates based on the magnitude of the oxygen
nonstoichiometry and the chemical diffusion coefficients indicate
high ionic conductivities of 0.01–0.02 S cm−1 at 600–700 °C.
These features support the application of BSCF5582 in IT-SOFCs
as cathodes with low polarisation resistance even with reducing
the operating temperatures towards 600 °C.
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Long-Term Oxygen Exchange Kinetics of Nd2NiO4+�
in H2O- and CO2-Containing Atmospheres
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The degradation of the solid oxide fuel cell cathode material Nd2NiO4+� with respect to the oxygen exchange kinetics in H2O- and
CO2-containing atmospheres has been investigated at 700°C. The material exhibits excellent stability in dry Ar + 1% O2 atmo-
sphere over 1000 h. No appreciable degradation has been observed after exposure to a CO2-rich atmosphere, but a decrease in the
chemical surface exchange coefficient of oxygen by 1 order of magnitude has been found after 1000 h under moist conditions
�30% relative humidity�. Post-test X-ray photoelectron spectroscopy depth analysis showed significant changes in the Nd:Ni cation
ratio within the topmost 100 nm of the H2O-degraded sample. It is concluded that the degradation mechanism involves hydroxides
as intermediate species even if the predominant species in the degraded surface is NdNiO3.
© 2010 The Electrochemical Society. �DOI: 10.1149/1.3481420� All rights reserved.
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Long-term degradation remains an important issue of solid oxide
fuel cells �SOFCs� to date and the limited lifetimes of stacks is the
main barrier for a commercial introduction of the SOFC technology.
The current trend is to reduce the operating temperature of SOFCs
to 600–800°C, which stimulated the development of new mixed
ionic electronic conducting �MIEC� cathode materials that show
sufficient electrochemical performance at these reduced tempera-
ratures.1,2

So far, the dominating material class for MIEC cathodes are the
perovskite oxides �ABO3−�� and a great number of compounds with
different compositions on the A- and B-site have been investigated.
More recently, mixed conducting rare-earth �RE� nickelates
RE2NiO4+� have attracted interest as alternative cathode material.
They adopt the perovskite-related K2NiF4 structure and feature fast
oxygen incorporation and diffusion,3 high electrocatalytic activity
for oxygen reduction4 and low thermal expansion coefficients3,5,6

matching reasonably well those of current electrolytes such as yttria-
stabilized zirconia or gadolinia-doped ceria.

Cathode-based degradation can be caused by the cathode mate-
rial itself such as insufficient phase stability or cation segregation,7-9

formation of detrimental phases at the interface to the electrolyte10,11

or to the interconnect,12,13 loss of mechanical or electrical contact
between these components due to differences in thermal expansion
coefficients, and reaction with trace gases in the oxidant such as
water vapor or carbon dioxide.

Several investigations on perovskites deal with the formation of
hydroxides and/or carbonates of SOFC cathode materials at operat-
ing conditions in humid14,15 or CO2-containing15-21 atmospheres.
The perovskite-related K2NiF4-type nickelates have been reported to
be stable in moist atmosphere.22 Egger et al.23 investigated Nd2NiO4
after exposure to H2O- and CO2-containing gases by thermogravi-
metric analysis combined with mass spectrometry and found no evi-
dence for adverse effects on oxygen exchange in the short-term
range. The absence of alkaline earth metals in this material might be
beneficial for the stability against hydroxide and carbonate forma-
tion. However, data about long-term stability with respect to humid-
ity or CO2 in the oxidant gas is scarce for this material. In this work,
we present results concerning the long-term stability of Nd2NiO4+�

with respect to oxygen exchange performance at 700°C in H2O- and
CO2-containing atmospheres.

Experimental

Sample preparation.— Nd2NiO4 was synthesized by the poly-
acrylamide gel route as given in more detail by Egger et al.23 The
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final sintering step at 1350°C for 4 h gave a cylindrical pellet of 1.5
cm diameter and 7 mm thickness with a relative density of 98%
based on a theoretical density of 7.53 g/cm3 as determined from
XRD. The K2NiF4 structure of the material was verified by XRD
with a small amount of Nd2O3 present. Square slabs of 7 � 7
� 1 mm were cut from the center part of the sintered pellet with a
diamond wire saw, ground with a SiC paper �240 grit�, and polished
with polymer-embedded diamond lapping films of 30, 6, and 1 �m
particle size. Two samples for investigating the degradation effect of
water and carbon dioxide were prepared with a thickness of 467 and
415 �m, respectively. The samples were contacted at the corners
using gold wires attached with gold paste �Metalor� because gold is
rather inactive in the oxygen exchange process.

Experimental setup.— Samples were mounted in a quartz reactor
with a zirconia-based oxygen sensor with an integrated
S-thermocouple �MicroPoas, Setnag� placed close to the sample.
Conductivity and conductivity relaxation measurements24,25 were
performed in the van der Pauw geometry at 700°C and 0.01–0.02
bar oxygen partial pressure �pO2� in a tube furnace with a total gas
flow of 5 L/h adjusted by mass flow controllers �Hastings HFC-
302�. Within the H2O degradation experiments, the gases were
passed through water flasks containing deionized water at a constant
temperature of 6°C, which corresponds to a pH2O of 0.9 kPa or
30% relative humidity at 25°C under equilibrium conditions.26 CO2
degradation was investigated by flushing the reactor with a mixture
of 5% CO2 + 20% O2 in Ar at a flow rate of 1 L/h.

Conductivity relaxation.— High temperature electrical conduc-
tivity measurements were performed by the four-point van der Pauw
technique using a Keithley 2400 current/voltage source. Conductiv-
ity relaxation transients were recorded using a Keithley 182 sensi-
tive voltmeter and a Keithley 2400 current source. Switching be-
tween gas flows with different oxygen partial pressures was done
manually by a four-way valve. Chemical surface exchange coeffi-
cients �kchem� and chemical diffusion coefficients �Dchem� of oxygen
were obtained by nonlinear least-squares fitting of the appropriate
solution of the diffusion equation to the relaxation profile, taking
into account the finite flushtime of the quartz reactor as determined
from a separate measurement of the empty reactor. Analytic expres-
sions used in the nonlinear regression analysis are given in Eq. 1 for
the case of surface controlled oxygen exchange kinetics and in Eq. 2
for a mixed surface exchange/diffusion controlled oxygen exchange
process27,28
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where �n is the electrical conductivity normalized with respect to
the equilibrium conductivities before and after the pO2 step �n
= ��t − �0�/��� − �0�, �r is the flushtime of the reactor volume
assuming continuous ideally stirred tank reactor behavior,27 L is the
sample thickness, and t is time. The infinite sum in Eq. 2a runs over
all positive roots �n of Eq. 2b. The Levenberg–Marquardt algorithm
was employed for adjusting the fitting parameters kchem and Dchem
by minimization of the unweighted sum of squared residuals be-
tween calculated and measured data points. A typical example of
experimental relaxation data together with the fitting curve of Eq. 2a
is presented in Fig. 1.

XPS.— The chemical composition of the sample surface was
quantified by X-ray photoelectron spectroscopy �XPS�. The mea-
surements were carried out at room temperature in ultrahigh vacuum
�UHV� at a base pressure of 2 � 10−10 mbar utilizing a Thermo
MultiLab 2000 spectrometer equipped with an alpha 110 hemi-
spherical analyzer from Thermo Electron, operated in the constant
analyzer energy mode at a pass energy of 100 eV corresponding to
2.5 eV overall resolution. All spectra were collected using Al K�
radiation �1486.6 eV� monochromatized by a twin crystal mono-
chromator yielding a focused X-ray spot with a diameter of
500 �m. The chemical composition was obtained from the areas of
the detected XPS peaks in survey scans, performing a linear-
background subtraction and taking into account Scofield sensitivity
factors for each constituent.29 Depth profiles were realized by an
EX05 Ion Gun from Thermo Electron providing a 3 keV Ar ion
beam, irradiating a 2 � 2 mm surface area at an ion current of
2.5 �A.

Results and Discussion

Phase purity.— XRD confirmed the presence of the K2NiF4 type
main phase, additional peaks in the XRD pattern could be ascribed
to a minor amount of Nd O secondary phase. The Nd:Ni ratio was

Figure 1. Relaxation data of the normalized conductivity �n as a response to
an abrupt change in the oxygen partial pressure in the ambient atmosphere
from 0.01 to 0.02 bar at 700°C. Data points are plotted as circles and the
fitting curve obtained from fitting Eq. 2a to the data is drawn as solid line.
Not all data points are shown for reasons of clarity.
2 3
determined as 2.0 � 0.1 �2�� by inductively coupled plasma-mass
spectometry �ICP-MS� after dissolving the sample in 6 M HCl.

Oxygen exchange kinetics in wet atmosphere.— Figures 2 and 3
show the chemical surface exchange coefficient kchem and the chemi-
cal diffusion coefficient Dchem of oxygen for Nd2NiO4+� over a pe-
riod of about 2000 h. During the first �1000 h the sample was kept
at 700°C in dry Ar + 1% O2 atmosphere with a permanent gas flow
of 1 L/h. No decrease in the kinetic parameters kchem and Dchem was
observed under dry conditions. Due to technical reasons, an inter-
mittent shutdown of the furnace for 2 weeks was necessary, which
had no detrimental effect on both parameters. Values for kchem and
Dchem obtained from oxidation experiments �pO2 0.01
→ 0.02 bar� were found to be systematically larger than those ex-
tracted from reduction runs �pO2 0.02 → 0.01 bar� over the entire
series of measurements.

For the investigation of the effect of water on oxygen exchange
properties, the sample was kept in a humidified gas stream over a
period of 1000 h. The degradation process was monitored in weekly
intervals by conductivity relaxation and electrical conductivity mea-

Figure 2. Decrease in the chemical surface exchange coefficient kchem of
oxygen for Nd2NiO4+� as a function of time due to humidification of the
ambient atmosphere �30% relative humidity at 25°C� at T = 700°C and
pO2 = 0.01–0.02 bar. Lines are linear and exponential fits to data obtained
from measurements in dry and wet atmospheres, respectively.

Figure 3. Chemical diffusion coefficient Dchem of oxygen for Nd2NiO4+� as
a function of time due to humidification of the ambient atmosphere �30%
relative humidity at 25°C� at T = 700°C and pO2 = 0.01–0.02 bar. Only
limited data is available for Dchem due to a change in the oxygen exchange
mode from mixed control to surface control shortly after changing to wet
atmosphere. Lines are linear fits to data obtained from measurements in dry
atmosphere.
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surements. A decrease by factor of 3 for kchem and �less pronounced�
by factor of 1.5 for Dchem was observed after 1 week as a result of
the humidified atmosphere �Fig. 2 and 3�. The slight decrease in the
diffusivity is unlikely to be caused by the degradation itself because
the thickness of the affected surface layer is below 300 nm �see XPS
results below� but is rather an indication that because degradation
also proceeds during the relaxation measurement, fitting of the equa-
tion for mixed control does not afford a perfect separation of the
contribution of kchem and Dchem to the overall relaxation process.

After another week, the relaxation process was found to be lim-
ited solely by the surface exchange of oxygen and only values for
kchem could be determined from that point on. After 3 weeks, the
decrease in the surface exchange coefficient ceased and kchem re-
mained constant for the rest of the investigated period, resulting in
an overall decrease in kchem by 1 order of magnitude from about
1 � 10−4 to 1 � 10−5 cm s−1 over �1000 h in humid atmosphere
�30% relative humidity�.

Before each conductivity relaxation measurement, the electronic
conductivity � was determined, yielding � = 101–102 S cm−1 for
pO2 = 0.01 bar and � = 104–105 S cm−1 for pO2 = 0.02 bar at
700°C. No systematic change in the conductivity was observed dur-
ing H2O degradation, which is to be expected because a thin poorly
conducting surface layer should have no appreciable effect in paral-
lel with the largely unaffected bulk.

Although a deteriorating effect of water on the oxygen exchange
in Nd2NiO4+� has been verified, the degradation is less severe
than for the perovskite-type SOFC cathode material La0.58Sr0.4
Co0.2Fe0.8O3−�, where a much more pronounced decrease in kchem of
a factor of �200 has been observed at 700°C after exposure to wet
atmospheres.30 This difference in oxygen exchange deactivation
may be related to the absence of Sr in the investigated nickelate
compound. The comparison should be regarded with some caution
because the water content differed in both studies �74% relative
humidity vs 30% in this work�. However, results in Bucher and
Sitte30 suggest that the H2O-induced degradation in
La0.58Sr0.4Co0.2Fe0.8O3−� is rather insensitive to the precise amount
of water content in the surrounding atmosphere.

XPS analysis before and after H2O degradation.— Depth pro-
files of the elemental composition of the sample surface were re-
corded by XPS up to approximately 350 nm sputtering depth for
both the degraded and nondegraded sample �Fig. 4 and 5�. The
nondegraded sample was annealed for 1000 h under flowing dry
Ar + 1% O2 before XPS analysis to unambiguously ascribe any
difference in the composition profiles to the degradation process in
humid atmosphere.

Small amounts of bismuth and cadmium have been identified by
XPS in the topmost surface layer. The source of this contamination
is most likely the gold paste used for contacting the sample, as
minor amounts of Bi, Cd, and Pb were detected in fresh unsintered
gold paste by X-ray fluorescence analysis. No silicon peaks have
been found in any of the XPS spectra.

The XPS depth profile of nondegraded Nd2NiO4+� kept in pure
Ar–O2 atmosphere is shown in Fig. 4a. The rather large deviation of
the measured elemental composition from the nominal one is caused
by a preferential loss of oxygen from the reducible oxides due to
sputtering in UHV as has been noted earlier.31 The composition is
quite homogeneous throughout the profile except within the topmost
�20 nm of the surface, where strong oxygen enrichment is ob-
served, presumably due to partially reversible H2O adsorption from
the ambient atmosphere.

In Fig. 4b the concentration profile has been renormalized to the
cations to reveal changes in the Nd:Ni ratio more clearly. Beyond a
depth of 50 nm, the cation ratio agrees well with that of the nominal
composition. At the immediate surface a �50 nm thick layer is
present where Nd is enriched with respect to Ni. A similar RE en-
richment after oxygen exposure has been reported for polycrystal-
line La2NiO4+� by Choisnet et al.32 and for LaNi5 by Schlapbach
and Brundle.33 The chemically driven RE enrichment results
from the higher thermodynamic stability of the RE oxides
�	fH


�Nd2O3� = −1808 kJ/mol� in comparison to NiO
�	fH


�NiO� = −240 kJ/mol�.34

XPS depth profiles of degraded Nd2NiO4+� after 1000 h at
700°C in wet atmosphere �30% relative humidity� are presented in
Fig. 5a for the overall composition and in Fig. 5b for cations only.
As mentioned above, deviations from the nominal composition in
the bulk shown in Fig. 5a arise from measuring a too low oxygen
concentration caused by the sputtering process. The elemental dis-
tribution in the degraded surface appears to be less homogeneous
than for the nondegraded sample �see Fig. 5a and 4a�. The most
striking feature is a drastic decrease in the Nd:Ni ratio from 2:1 in
nondegraded Nd2NiO4+� �Fig. 4� to 1:1 in the near-surface region of
the degraded sample. Figure 5b shows the change in the cation
distribution even more clearly. Beyond 300 nm depth, the nominal
bulk composition is found. As one approaches the surface, a Ni
depletion zone is crossed between 300 and 100 nm depth, while in
the topmost 50 nm the Nd:Ni ratio approaches unity.

The present observations provide an important clue about the
degradation mechanism of Nd2NiO4+� in wet atmosphere. Degrada-
tion of the related material La2NiO4 has been attributed earlier to
conversion Ni2+ to Ni3+, the latter being more stable at moderate
temperatures.35 This is indeed consistent with the present finding of
a nearly balanced Nd:Ni concentration at the degraded sample sur-
face and suggests the presence of a NdNiO3 perovskite phase. In
fact, Nd2NiO4 and NdNiO3 can be considered as the respective end-
points of a Ruddlesden–Popper type series NdO�NdNiO � of ox-

Figure 4. �Color online� XPS depth profile of �a� the overall composition
and �b� the cation composition from the surface layer of nondegraded
Nd2NiO4+� �solid lines�. The sample was kept 1000 h under dry Ar
+ 1% O2 at 700°C before XPS analysis. Dashed lines mark nominal com-
positions.
3 n
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ides. Gauquelin et al.36 identified intermediate-order Ruddlesden–
Popper phases La3Ni2O7 and La4Ni3O10 by transmission electron
microscopy on the surface of single crystal La2NiO4+� after anneal-
ing at 1000°C for 13 days in ambient air. However, our results are at
variance with a degradation taking place via successive transforma-
tion through such oxides. This clearly points to a pivotal role of the
water content in the ambient atmosphere. Alonso et al.37 demon-
strated the growth of NdNiO3 crystals at 4 GPa from hydroxides as
starting reactants. The use of hydroxides seemed to be essential,
which led the authors to postulate a water vapor transport driven
growth mechanism. These results and the present observations indi-
cate a degradation route, which proceeds via hydroxide formation as
an intermediate stage rather than involving merely a gradual conver-
sion to Ni3+ by increasing n in the Ruddlesden–Popper series.

Of course, elucidation of the precise mechanism would require a
detailed, locally resolved structure analysis of the surface phases,
but the XPS results provide at least some hints about the conversion
of the original surface layer toward the NdNiO3 phase. The native
surface before H2O exposure exhibits a Nd- and O-rich termination,
indicating the presence of a thin Nd2O3 layer as is common for RE
compounds.32,33 RE oxide surfaces dissociate water readily, which
results in at least partial conversion of the Nd2O3 layer into a hy-
droxide as the H2O partial pressure in the ambient atmosphere is
increased. According to the observations reported by Alonso et al.,37

NdNiO3 may then be nucleated at the interface between the surface
hydroxide and the Nd NiO bulk phase. Because NdNiO is ther-

Figure 5. �Color online� XPS depth profiles of �a� the overall composition
and �b� the cation composition from the surface layer of Nd2NiO4+� after
degradation �solid lines�. The sample was first kept 1000 h at 700°C under
dry Ar + 1% O2 and subsequently exposed to humid atmospheres for an-
other 1000 h at 700°C before XPS analysis. Dashed lines mark nominal
compositions.
2 4+� 3
modynamically more stable, this is a down-hill process. As the deg-
radation continues, the NdNiO3 nucleation is followed by three-
dimensional growth, which consumes Ni from the underlying
Nd2NiO4 lattice. In this way a Ni-rich surface layer grows, while a
Ni depletion zone is formed in the underlying bulk. In principle, this
process should be kinetically forbidden because the transfer of Ni
from the bulk to the growing NdNiO3 phase requires the destruction
of the Nd2NiO4 lattice. However, this is very likely the point where
the catalyzing action of water steps in. The water dissociation on the
surface provides a supply of protons, which readily diffuse into the
bulk.33 Here, they may convert oxygen into OH groups, thus desta-
bilizing the Nd2NiO4 lattice. Of course the proposed mechanism is
just a plausible speculation at the present state of knowledge. Local
structure sensitive probes are required to decide on the validity of
this hypothesis. Interestingly, in the present case, the reaction pro-
ceeds even at normal pressure although at a slow pace.

Oxygen exchange kinetics in CO2-containing atmos-
phere.— Figure 6 shows the effect of CO2 on the surface exchange
coefficient kchem of oxygen at 700°C. Contrary to experiments in
wet atmospheres, the oxygen exchange was found to be controlled
by the surface exchange process over the entire measurement period
due to a smaller sample thickness.24,27 Similar to the sample used for
H2O degradation excellent stability in dry Ar + 1% O2 over 1000 h
was observed. Changing the gas flow to 5% CO2 + 20% O2 in Ar
had a rather minor effect on oxygen exchange, reducing kchem by
factor 1.3 within 1 day and having no further effect afterwards over
another 1000 h. Electronic conductivities showed the same values as
given above and were not affected by CO2 exposure.

Post-test surface investigations of the CO2-treated sample by
XPS �Fig. 7� evidence a rather small influence of CO2 on the el-
emental distribution in the topmost �200 nm when compared to
the nondegraded sample in Fig. 4. However, in the immediate sur-
face layer ��20 nm� there seems to be a slight local enrichment of
Ni over Nd in contrast to the oxygen-exposed specimen �Fig. 4�. The
small variation in composition is not directly related to a reaction
with CO2 because the carbon level drops below the detection limit
within the first 2 nm of the surface.

Conclusions

Nd2NiO4+� exhibits excellent stability in dry O2–Ar atmospheres
over 1000 h at 700°C. A decrease of 1 order of magnitude for the
chemical surface coefficient kchem of oxygen has been observed after
exposing the material to a humidified Ar + 1% O2 atmosphere at
700°C. k dropped from �1 � 10−4 cm s−1 down to �1

Figure 6. Effect of CO2 on the chemical surface exchange coefficient kchem
of oxygen for Nd2NiO4+� at 700°C as a function of time. CO2 sensitivity of
the material was assessed by exposing the sample for 1000 h to a gas flow of
5% CO2 + 20% O2 in Ar with intermittent measurements of kchem at pO2
= 0.01–0.02 bar. Lines are linear fits to the data before and after introduc-
tion of CO2.
chem
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� 10−5 cm s−1 over a period of 450 h and then remained constant
for another 500 h. Shortly after switching to a wet atmosphere, the
surface exchange of oxygen has been found to be limiting the rate of
oxygen exchange for the sample. This, together with the observation
that the electronic conductivity remained unchanged, suggests that it
is the surface that is mainly affected during degradation. XPS depth
profiles showed that the oxygen exchange deactivation is accompa-
nied by a significant decrease in the Nd:Ni ratio, changing from a
2:1 ratio in the bulk to 1:1 within the topmost �100 nm of the
sample. Exposure to CO2 for 1000 h had only a minor effect on the
oxygen surface exchange kinetics and XPS-depth profiling consis-
tently demonstrated the elemental surface composition to be much
less affected by CO2 than by water.

The cation composition of the nickelate surface changes signifi-
cantly during exposure to oxygen and in wet atmosphere. Exposure
to oxygen causes a Nd enrichment, presumably due to Nd2O3 for-
mation at the surface, but this has little effect on the oxygen ex-
change performance of the Nd2NiO4+� sample. In contrast, a surface
excess of Ni is observed after degradation in wet atmosphere. In this
case, the degradation is tentatively attributed to partial conversion of
the surface layer into NdNiO with much more serious conse-

Figure 7. �Color online� XPS depth profiles of �a� the overall composition
and �b� the cation composition from the surface layer of Nd2NiO4+� after
exposure to CO2 �solid lines�. The sample was first kept for 1000 h at 700°C
under dry Ar + 1% O2 followed by a 1000 h exposure to 5% CO2
+ 20% O2 in Ar at 700°C and subsequent XPS analysis. Nominal composi-
tions are plotted as dashed lines.
3

quences for the performance of the material. Water plays an essen-
tial role in this conversion, suggesting the formation of hydroxides
as reaction intermediates.
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Oxygen Exchange Kinetics of the IT-SOFC Cathode Material
Nd2NiO41d and Comparison with La0.6Sr0.4CoO3-d

A. Egger,* E. Bucher,** and W. Sitte**,z

Department of Physical Chemistry, University of Leoben, A 8700 Leoben, Austria

For the promising intermediate temperature solid oxide fuel cell (IT-SOFC) cathode material Nd2NiO4þd, chemical surface
exchange coefficients kchem and chemical diffusion coefficients Dchem of oxygen have been determined by conductivity relaxation
measurements and compared with results for La0.6Sr0.4CoO3-d between 575 and 725�C. At 725�C and an oxygen partial pressure
of 0.1 bar, kchem and Dchem of Nd2NiO4þd amount to 1� 10�3 cm s�1 and 2� 10�6 cm2 s�1, respectively, which are higher than
those for La0.6Sr0.4CoO3-d. However, due to high activation energies, a strong decrease of both kinetic parameters is observed for
Nd2NiO4þd upon temperature reduction. Activation energies of kchem and Dchem are lower for La0.6Sr0.4CoO3-d, leading to faster
oxygen exchange compared to Nd2NiO4þd at 600�C. Electronic conductivities of Nd2NiO4þd amount to 100–125 S cm�1 while
those of La0.6Sr0.4CoO3-d are between 1600 and 2200 S cm�1 in the investigated temperature and oxygen partial pressure range.
Ionic conductivities and surface exchange resistances, which were calculated from the kinetic parameters, further show superior
oxygen transport properties of La0.6Sr0.4CoO3-d compared to Nd2NiO4þd in pure O2–Ar atmospheres.
VC 2011 The Electrochemical Society. [DOI: 10.1149/1.3569697] All rights reserved.
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The current effort of lowering the operating temperature of solid
oxide fuel cells (SOFCs) to intermediate temperatures (IT) of 600–
800�C has drawn special attention to the cathode polarization resist-
ance as a limiting factor for efficiency.1 One approach for reducing
the overpotential at the air electrode involves employing mixed
ionic electronic conducting (MIEC) ceramics, where the reaction
zone for oxygen reduction, dissociation and incorporation is
extended from the immediate three-phase boundary to part of the
two-phase gas-cathode surface region.

So far, the dominating structure type of mixed-conducting
SOFC-cathode materials has been the perovskite structure ABO3-d

with oxygen deficiency introduced by substitution with acceptor
ions on the A-site. Within the perovskite family the Sr-doped lantha-
num cobaltites are of special interest, in particular La0.6Sr0.4CoO3-d,
which is one of the best electrical conductors in the La1-xSrxCoO3-d

series.2,3 The cobaltites feature fast oxygen surface exchange and
diffusion kinetics,4–7 high electrocatalytic activity for oxygen reduc-
tion8,9 as well as high electronic2,3,10–13 and ionic14–16 conductiv-
ities. Disadvantages are their high thermal expansion coefficients
resulting from their large Co-content,3,15 formation of resistive
interlayers with YSZ at high temperatures,17,18 segregation of Sr to
the surface19,20 and limited stability against H2O, possibly due to
the presence of Sr.21

Oxygen hyperstoichiometric compounds Ln2NiO4þd (Ln¼La,
Pr, Nd) have been proposed as alternative cathode materials. They
adopt the K2NiF4-type structure,22 which is the first member of the
perovskite-related Ruddlesden-Popper series Anþ1BnO3nþ1.23 Its
structure consists of alternating perovskite NiO2-layers and Ln2O2-
rock salt double-layers. Based on the values of the respective ionic
radii, the layers do not match perfectly because the Ln-O distance in
the rock salt layer is too small with respect to the NiO2-layer. Due
to the lanthanide contraction, this mismatch increases for lantha-
nides with higher atomic numbers, Sm already being too small to
give a stable structure, as undoped Sm2NiO4þd does not exist.24

The most significant feature of the nickelates is their ability to
accommodate additional oxygen on interstitial positions located
inside the rock salt double layers. The tendency towards oxygen
incorporation can be explained by a reduction of the mismatch
between perovskite and rock salt layers due to (i) a decrease of the
average Ni-O bond distance caused by partial oxidation of Ni2þ to
Ni3þ and (ii) an increase of the average Ln-O distance due to a
higher average coordination number of the lanthanide ions.25 Oxy-
gen hyperstoichiometries d of Pr2NiO4þd and Nd2NiO4þd are gener-

ally higher than those of La2NiO4þd, due to the smaller ionic radii
of Pr and Nd, which results in a stronger driving force to relieve the
interlayer-strain by oxygen incorporation.24

Thermal expansion coefficients of Ln2NiO4þd are lower than
those of perovskite-type cathode materials (and far below those of
cobaltites),26 giving a better match with common electrolyte materi-
als such as yttria-stabilized zirconia or gadolinia-doped ceria.27

Furthermore, the absence of Sr in undoped Ln2NiO4þd might be
beneficial with respect to long term stability, as the detrimental for-
mation of strontium carbonates or hydroxides cannot occur when
the cathode is in contact with humid atmospheres or atmospheres
containing CO2.21,28

Nd2NiO4þd has been reported to exhibit high electrocatalytic ac-
tivity for oxygen reduction.29 In this study, we compare results for
the chemical surface exchange and diffusion coefficients of oxygen
as well as ionic conductivities and surface exchange resistances of
Nd2NiO4þd with those of La0.6Sr0.4CoO3-d with respect to IT-SOFC
cathode applications.

Experimental

Sample preparation.— Nd2NiO4þd was synthesized by means of
the polyacrylamide gel route.30 Individual aqueous solutions of each
cation were prepared from nitrate salts. The cations were then che-
lated by triammonium citrate (pH controlled via NH4OH). Solutions
of chelated cations were mixed in a stoichiometric ratio. The or-
ganic gels were made using monomers of acrylamide to form chains
and the cross-linker N,N0-methylene-bis-acrylamide a,a’-Azoisobu-
tyronitrile dissolved in a few ml of acetone was used as a polymer-
ization initiator. The gel was transferred to a porcelain bowl and
heated in a ventilated furnace at 3 K min�1 up to 800�C with 1 h
dwell. A final annealing at 1100�C was required to obtain the single
phase Nd2NiO4þd. The particle size was approximately 0.8 �m after
an attrition stage. Uniaxial pressing at 1.5 MPa and sintering at
1350�C for 4 h gave a cylindrical sample of ca. 15 mm diameter and
7 mm thickness with a relative density of 98%, based on a theoreti-
cal density of 7.53 g cm�3, as determined from XRD-measurements.
From this tablet, a thin slice of 7� 7� 1 mm3 was cut with a dia-
mond wire saw, which was then ground with SiC-paper (240 grit)
and polished to a thickness of 0.467 mm on polymer-embedded dia-
mond lapping films with 30, 6, and 1 �m particle size. Electrical
contacts were established by attaching four gold wires to the corners
of the sample with gold paste (Metalor).

A single-phase pellet of La0.6Sr0.4CoO3-d was obtained from
commercial powder (Praxair Specialty Ceramics) after pressing and
sintering at 1200�C for 4 h in air with heating and cooling rates of 5
K min�1. The geometric density of the pellet was above 95% of the
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theoretical density. A sample with dimensions of 5� 5� 0.204
mm3 was prepared and electrically contacted according to the proce-
dure described above.

X-ray diffraction (XRD).— XRD-spectra were recorded with a
Bruker AXS (model D8 Advance) employing Cu-Ka radiation in
the range 10� � 2h � 100� with a resolution of 0.020� per step (2h).

Thermoanalysis.— Changes in oxygen content and chemical sta-
bility of Nd2NiO4þd were investigated by precision thermogravime-
try (TG) with a symmetric thermobalance (Setaram, model TAG
2416). Heating and cooling segments (5 K min�1) of each thermal
cycle were interrupted by a 2 h equilibration time. Powder for ther-
mogravimetric measurements was obtained by crushing a sintered
tablet in an agate mortar. As a rule, 30–40 mg were used for each
experiment. Oxygen partial pressures were adjusted by mixing O2

(purity � 99.995%) and Ar (purity � 99.999%) in appropriate ratios
using mass flow controllers (Mykrolis, FC2700). For investigations
of the stability of the nickelate powder vs. CO2, a commercial gas
mixture of 20 vol. % O2þ 5 vol. % CO2 in Ar was used. A moist
atmosphere with pH2O¼ 9� 10�3 bar (�30% relative humidity at
25�C) was prepared by humidification of the O2-Ar mixture.

Electrical conductivity relaxation (CR).— Electrical conductiv-
ity and conductivity relaxation measurements were performed in a
quartz reactor placed in a tube furnace. During each measurement,
the reactor was flushed with appropriate gas mixtures of 1 vol. %
O2 in Ar and 20 vol. % O2 in Ar using mass flow controllers (Tele-
dyne Hastings 302) at a total flow of 5 l h�1 (STP). Sample temper-
ature and oxygen partial pressure (pO2) were measured with a
potentiometric oxygen sensor with integrated S-thermocouple
(MicroPoas, Setnag) placed close to the sample. The dc electrical
conductivity was measured in the van der Pauw geometry31,32 at
pO2 of 0.01, 0.02, 0.1, and 0.2 bar. Four-point dc conductivity
relaxation measurements33 were conducted by oxygen partial pres-
sure steps of 0.01–0.02 bar and 0.1–0.2 bar while recording the
transient voltage signal as a function of time. Current was applied
with a precision current source (Keithley, model 2400) and the
voltage was measured with a sensitive digital voltmeter (Keithley,
model 182). A four-way valve was used for manually switching
between different gas mixtures. Chemical surface exchange coeffi-
cients kchem and diffusion coefficients Dchem of oxygen were
obtained by fitting the appropriate solution of the diffusion equa-
tion to the normalized conductivity values, taking into account the
flush time of the reactor.34,35 Standard errors from non-linear
regression analysis were about 1% for both parameters. Standard
deviations calculated from repeated measurements at constant tem-
perature (disregarding the systematic differences between oxida-
tion and reduction steps) were usually below 20% for both kchem

and Dchem.

Results and Discussion

Phase purity.— Crystal structure and phase purity were verified
by XRD at room temperature on sintered disks of Nd2NiO4þd and
La0.6Sr0.4CoO3-d. XRD-patterns confirm the presence of a distorted
K2NiF4-type main phase for Nd2NiO4þd, additional reflections can
be ascribed to a minor amount of Nd2O3 secondary phase. The
Nd:Ni-ratio was determined as 2.0 6 0.1 by ICP-MS after dissolving
the nickelate in 6 M HCl. La0.6Sr0.4CoO3-d was found to crystallize
in the rhombohedrally distorted perovskite structure, and no second-
ary phases were detected by XRD.

Thermoanalysis.— Powders of Nd2NiO4þd were characterized by
thermogravimetric analyses under dry conditions as well as in
humidified and CO2-enriched atmospheres. Typically, the first
heating cycle contains anomalies due to non-equilibrium effects
resulting from high cooling rates after sintering and adsorbed gas
species.28 Consequently, only the second or third thermal cycles,
which show good reproducibility of mass changes during heating
and cooling, are used for evaluation.

The relative mass changes of Nd2NiO4þd in dry, CO2-free
atmosphere are shown in Fig. 1, line (a). The oxygen excess d was
calculated based on the reference point d�0.22 at room tempera-
ture.27,36 Oxygen exchange starts at around 350�C and occurs in two
defined regions, which are separated by a reversible transition at
�550�C. In the LT range (low temperatures, 350–550�C), oxygen
release is �1.5 times faster than at HT (high temperatures, 550–
900�C). Boehm et al.27 describe the same transition at dtrans �0.18,
which is in good agreement with our results. The effect was shown
to be related to the transition between orthorhombic (LT) and
pseudo-tetragonal (HT) modifications by Ishikawa et al.,36 who
report a slightly different transition point of dtrans �0.15. It is likely
that discrepancies between transition points found in the literature
originate in the uncertainty of the determination of the reference
point for d. As discussed below, an additional source of error may
be introduced by small deviations from A-site stoichiometry, since
dtrans of Nd2-xNiO4þd is dependent on x.27

Figure 1. (Color online) Relative mass changes of Nd2NiO4þd during hea-
ting=cooling cycles (rates 5 K min�1) in different atmospheres of 20 vol. %
O2 and (a) rest Ar, (b) 30% relative humidity, rest Ar, (c) 5 vol. % CO2, rest
Ar. The oxygen excess d was calculated for curve (a). For reasons of clarity,
curves (b) and (c) are shifted on the relative mass scale by increments of
Dm¼�0.050 and �0.075, respectively.

Figure 2. (Color online) Electronic conductivity of Nd2-xNiO4þd (top) vs.
temperature at different oxygen partial pressures. Lines represent data from
Boehm et al.27 for (a) Nd1.95NiO4þd, (b) Nd1.90NiO4þd and (c) Nd2NiO4þd in
air. The electronic conductivity of La0.6Sr0.4CoO3-d (bottom) is more than 1
order of magnitude larger than for the nickelate. Data from Søgaard et al.41

of (La0.6Sr0.4)0.99CoO3-d are given for pO2¼ 0.1 bar (solid diamonds) and
pO2¼ 0.01 bar (open diamonds). Lines in the bottom diagram are guides for
the eye.
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The oxygen exchange characteristics of Nd2NiO4þd in humid
atmosphere (Fig. 1b) show no difference from the analogous experi-
ment under dry conditions. With the presence of carbon dioxide, the
onset of mass loss is shifted to a higher temperature of �400�C
(Fig. 1c). Oxygen exchange seems to be suppressed by adsorbed
CO2 at lower temperatures and starts after the CO2 has been
removed from the sample surface during heating. This has been pre-
viously investigated in more detail by coupled TG-mass spectrome-
try.37 Apart from this effect CO2 appears to have no significant
impact up to 900�C. In particular, there is no indication of any car-
bonate formation as was found, for example, for Ba0.5Sr0.5Co0.8

Fe0.2O3-d by TG measurements.28,38

Electronic conductivity.— Figure 2 (top) shows the electronic
conductivity of Nd2NiO4þd as a function of temperature between
575 and 725�C at oxygen partial pressures of 0.01, 0.02, 0.1, and 0.2
bar. At 725�C, additional measurements in air and pure oxygen
were carried out to show the effect of pO2-variation on the conduc-
tivity more clearly. Within the investigated ranges of temperature
and pO2, the following trends can be observed: (i) the conductivity
decreases for increasing temperature and (ii) the conductivity
increases for higher oxygen partial pressures. As described below,
both effects are ultimately a consequence of the p-type electronic
conduction in Nd2NiO4þd.

39,40 Since the electric current is mainly
carried by electronic charge carriers (see below), a discussion of the
observed changes in conductivity can be based on the fundamental
equation

� ffi �e ¼ ech �h [1]

where � is the total electrical conductivity, �e the electronic conduc-
tivity, e the elementary charge, ch is the number density of electron
holes and �h is their mobility. Equation 1 states that any change in �
is a consequence of changes in ch or �h or both.

Rationalizing the pO2-dependence of � is straightforward for
Nd2NiO4þd. It has been established by Nakamura et al.40 that the
hole mobility �h of Nd2NiO4þd does not change with oxygen partial
pressure between 1� 10�4 and 1 bar in the temperature range of
600–900�C. Hence the pO2-dependence of � can be assumed to be
solely a result of the change in the hole concentration ch. Raising

Figure 3. (Color online) Relaxation data of Nd2NiO4þd given as normalized
conductivity vs. time for pO2-steps between 1� 10�2 and 2� 10�2 bar at
650�C. For reasons of clarity not all data points are shown. Solid lines are
non-linear least squares fits of the model for mixed control to the data with
kchem and Dchem as fitting parameters, taking into account a reactor flush time
of 1 s. Values extracted from the fits are kchem¼ 3.4� 10�5 cm s�1,
Dchem¼ 2.1� 10�7 cm2 s�1 for oxidation and kchem¼ 1.5� 10�5 cm s�1,
Dchem¼ 1.6� 10�7 cm2 s�1 for reduction.

Figure 4. (Color online) Relaxation data of La0.6Sr0.4CoO3-d given as nor-
malized conductivity vs. time for pO2-steps between 0.1 and 0.15 bar at
650�C. For reasons of clarity not all data points are shown. Solid lines are
non-linear least squares fits of the model for mixed control to the data using
kchem and Dchem as fitting parameters and taking into account a reactor flush
time of 3 s. Values obtained from regression analysis are kchem¼ 8.8� 10�5

cm s�1, Dchem¼ 4.4� 10�7 cm2 s�1 for oxidation and kchem¼ 1.1� 10�4 cm
s�1, Dchem¼ 2.8� 10�7 cm2 s�1 for reduction.

Figure 5. (Color online) Arrhenius plot of the chemical surface exchange
coefficient kchem and chemical diffusion coefficient Dchem of oxygen for
Nd2NiO4þd. The square and circle symbols denote results obtained from
pO2-steps of 1� 10�2! 2� 10�2 bar and 2� 10�2! 1� 10�2 bar, respec-
tively. Empty and crossed symbols mark results determined from cooling
and heating runs, respectively. Activation energies were obtained from linear
fits shown as solid lines (see Table I).

Table I. Activation energies Ea of kchem and Dchem for

Nd2NiO41d. Results obtained at pO2 5 0.1 bar are separated into

two temperature regions 575 � T=�C � 650 (LT) and 675 � T=�C
� 725 (HT) (see text for details).

0.01 bar$ 0.02 bar 0.1 bar$ 0.2 bar

Oxidation Reduction Oxidation Reduction

Ea (kchem)=kJ mol�1 253 312 225 (LT)

315 (HT)

220 (LT)

454 (HT)

Ea (Dchem)=kJ mol�1 200 182 220 (HT) 236 (HT)
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the oxygen partial pressure leads to interstitial incorporation of oxy-
gen into the material, which is compensated by the creation of elec-
tron holes, according to the defect equation

1=2O2 þ V�i $ O00i þ 2h	 [2]

The temperature dependence of � in Nd2NiO4þd is more complex,
since a change in temperature affects both hole concentration ch and
mobility �h simultaneously. Firstly, as reported by Nakamura et
al.40 for undoped Nd-nickelate, �h increases with temperature
between 300 and 600�C and starts to decrease at temperatures
above. Secondly, raising the temperature also leads to oxygen being
released from the sample, which lowers the concentration of elec-
tron holes according to Reaction 2.

Of course, changes in oxygen stoichiometry are only relevant for
temperatures where oxygen exchange with the gas phase is kineti-
cally possible. As oxygen exchange kinetics for Nd2NiO4þd is fro-
zen in below �350�C (Fig. 1), � increases with increasing T below
this temperature as is typical for a p-type semiconductor. Once the
rate of oxygen exchange becomes significant upon heating above
350�C, � will increasingly be affected and finally dominated by the
decrease in hole concentration due to oxygen release, i.e. �
decreases with increasing T. Based on these competing contribu-
tions, a maximum is to be expected in the conductivity vs. tempera-
ture graph.

Boehm et al.27 have measured electronic conductivities of Nd2-

xNiO4þd (x¼ 0, 0.05, and 0.1) between 100 and 800�C in air and
indeed found an increase in conductivity below 400�C, broad max-
ima between 400 and 550�C and a decrease in conductivity above
550�C, which is also in agreement with our TG results.

A significant difference is observed between the absolute values
of electronic conductivities of Nd2NiO4þd determined in this work
and in Boehm et al.27 Differences in oxygen partial pressures can be
excluded as a source of the discrepancy, because the effect of pO2-
variation on the conductivity is not sufficiently pronounced to
explain such a large deviation (Fig. 2). However, Boehm et al.27

showed in their work that a small substoichiometry of Nd on the
A-site has a strong impact on conductivity. For instance, changing
A-site deficiency x from 0 to 0.05 in Nd2-xNiO4þd increased the
conductivity by a factor of �3 (Fig. 2). This may be due to an
increase in electron hole concentration as one possible mechanism
for charge compensation of Nd-vacancies (another compensation
mechanism being the decrease of oxygen stoichiometry in the sam-
ple). A similar increase in the electronic conductivity for small devi-
ations from the stoichiometric A=B-ratio was also observed for vari-
ous perovskite oxides by Ullmann et al.15

It is therefore proposed that the difference between electronic
conductivities given in Boehm et al.27 and this work is due to a
small Nd-deficiency in the nickelate, resulting from either the use of
a Nd-substoichiometric starting mixture for synthesis or from the
presence of a small amount of Nd2O3 secondary phase and the cor-
responding formation of a Nd-deficient main phase Nd2-xNiO4þd. It
is difficult to obtain a reliable estimation of the Nd-deficiency based
on a comparison of electronic conductivities in this study with those
given in Boehm et al.27 because the conductivity-deficiency correla-
tion is not monotonic (see Fig. 2).

The electronic conductivity of La0.6Sr0.4CoO3-d is shown in
Fig. 2 (bottom) between 525�C and 725�C at pO2¼ 0.01 and 0.1
bar. It is well known that high Co-content in perovskite oxides leads
to high electronic conductivity (as well as large thermal expansion
coefficients). The observed dependence of the conductivity on tem-
perature and oxygen partial pressure in Fig. 2 can be rationalized
along similar lines as for the nickelate. However, the defect chemis-
try associated with oxygen exchange is different for La0.6Sr0.4CoO3-

d, as deviations from oxygen stoichiometry are realized by oxygen
vacancies, according to

1=2O2 þ V		O $ Ox
O þ 2h	 [3]

La0.6Sr0.4CoO3-d is a p-type conductor10,41 whose hole mobility is
not appreciably affected by changes in d and shows a metallic-like

Figure 6. (Color online) Arrhenius plot of the chemical surface exchange
coefficient kchem and chemical diffusion coefficient Dchem of oxygen for
La0.6Sr0.4CoO3-d. Square and circle symbols denote results obtained from
pO2-steps of 0.1 ! 0.15 bar and 0.15 ! 0.1 bar, respectively. Activation
energies were obtained from linear fits shown as solid lines (see Table II).
Data from van der Haar et al.47 of La0.5Sr0.5CoO3-d at pO2¼ 0.1 bar are
given for Dchem (solid triangles tip up) and kchem (solid triangles tip down).

Table II. Activation energies Ea of kchem and Dchem for La0.6Sr0.4

CoO3-d in the temperature region 525 � T=�C � 725. For Dchem

at pO2 5 0.01 bar, too few data points are available for a reliable

determination of Ea (see Fig. 8).

0.01 bar$ 0.015 bar 0.1 bar$ 0.15 bar

Oxidation Reduction Oxidation Reduction

Ea (kchem)=kJ mol�1 147 160 154 152

Ea (Dchem) = kJ mol�1 — — 127 131

Figure 7. (Color online) Arrhenius plot of the chemical surface exchange
coefficient of oxygen for Nd2NiO4þd at different oxygen partial pressures.
Data of La0.6Sr0.4CoO3-d are given for comparison (marked with arrows).
For clarity, only linear fits to the data are shown. Solid and dashed lines rep-
resent data at 0.1 and 0.01 bar pO2, respectively. Results obtained from oxi-
dation and reduction steps are labeled with letters ‘o’ and ‘r’, respectively.
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inversely proportional T-dependence at elevated temperatures.41

Since oxygen release in La0.6Sr0.4CoO3-d starts above �400�C,7 the
observed decrease in conductivity is caused by a decrease in hole
concentration upon lowering pO2 and by a decrease in both concen-
tration and mobility of holes with increasing temperatures.

Oxygen exchange kinetics.— Kinetic parameters for Nd2NiO4þd

and La0.6Sr0.4CoO3-d were determined at pO2-values of 0.1 and 0.01
bar. This pO2-range represents the expected operating conditions in
an actual SOFC cathode, where the equilibrium oxygen partial pres-
sure (with respect to the oxygen stoichiometry of the cathode mate-
rial, see Eqs. 2 and 3 above) decreases from the cathode-gas (air)
interface to the cathode-solid electrolyte interface due to polariza-
tion under electrical load.42

Representative examples of conductivity relaxation curves includ-
ing the corresponding fitting lines from non-linear regression analyses
are displayed in Figs. 3 and 4 for Nd2NiO4þd and La0.6Sr0.4CoO3-d,
respectively. Relaxation processes for oxidizing steps were consis-
tently found to be faster than those in the reducing direction, the
effect being more pronounced for the nickelate and less significant in
the cobaltite. Systematically faster oxidation kinetics has also been
reported by other authors,33,43–46 who proposed various explanations,
such as experimental difficulties or a non-linear pO2-dependence of
kchem and Dchem. However, the frequent occurrence of this phenom-
enon even for small oxygen pressure steps rather suggests a mecha-
nism which has not been clarified so far.

Results for kchem and Dchem for Nd2NiO4þd as obtained from
CR-measurements with pO2-steps between 0.01 and 0.02 bar are

shown in Fig. 5 as an Arrhenius-type plot. The oxygen exchange
process was in most cases in the regime of mixed-controlled
exchange kinetics, allowing for the simultaneous determination of
both kchem and Dchem. The measurement series was started at 725�C
and a complete thermal cycle with a minimum temperature of
575�C was performed to assess the reproducibility of the kinetic pa-
rameters. As can be seen from Fig. 5, little to no thermal hysteresis
was found between cooling and heating runs. Activation energies
obtained from linear fits are collected in Table I.

Results for kchem and Dchem of La0.6Sr0.4CoO3-d obtained from
conductivity relaxation measurements between pO2¼ 0.1 and 0.15
bar are presented in detail in Fig. 6. Data points were recorded in
steps of 25�C down to 525�C, after which the sample was reheated to
check the thermal reversibility of the oxygen exchange performance.
Again, the values obtained after reheating to 700 and 725�C were
identical to those in the cooling run. The data show good linearity in
the Arrhenius plot, activation energies derived from linear regression
analysis are listed in Table II. Results for La0.5Sr0.5CoO3-d from van
der Haar et al.47 are given in Fig. 6 for comparison.

The complete set of kinetic parameters for Nd2NiO4þd and
La0.6Sr0.4CoO3-d is presented in Fig. 7 (kchem) and Fig. 8 (Dchem).
For reasons of clarity, only regression lines obtained from linear fits
to the data points are shown.

For the nickelate, Dchem could not be extracted by regression
analysis below 675�C at 0.1 bar pO2 because the chemical diffusion
coefficient was too high in order to be reliably determined for the
given sample thickness. This is a consequence of the very high acti-
vation energy for kchem (Table I), which leads to a faster decrease in
the oxygen surface exchange rate as compared to oxygen diffusion
and finally renders the relaxation rate completely determined by the
surface exchange process. This transition is accompanied by a sig-
nificant change in the activation energy for kchem (Fig. 7). The origin
of this effect is currently unclear. A reversible phase transition in
Nd2NiO4þd has been reported in the literature based on XRD and
thermogravimetric investigations,27,36,48 and was confirmed by TG-
analysis in this work, as discussed above. However, this phase tran-
sition takes place well below 650�C, although the precise transition
temperature depends on the Nd-stoichiometry,27 oxygen partial
pressure48 and the thermal history of the sample.36 Phase transition
temperatures of Nd2NiO4þd, as determined by thermogravimetry in
this work and in Egger et al.37 were 550 and 500�C in Arþ 20% O2

and pure Ar, respectively, 550�C in Boehm et al.27 (TG in air),
570�C in Ishikawa et al.36 (TG-DTA in air), 610�C in Toyosumi
et al.48 (XRD in air) and 620�C in Boehm et al.27 (XRD in air). It is
interesting to note that XRD measurements consistently yield transi-
tion temperatures higher than those obtained from TG-analysis. Nd-
deficient compounds Nd2-xNiO4þd were investigated by Boehm
et al.,27 where TG-data gave transition temperatures of 550�C for
x¼ 0, 555�C for x¼ 0.05 and 600�C for x¼ 0.1 in air. All in all,
even though there appears to be some variability in the temperature
data, it seems unlikely that the phase transition is the reason for the
change in activation energy of kchem around 650�C.

In Figs. 7 and 8 kchem and Dchem of La0.6Sr0.4CoO3-d and
Nd2NiO4þd are directly compared. Above 700�C, the surface
exchange coefficients and chemical diffusivities of Nd2NiO4þd are
higher than those of La0.6Sr0.4CoO3-d. However, due to the very

Figure 8. (Color online) Arrhenius plot of the chemical diffusion coefficient
of oxygen for Nd2NiO4þd at different oxygen partial pressures, compared to
data of La0.6Sr0.4CoO3-d (marked with arrows). For clarity, only linear fits to
the data are shown, with the exception of data points for La0.6Sr0.4CoO3-d at
pO2¼ 0.01 bar (open diamonds). Solid and dashed lines represent data at 0.1
and 0.01 bar pO2, respectively. Results obtained from oxidation and reduc-
tion steps are labeled with letters ‘o’ and ‘r’, respectively.

Table III. Data for Nd2NiO41d obtained from conductivity relaxation measurements at 0.01 bar oxygen partial pressure. Oxygen non-stoichio-

metry data were taken from Nakamura et al.50

T = �C d co Dchem = cm2s�1 Do = cm2s�1 �i = S cm�1 kchem = cm s�1 ko = cm s�1 rp = X cm2

575 0.129 518 1.99� 10�8 3.84� 10�11 1.50� 10�5 1.19� 10�6 2.29� 10�9 1115

600 0.126 488 3.44� 10�8 7.05� 10�11 2.68� 10�5 3.03� 10�6 6.21� 10�9 424

625 0.122 479 8.37� 10�8 1.75� 10�10 6.44� 10�5 7.97� 10�6 1.66� 10�8 163

650 0.119 471 1.76� 10�7 3.74� 10�10 1.34� 10�4 2.25� 10�5 4.77� 10�8 59

675 0.116 449 3.62� 10�7 8.06� 10�10 2.81� 10�4 5.76� 10�5 1.28� 10�7 22

700 0.112 439 5.73� 10�7 1.31� 10�9 4.44� 10�4 1.31� 10�4 2.99� 10�7 10

725 0.109 426 9.96� 10�7 2.34� 10�9 7.73� 10�4 2.67� 10�4 6.26� 10�7 5
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high activation energies found for both kchem and Dchem of
Nd2NiO4þd, both parameters are comparable to or even below those
of La0.6Sr0.4CoO3-d around 600�C.

For a conclusive assessment of both investigated compounds for
SOFC applications, the ionic conductivity �i and the surface
exchange resistance rp have been calculated from Dchem and kchem,
respectively. For a predominantly electronic conductor a conversion
of the diffusivity Do into �i is achieved through the Nernst-Einstein
equation (neglecting the Haven ratio and the correlation factor)

�i ¼ 4F2coDo

RT
[4]

where F is the Faraday constant, co the molar concentration of oxy-
gen ions, R the ideal gas constant and Do the self diffusion coeffi-
cient of oxygen. The surface exchange resistance rp has been eval-
uated by means of Eq. 5 (Ref. 42)

rp ¼ RT

4F2coko
[5]

where ko is the surface exchange coefficient of oxygen.
Self diffusion coefficients and surface exchange coefficients

have been obtained through the thermodynamic factor of oxygen co,
defined as

co ¼
1

2

ln pO2

ln co

� �
T

[6]

and using the relations Dchem¼Doco and kchem¼ koco.49 Both co

and co were obtained from oxygen non-stoichiometry data given in

Sitte et al.7 for La0.6Sr0.4CoO3-d and Nakamura et al.50 for
Nd2NiO4þd, using unit cell volumes of 58.1 Å3 and 185.2 Å3 for
La0.6Sr0.4CoO3-d and Nd2NiO4þd, respectively.

Results for both investigated compounds are collected in Tables III
and IV for Nd2NiO4þd and La0.6Sr0.4CoO3-d, respectively. Figure 9
compares ionic conductivities of both compounds at temperatures
between 550 and 725�C. For La0.6Sr0.4CoO3-d, �i is approximately 1
order of magnitude higher than that of the nickelate, which is due to
differences in Dchem and the thermodynamic factors. Ionic conductiv-
ities of La0.6Sr0.4CoO3-d determined in this work are lower than those
given in the literature, for example at 700�C and 0.1 bar pO2 �i is
4.1� 10�3 S cm�1, while Søgaard et al.41 reported 1.6� 10�2 S cm�1

(�0.01 bar pO2) and Teraoka et al.51 give 1.3� 10�1 S cm�1 (air).
For Nd2NiO4þd, ionic conductivities of this study are about 2 orders
of magnitude below values reported by Mauvy et al.29

Surface exchange resistances rp of La0.6Sr0.4CoO3-d and
Nd2NiO4þd are compared in Fig. 10 and show smaller resistances
for the cobaltite by roughly 1 order of magnitude.

Conclusions

The electronic conductivity of Nd2NiO4þd in the investigated
temperature and pO2-range is consistent with a p-type (electron
hole) conduction mechanism. Deviation from values given in the lit-
erature may be traced to the presence of small amounts of Nd2O3

impurities and the formation of a slightly Nd-deficient main phase.
In comparison, the electronic conductivity of La0.6Sr0.4CoO3-d is
more than 1 order of magnitude higher than that of undoped
K2NiF4-type nickelates.

Nd2NiO4þd exhibits fast oxygen surface exchange kinetics and
high oxygen diffusivities at temperatures around 700�C. Due to high

Table IV. Data for La0.6Sr0.4CoO3-d obtained from conductivity relaxation measurements at 0.1 bar oxygen partial pressure. Oxygen non-

stoichiometry data were taken from Sitte et al.7

T = �C d co Dchem = cm2 s�1 Do = cm2 s�1 �i = S cm�1 kchem = cm s�1 ko = cm s�1 rp = X cm2

525 0.023 206 3.35� 10�8 1.62� 10�10 7.75� 10�5 3.27� 10�6 1.59� 10�8 132

550 0.024 181 3.40� 10�8 1.87� 10�10 8.67� 10�5 7.98� 10�6 4.40� 10�8 49

575 0.026 161 7.95� 10�8 4.94� 10�10 2.21� 10�4 1.39� 10�5 8.63� 10�8 26

600 0.029 145 1.21� 10�7 8.40� 10�10 3.66� 10�4 2.72� 10�5 1.88� 10�7 12

625 0.032 131 2.46� 10�7 1.88� 10�9 7.95� 10�4 5.32� 10�5 4.06� 10�7 6

650 0.036 120 3.34� 10�7 2.78� 10�9 1.14� 10�3 1.09� 10�4 9.06� 10�7 3

675 0.041 111 6.21� 10�7 5.59� 10�9 2.23� 10�3 1.79� 10�4 1.62� 10�6 2

700 0.046 104 1.09� 10�6 1.05� 10�8 4.09� 10�3 1.97� 10�4 1.90� 10�6 1

725 0.052 98 1.13� 10�6 1.16� 10�8 4.37� 10�3 3.63� 10�4 3.71� 10�6 1

Figure 9. Ionic conductivity vs. temperature for La0.6Sr0.4CoO3-d (open tri-
angles) and Nd2NiO4þd (solid triangles) at oxygen partial pressures of 0.1
bar (triangles tip up) and 0.01 bar (triangles tip down). Lines are guides for
the eye.

Figure 10. Surface exchange resistance vs. temperature for La0.6Sr0.4CoO3-d

(open triangles) and Nd2NiO4þd (solid triangles) at oxygen partial pressures
of 0.1 bar (triangles tip up) and 0.01 bar (triangles tip down). Lines are
guides for the eye.

Journal of The Electrochemical Society, 158 (5) B573-B579 (2011)B578



activation energies for both kchem and Dchem, a strong decrease of
both parameters has been observed for decreasing temperatures. At
700�C, the oxygen exchange coefficient of Nd2NiO4þd is higher
than that of La0.6Sr0.4CoO3-d, but it becomes comparable or lower at
600�C due to lower activation energies of kchem and Dchem for the
latter compound. Ionic conductivities and surface exchange resistan-
ces, as calculated from Dchem and kchem of both compounds, show
superior oxygen transport properties of La0.6Sr0.4CoO3-d compared
to Nd2NiO4þd for application as IT-SOFC cathode material in pure
O2-Ar atmospheres.

TG measurements for Nd2NiO4þd indicate good short–term stabil-
ity of the oxygen exchange properties in dry air as well as in atmos-
pheres containing H2O and CO2 up to 900�C. The absence of alkaline
earth metals in Nd2NiO4þd may account for its resistance to carbonate
formation. Nevertheless, it should be mentioned that an in-depth
investigation of the chemical stability of Nd2NiO4þd by Egger et al.52

showed some impact of water on the surface chemistry of the nickel-
ate, as detected by X-ray photoelectron spectroscopy, whereas an
excellent stability of Nd2NiO4þd in dry atmospheres both with and
without CO2 over at least 1000 h has been demonstrated. The investi-
gation of the long-term stability of La0.6Sr0.4CoO3-d in dry and wet
atmospheres is under progress.53
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The electrical properties of bulkandgrain boundaries of scandia-stabilizedzirconia co-dopedwith yttria and ceria
have been determined as a function of temperature (300bT/°Cb700) and oxygen partial pressure [10−24≤
p(O2)/bar≤1, T=700 °C] by application of impedance spectroscopy. The yttria and ceria contents of
CexY0.2− xSc0.6Zr3.2O8− δ (0≤x≤0.2) have been varied systematically. Homogeneous samples have been
prepared bymeans of a sol–gel (glycine-nitrate) combustion process. The ionic conductivity in air is almost
independent of composition with typical values around 0.03–0.04 Scm−1 for the bulk at 700 °C. A
significant decrease of the ionic conductivities of bulk and grain boundaries is found for samples co-doped
with ceria at low oxygen partial pressures [p(O2)b10

−15 bar, T=700 °C]. Activation energies for the ionic
transport in oxidizing (air) and reducing (1%-H2/Ar) atmospheres have been extracted from Arrhenius-
plots. The oxygen nonstoichiometry in 1%-H2/Ar has been investigated by employing thermogravimetry.
The decrease of the ionic conductivity under reducing conditions is accompanied by an increase of the
corresponding high temperature activation energy of the bulk, which is interpreted in terms of defect
association or clustering.
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1. Introduction

Intermediate temperature solid oxide fuel cells (IT-SOFCs) are
usually operated at temperatures between 600 and 800 °C. The
reduction of the operation temperature requires the development of
new solid electrolytes with high ionic conductivity and negligible
electronic conduction under reducing conditions. Yttria-stabilized
zirconia (YSZ) shows high phase stability and negligible low electronic
conductivity in both oxidizing and reducing atmospheres [1,2]. While a
muchhigher ionic conductivity is found for gadolinia-doped ceria (GDC)
compared to YSZ at 700 °C, the electronic conductivity of GDC increases
considerably under reducing conditions, such that ceria-based electro-
lytes become mixed conductors at low oxygen partial pressures [3,4].
The cubic fluorite-type phase of scandia-stabilized zirconia (ScSZ)
meets both requirements for application in IT-SOFCs [5–7]. However,
co-doping with yttria and/or ceria is necessary to avoid detrimental
phase transformations and to stabilize the cubic modification [8,9].

Oxygen vacancies are created in zirconia-based electrolyte
materials by doping with aliovalent cations. The ionic conductivity
of the system ZrO2–Ln2O3 (Ln = lanthanides) shows a maximum
between 8 and 11 mol% Ln2O3 depending on the dopant [10]. This
behaviour may be caused by the formation of defect associates or
clusters between the trivalent dopant cations and oxygen vacancies
[11,12]. A detailed understanding of the defect chemistry of doped
fluorite-based oxides is crucial for the development of novel
electrolyte materials with improved transport properties.

It is the aim of this contribution to present a systematic
study of the electrical properties of bulk and grain boundaries of
CexY0.2 – xSc0.6Zr3.2O8 – δ (0≤x≤0.2) as a function of temper-
ature (300bT/°Cb700) and oxygen partial pressure, ranging from
1 to 10−24 bar at 700 °C, by application of impedance spectroscopy.
In contrast to microcrystalline bulk samples, nanocrystalline thin
films of scandia-stabilized zirconia exhibit high electronic conduc-
tivities under reducing conditions [7]. The variation of the oxygen
partial pressure, p(O2), will elucidate in how far the electronic
conductivity of microcrystalline samples, co-doped with ceria, is
increased at low p(O2) values. The experimental results for the ionic
transport properties are interpreted in terms of defect association or
clustering.

2. Experimental

Powders of CexY0.2−xSc0.6Zr3.2O8− δ (0≤x≤0.2) were prepared
by means of a sol–gel (glycine-nitrate) combustion process and disc-
shaped samples were obtained by sintering at 1500 °C. The sintered
pellets (diameter: ca. 9.5 mm, thickness: 0.5–1.5 mm) were removed
from the furnace at 1000 °C and cooled down to room temperature.
Details of sample preparation can be found elsewhere [13]. The crystal
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structure of calcined powders was analyzed by X-ray diffraction
(Phillips Diffractometer, 20–90° 2θ, step size 0.02° 2θ, CuKα
radiation). The microstructure of sintered samples was investigated
in a JEOL JSM-5600 scanning electron microscope (SEM). The average
grain size was estimated from SEM micrographs of polished and
thermally etched samples.

The conductivities of the bulk and grain boundaries were charac-
terized by application of impedance spectroscopy (Alpha-A Analyzer,
Novocontrol). The effective voltage was Vrms=20mV at frequencies
ranging from 3 MHz to 100 mHz. Platinum paste, burned-in at 1000 °C
for 2 h, served as electrodes at both faces of the disc-shaped specimens
(symmetrical two-electrode cell). The stray inductance of the leads of
the sampleholder amounted to 0.02–0.04 μH,whichwasdeterminedon
the empty (short-circuited) measurement rig. All impedance measure-
ments were performed in four-wire mode, resulting in negligible stray
resistances of the sample holder. The temperature was varied from 300
to 700 °C under oxidizing (air) as well as reducing conditions (1%-H2/
Ar). The furnace temperature was held constant within ±1 °C by
employing a precision temperature controller (Eurotherm 2416). The
temperature and the oxygen partial pressure were determined close to
the sample by using type-S thermocouples and a zirconia-based
potentiometric oxygen sensor (Setnag), respectively. In addition, the
oxygen partial pressure dependence of the electrical conductivity was
studied from 1 to 10−24 bar at 700 °C by employing a zirconia-based
Fig. 1. Temperature dependence of the ionic conductivity in oxidizing (air) and
reducing (1%-H2/Ar) atmospheres. The data in 1%-H2/Ar were obtained after
reduction at 700 °C for approximately four days. Filled and open symbols refer to
the bulk and grain boundaries, respectively. (a) Y0.2Sc0.6Zr3.2O8− δ, sample with no
ceria. (b) Ce0.12Y0.08Sc0.6Zr3.2O8− δ, typical example for a sample co-doped with ceria.
electrochemical oxygen pumpwhich allows the precise and continuous
variation of p(O2) [14].

Furthermore, the oxygen nonstoichiometry was investigated on
powdered samples by thermogravimetry (precision thermobalance,
Setaram TAG 2416) in 1%-H2/Ar at 700 °C. The heating and cooling
rates amounted to 8 °C/min and 1 °C/min. The samples were
isothermally equilibrated at 700 °C in reducing atmosphere [1%-H2/
Ar, p(O2)≈10−24 bar] until themass signal was constantwithin±1 μg.
Re-oxidation experiments were performed on selected samples in a O2/
Ar-gas mixture [p(O2)=0.2 bar] at 700 °C.

3. Results and discussion

The average grain size of the sintered pellets amounts to approx-
imately 5 μm as obtained from SEM micrographs. In some cases small
“sub-grains” of 10–100 nm were observed inside larger grains (5 μm),
especially for samples containing ceria. XRD-pattern confirmed that all
compositions of the system CexY0.2−xSc0.6Zr3.2O8−δ (0≤x≤0.2) are
single phase and show cubic fluorite-type structure.

The bulk and grain boundary conductivities of Y0.2Sc0.6Zr3.2O7.60 and
Ce0.12Y0.08Sc0.6Zr3.2O7.66 as determined by application of impedance
spectroscopy are depicted as a function of temperature (Arrhenius-
plots) in Fig. 1. First, a temperature (heating) run has been carried out in
air [p(O2)=0.21 bar] from300 to700 °C. Then the specimenshave been
equilibrated under reducing conditions (1%-H2/Ar, 700 °C) for
Fig. 2. Electrical conductivities of CexY0.2−xSc0.6Zr3.2O8−δ (0≤x≤0.2) at 700 °Cplotted as
a function of oxygen partial pressure. (a) Bulk conductivity. (b) Total (bulk+grain
boundary) conductivity.
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Table 1
Oxygen nonstoichiometry δ and ratio [Ce3+]/([Ce3+]+[Ce4+]) of CexY0.2 – xSc0.6
Zr3.2O7.6+x/2 – δ (0≤x≤0.2) at p(O2)≈10−24 bar (700 °C).

x δ [Ce3+]/([Ce3+]+[Ce4+])

0 0.0009 –

0.10 0.033 0.66
0.16 0.057 0.71
0.20 0.081 0.81
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approximately four days (until the conductivity values remained
constant). Finally, a temperature (cooling) run has been performed
from 700 to 300 °C in 1%-H2/Ar. In the case of Ce0.12Y0.08Sc0.6Zr3.2O7.66

(typical example for a ceria containing sample) both the bulk and
grain boundary conductivities decreased significantly during reduc-
tion in 1%-H2/Ar at 700 °C. On the contrary, no significant change of
the bulk conductivities was observed for the sample with no ceria
(Y0.2Sc0.6Zr3.2O7.60), see Fig. 1a. The grain boundary conductivities of
Y0.2Sc0.6Zr3.2O7.60 were diminished somewhat upon reduction (Fig. 1a).
The extent of this effect, however, is less pronounced than in the case of
Ce0.12Y0.08Sc0.6Zr3.2O7.66 (Fig. 1b). It is worth mentioning that the initial
bulk and grain boundary conductivities were almost fully recovered by
re-oxidation in air at 700 °C, indicating that the increase of resistivities
in reducing atmospheres is reversible.

The variation of the bulk and grain boundary conductivities of
CexY0.2−xSc0.6Zr3.2O8− δ (0≤x≤0.2) with oxygen partial pressure at
700 °C is illustrated in Fig. 2. In contrast to Y0.2Sc0.6Zr3.2O7.60, all
samples co-dopedwith ceria show a remarkable decrease of both bulk
and grain boundary conductivities at p(O2)b10−15 bar. An enhance-
ment of the total conductivity under reducing conditions owing to a
possible increase of the amount of electronic charge carriers was not
found. It can be concluded that the diminished conductivities at low
Fig. 3. (a) Relative mass change, Δm/m0, of various samples of the system CexY0.2–x

Sc0.6Zr3.2O8– δ (0≤x≤0.2) during reduction in 1%-H2/Ar and subsequent re-oxidation
in a O2/Ar-gas mixture [p(O2)=0.2 bar] at 700 °C. (b) Comparison of relative mass loss,
Δm/m0, between Y0.2Sc0.6Zr3.2O7.60− δ (sample with no ceria) and various samples co-
doped with ceria in reducing atmosphere (1%-H2/Ar) at 700 °C.
p(O2) values are consistent with a decrease of the mobility and/or
concentration of free (mobile) oxygen vacancies (ionic charge carriers).

The relative mass changes due to the release of oxygen during
reduction in 1%-H2/Ar and the reversible uptake of oxygen during re-
oxidation [p(O2)=0.2 bar] at 700 °C are depicted for various samples of
the system CexY0.2−xSc0.6Zr3.2O8−δ (0≤x≤0.2) in Fig. 3a. The onset of
mass loss occurred at approximately 500 °C for the heatingperiod (8 °C/
min) in 1%-H2/Ar. No mass loss was detected for Y0.2Sc0.6Zr3.2O7.60

within the limits of experimental error, when equilibrated in 1%-H2/Ar
at 700 °C, see Fig. 3b. Theoxygennonstoichiometry atp(O2)≈10−24 bar
(700 °C) is clearly correlated with the ceria content. The corresponding
oxygen nonstoichiometries δ of CexY0.2− xSc0.6Zr3.2O7.6+x/2− δ as
well as ratios between Ce3+ and the total amount of Ce, i.e. [Ce3+]/
([Ce3+]+[Ce4+]), are listed in Table 1.

The ionic conductivities of the bulk of CexY0.2−xSc0.6Zr3.2O8−δ

(0≤x≤0.2) are plotted versus ceria content at various temperatures in
Fig. 4. The data are obtained from temperature runs in oxidizing and
reducing atmospheres. While the ionic conductivity in air (oxidizing
conditions) is almost independent of composition with typical values
around 0.03–0.04 S cm−1 at 700 °C, the decrease of the bulk conduc-
tivities under reducing conditions is more evident at a higher ceria
content. Although oxygen vacancies are created during reduction in 1%-
H2/Ar at 700 °C as confirmed by thermogravimetry, which corresponds
to 2CeZr× +OO

×→2Ce′Zr+VO
••+1/2O2(g), the concentration of free

(mobile) ionic charge carriers is rather decreased. This behaviour can
be attributed to vacancy association, CeZr′ +VO

••→(CeZr′ VO
••)• or the

formation of more complex defect clusters, which seems to be more
pronounced with increasing ceria content. It should be noted that
according to atomistic modelling using a Born-like model [15], the
binding energy for next-nearest neighbour associates increases
considerably with increasing ion radius of the trivalent dopant cation
in the sequence Sc3+bY3+bCe3+ [16]. In a fluorite-type lattice the
oxygen ions are coordinated tetrahedrally by the cations. Oxygen ion
transport is accomplished by jumps of oxygen vacancies through the
common edge of two adjacent tetrahedra. Recent density functional
theory (DFT) calculations [17,18] indicate that themigration energy for
Fig. 4. Bulk conductivities in oxidizing (air) and reducing (1%-H2/Ar) atmospheres plotted
versus ceria content of CexY0.2−xSc0.6Zr3.2O8−δ (0≤x≤0.2) at various temperatures.
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oxygen ion transport is enhanced when dopant cations with a
significantly higher ion radius than Zr4+ occupy a site at the common
cation edge. If cerium is reduced from Ce4+ to Ce3+, the ion radius is
considerably increased [19]. Thus, it might be concluded that reduction
of ceria in scandia-stabilized zirconia gives rise to an increase of both
the association energy and the migration energy. This rise of the
binding andmigration energies should lead to lower conductivities and
higher activation energies, when the samples are reduced.

The activation energy for ionic transport through the bulk decreases
with increasing temperature above approximately 560 °C (see Fig. 1). A
low temperature activation energy valid between 300 and 560 °C as
well as a high temperature activation energy for the range
700bT/°Cb560 can be extracted from the pertinent Arrhenius-plots.
In contrast to the bulk, the activation energy for ionic transport across
the grain boundaries is almost independent of temperaturewith typical
values around 1.3 eV. Fig. 5a shows a plot of the activation energies of
the bulk as a function of ceria content for oxidizing as well reducing
atmospheres. Fig. 5b reveals that the change of the high temperature
activation energy due to reduction in 1%-H2/Ar (700 °C) increases
significantly with increasing ceria content. The change of the low
temperature activation energies due to reduction seems to be
unaffected by the ceria content. It is worthwhile mentioning that the
mass change (increase of oxygen content) upon cooling in 1%-H2/Ar,
recorded by thermogravimetry at the same conditions as for impedance
Fig. 5. (a) Activation energies for ionic transport in the bulk plotted versus ceria content of
CexY0.2−xSc0.6Zr3.2O8−δ (0≤x≤0.2). Open and filled symbols refer to oxidizing (air) and
reducing (1%-H2/Ar) atmospheres, respectively. (b) Change of activation energy due to
reduction [ΔEA=EA(red.)−EA(ox.)] plotted versus ceria content of CexY0.2−xSc0.6Zr3.2O8−δ

(0≤x≤0.2). Error bars correspond to 2σ.
measurements, was typically less than 2% of the total mass loss during
reduction at 700 °C. From the slope d ln δ/d T−1 one can extract an
additional contribution of less than 0.01 eV to the observed activation
energy, which is smaller than the uncertainties obtained from the
Arrhenius-plots of Fig. 1 indicated by the error bars in Fig. 5b.Moreover,
the variation of the oxygen nonstoichiometry with temperature
observed by thermogravimetry is certainly an upper limit, since these
measurements have been performed on powdered samples, while the
electrical characterization has been carried out on disc-shaped speci-
mens where the kinetics for oxygen incorporation can be expected to
be more sluggish compared to the thermogravimetric experiments.
Hence, the variation of the oxygen nonstoichiometrywith temperature
during the impedance measurements (temperature runs under
reducing conditions) can beneglected,which corresponds to a constant
(frozen-in) ratio [Ce3+]/([Ce3+]+[Ce4+]).

In accordance with Ref. [9] the high temperature activation energy
is composed of the migration and association energy, especially when
the highest value of the temperature range is restricted to 700 °C.
Therefore, the increase of the high temperature activation energy after
equilibration in reducing atmospheres can be interpreted in terms of
enhanced values for both migration and association energy as
predicted by atomistic modelling. The low temperature activation
energy may contain an additional contribution originating from
vacancy ordering at low temperatures [9,20]. It should be mentioned
that the tendency for ordering is diminished, when the size of the
dopants is increased, e.g., because of reduction of Ce4+ to Ce3+.

4. Conclusions

The bulk and grain boundary conductivities of disc-shaped samples
of scandia-stabilized zirconia co-dopedwith yttria and ceria have been
investigated by application of impedance spectroscopy as a function of
temperature and oxygen partial pressure. The yttria and ceria contents
of CexY0.2−xSc0.6Zr3.2O8− δ (0≤x≤0.2) have been varied systemati-
cally. The oxygen partial pressure dependence of the electrical
conductivity has been studied in the range from 1 to 10−24 bar at
700 °C. The formation of oxygen vacancies due to reduction of Ce4+ to
Ce3+ has been confirmed by thermogravimetry. Whereas the ionic
conductivity of Y0.2Sc0.6Zr3.2O8− δ is almost independent of p(O2),
both the bulk and grain boundary conductivities decrease remarkably
at p(O2)b10−15 bar (700 °C) in the case of samples co-doped with
ceria. No enhancement of the total conductivity owing to the creation
of electronic charge carriers under reducing conditions has been
detected. Temperature runs between 300 and 700 °C in oxidizing (air)
and reducing (1%-H2/Ar) atmospheres have been performed. Activa-
tion energies for the bulk and grain boundaries have been extracted
from Arrhenius-plots. The decrease of the ionic conductivity for bulk
regions of ceria containing samples is accompanied by an increase
of the high temperature activation energy due to reduction in 1%-H2/
Ar (700 °C), which is interpreted in terms of defect association or
clustering.
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La0.5Sr0.5CoO3−δ and La0.6Sr0.4CoO3− δ are characterized with respect to application as cathode materials in
intermediate temperature solid oxide fuel cells (IT-SOFCs). Surface exchange and transport parameters of
oxygen are determined by the conductivity relaxation technique between 525 °C and 725 °C at oxygen partial
pressures of 0.1, 0.01 and 0.001 bar. Electrical conductivities of both compounds range between 1000 and
2400 S cm-1 and are slightly higher for La0.6Sr0.4CoO3− δ. However, La0.5Sr0.5CoO3−δ shows superior perfor-
mance with regard to oxygen diffusion, ionic conductivity and oxygen surface exchange within the investigated
range of temperatures and oxygen partial pressures. At 725 °C the chemical surface exchange coefficient of oxy-
gen is 2×10-3 cm s-1 for La0.5Sr0.5CoO3−δ and 4×10-4 cm s-1 for La0.6Sr0.4CoO3−δ. At lower oxygen partial pres-
sures a strong decrease in the surface exchange coefficient is observed and diffusion data cannot be obtained
from relaxation measurements. Oxygen vacancy diffusion coefficients are similar for both compounds and
range between 10-6 and 10-8 cm2 s-1 with activation energies around 100 kJmol-1. At 725 °C and 0.1 bar oxygen
partial pressure, the ionic conductivity of La0.5Sr0.5CoO3−δ is 1×10-2 S cm-1 with an activation energy of
118 kJmol-1. The results show that both compositions meet the requirements for the application as IT-
SOFC cathodes in the short-term range.

© 2012 Elsevier B.V. All rights reserved.
1. Introduction

Strontium doped lanthanum cobalt oxides (LSCs) are promising
materials for several technical applications such as cathodes for
solid oxide fuel cells (SOFCs), high-temperature permeation mem-
branes for oxygen separation or partial oxidation of hydrocarbons,
and oxygen gas sensors. LSCs are perovskite-type mixed ionic elec-
tronic conductors (MIEC) with high electronic conductivity and rela-
tively high oxygen ionic conductivities close to or even exceeding
those of solid electrolytes such as yttria stabilized zirconia (YSZ).
LSC received much attention as a promising material for SOFC cath-
odes due to the current trend in SOFC-research to reduce operating
temperatures from the high-temperature region above 800 °C to in-
termediate temperatures (IT) of 500-750 °C. At such reduced temper-
atures the standard cathode material (La,Sr)MnO3 cannot be used as
it is too inactive for the oxygen reduction reaction due to its low
oxygen diffusivity. However, employing MIEC materials reduces the
cathodic polarization resistance by extending the active zone of the
reaction from the immediate three phase boundary to part of
the cathode–gas interface [1,2]. LSCs feature high catalytic activity
for oxygen reduction and fast oxygen diffusion at reduced tempera-
tures. The drawbacks of LSCs include high thermal expansion
x: +43 3842 402 4802.

rights reserved.
coefficients with respect to common SOFC-electrolyte materials [3,4]
and chemical reactivity with YSZ [5], which makes it necessary to
apply additional barrier layers or to use alternative solid electrolytes
in the cell. The properties of LSCs can be tailored over wide ranges
through variation of the Sr-content and partial substitution of Co
by other 3d-transition metals, thereby changing their electrical,
thermodynamic, thermomechanical and oxygen transport proper-
ties. La1− xSrxCoO3− δ compounds with compositions of x=0.2–0.5
show the highest electronic conductivities in the LSC series [6,7]. In
the present work two promising compositions of La1− xSrxCoO3− δ,
where x=0.4 (LSC64) and x=0.5 (LSC55), are compared in terms
of parameters important to SOFC-cathode materials. Experimental
studies are carried out at temperatures and oxygen partial pressures
of relevance for IT-SOFCs.

2. Experimental

2.1. Sample preparation

LSC55 was synthesized by a modified Pechini process starting
from aqueous solutions of La(NO3)3, Sr(NO3)2 and Co(NO3)2. After
mixing the solutions in the appropriate ratio, ethylene glycol and
citric acid were added adjusting the citric acid to total cation molar
ratio to 10:1. The solution was stirred at 140 °C until a gel was
formed. After aging the gel for 2 days at 180 °C and calcination at
400 °C and 700 °C with intermediate grinding steps the powder was

http://dx.doi.org/10.1016/j.ssi.2012.02.050
mailto:sitte@unileoben.ac.at
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Fig. 1. Electronic conductivity of La0.5Sr0.5CoO3− δ (solid symbols) and La0.6Sr0.4CoO3− δ

(open symbols) as a function of temperature at different oxygen partial pressures.
Lines are drawn for visual clarity.
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isostatically pressed and sintered at 900 °C for 6 h, yielding a sample
with 94% relative density. Resintering for 2 h at 1100 °C was per-
formed to increase the grain size to 0.5–1 μm. A pellet of LSC64 with
a relative density above 95% was obtained from commercial powder
(Praxair) after pressing and sintering at 1200 °C for 4 h in air. Samples
with relative densities around 95% or higher can be assumed to show
no open porosity [8] and are expected to yield reliable results in dif-
fusion measurements [9].

Thin slabs were cut from the pellets with a diamond wire saw
and polished on polymer embedded diamond lapping films with in-
creasing fineness up to 1 μm diamond particle size for the final pol-
ishing step. The dimensions of the specimens were ca. 5×5 mm2

with a thickness of 0.229 mm and 0.204 mm for LSC55 and LSC64,
respectively. Both samples were contacted with gold wires and
gold paste (Metalor) for measurements in the four-point van der
Pauw geometry.

2.2. Chemical and structural analysis

The chemical composition of each sample was examined by X-ray
fluorescence spectroscopy (XRF; PANalytical, model Axios) and scan-
ning electron microscopy (Stereoscan 250 MK3, Cambridge) with
energy dispersive X-ray spectroscopy (SEM-EDX; Oxford Instru-
ments, model 6272). X-ray diffraction (XRD) patterns were recorded
with a Bruker AXS (model D8 Advance) using Cu-Kα radiation in
the range 10°≤2θ≤100° with a step size of 0.020° and acquisition
time of 2–3 s per step.

2.3. Electrical conductivity (EC) and conductivity relaxation (CR)
measurements

The samples were placed in a quartz reactor inside a tube furnace.
Oxygen partial pressures (pO2) were adjusted by flushing the reactor
with appropriate mixtures of O2 in argon by means of mass flow
controllers at a total gas flow of 2 L/h. Temperature and pO2 were
monitored with a potentiometric oxygen sensor with an integrated
S-thermocouple (MicroPoas, Setnag) placed close to the sample. The
electrical conductivity was measured by the van der Pauw method
[10,11] using a Keithley 2400 combined current source and voltmeter.
Chemical diffusion coefficients and chemical surface exchange coeffi-
cients of oxygen were determined by the conductivity relaxation
method [12–14]. Current was applied with a Keithley 2400 and the
voltage was measured with a sensitive digital voltmeter Keithley
182. A manual four-way valve was used for switching between differ-
ent gas mixtures corresponding to pO2-steps of 0.1/0.15, 0.01/0.015
and 0.001/0.0015 bar/bar. Kinetic parameters for oxygen exchange
were obtained by fitting the appropriate solutions of the diffusion
equation to the conductivity transients by least squares nonlinear
regression analysis [13].

3. Results and discussion

3.1. Phase purity

The compositions of both compounds were checked by XRF and
SEM-EDX analyses and cation ratios close to the nominal values
were found. Perovskite phases were confirmed by room temperature
XRD measurements and no secondary phases were detected in either
case. For LSC64 a rhombohedral distortion of the perovskite structure
was verified.

3.2. Electrical conductivity

Electrical conductivities of LSC55 and LSC64 are compared in
Fig. 1. Results are in good agreement with data from Søgaard et al.
[15] and Petrov et al. [16] for LSC64 and LSC55, respectively. As is
well known from the literature, Sr-doped lanthanum cobaltites
exhibit high electrical conductivity, which is essentially p-type elec-
tronic. Trends with respect to changes in temperature, oxygen par-
tial pressure and Sr-content are evident in Fig. 1. An increase in
conductivity is found for decreasing temperatures, increasing pO2

and decreasing Sr-content.
Numerous studies concerning the electronic conductivity and its

dependence on temperature, pO2 and Sr-content have been reported
for LSC. An interpretation of these relationships is complicated by the
fact that there are (at least) two contributions to the conductivity of
LSC: (i) the specifics of the crystal structure, i.e. interatomic distances
and angles and (ii) the charge carrier concentration, which is – in the
p-type regime – the concentration of electron holes. Care must be
taken to draw meaningful conclusions from experiments in which
both contributions are changed at the same time.

3.2.1. pO2-dependence of the electronic conductivity
The observed decrease in conductivity for lower pO2 is clearly a

consequence of the decrease in hole concentration due to the removal
of oxygen from the structure, according to the defect equation
(Kröger–Vink notation)

Ox
O þ 2h• →← V ••

O þ 1=2O2 ð1Þ

Such correlation between pO2 and conductivity has been consis-
tently reported for Sr-doped lanthanum cobaltites. It is convenient
that in this case detailed knowledge about the electronic structure
of the p-type conductor (e.g. itinerant versus localized electronic
defects [17,18]) is not necessary. However, changes in oxygen stoichi-
ometry inevitably also have an effect on the crystal structure, so that
varying pO2 alone can, in principle, lead to changes in the electronic
structure of the compound [19].

3.2.2. Temperature dependence of the electronic conductivity
A discussion of the temperature dependence of the conductivity

is less straightforward, as both crystal structure and hole concen-
tration are simultaneously affected by changes in temperature.
LSC crystallizes in two main modifications, rhombohedral (R- 3c)
and cubic (Pm –3m). The rhombohedral structure is the low-
temperature phase, which transforms to the cubic modification at
higher temperatures. The temperature of the rhombohedral–cubic
phase transition depends on the Sr-content and decreases with
increasing Sr-substitution, so that for x≥0.55, La1 − xSrxCoO3− δ is
cubic even at room temperature [6,20–22]. Transition temperatures
reported in the literature vary, Petrov et al. state 291 °C and 93 °C
for LSC64 and LSC55 [6], respectively, Søgaard et al. estimate 475 °C



Fig. 2. Arrhenius plots of the chemical surface exchange coefficient of oxygen for
La0.5Sr0.5CoO3− δ (solid symbols) and La0.6Sr0.4CoO3− δ (open symbols) at different
oxygen partial pressures. Circle and square symbols denote results obtained from
pO2-steps in oxidizing (low to high pO2) and reducing (high to low pO2) directions,
respectively. Activation energies were obtained from linear regression shown as
solid lines (see Table 1).

Fig. 3. Arrhenius plot of the chemical diffusion coefficient of oxygen for La0.5Sr0.5CoO3−δ

(solid symbols) and La0.6Sr0.4CoO3−δ (open symbols) at 0.1 bar oxygen partial pressure.
Circle and square symbols denote results obtained from pO2-steps of 0.1→0.15 bar and
0.15→0.1 bar, respectively. Activation energies were obtained from linear regression
shown as solid lines (see Table 1).
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for (La0.6Sr0.4)0.99CoO3− δ [15]. The discussion above gives only a
broad picture based on results from conventional XRD technique.
Several in-depth investigations of Sr-rich LSC by X-ray, neutron and
electron diffraction measurements suggest that the structural details
are more intricate and include the formation of microdomains with
superstructures due to ordering of oxygen vacancies [20,23–26].

Several authors have reported that the electronic structure of LSC
is very sensitive to slight changes in the crystal structure. Mizusaki et
al. reported a transition from semiconducting to metallic conduction
when the rhombohedral lattice angle falls below 60.3–60.4° [22].
Mineshige et al. proposed the Co–O–Co angle as the relevant structur-
al parameter and found the transition from semiconducting to metal-
lic when the Co–O–Co angles increases above ~165° [19].

For conductivity measurements in the cubic phase region the
rhombohedral angle and the Co-O-Co angle are fixed at 60° and
180°, respectively, and the electronic conduction mechanism is there-
fore expected to be metallic. Indeed, decreasing conductivity with
increasing temperature at constant oxygen vacancy concentration
has been reported for LSC [15,27]. However, there is another effect
of increasing temperature on the electronic conductivity, which is a
decrease in the hole concentration due to a temperature-induced
oxygen release as a consequence of the endothermic nature of reac-
tion (1). Assuming that all measurements in this study were con-
ducted in the cubic phase region of LSC64 and LSC55, the observed
decrease in conductivity upon heating is a combined effect of the
metallic conduction mechanism and the decrease in hole concentra-
tion due to oxygen release.

3.2.3. Influence of Sr-content on the electronic conductivity
The lower conductivity of LSC55 compared to LSC64 appears to be

inconsistent with the trend expected for higher acceptor levels in a
p-type conductor. Since conductivity measurements in this study
were performed at temperatures where LSC55 and LSC64 are
expected to adopt the cubic symmetry, it seems unlikely that subtle
modification in the crystal structure and corresponding changes in
the electron band structure are responsible for the observed decrease
in electronic conductivity for increased acceptor content. Instead,
the current discussion is based on changes in hole concentration.
For lanthanum cobaltites, changes in Sr-content can be charge-
compensated by both electronic and ionic mechanisms, i.e. by
changes in the concentrations of electron holes and oxygen vacancies,
respectively. Mizusaki et al. showed by thermogravimetric analysis
that electronic and ionic contributions to charge compensation in
La1−xSrxCoO3− δ at 800 °C strongly depend on Sr-content and oxygen
partial pressure [28]. At lower Sr-content (x≤0.2) electroneutrality is
maintained predominantly by electronic compensation and indeed
electronic conductivity rises with Sr-content [22]. However, in the
intermediate doping regime 0.2≤x≤0.5 ionic charge compensation
becomes increasingly important and can, at elevated temperatures,
even overcompensate the charge induced by acceptor doping, thus
leading to a net decrease in hole concentration upon increase in
acceptor content [6,28]. This effect of ionic overcompensation at
high temperatures is more pronounced at lower pO2, consistent
with the current data where the difference in conductivity between
LSC55 and LSC64 increases slightly with decreasing pO2.

3.3. Oxygen exchange kinetics

Chemical surface exchange coefficients kchem and chemical diffu-
sion coefficients Dchem of oxygen for LSC55 and LSC64 are plotted in
Figs. 2 and 3 for different temperatures and oxygen partial pressures.
Relaxation measurements were performed by abrupt changes of the
oxygen partial pressure within a factor of 1.5. A good agreement be-
tween results for oxidation steps (low to high pO2) and reduction
steps (high to low pO2) was observed. For both compounds the sur-
face exchange process was rate-limiting at 0.01 bar and 0.001 bar
pO2 and thus diffusion coefficients could not be derived. Values of
kchem and Dchem for LSC55 were consistently larger than those of
LSC64 in the whole temperature and pO2-range under
investigation. Activation energies obtained by linear regression in
Arrhenius plots are listed in Table 1. As can be seen in Fig. 2, kchem
decreased at lower oxygen partial pressures for both compounds. As-
suming a kchem~pO2

n relationship, linear regression of data points in a
log-log plot of kchem vs. pO2 yields values of n between 0.5 and 1.
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Table 1
Activation energies Ea of surface exchange and transport parameters of oxygen for
La0.5Sr0.5CoO3− δ and La0.6Sr0.4CoO3− δ in the temperature range 525≤T/°C≤725.

LSC55 LSC64

0.1 bar 0.01 bar 0.001 bar 0.1 bar 0.01 bar 0.001 bar

Ea (kchem)/kJ mol-1 165 134 122 153 155 114
Ea (Dchem)/kJ mol-1 112 129
Ea (ko)/kJ mol-1 172 140 154 178 180 139
Ea (Do)/kJ mol-1 119 154
Ea (Dv)/kJ mol-1 101 123
Ea (σion)/kJ mol-1 118 154

Fig. 4. Arrhenius plots of the surface exchange coefficient of oxygen for La0.5Sr0.5CoO3−δ

(solid circles) and La0.6Sr0.4CoO3− δ (open circles) at 0.1, 0.01 and 0.001 bar oxygen
partial pressure. Activation energies were obtained from linear regression shown as
solid lines (see Table 1).

Fig. 5. Arrhenius plot of the self diffusion coefficient of oxygen for La0.5Sr0.5CoO3− δ

(solid circles) and La0.6Sr0.4CoO3− δ (open circles) at 0.1 bar oxygen partial pressure.
Activation energies were obtained from linear regression shown as solid lines (see
Table 1).
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Slower oxygen surface exchange kinetics at lower oxygen partial
pressures have been reported frequently for Sr-doped lanthanum co-
baltites [15,29,30]. Wang et al. found the same trend for LSC55 when
plotting kchem against the final oxygen partial pressure of the pO2-step
[31]. This is in general a consequence of the rate laws for the elemen-
tary reactions governing the surface exchange where oxygen from
the gas-phase is involved in the rate determining step or in quasi-
equilibrium reactions preceding or succeeding the rate determining
step [30,31]. Moreover, vacancy ordering effects at low pO2 due to
increasing interactions at higher vacancy concentrations have been
proposed in the literature [29,32]. Of course, this should mainly affect
Dchem but may also have an impact on kchem if the ordering process
extends to the surface, since mobile oxygen vacancies seem to play
a crucial role in the surface exchange process as evidenced by the
correlation between k⁎ and D⁎ from tracer experiments for various
perovskite compounds [33–36].

As a consequence of the strong decrease of kchem upon pO2-
reduction the relaxation process is limited by the surface exchange
process for pO2≤0.01 bar. Although no data for Dchem at lower oxy-
gen partial pressures are available in this study, it follows from the
change in the rate-limiting step that a reduction in Dchem with
decreasing pO2, if any, is less pronounced than for kchem. Activation
energies of kchem were found to decrease with decreasing pO2 for
both compounds except for LSC64 between 0.1 bar and 0.01 bar pO2

(Table 1). A clear trend with respect to Sr-content cannot be observed
for the activation energies of kchem.

Chemical diffusion coefficients and chemical surface exchange co-
efficients of oxygen were converted to self diffusion coefficients Do

and surface exchange coefficients ko using the relations Dchem=γODO

and kchem≈γOkO [37–39], with the thermodynamic factor of oxygen
γo defined by

γO ¼ 1
2

∂ lnpO2

∂ lncO

� �
T
¼ 1

2
∂ lnpO2

∂ ln 3−δð Þ
� �

T
ð2Þ

where co is the concentration of oxygen ions. Oxygen non-
stoichiometry data δ as a function of temperature from Mizusaki et al.
[28] and Sitte et al. [40] has been used for calculating γo of LSC55
and LSC64, respectively. Thermodynamic factors were assumed to
be independent of oxygen partial pressure between 0.1 and
0.001 bar pO2 [29,31]. Thermodynamic factors of both compounds
range between 100 and 200 and the overall trends for Do and ko
with temperature and pO2 are similar to those of Dchem and kchem
(Figs. 4 and 5). The oxygen vacancy diffusion coefficient Dv can be
calculated from the self diffusion coefficient and the concentrations
of oxygen ions co and oxygen vacancies cv according to

DV ¼ cO
cV

DO ¼ 3−δ
δ

DO ð3Þ
or, equivalently, through Dchem=γVDV, where γv is defined similarly
to Eq. (2)

γV ¼ −1
2

∂ lnpO2

∂ lncV

� �
T
¼ −1

2
∂ lnpO2

∂ lnδ

� �
T

ð4Þ

Results for Dv are plotted in Fig. 6 and are quite similar for both
compositions, with activation energies of 101 kJ/mol and 123 kJ/mol
for LSC55 and LSC64, respectively. Several authors have observed
that there is little variation in vacancy diffusivities among lanthanum
cobaltites with differing Sr-contents and even between different pe-
rovskite oxides [33,41–44].
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Fig. 6. Arrhenius plot of the oxygen vacancy diffusion coefficient for La0.5Sr0.5CoO3− δ

(solid circles) and La0.6Sr0.4CoO3− δ (open circles) at 0.1 bar oxygen partial pressure.
Activation energies were obtained from linear regression shown as solid lines (see
Table 1).

Fig. 8. Surface exchange resistance as a function of temperature for La0.5Sr0.5CoO3− δ

(solid circles) and La0.6Sr0.4CoO3− δ (open circles) at oxygen partial pressures of
0.1 bar, 0.01 bar and 0.001 bar. Lines are drawn for visual clarity.
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For a further comparison of both compounds with respect to oxy-
gen transport properties the ionic conductivity σion has been calculat-
ed from Do according to the Nernst-Einstein equation (neglecting
contributions from the correlation factor and Haven-ratio)

σ ion ¼ 4F2cODO

RT
¼ 4F2cVDV

RT
ð5Þ

and the surface exchange resistance rp has been obtained from the
surface exchange coefficient ko by [45]

rp ¼ RT
4F2cOkO

ð6Þ

The ionic conductivity of LSC55 at 0.1 bar pO2 exceeds that of
LSC64 by a factor of 2 to 5 (Fig. 7) and surface exchange resistances
of LSC55 are lower than those of LSC64 (Fig. 8) for all temperatures
and oxygen partial pressures investigated. This is consistent with
the higher oxygen vacancy concentration in LSC55 resulting from
the higher Sr-content (Fig. 9), since oxygen transport in LSC takes
place by a vacancy mechanism [43,46] and oxygen vacancies also
appear to be involved in the oxygen incorporation reaction at the
Fig. 7. Ionic conductivity for La0.5Sr0.5CoO3− δ (solid circles) and La0.6Sr0.4CoO3− δ

(open circles) at 0.1 bar oxygen partial pressure. Lines are guides for the eye.
surface [33–36]. Comparing ionic conductivities with the total con-
ductivity in Fig. 1 shows the total electrical conductivity in LSC to be
predominantly electronic. Activation energies of the ionic conduc-
tivity were determined by linear regression in an Arrhenius plot of
σionT (Fig. 10) and are given in Table 1.

4. Conclusions

LSC64 and LSC55 were investigated with respect to electrical con-
ductivity and oxygen transport and exchange parameters between
525 and 725 °C at 0.1, 0.01 and 0.001 bar pO2. Both compounds exhib-
it high electrical conductivity (>1000 S cm−1) which is predomi-
nantly electronic. LSC55 has a lower electronic conductivity than
LSC64 despite its higher content of acceptor-dopant (Sr), which has
Fig. 9. Oxygen deficiency as a function of temperature for La0.5Sr0.5CoO3− δ (solid sym-
bols) and La0.6Sr0.4CoO3− δ (open symbols) at oxygen partial pressures of 0.1 bar,
0.01 bar and 0.001 bar [28,40]. Lines are guides for the eye.
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Fig. 10. Arrhenius plot of the ionic conductivity for La0.5Sr0.5CoO3− δ (solid circles) and
La0.6Sr0.4CoO3− δ (open circles) at 0.1 bar oxygen partial pressure. Activation energies
were determined by linear regression analysis shown as solid lines (see Table 1).
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been ascribed to a higher degree of ionic charge compensation in
LSC55. However, with respect to surface exchange (kchem, ko, rp) and
oxygen transport (Dchem, Do, Dv, σion) LSC55 was found to be superior
to LSC64, which results from the higher concentration of oxygen va-
cancies with increasing Sr- levels. It is well known that the lanthanum
cobaltite structure supports a wide range of solid solutions with SrO,
from Sr-free LaCoO3 to Sr-contents as high as x=0.7–0.9, depending
on the synthesis route [20,23]. Raising the Sr-doping level above
x=0.5 in La1−xSrxCoO3− δ is expected to enhance surface exchange
and oxygen transport [1,3,29], however, at the expense of the elec-
tronic conductivity and thermodynamic stability as well as causing
further increase in the thermal expansion coefficient [4,6,7]. It is in-
teresting to note that there appears to be a maximum in ionic conduc-
tivity of La1−xSrxCoO3− δ around x≈0.7 [16,47]. This may be caused
by the limited phase stability of highly Sr-substituted lanthanum co-
baltites or by increasing interactions between point defects (e.g. VO

• •

with Sr′La or Co′Co), which reduce the number of mobile oxygen
vacancies necessary for mass transport in LSC. Several vacancy trap-
ping effects have been reported in the literature, ranging from
charged or neutral local associates like [Co′Co−VO

• •]• and [Sr′La−VO
• •−

Sr′La]x to the formation of larger defect clusters and vacancy-ordered
microdomains to the appearance of distinct crystal structures as in
SrCoO3−δ [6,20,23,48–51].

Finally, it should be mentioned that the results presented in this
study refer to short-term investigations in pure and dry Ar–O2 atmo-
spheres. With respect e.g. to long-term stability in humid atmo-
spheres a current investigation (for periods of more than 1000 h)
showed that LSC64 undergoes a significant degradation due to Sr-
enrichment and surface reconstruction as well as Si-poisoning at
600 °C [52].
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